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The current understanding of the growth of thermal oxide films in terms of the transport properties of the
oxides is reviewed. Emphasis is placed on examining quantitative relationships between the film growth
rate and other measurable parameters of the oxides. The theories of film growth which are expected to ap-
ply in the extreme limits of thick films (Wagner) and thin films (Cabrera and Mott) are outlined. Particular
attention is given to examining the expected limits of validity of these theories and to the various ways in
which their predictions can be tested experimentally. The growth of a selection of important oxides is then
discussed in the light of these two theories. The examples (CoO, NiO, Fe3O4, Cr2Q3, A12Q3, and SiQ2) have
been selected such that together they serve to test the theories, have technological relevance, and exhibit a
wide variation in behavior. The dominant role of diffusion along oxide grain boundaries in controlling the
growth of the crystalline oxides is highlighted.
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I. INTRODUCTION

The purpose of this paper is to review the current state
of understanding of the growth of oxide films, by thermal
oxidation, in terms of transport processes taking place
within the growing films. Such films may be formed as a
result of a "corrosion" process causing unwanted loss of
metal from an engineering component. They may alter-

natively be deliberately formed under certain conditions
in order to protect a metal from rapid corrosion in more
aggressive conditions. This is often the case with films of
Cr2Q3 and A1203. Or the films may be grown for their
useful properties in some very different context, as is the
case with Si02 films grown on Si in integrated circuit
technology.

In order to specify more closely the applicability of the
phenomena considered here, it is useful to examine in
greater detail some of the terms used in the opening sen-
tence. The term "film" is taken to mean a layer of oxide
ranging from a single monolayer to several mm in thick-
ness. Films thicker than —10 pm are often referred to as
"scales, " but the single term "film" will be used here to
cover all cases. The "growth" of such a film must be pre-
ceded by the adsorption of molecules from the gas, their
dissociation and ionization, their rearrangement to form
oxide nuclei, and the lateral growth of the nuclei until
they impinge on each other to form a complete layer of
oxide. These processes will not be discussed here; only
the subsequent thickening of the film is included. By
"thermal oxidation" I am restricting the discussion to the
basic system, metal substrate/oxide film/oxygen-bearing
gas, from room temperature upwards. Other oxidation
processes, such as anodic oxidation in an aqueous envi-
ronment, are not specifically treated. Nevertheless, the
basic principles still apply, even though different external
conditions will modify the consequences. Similarly, al-
though the discussion will be limited to oxides, the same
treatments can be applied to the formation of any binary
compound (e.g. , a chloride, a sulfide, or a nitride) by a
solid-gas reaction, or even a solid-liquid one, or an all
solid-state reaction.

The term "understanding" also requires some clarifica-
tion. Understanding may be sought at both the
phenomenological and the atomistic levels; we shall be
concerned with both. At the phenomenological level I at-
tempt to relate the rate of film growth to other measur-
able transport properties of the oxides, such as diffusion
coefficients and electronic conductivities. At the atomis- .

tic level I try to identify the way in which the ions and
electrons move in the rate-controlling processes. These
are usually deduced from studies of the transport proper-
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438 Atkinson: Oxide film growth

ties themselves and concentrate on deciding what defects
in the oxide are responsible for transport of ions (e.g., va-
cancies or interstitials).

The paper is structured in the following way. The
theory of oxide film growth is first described. The
theories of Cabrera and Mott for the growth of "thin"
films and of Wagner, for "thick" films, are summarized,
because they are appropriate limiting cases. The current
understanding of the growth of some selected oxides
(CoO, NiO, Fe oxides, Cr203, and A1203) will then be ex-
amined in the light of these theories. The oxides have
been chosen either because they are important as model
oxides for testing the theory, or because they are impor-
tant in giving protection against high-temperature corro-
sion. (Because of its usefulness as a model oxide, I have
also chosen to use NiO as a standard example for illustra-
tion in other parts of the paper. ) A complete section is
then devoted to the growth of SiO2 films on Si because of
its technological importance, because of the large volume
of work on this system, and because it is significantly dif-
ferent from the other oxides. Finally, attention is drawn
to some less straightforward growth processes, such as
lateral growth and duplex layer growth. The-growth of
oxides on alloys will not be considered in detail in this pa-
per.

An extensive review of the oxidation of pure metals has
been given by Lawless (1974), and there are several arti-
cles and books (e.g., Kofstad, 1966) in which the subject is
treated in detail. In this review only the minimum of this
earlier work necessary to provide an adequate background
will be reiterated. Instead, more attention ~ill be given to
the relationships between the theories, their limits of ap-
plication, and more recent experimental data.

In Secs. II, III, and IV I have chosen to discuss the
growth of "thick" films before the growth of "thin"
films, even though the film must obviously grow through
the "thin" regime before it becomes "thick. " The reason
for this is that the growth of thick films is simpler, better
understood, and more readily related to other measurable
parameters than the growth of thin films, as I hope will
become clear.

II. THEORY OF OXlDE FILM GROWTH

A. Theory of thick film growth

X =k~t, (2.1)

where X is the film thickness and kz is the parabolic rate
constant. The parabolic kinetics can be seen to be con-
sistent with the rate of growth being controlled by trans-
port down a gradient of driving force, which becomes
proportionally smaller as the film thickness increases, i.e.
[by differentiating Eq. (2.1)],

dx
dt 2X

(2.2)

Thus Wagner's theory is based upon diffusion across the
film being the slowest, and therefore the rate-limiting,
step in the overall sequence of reactions. Figure 1 shows
the different species that may be transported across the
film. In general, oxides can be regarded as compounds
having predominantly ionic bonding, and therefore, it is
appropriate to consider the separate transport of ions and
electrons. Whether metal ion transport dominates over
that by oxygen ions, or whether electronic currents are
carried by electrons or holes, depends on the point defect
and electronic structure of the oxide. Nevertheless, there
must be both electronic and ionic transport in order to
ionize metal and oxygen atoms at the interfaces and pro-
vide material transport across the film. Since the diffus-
ing species are electrically charged, their fluxes will be
determined both by gradients in chemical potential and by
electric fields, which may be developed by a separation of
charge. In general for any diffusing species i the particle
(or defect) current density is given by

D;C;
kT

dpi' +qE (2.3)

Gas
1
'&02+ 2e 02

where C; is their concentration (number of particles per
unit volume), p; their chemical potential ( =k T lnC;
+ const, for ideal noninteracting particles), D; their dif-

fusion coefficient, and q; their charge (or effective charge
in the case of a defect).

The validity of Eq. (2.3) depends on the validity of the
Nernst--Einstein relationship, which has been used to ex-
press electrical transport in terms of a diffusion coeffi-
cient. This, in turn, assumes that the electrical field is

1. Wagner theory for thick films

We shall return later to a more rigorous consideration
of the definition of -a thick film, but, as a rough guide,
films thicker than 1 pm are considered to be thick.

Wagner's (1933) theory of thick film growth provides a
means by which the rate of film growth can be related to
other measurable transport properties of the film, such as
diffusion coefficients. In the period preceding this theory
it had been observed that the growth of films (Tammann,
1920) obeyed parabolic kinetics, i.e.,

Oxide

1/

h

Metal
M =M '+2e

FIG. 1. Transport of ions and electrons in gradients of oxygen
activity and electric potential across a growing oxide film.
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a(02)n g)g(~) Dg(O)k~= f ~o, a + d[lna(Q2)] .
2 I M 0

(2.5)

small, such that qEa &&kT, where a is-the ionic jump dis-
tance. The electric field developed during thick oxide
film growth can be regarded as arising from ambipolar
diffusion in the oxide. For example, suppose that metal
ions are more mobile in the oxide than are oxygen ions, so
that new oxide is formed at the oxide/oxygen interface.
Electrons must also diffuse outward with the metal ions
(or holes diffuse inward) to ionize the 0 atoms at the in-
terface that are to be incorporated into the new oxide lat-
tice. If, as is usually the case, the electrons are more
mobile than the metal ions, an electric field will develop
to speed up the ions and slow down the electrons until the
electric currents carried by the two types of charged parti-
cle are equal (and opposite). Thus the oxide/gas interface
develops a negative electrical potential with respect to the
oxide/metal interface. The same is true if the film grows
mainly by diffusion of oxygen ions. Thus the sign of the
electric field developed in a growing oxide film does not
depend on whether oxygen ions or metal ions are the more
mobile, but whether the electronic or ionic species are the
more mobile.

In the preceding paragraph it was assumed that there
should be no net electrical current flowing across the film,
and this is also assumed in Wagner's theory. In fact
Wagner assumed that the oxidizing system is in a
pseudo-steady-state, so that not only is there no electrical
current flowing across the whole film, but also there is no
electrical current flowing across any elemental thickness
of the film. Wagner further assumed that local chemical
equilibrium exists throughout the film and that there is
no divergence in the ionic and electronic currents. Using
these assumptions, he was able to eliminate from the cou-
pled transport equations of the type (2.3) the electric field
and all the chemical potentials except one, which is con-
veniently taken to be the chemical potential of oxygen.
The parabolic rate constant was thus expressed in terms
of measurable electrical parameters in the following form:

2 II
k~ = f, ,

t, t;,„od[lna(02)], (2.4)
4g (/~0

where e is the modulus of the electronic charge and Xo is
the number of MO molecules per unit volume of oxide.
The total electrical conductivity of the oxide is o., and t,
and t;,„are the fractions of total electrical conductivity
that are provided by electronic and ionic transport,
respectively (transport numbers). The limits of integra-
tion in Eq. (2.4) are the activities of molecular oxygen at
the metal/oxide interface [a(Oq)&] and the oxide/gas in-
terface [a(02)tt]. The activity of a perfect gas is equal to
its partial pressure in atmospheres.

In most oxides of interest the ionic conductivity is very
much less than the electronic conductivity (t; „&&t,=l),
and it is more convenient to cast Eq. (2.4) in a form that
includes the most readily accessible parameters experi-
mentally, i.e., the tracer self-diffusion coefficient (D*):

where p(e) is the chemical potential of an electron and I
and II denote the metal/oxide and oxide/gas interfaces.

If the voltage is probed with electronically conducting
electrodes that are chemically inert (e.g. , I't), then the
voltage P, is the difference in the electrochemical poten-
tial of electrons between electrodes II and I (divided by
—e). Since the electrochemical potential of an electron is

p, (e) —ey, it follows that

IIf t;,„d[1 an( 0)2) . (2.7)

If t;,„ is independent of oxygen activity, then (2.7) can be
integrated to give

~GMo.
iont (2.8)

where AGM& is the free energy of formation of a mole-
a

cui«f MO. from o~yg~~ «activity ~(Q2)II Thus we
see that although the sign of yII —cpI depends on whether
t;,„~t, (as mentioned previously), the sign of the voltage
measured by electronically conducting electrodes is in-
dependent of whether t; „&t, and, in fact, is always posi-
tive (since b,G is negative). It is the magnitude of F,
that depends on whether the oxide is a good ionic or elec-
tronic conductor.

In this expression fM and fo are the correlation factors
for the metal ion and oxygen ion self.-diffusion mecha-
nisms and are of the order unity. The importance of Eq.
(2.5) is that it expresses a quantitative relationship be-
tween the parabolic rate constant for thermal oxidation
and the self-diffusion coefficients of the ions in the oxide
film. Furthermore, the relationship is a phenomenologi-
cal one, rather than an atomistic one, since evaluation: of
kz from Eq. (2.5) is only weakly dependent on the atomis-
tic diffusion mechanisms through the correlation factors.
Evaluation of k~ from Eq. (2.5) merely requires that data
exist for the self-diffusion coefficients as a function of
a(Q2). However, such data do contain information about
the defect structure of'the oxide, and, indeed, this has
proved to be one of the most fruitful ways of probing the
defect structure.

Since the electric field that develops during oxidation is
an important feature of the process, considering it in
greater detail is worthwhile. The electric field is defined
as the negative gradient of the potential energy of a unit
test charge, and therefore, there will be a difference iri

electrostatic potential across the film. However, the "test
charges" that are employed in practical voltmeters are
electrons, which are not inert. Furthermore, the voltme-
ter must use electrodes to contact the specimen, and these
will have their own electronic and ionic conducting prop-
erties. It can be shown (e.g., Kroger, 1974, Chap. 24.2)
that the electrostatic potential difference between the two
interfaces is given by

kT 1
+II—f'I = t;d in[a (02)]+—[p, (e)u —p(e)t],

4e 8

(2.6)

Rev. Mod. Phys. , Vol. 57, No. 2, April 1985



440 Atkinson: Oxide film growth

It can similarly be shown that the potential measured
using electrodes that conduct ions, but not electrons, is
given by (if t, is constant)

10)
10'

I

l

10
„1019

AGMo
o~ion =

4ecz
(2.9)

2. Thick film growth in terms
of point defects

The electrostatic potential difference cp» —cpI is thus seen
to be of the order b,G/e, and, since

~

b GMo
~

is typically

several electron volts, cpq&
—

y& will typically be a few volts.

l

E
O

6

u 4

O

LLj

8

C
6 .e

U
L

C
QP

4 c
O

0)

2

(NiO)+ —,Oz~(NiO)+Oo+ VNi+2h . (2.10)

Wagner's theory as described in Sec. II.A. 1 is a
phenomenological one in which the point defect proper-
ties of the oxide are implicit in the dependence of D* on
a(02). However, Eq. (2.3) can be applied equally well to
ions or defects. It is therefore possible to use the same as-
sumptions as in Sec. II.A. 1, but to formulate the analysis
in terms of point defects rather than the ions themselves
(see, for example, Kroger, 1974, Chap. 23.2). As is neces-
sary, such an approach also leads to the same eventual
equations, (2.4) and (2.5). However, it is now possible
within this framework to include the point defect proper-
ties explicitly in a further step. As can be seen in the fol-
lowing example, this approach can be more physically in-
formative, since it is based on an atomistic picture. In
this case the treatment is not strictly analogous to the
Wagner theory, since it assumes local electrical neutrality
rather than local chemical equilibrium within the oxide.
Nevertheless, in most cases the result is the same (see Sec.
II.E).

Let us consider our model oxide NiO, in which cation
vacancies ( VN;) and electron holes (h) can be formed by
reaction with oxygen gas according to (the notation of
Kroger and Vink is used for oxide defects)

C0

CI
C)
O

0
0

0

Distance from metal /oxide interface

- 0
X

Distance from metal ioxide interface

Application of the law of mass action (chemical equi-
librium) to this reaction gives

&io = [ VN ][~l'««2)'" . (2.11)

Square brackets denote concentrations in mole fractions.
To maintain local electrical neutrality 2[VN;]=[h] and
therefore [VN;] ~a(Oz)' . Since the oxygen activities are
different on the two sides of a growing film, there will be
a concentration gradient of vacancies and a corresponding
one of holes across the film, as depicted in Fig. 2(a).
Furthermore, the concentrations at the metal/oxide inter-
face will be much lower than at the oxide/oxygen inter-
face, because a(Oz)n»a(Oz)i. Therefore, there are two
equations based on Eq. (2.3), one for the flux of vacancies
and another for the holes. By assuming local electrical
neutrality through the film and no net electrical current
across the film, one can solve the equations to give the
electric field and the vacancy flux [see, for example,
Atkinson (1982)]. When the holes are more mobile than

FIG. 2. (a) Concentrations of metal vacancies and holes and the
electric field calculated as a function of position in a thick film
of NiO growing on Ni at 1000 C and assuming local electrical
neutrality. (b) As in (a) but indicating space-charge regions near
the interfaces (after Fromhold, 1979).

the vacancies (t;,„«1), the result is

kT 1 d[VN 1

[ VN']
(2.12)

and

dx =3D, [VN;]n/X .
dt

(2.14)

d[VN ]
JU = —3DUtVO = —3DU~O[ VNi]n/X . (2.13)dx

Therefore the rate of growth ( —J„/Xo, where No is the
number of oxide molecules per unit volume) is given by

Rev. Mod. Phys. , Vol. 57, No. 2, April 1985



Atkinson: Oxide film growth

Using Eq. (2.2) and noting that D*=D„[VN;]If, we fi-
nally have 10 1500 100Q 500

T (oC)

20Q 100 R.T.

kp
———D*,6

(2.15)

where D is the diffusion coefficient at a(02)n. This is
identical to the result that would be obtained by integrat-
ing Eq. (2.5) with D* ~ a(02)'

3. Expected range of validity

of Wagner's theory Lp
(m)

QgpkT
1/2

e Cd
(2.16)

where Cd is the total number of elementary charges per
unit volume resulting from charged defects (ionic and
electronic) at equilibrium in the bulk oxide. The assump-
tion of charge neutrality will be reasonable only if
X~~I D. Unfortunately, it is not possible to make good
estimates of I.D for many oxides because of our poor
knowledge of their defect properties. Those oxides for
which good data exist are those in which Cd is large and
hence I.D very small. However, some crude estimates can
be made by using electrical conductivity data, since
o.-Cdeu, where u is the mobility of the charge carriers.
In a typical oxide with low defect concentrations (e.g. ,
NiO) the electronic mobility is known to be —10
m V ' s ' and is only weakly dependent on temperature
(Tannhauser, 1974). Thus if we assume that electronic
carriers in every oxide have this mobility, then Cd can be
estimated from conductivity data. Debye lengths ob-
tained in this way for some oxides are shown in Fig. 3.

%'agner's theory for the growth of thick films is based
essentially on assuming that bulk oxide properties and
equilibria dominate the behavior. Since these assump-
tions become poor at sufficiently small values of film
thickness, it is useful to examine the limiting thickness
below which the various assumptions are unreasonable.

The Nernst-Einstein relationship, which has been used
in Eq. (2.3), is valid only for small electric fields, such
that E «kT/ae Howev. er, we have seen [Eq. (2.8)] that
the electric field resulting from ambipolar diffusion is of
the order 100kT/eX. Thus for the Nernst-Einstein rela-
tion to be valid we must have X ~~ 100a, i.e., X~~20 nm.

The local chemical equilibria assumed in Wagner's
theory also imply, if they are identical to bulk equilibria,
that local electncal charge neutrality exists at every point
within the film. This assumption is not valid close to the
two interface boundaries of the film, as illustrated in Fig.
2(b). Even at equilibrium there will, in general, be a
separation of charged species near an interface, resulting
in a surface charge located at the interface and a space-
charge region of opposite polarity extending from the in-

terface into the film (Schottky, 1939). The extent of this
space-charge region is of the order of the Debye-Hiickel
screening length, which is given by (Kliewer and Koehler,
1965)

1O-6-

1O-9- d
1 Q

C -6
No

103ZT {K ')

FICx. 3. Debye-Hiickel screening length I.D estimated from
electronic conductivity data (Kofstad, 1972) for several oxides
as a function of temperature. The two sets of low-temperature
data used for stoichiometric NiO are both from Wittenhauer
and Van Zandt (1982). Also shown are estimates of L,D for
temperature-independent charged defect concentrations of 10
and 10 per mole of MO .

This shows that for most oxides at temperatures above
—500'C, ID is probably less than 1 pm. However, ox-
ides such as A1203 have very low concentrations of elec-
tronic carriers, and LD estimated in this way is clearly too
large to be sensible. In this case, L,D will be controlled by
charged trace impurity defects and, for typical concentra-
tions shown in Fig. 3, is again likely to be less than 1 pm.

There is, in addition, a further source of space charge,
which is that resulting from ambipolar diffusion. There
will be additional surface charges at the interfaces, giving
rise to a uniform electric field in the film and also a space
charge distributed through the film which arises because
the ambipolar field is not uniform [Eq. (2.12)]. The space
charge p(x) at a point x within the film is related to the
electrical potential by Poisson's equation

d y p(x)
dx

(2.17)

where Cd is the local defect concentration and (Cd) is

By considering typical cases [e.g., Atkinson (1982)] we
can estimate that the change in defect concentration AC
that produces the space charge is given by

I ' (C„)
(2.18)X'
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the average defect concentration in the film. Thus Eq.
(2.18) also indicates that X&~LD for local electrical neu-

trality to be a valid assumption.
We can generally conclude, therefore, that for most ox-

ides Wagner's theory should be valid if the film thickness
is greater than —1 pm for temperatures above -500 C
and provided there are no barriers to the attainment of lo-
cal equilibrium. In oxides with large concentrations of
charged defects (LD (20 nm), the fact that the Nernst-
Einstein relationship is valid only for small fields means
that %'agner's theory is valid only for films greater than
about 20 nm in thickness. In oxides with smaller concen-
trations of charged defects it is LD which determines the
lower bound of film thickness for which the theory is
valid. Caution should be exercised in extrapolation to low
temperatures, since very little is known about the defect
structure of films grown under such conditions.

B. Theory of thin film growth

When the films are less than —1 pm in thickness, the
concept of electrical neutrality within the film is unreli-
able, and when less than -20 nm, the Nernst-Einstein re-
lationship is no longer appropriate. Thus theories of thin
film growth must consider atom jumps in the presence of
large electric fields and the possibility of large space
charges. There have been several approaches to film for-
mation under these conditions, and these have been re-
viewed by Lawless (1974) and Smeltzer and Young (1975).
Since there appears to be no consensus on what assump-
tions are reasonable for thin films, there are several
theories and a corresponding number of kinetic expres-
sions for thin film growth —logarithmic, inverse logarith-
mic, cubic, parabolic, etc.

The theory of Cabrera and Mott (1949) is useful to con-

sider in some detail since it is not only based on assump-
tions which are diametrically opposed to those of Wagner
but also because it describes the oxidation in atomistic
rather than phenomenological terms. The first assump-
tion made in the theory is that electrons can freely pass
from the metal to ionize adsorbed oxygen atoms or mole-
cules at the oxide/gas interface, so that the electron elec-
trochemical potential (Fermi level) is equal in the metal
and the adsorbed layer. There is thus a uniform field in
the film (zero space charge) created by a positive surface
charge on the metal and a negative one from excess oxy-
gen ions (we shall assume them to be 0 ions) on the
oxide/gas interface T.he single-electron energy levels be-
fore and after the initial transfer of electrons are shown in
Fig. 4. In the Cabrera and Mott mechanism of oxidation
it is the field created by this electron transfer that drives
the slow ionic transport across the film and causes it to
thicken. The electrons continue to cross the film readily
to maintain zero electrical current.

We must now consider how the electrons pass through
the film, the magnitudes of potential difference and sur-
face charge density, and eventually the oxidation rate.
The transport of electrons by tunneling and thermionic
emission has been considered in detail by Fromhold and
co-workers (see Sec. II.E). The result is that the assump-
tion of electronic equilibrium is expected to be reasonable
for all very thin (tunneling) films and, in some cases, for
thicker films, depending on the band structure of the ox-
ide.

To analyze the charges, voltage, and growth rate we
shall follow the extension of the basic theory due to
Grimley (1955). The basis of this approach is to assume
that the adsorbed layer of ions is in equilibrium with the
gas and to recognize that this same layer provides the sur-
face charge and the voltage across the film Ay. The elec-
tron transfer and adsorption reaction can be written as a

Component par ts Electron equilibrium in a
growing film

O- Vacuum
level

(5.2eV)
Conduction band

3d4 s

Eg (3.7ev)

C0
O

3d

)eV ~ Valence band /r r r

lvl etal Oxide Adsorbed

0 {surface)
Metal Oxide 0 (surface)

FIG. 4. Electron energy-level diagrams illustrating how, in the theory of Cabrera and Mott (1949), the ready transfer of electrons
from the metal to oxygen adsorbed on the surface of a thin, growing oxide film generates a uniform electric field. The energies and
band labels are for Ni and NiO.
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reaction of the type the two cases separately.

—,'Oz(gas)+2e(metal)~O (surface) . (2.19)

This is the simplest surface reaction but not necessarily
the correct one, since other surface species, either charged
(0, 02 ) or uncharged (Oz, 0), may also be involved (see
Sec. II.E). We treat only the simplest case here, but
recognize that it can be extended to more complicated
surface equilibria.

Since reaction (2.19) is assumed to be in equilibrium,
we can make use of its equilibrium constant

a(O )

a(02)'~ a(e)
(2.20)

no ——N, a(O2)' exp[ (bG»+2ehp—)/kT ] . (2.21)

Since the film and surface charges may be regarded as a
simple capacitor, we also have

EcpkcP

2eX

Solving Eqs. (2.19) and (2.22) for b,p, we obtain

EG)9
kT

1
kT kT

(2.22)

where K&9 is related to the standard free-energy change of
equation (2.19) in the usual way [IC~9

——exp( —b, G f9/
kT)]. If the surface coverage of excess 0 ions is low,
then a (0 ) =no/N„where n 0 is the number of excess
O ions and X, the total number of O ions in unit
area of the surface. a(e) is the activity of an electron
with respect to the Fermi energy of the metal and is equal
to exp( eh@/kT ).—(N.B. The electrochemical potential

p —ey is constant and hy is a positive quantity. ) There-
fore, we have the following relationship between n p and

1. Oxide defects injected
at the metal/oxide interface

This is the simplest case, and the defect could be an ox-
ygen vacancy, or an interstitial metal ion. We shall exam-
ine the latter example injected by the reaction [Fig. 5(a)]

M(metal) ~Mt'(oxide) +2e (metal) + V(metal) . (2.25)

The potential energy of the metal atom as it moves
from the metal into the oxide across the interface (and be-
comes ionized) is shown schematically in Fig. 6. The ac-
tivation energy for the jump from the metal into the film
(JV) is greater than the activation energy for its subse-
quent jumps through the film (b,M ), and W b,H —is
the energy of incorporation of the defect, i.e., the energy
change of reaction (2.25). Under the influence of the elec-
tric field developed during film growth the barriers for
the interface and oxide jumps to the right are reduced, as
shown in Fig. 6, by an amount qa Ay/2X. In the Wagner
treatment of oxidation such an interface is assumed to be
in equilibrium, requiring that the frequency of jumps to
the right through the saddle point Sp be approximately
equal to the frequency of jumps in the opposite direction.
Cabrera and Mott, on the other hand, consider this inter-
face to be far from equilibrium, because if the field is
large enough the jumps are biased overwhelmingly to the
right. The condition for the reverse jumps to be negligible
is —,qaE &&k T. This is the same condition for the
Nernst-Einstein relation to be invalid (see Sec. II.A.3) and
is likely to be true for films less than 20 nm in thickness.
Since the interface jump has the highest activation energy,
the rate of such jumps determines the rate of film growth.
In the high-field limit, which is necessary for the inter-
face to be far from equilibrium, the jump rate corresponds

4e Na(O )' X
+ ln

kTFcp
(2.23) (a) Defect injection at the metal/oxide interface

Since normally eh jo/kT ~~ 1, then the second term on the
left-hand side is negligible and hence

b.G19 kT 4e N, a(O2)'~ X
ln . (2.24)

2e 2e kTE,cp

M M M 0 M"
0 M" 0

M M M 0 M"
M M 0 M" 0

M M 0 M+'

M V 0 M" 0
M;

M M M 0 M

M M 0 M 0

From this equation we deduce that Acp is related mainly
to the free-energy change of reaction (2.19) (cf. Fig. 4) but
is also dependent on T and, more weakly, on a(02) and
X.

The surface excess of oxygen ions can now be calculat-
ed from Eq. (2.22). For b.y= 1 V, e = 10, and X = 10 nm,
np ——2. 8&& 10' m, which is a small fraction of a mono-
layer.

To calculate the oxidation rate Cabrera and Mott as-
sumed that the rate-controlling process is the injection of
a defect into the oxide at one of the film interfaces. Since
the treatment is slightly different, depending on which in-
terface is injecting the defect, it is appropriate to consider

(b) Defect injection at the oxide/oxygen interface

M" 0 M
0- M" 0,r
M 0 M 0(su face)

0 M 0

M" 0
0 M 0 M

M 0 Q 0
0 M 0

FIG. 5. An illustration of possible reactions for the injection of
point defects into the oxide film by (a) the transfer of a metal
atom to an interstitial oxide site at the metal/oxide interface, (b)
the transfer of a metal ion to a site next to an oxygen ion on the
oxide/oxygen interface to create a metal vacancy in the oxide.
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Electric field =0

Metal &~ Oxide

Electric field = E

Metal ~~ Oxide
p

I

qaEI2

thickness XL ( &X& ), but when T & 8'/40k the film con-
tinues to grow past X& and eventually into the parabolic
regime.

Ghez (1973) pointed out that the mathematical approx-
imations leading to Eq. (2.28) are sufficiently poor as to
make the inverse logarithmic kinetics so predicted a poor
test of the Cabrera and Mott theory. Better tests are to
plot ln(dX/dt) against 1/X [from Eq. (2.27)], or ln(t/X2)
against 1/X as suggested by Ghez.

Potential energy

= Position

2. Oxide defects injected
at the oxide/gas interface

to a growth rate given by

dX =a v exp( —8'/kT)exp qa hy
dt

(2.26)

where v is the vibrational frequency of the atoms at the
interface. This may be conveniently written in the form

dX
exp

dt a X (2.27)

FIG-. 6. Schematic diagrams (after Cabrera and Mott, 1949)
showing the potential energy of an interstitial metal "ion" as a
function of position near the metal/oxide interface during thin
film growth. The electrical field generated by the transfer of
electrons from metal to oxygen lowers the energy barriers for
ions moving away from the metal/oxide interface.

%'hen the defect is injected into the oxide at the
oxide/gas interface, the defect could be an oxygen inter-
stitial or metal vacancy. Using the latter as an example,
we can write the injection reaction [all oxide sites, Fig.
5(b)]

MM +0 (surface) —+ VM +MO . (2.30)

Calculation of the oxidation rate controlled by this reac-
tion proceeds as for the case of injection at the other in-
terface, but with one difference. This is that only those
metal ions that can reach an 0 (surface) ion in one jump
can participate in reaction (2.30). The number per
O (surface) ion will depend on the geometrical arrange-
ment of atoms around the surface ion. On the average, it
will be a number close to S. The growth rate therefore de-
pends on the concentration of O (surface) ions. The re-
sulting expression for the growth rate analogous to Eq.
(2.26) is

Xi DXit=—ln
aXL

(2.28)

where X] ——qa4cp/2kT, and is equal to the upper limit of
thickness for validity of the basic assumptions, and
D; =a vexp( —8'/kT) and has the dimensions of a dif-
fusion coefficient. If we further assume that the energy
at the saddle point of the interface jump (So) is the same
as that for subsequent jumps through the oxide, then 8'
can be related to the activation energy for diffusion in the
oxide (see Sec. II.C.2). Equation (2.27) predicts an oxida-
tion rate that decreases exponentially as the thickness in-
creases. When X «X„Eq. (2.7) can be integrated ap-
proximately to give the inverse logarithmic kinetic equa-
tion

dX ~0 —8' qa Ay=Sa v exp exp
dt Ws kT 2kTX

(2.31)

If we use Eq. (2.22) for no, the expression for the growth
rate analogous to Eq. (2.27) is

Sccohcp D; X~

dt 2eXX a ' X (2.32)

This equation predicts slightly different kinetics from Eq.
(2.27) because of the appearance of X in the denominator.

When X is 10 nm, the first term in large parentheses is
—10 . This leads to a smaller limiting thickness of ox-
ide than predicted for injection at the metal/oxide inter-
face. The expression analogous to Eq. (2.29) for the limit-
ing thickness is

XI has the significance of a limiting thickness above
which the growth rate falls below some arbitrary negligi-
ble value. According to Cabrera and Mott's criterion of a
negligible rate (10 ' ms '), Xl is given by

XL—X) —39+lnXI (nm) (2.33)

and the critical temperature remains approximately un-
changed.

XL—X) kT
—39 . (2.29)

C. Comparing theory with experiment
Since X& is the upper limit for validity of the theory, the
temperature 8'/40k (when XL ——X~ ) is a critical tempera-
ture. %'hen T~ 8'/40k the film grows to a limiting

Ideally, whether for thick or thin films, one would wish
to test all the theoretical predictions by experimental ob-
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servations. The following theoretical predictions should
be verifiable, in principle:

(a) the growth rate as a function of time,
(b) the growth rate as a function of oxygen activity,
(c) the magnitude of the growth rate in terms of in-

dependently measurable parameters, and
(d) the magnitude of the electric field in the growing

ilm.

In addition, there are other experiments that can be done
to probe the mechanism. The two which have been used
most are

(e) the response to an externally applied electric field,
and

(f) the migration of tracer atoms in the growing film.

We shall consider topics (a)—(e) with reference to thick
films and then to thin films. Since the information from
tracers is not so dependent on film thickness, this topic
will be considered separately.

1. Thick films (Wagner)

The growth kinetics predicted by Wagner's theory are
parabolic. In many cases it is found experimentally that
there are significant deviations from exact parabolic ki-
netics. In the past there has been a tendency to overinter-
pret these deviations in terms of different growth mecha-
nisms. This has proved to be unreliable, because small
perturbations of the basic mechanism (e.g., gradual loss of
contact at the metal/oxide interface) can be responsible
for such deviations from ideal behavior.

The functional dependence of k~ on a(02) can be cal-
culated from Eq. (2.5). In general when defects are inject-
ed into the oxide at the metal/oxide interface (0 vacan-
cies or M interstitials), kz is independent of a(Oz), and
when injection takes place at the oxide/gas interface (0
interstitials or M vacancies), kz has the same dependence
on a (02) as does the tracer diffusion coefficient [usually
a(02)"]. The magnitude of k& also may be calculated
from Eq. (2.5) if the tracer diffusion coefficient of the
more mobile ions is known as a function of a(02). The
approximate result is that kz is of the same order as the
maximum value of D'.

As described in Sec. II.A, the electric field within the
oxide is not directly measurable by external probes. When
the metal/oxide and oxide/gas interfaces are probed with
electronically conducting electrodes, the magnitude of the
voltage enables the mean ionic transport number of the
oxide to be deduced from Eq. (2.8).

However, this enables a conclusion to be drawn con-
cerning only the relative magnitudes of ionic and elec-
tronic conductivities and not the relative fluxes of
charged and uncharged species. Thus a film growing
mainly by the transport of uncharged species could still
show an open circuit voltage due to the minority-charged

species, provided that their currents were sufficiently high
to satisfy the currents drawn by the measuring instru-
ments (see, for example, the controversy regarding
charged species in SiO2 growth).

When the film is contacted using such an electrode, the
growth process can be influenced by conditions in the
external circuit between the electrode and the metal sub-
strate. If the external circuit is short-circuited, then elec-
trons can pass freely from the metal substrate to the
oxide/gas interface. The result is always that the growth
rate of the film is increased. Since the external circuit is
an electronic short circuit, the new growth rate can be ob-
tained from the usual film-growth equations by artificial-
ly assuming electronic conductivity dominates in the
oxide —i.e., the rate is multiplied by a factor I/t, . There-
fore, the increase is negligible if the oxide is already a
good electronic conductor, but may be large if ionic con-
ductivity is dominant. If a potential is imposed by a volt-
age generator in the external circuit (P,„, with respect to
the metal substrate), this fixes the electrochemical poten-
tial difference of electrons across the film, i.e.,
il» —i),= —eP,„„as in Eqs. (2.6) and (2.7). It is there-
fore apparent that wheri W„, is positive, and is equal to
the 7, given by Eq. (2.8), the external current has no ef-
fect on the growth rate. Since P, is always positive, a
negative applied P,„,will always increase the growth rate
to a value which exceeds even the short-circuit growth
rate (P,„,=O). When W,„, is positive and is greater than
I „ the growth rate is slowed down until the growth
stops completely at an external voltage P „,„given by
(Kroger, 1974, Chap. 23.2.5):

tion
(2.34)

2. Thin films (Cabrera and Mott)

Comparison between theory and experiment is much
more difficult for thin films than for thick films. The ki-
netic equations are more complicated, and the often-
quoted inverse logarithmic law is only an approximation
(and then only when defects are injected into the oxide at
the metal/oxide interface). Therefore, the observation
that some data fit direct logarithmic kinetics better than
they do inverse logarithmic ones cannot be interpreted as
showing the basic mechanism to be invalid. By the same
argument, it would be unreliable to attempt to distinguish
between defect injection at the metal/oxide and oxide/gas

when the ionic defects have conventional charges. If)& t p then the growth rate becomes negative and
the film is decomposed by electrolysis.

Therefore, experiments with externally applied voltages
do not give any information beyond that given by a mea-
surement of the open circuit voltage —i.e., t;,„ is deter-
mined. However, if Eq. (2.34) is found to be obeyed, then
the growth is shown to be an ionic process with interfaces
in local equilibrium.
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5H» ——2@~+ ~ PHD ++2—
2 E, . (2.35)

/

In this expression cp~ is the nickel work function (5.2 eV),
4MD the energy to dissociate the 02 molecule (5.08 eV),

interfaces on the grounds of their slightly different
predicted kinetics.

The dependence of growth rate on a(02) at a given
film thickness may also, in principle, be used to make
such a distinction. However, in both cases dX/dt is only
weakly dependent on a(Oq), and the difference between
them would be difficult to resolve. The effect on thin-
film growth of an external potential, F,„, (with respect to
the substrate), applied using metallic electrodes is given
by simply replacing bq& by b,y —P,„, in Eqs. (2.21),
(2.26), and (2.31). Thus making the oxide/gas interface
negative increases the growth rate and vice versa.

When a quantitative prediction of the growth rate is
sought, the Cabrera and Mott mechanism is particularly
difficult to apply. This is because the free-energy changes
and activation energies for the defect injection and gas ad-
sorption reactions are not known through independent
means. At best they can be estimated from theoretical
treatments or by making further approximations. This is
probably best illustrated by the use of an example. For
this purpose we will attempt to apply the theory to the
growth of Nio (our model oxide) at 500'C and a (02)= l.
Since this oxide is known to contain cation vacancies, the
discussion of Sec. II.B.2 is the appropriate one. We first
require the free-energy change of reaction (2.19) in order
to calculate the voltage Ac@. The enthalpy change con-
tributing to AG» cari be estimated from the component
parts of the reaction

X2 the second electron affinity of oxygen (7.8 eV), and E,
the cohesive energy of NiO (41.8 eV). Thus A&19——0. 16
eV. The entropy of 02 gas is -2&&10 eVK ' and
therefore at 500 C AG» —0.61 eV. Substituting into Eq.
(2.24), we find that hy is predicted to be negative,
whereas it should be positive. It is therefore evident that
either the uncertainties in the calculation of Ay are too
great for an estimate to be reliable, or Eq. (2.19) is over-
simplistic. The next parameter that is required is the en-
ergy change of the injection reaction [Eq. (2.30)]. Again,
this is a parameter which is not measurable in bulk NiO,
because the Ni vacancy is accompanied by two holes in
the bulk [Eq. (2.10)]. We are thus driven again to use
theoretical estimates. The energy required to remove a Ni
ion from NiO to infinity has been calculated by Sangster
and Rowell (1981) and Catlow et al. (1979). The mean of
the two estimates is 24.0+0.5 eV. To find the energy for
the injection reaction we must subtract —,E, for the rein-
corporation of the ion onto the surface. Hence 8' —AH
is estimated to be 3.1 eV. AH can be measured by ex-
periments on bulk material, and the best estimate is 1.58
eV (Atkinson et al. , 1981). Therefore, 8'is estimated to
be 4.7 eV, with a probable error of at least 0.5 eV. It can
readily be seen that this estimate is far too large to be
realistic. It implies a critical temperature ( W/40k, below
which a limiting thickness is reached) of 1090'C, but at
this temperature Wagner's theory predicts a measurable
growth rate based on bulk diffusion. We are thus forced
to conclude that it is not possible to subject the Cabrera
and Mott theory to a rigorous quantitative test. Probably
the best that can be done is to make some sweeping ap-
proximations to obtain more realistic (but not necessarily

10

Negligible space
charge

Significant space charge

10 12

gP 10 14
Limit of high field

approximation
Electrical neUtrality in most

of film

10-18
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I

10 10 10
Film thickness X (m)
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FICx. 7. Rate of growth of a hypothetical p-type oxide film as a function of its thickness, calculated using the theory of Cabrera and
Mott when thin (X ~Xi) and of Wagner when thick (X ~ LD and Xl). The parameters used are appropriate to a film of NiO grow-
ing by lattice diffusion at 500 C.
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correct) estimates. Suitable approximate estimates would
be the free energy of formation of the oxide per oxygen
atom [i.e., (1/a)AGMo ] for b, Gt9 and the activation en-

ergy of the tracer diffusion coefficient in the oxide [at
constant a (02)] for 8'. Using these approximations for
Ni0, we have AG&9 ———1.7 eV and 8' =2.56 eV.

These values have been used to calculate dX/dt as a
function of X for Ni0 growing on Ni at 500 C, and the
result is shown in Fig. 7. Also shown is that calculated
from the lattice diffusion coefficient (Atkinson and Tay-
lor, 1981) using Wagner s theory in the thick film region.
At the limits of validity of the two theories the predicted
growth rates are mutually compatible. This would indi-
cate that the approximate estimates for 66/9 and 8' are
reasonable.

O. Atom tracers in growing films

Experiments using tracer atoms while the film is grow-
ing have proved particularly useful in identifying which
species are the more mobile and the pathways by which
they are transported. This is because the interpretation of
such experiments, at least in qualitative terms, is indepen-
dent of the kinetic regime of growth. There are two basic
experiments of this type, one with labeled metal atoms
and the other with labeled oxygen atoms.

The experiment involving metal atoms consists of label-
ing the surface atoms of the metal by deposition of ra-
diotracer atoms prior to oxidation. After oxidation the
film is sectioned to determine the concentration of tracer
as a function of depth in the film. The resulting distribu-
tion is a function of whether metal or oxygen is the more
mobile in the film and of whether the metal transport is
through the oxide lattice or along short-circuit paths such
as grain boundaries or dislocations (Atkinson et al. ,
1979). However, the short-circuit transport can be dis-

tinguished from the bulk only if (D't)'~ &l, where 1 is
the distance between the short-circuit paths (e.g. , the
grain size). If this condition is not satisfied, the atoms in
the short-circuit paths will have mixed with those in the
lattice, and the result will be indistinguishable from lattice
diffusion. In principle, this experiment can, in the case of
lattice diffusion, differentiate between diffusion via va-
cancies and interstitials (Atkinson and Taylor, 1982) and
can also indicate the charge on the defect. However, in
practice such subtleties are beyond the precision of the ex-
perimental techniques. The distributions resulting from
various transport processes are summarized in Fig. 8.

When oxygen tracers are used, the experiment normally
consists of first growing a film in oxygen of normal isoto-
pic composition (99.759% ' 0) followed by subsequent
growth in an atmosphere enriched in ' O. The distribu-
tion of ' 0 in the film is finally measured either by
secondary-ion mass spectroscopy (SIMS) or by a nuclear
technique. The ' 0 tracer may have been incorporated
into the film either by the formation of new oxide (in
which case the location of the reaction is revealed) or by
exchange with ' 0 in the first-grown film. Mitchell et al.
(1983) have recently described how these two methods of
incorporation can be distinguished in SIMS. The distinc-
tion is based on the fact that exchange is the main process
which results in mixed species of the type M' 0' 0 ap-
pearing in the SIMS spectrum. The technique requires
that the second stage of the oxidation be carried out in
' 02 containing a minimum of ' 02', otherwise, mixing
can occur in the gas as well as by exchange in the solid.

The ' 0 profiles in films grown sequentially in
' 02/' 02 are shown schematically in Fig. 8. They can in
principle be used to distinguish between oxygen and metal
transport and, in the case of oxygen, between lattice and
short-circuit diffusion. The combination of both metal
and oxygen tracer experiments is therefore very useful in
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FIR. 8. Distributions of tracer atoms expected in oxide films growing by different transport processes. In the experiment with metal
tracer, a thin film of tracer is deposited on the metal prior to film growth. In the experiment with oxygen tracer, the film is grown
sequentially, first in ' 0- and then in ' 0-labeled gas.
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identifying the dominant transport processes in the grow-
ing film.

E. Less restrictive theories of film growth

The theories of Wagner, for thick films, and of Cabrera
and Mott, for thin films, are based on assumptions which
are likely to be valid only in the extremes of very thick
and very thin films, respectively. Some rough estimate of
the limits of applicability of these theories can be made
based on the guidelines given in earlier sections. Com-
patibility with these limitations, although necessary, is not
a sufficient condition for the theories to be valid. For ex-
ample, the condition that X &X~ [Eq. (2.27)] for applica-
tion of the Cabrera and Mott theory ensures only that the
high-field approximation for ionic transport is valid. It
does not ensure that electrons can be transferred to ad-
sorbed oxygen in order to create the high electric field. If
an approach to film growth were to be completely gen-
eral, it would have to include the dynamics and energetics
of processes at the interfaces, coupled transport of both
ions and electrons in high and low fields by all possible
routes, surface charges at the interfaces, and space
charges within the film, etc. (Even this does not include
the initial nucleation of the oxide film. ) The relevant
equations describing these phenomena and how they may
be coupled in the overall growth process are concisely
summarized in the review of Smeltzer and Young (197S)
and will not be reiterated here. It is sufficient to note that
the overall process is potentially so complex that it may
be tackled only by making different degrees of approxi-
mation. Here I mention briefly some theoretical treat-
rnents of film grow'th which have been less restrictive in
their assumptions than those of Wagner and Cabrera and
Mott. It is evident from the illustrative example shown in
Fig. 7 that in general there is an intermediate region of
film thickness, approximately between X& and LD, in
which even the basic assumptions of the simpler theories
are invalid, in that the film is too thick for the high-field
approximation and too thin to be considered as predom-
inantly electrically neutral. Less restrictive theories are
necessary for describing the growth of thin films into
thick films through this intermediate region.

The most general theoretical approach to transport pro-
cesses within the growing film has been taken by From-
hold and co-workers who have attempted to cover all re-
gions of film thickness while keeping the number of sim-
plifying assumptions to a minimum. The basic underly-
ing principle is to achieve a steady-state distribution of
electronic and ionic defects which satisfy Poisson s equa-
tion and give equal, and nondivergent, electronic and ion-
ic currents. Unfortunately, the resulting equations. can be
solved only by numerical means, and the reader is referred
to Fromhold (1976,1980) for a detailed treatment and
references to the original papers.

This approach has been used to examine the efficiency
of tunneling and thermionic emission as electronic trans-
port mechanisms in thin film growth. The calculations
demonstrate (Fromhold, 1976, Chap. 10) that tunneling

through the oxide can only . give a sufficiently large
current for films less than about 3 nm in thickness. For
such films the computed growth kinetics are in good
agreement with the simplified theory of Cabrera and
Mott, but for films thicker than about 3 nm the electron
tunnel current becomes so low as to be rate limiting, pro-
vided there is no alternative pathway for the electrons.
Direct thermonic emission (of electrons via the oxide con-
duction band, or holes via the valence band) has been
similarly examined (Fromhold, 1976, Chap. 11) as an al-
ternative electronic transport process for films thinner
than the mean free path of electronic carriers in the oxide
(this is an unknown quantity, but is unlikely to be greater
than about 30 nm). Calculations demonstrate that when
electrons are transported by thermionic emission, either
electron transport or ion transport can control film
growth, depending on the relative positions of the electron
energy levels in metal, oxide and adsorbed oxygen, and
the activation energy for ionic motion. In general, ionic
motion limits the rate of film growth when the ionic ac-
tivation energy ( W in Fig. 6) is greater (by at least 0.2 eV)
than the effective work function for electron emission
into the oxide from the metal (or hole emission from ad-
sorbed oxygen). Under these conditions the electron sys-
tem is in "virtual equilibrium. " The electron energy lev-
els tend to equilibrate as depicted schematically in Fig. 4
(with Eb being the approximate barrier height for electron
emission), but the potential difference across the growing
film is slightly different from that in the Cabrera and
Mott theory. (%'hen electron emission is rate limiting, the
potential difference is in the opposite sense. ) The com-
puted film-growth kinetics approximate those of the Ca-
brera and Mott model in the limit of high fields and take
on parabolic form at low fields. The corresponding para-
bolic rate constant is not the same as that of the thick
film theory of Wagner, since the thin film is not electri-
cally neutral locally and the electric field is assumed to be
uniform.

As a film thickens, the total charge associated with de-
fects moving through the film (space charge) will eventu-
ally exceed that on the film boundaries and the field will
not be uniform. Numerical studies of these perturbations
(Fromhold, 1976, Chap. 12), using a model in which the
defect concentrations are fixed at the film interfaces,
demonstrate that as the film thickens the defect distribu-
tions tend towards establishing electrical neutrality within
the film. Ultimately the film may be divided into three
regions, as depicted in Fig. 2(b). The central region is ef-
fectively electrically neutral, while the zones near the in-
terfaces are not and extend for a distance of the order of
the local Debye-Huckel screening length LD from each
interface. The analysis of this situation (Fromhold, 1979)
is similar to that of the point defect description of thick
film growth given in Sec. II.A.2 and predicts parabolic
growth kinetics. The resulting parabolic rate constant is
not strictly the same as that of the Wagner theory, since
local chemical equilibrium has not been assumed in this
case, nor has electrical neutrality been assumed in
Wagner's theory. There is, however, no practically useful
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distinction between these rate constants, because the even-
tual evaluation of the rate constant in Wagner's theory, in
terms of bulk equilibrium properties, implicitly incorpo-
rates electrical neutrality.

The extensive treatments of Fromhold and co-workers
have shown that when transport of one species (e.g., ions)
is so slow as to be rate controlling, the more readily trans-
ported species (e.g. , electrons) approach an equilibrium
distribution. The simplifications that result from such a
"virtual electronic equilibrium" have been exploited by
Dignam, Young, and Goad (1973) and Young and Dig-
nam (1973). They noted that measurements of the elec-
tronic conductivity of many oxide films indicate that
their interfaces are ohmic (i.e., without substantial bar-
riers to carrier transfer) and that the conductivities are
sufficiently high to maintain the "virtual electronic equili-
brium. " This they attribute to the existence of short-
circuit transport paths for electrons in the film (e.g. , grain
boundaries). Within this approximation they extended
the theory of Cabrera and Mott to include a range of pos-
sible equilibria at the oxide/oxygen interace (see Sec. II.B,
for example), injection of ionic defects into the film and
their field-assisted transport through the film in the asso-
ciated space-charge field. The equation that was used to
describe the ionic current density is valid at both high and
low fields, but does not include diffusion (i.e., transport
resulting from a defect concentration gradient). There-
fore, the analysis may be applied to films growing up to
and beyond the high-field limit (X&) but not into the
thick-film region where contributions from diffusion and
drift in the electric field are approximately equal. When
space-charge effects are neglected, analytical equations
for film growth are obtained under some limiting condi-
tions. The trend is to give logarithmic-type kinetics in the
high-field limit and, in the low-field limit, parabolic ki-
netics when defects are injected at the metal/oxide inter-
face and cubic kinetics when injected at the oxide/gas in-

terface. The rate equations, dependence on oxygen activi-

ty, and the activation energy for growth are tabulated in

Young and Dignam (1973) for the various limiting cases.
When space charges are included, the equations can be
solved only numerically.

It may be concluded that much of the methodology ex-
ists to describe the growth of an oxide film over the entire
thickness range. As far as the author is aware, such a
description has never been attempted using a single set of
atomistic parameters derived either from other experi-
ments or by calculation (see Sec. II.C.2). This would ap-
pear to be one way of developing a more comprehensive
view of film growth, since it is clear that the fitting of ex-

perimental data to theoretical kinetics, whether analytical
or numerical, is an inadequate test of theory (Smeltzer
and Young, 1975).

Ill. GROWTH OF SOME SELECTED OXIDES

In this section the growth of some specific oxides is dis-
cussed in terms of the concepts presented in Sec. II. The
oxides have been chosen either because they have proved

useful as model oxides or because they are important as
corrosion resistant oxides.

The first oxide to be considered is CoO, because both
the growth kinetics and diffusion data are well established
for this oxide. It therefore provides a good test of
Wagner's theory for thick-film growth. However, it is
not a good model of a corrosion resistant oxide for two
reasons. The first is that the growth of an overlayer of
Co304 complicates the reaction at temperatures below
950'C. Secondly, and more importantly, the growth rate
at temperatures above 950'C is extremely rapid because
of the high concentration of point defects in CoO. Hence
the growth rates are not representative of those of
corrosion-resistant oxides.

NiO is far more appropriate as a model for a
corrosion-resistant oxide. It is also convenient in that
NiO is the only oxide which grows by the thermal oxida-
tion of Ni and can therefore be studied over a very wide
temperature range (up to the melting point of Ni). Conse-
quently, the growth of this oxide has deservedly received
much attention and that is reflected in this paper.

The growth of iron oxides is then discussed, because it
introduces the complexity of films that contain more than
one oxide and because the corrosion rate of low-alloy
steels is controlled by the rate of growth of iron oxides.

Finally, we consider the growth of Cr203 and A1203
films because of their importance in conferring very good
corrosion resistance at relatively high temperatures. Un-
fortunately, the very low point defect concentrations,
which are ultimately responsible for this good corrosion
resistance, make studies of these oxides very difficult.

A. Growth of CoO

The high-temperature properties of bulk Co0 are well
understood (e.g. , Kofstad, 1972). It is a p-type electronic
conductor and is metal deficient. The cation vacancy
concentration increases with oxygen activity by a reaction
similar to Eq. (2.10) to -6&10 mole fraction at 1 atm
and 1000'C. The Co diffusivity is several orders of mag-
nitude greater than that of oxygen (Chen and Jackson,
1969). Cobalt diffusion measurements show good agree-
ment between different workers, and .the more recent
studies of Dieckmann (1977) and Peterson and Chen
(1980) show that at 1200'C diffusion is by singly charged
cation vacancies at high oxygen activity and doubly
charged vacancies at low oxygen activity. There seems to
be no evidence of more complex defect aggregates despite
the relatively high defect concentration. The cation dif-
fusion coefficients for CoO and some similar oxides are
shown as a function of a (Oz) in Fig. 9.

The majority of oxidation studies have been at these
high temperatures and firmly in the region of thick film
growth where Wagner's theory should be valid. This sys-
tem, therefore, is an excellent one for a rigorous test of
the theory. Since the tracer diffusion measurements show
that D* ~ a(02)'~ at high oxygen pressures, Eq. (2.5) can
be-integrated (f=0.78 for a vacancy mechanism) to give
k~ =5.1D*(Co), where the diffusion coefficient is that at
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the activity of the oxide/gas interface. The theoretical
rate constant obtained in this way for the oxidation of Co
to CoO in air is compared in Fig. 10 with the most recent
rate constants reported by Mrowec and Przybylski (1977).
(Note that the growth rate is very rapid. Even at the

10-6

T( cj
1500 1400 1300 1200 1100 1000

I

10-10 1O'
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FIG. 9. Tracer self-diffusion coefficient, for lattice diffusion of
metal ions in transition-metal oxides having the rocksalt struc-
ture, as a function of oxygen activity at selected temperatures.
The solid lines show the slopes expected when either singly or
doubly charged cation vacancies predominate in the oxide.

lowest temperature the film grows to -30 pm in the first
hour of oxidation. ) The agreement is excellent at high
temperatures (deviation less than 5%%uo), and at the lowest
temperatures the observed values are approximately 20%
lower than the calculated ones. Gesmundo and Viani
(1981) have used the approach based on point defects (Sec.
II.A.2) to calculate k~ at 1000'C, and their value is also
shown in Fig. 10. It is lower than the other calculated
value because it assumes a contribution to transport from
uncharged cobalt vacancies. The observed value is about
10% greater than this calculated one. (Gesmundo and
Viani concluded that the measured value was about 40%%uo

greater than their calculated one. This larger discrepancy
appears to originate in their misquoting the results of
Mrowec and Przybylski. )

The dependence of k~ on a (02) measured by Mrowec
and Przybylski is in agreement with the tracer diffusion
studies to within experimental error. As the temperature
is lowered the oxygen pressure dependence of kz changes
slightly from a(02)'~ at 1300 C to a(Oz)' at 950'C.
This is consistent with a contribution from uncharged co-
balt vacancies at the lower temperatures.

We can therefore conclude that the formation of Coo
on Co at temperatures between 950 C and 1300'C estab-
lishes the %'agner theory as a good quantitative descrip-
tion of thick film growth. Those uncertainties which
remain (-10%) are related to the precision of the experi-
ments and to the finer details of the defect structure of
CoO.

B. Growth of NiO

107

The crystal structure and defect properties of NiO are
very similar to those of CoO, the main difference being
that the defect concentrations are lower in NiO
[-7&& 10 5 mole fraction of 1000'C and a (O2) =1,
Atkinson, Hughes, and Hammou, 1981] than in CoO
(-6X10 mole fraction). The diffusion of Ni in the
Nio lattice is now reasonably well understood (e.g., Fig.
9) and has been shown to be unaffected by impurities (i.e.,
intrinsic) at temperatures as low as 500'C [and a (02) =1]
in crystals of a purity comparable to that obtainable in Ni
(Atkinson and Taylor, 1979). We are thus in a position to
make a comparison between Wagner's theory and experi-
ment over a much wider range of temperature and growth
rates than was possible for CoO.

1. Growth of thick NiO films at T & 500'C

10-10
5

10 /T(K-')

FICx. 10. Parabolic rate constant measured for the growth of
thick CoO films on Co in air [a(02)=0.21] compared with that
calculated using %'agner's theory and the tracer diffusion coef-
ficient for Co in CoO, or the concentration and mobility of Co
vacancies in CoO (Gesmundo and Viani, I981).

In the case of Ni oxidation, integration of Eq. (2.5)
gives k~=6.4D (Ni), where the diffusion coefficient is
again that at the oxygen activity of the oxide/gas inter-
face. This is shown plotted in Fig. 11 in comparison with
the measured values. The comparison is not so straight-
forward as it was for CoO growth, since the reported
values of k& for NiO show much greater scatter. This
scatter has been shown to depend on metal purity, surface
condition (Caplan et al. , 1972), and crystal orientation
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FIG. 11. Parabolic rate constant measured for the growth of
NiO on Ni in oxygen [a{02)=1] compared with that calculated
using Wagner's theory and the tracer diffusion of Ni in the NiO
lattice, or the concentration and mobility of cation vacancies in
NiO (Gesmundo and Viani, 1982).

10

(Khoi et al. , 1975). Furthermore, at the lower tempera-
tures the kinetics are not parabolic, the exponent of t in
X ~ t" being less than 0.5. Nevertheless, it can be clearly
seen from Fig. 11 that the lower the temperature the
greater is the measured "parabolic" rate constant corn-
pared with that predicted from Wagner's theory until, at
500 C, it is 3—7 orders of magnitude greater.

At the highest temperatures (greater than 1200'C) the
agreement between measured and predicted values of kz
is reasonably good, as illustrated by the data of Fueki and
Wagner (1965) in Fig. 11. They also found k~ ~a(O2)' "
with 3.5&n ~6. This is reasonably consistent with the
diffusion measurements, although they observed signifi-
cant and unexplained departure from the expected
behavior for a(O2) —1. With the use of the same point
defect approach as described for CoO, Gesmundo and Vi-
ani (1982) have predicted kz at 1000 C for NiO. This is
also plotted on Fig. 11 and can be seen to be approximate-
ly seven times greater than that predicted from the tracer
diffusion measurements. . The reason for this difference is
the uncertainty which exists concerning the concentra-
tions and diffusivities of point defects in NiO (Atkinson,
Hughes, and Hammou, 1981).

Several suggestions have been advanced to account for
the observed kz's being greater than predicted at the
lower temperatures and for the scatter in the measure-
ments. Berry and Paidassi (1966) first proposed that the
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I
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L
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8 4 9 10
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FIG. 12. Tracer diffusion coefficients measured as a function
of temperature for Ni [at a{02)=1]and 0 [at a{Oq) =0.2] dif-
fusion in the lattice and along dislocations and grain boundaries
in NiO. Data for Ni diffusion are from Atkinson and Taylor
(1979,1981).

high values of kz were caused by impurities doping the
oxide. While this may account for some of the variabili-

ty, low-temperature diffusion measurements in oxide sin-

gle crystals of a purity similar to that of the purest of the
oxide films demonstrates that this is not the fundamental
reason for the discrepancy. Young, Cathcart, and Gwath-
mey (1956) and later Perrow, Smeltzer, and Embury
(1968) suggested that fast diffusion along oxide gain
boundaries is responsible for the fast oxidation rates and
that the variability in kz reflects the variability in the
type and density of the grain boundaries (Khoi, Smeltzer,
and Embury, 1975). Rhines and Wolf (1970) proposed a
radically different "swelling" mechanism for Nio film
formation, in which the new oxide is formed at oxide
grain boundaries by lattice diffusion of Ni and grain
boundary diffusion of O. This proposition was mainly to
account for the stresses which they inferred in growing
NiO films and was subsequently developed to analyze ox-
ide grain growth during Ni oxidation (Rhines and Con-
nell, 1977; Rhines et al. , 1979).

In order to determine how large a contribution rapid
diffusion along dislocations and grain boundaries could
make to the growth rate, Atkinson and Taylor
(1979,1981) studied the diffusion of Ni along such paths
in NiQ and the results are summarized in Fig. 12. In the

Rev. Mod. Phys. , Vol. 57, No. 2, April 1985



452 Atkinson: Oxide film growth

case of grain boundaries, the experiments actually mea-
sure the product of the boundary diffusion coefficient
(D') and the effective width of the boundary (5), which
was estimated to be —1 nm in separate experiments. It
can be seen from Fig. 12 that diffusion along dislocations
is faster than in the lattice and that diffusion along grain
boundaries is faster than along dislocations. The activa-
tion energies for lattice, dislocation, and grain boundary
diffusion are 2.56, 2.00, and 1.78 eV per ion, respectively,
and the similar dependence of all three diffusion coeffi-
cients on a(02) suggests a vacancy mechanism in all
cases. These data have been used (Atkinson et al. , 1982)
to predict k& when grain boundary diffusion is included,
in which case

k, =6a D*+ (3.1)

10-10

GROWTH OF N10

Solid points: kp(measUI ed)

Open points: kp(calculated)

Q ~
0

I Typical error on
each point

kp (lattice)
cm2 s-1

800 'C (1.3 ~10 )
0

10"—
~4

——D4- &00'C (V,e.10-")

where the diffusion parameters are for Ni at the a(02) of
the oxide/gas interface. g is the grain size in the oxide
film and was measured by transmission electron micros-
copy in the films for which the kinetic data were ob-
tained. Figure 13 shows kz calculated in this way com-
pared with the measured value for temperatures between
500 C and 800'C and films ranging from 0.28 to 27.2 pm
in thickness (grain sizes 0.15 to 1.4 pm). The agreement
is excellent and proves that fiIm growth is taking place by
grain boundary diffusion in this temperature range. Also

shown for comparison in Fig. 13 is the much lower kz
predicted from lattice diffusion. Furthermore, , the depar-
ture from strict parabolic kinetics is seen to be a result of
grain growth which reduces the density of fast-diffusion
paths. The same mechanism also accounts for the growth
rates and kinetics observed by Rhines and Connell (1977)
in the temperature range 800'C—1000 C for films up to
32 pm in thickness and grain size up to 4.5 pm. In the
temperature range 500'C—1000 C the apparent activation
energy of k& is —1.5 eV. This is less than the 1.78 eV for
grain boundary diffusion itself, because the grain size in
the oxide is smaller the lower the temperature.

Recent measurements of the diffusion of 0 in NiO
grain boundaries (Atkinson et al. , 1985) are also shown in
Fig. 12 and are seen to be of the same order as the lattice
diffusion coefficient of Ni. Although these data are for
relatively high temperatures, it is reasonable to conclude
that the solid-state diffusion of O makes no significant
contribution to NiO film growth. The movement of both
metal and oxygen during film growth has been studied us-
ing Ni and ' 0 tracers in experiments of the type
described in Sec. II.D (Atkinson et al. , 1979). The results
of these experiments are entirely consistent with the above
mechanism in which outward diffusion of Ni along NiO
grain boundaries is the dominant transport process at
temperatures below 1000 'C (except under conditions
where two-layered, or duplex, films are formed, in which
case there is significant inward transport of oxygen; see
Sec. V.A).

We have thus seen that the Wagner theory when modi-
fied to include grain boundary diffusion can account for
the oxidation of Ni at temperatures above 500 C and for
films greater than -0.3 pm in thickness. This is gratify-
ing, since all such films are thicker than the Debye length
(Fig. 3), which marks the lower bound of applicability of
Wagner's theory. We will now consider the growth of
thinner films at temperatures below 500 C.

10-12 g
3 ~ ~

D
600 'C (2.4 ~10 )

0 -16

10-13

500'C (2 9X10 ' )

10-14

0 50 100

Oxidation time {h)

150

FIG. 13. Parabolic rate constant as a function of time for the
growth of NiO on Ni at temperatures in the range
500 C—800'C and a(02)=1. The points plotted with open
symbols have been calculated from tracer diffusion data, and
measurements of oxide grain size, using Wagner's theory modi-
fied to include grain boundary diffusion in the oxide. The much
lower values expected from lattice diffusion alone are shown in
parentheses. (Atkinson, Taylor, and Hughes, 1982.)

2. Growth of thin NiO films at T ~ 500'C

The very early stages of the oxidation of single-crystal
Ni surfaces (i.e., the chemisorption and nucleation stages)
at very low pressures (10 "—10 atm) and temperatures
in the range 65'C—300 C have been studied using Auger
electron spectroscopy by .Liu, Armitage, and Woodruff
(1982). They found that the rate of oxygen uptake (corre-
sponding to only two or three monolayers total thickness)
of the major crystal faces is in the order [ 111I

& I 110I & I 100I, which they explained in terms of the
denser packing of adsorbed oxygen which is possible on
the I 111I face and which in turn is more favorable for
nucleation of the bulk oxide from the adsorbed layer.
Similar studies of the I 100I, [110) (Mitchell, Sewell, and
Cohen, 1976, and 1977), I 111J, and l211I (Mitchell and
Graham, 1982) faces of Ni have used reflection high-
energy electron diffraction (RHEED) in combination with
surface analysis for films up to -2 nm in thickness. An
example of their kinetic data, which they divide into three
stages, is shown in Fig. 14. The first stage is chemisorp-
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FICi. 14. Uptake of oxygen on the (111}crystal face of' Ni as a
function of oxygen exposure at low temperatures and low oxy-
gen pressures (10 ' —10 ' atm). 1 langmuir is an exposure of
10 Torrs, and a "monolayer" of NiO parallel to the (111)
NiQ plane has a thickness of 0.241 nm (0.0351 pg Ocm ).
The regimes interpreted as chemisorption, oxide nucleation, and
film thickening are indicated (after Mitchell and Graham,
1982).

tion, the second is the nucleation and lateral growth of
NiO islands of approximately 0.7 nm thickness, and the
final stage (which is absent at 40 C) is a logarithmic
thickening of the film. The diffraction data show that
the oxide is crystalline and initially epitaxially related to
the metal with I100I oxide planes parallel to I 100] and
I110I metal surfaces and I 1 11 I oxide planes on I111I
and I211I metal surfaces. The films were polycrystalline
or single crystal depending on the oxidation conditions.
In the film-thickening stage the kinetics could be
described by a direct logarithmic growth law with a low
activation energy of -0.3 eV. In all stages of the reac-
tion the oxide thickness was a function of the oxygen ex-

posure, i.e., X =f (pt). This means that at a given oxide
thickness the growth rate is proportional to the oxygen
pressure for pressures in the range 10 "—10 atm.

Graham and Cohen (1972) studied the oxidation of
polycrystalline Ni at higher pressures (7X10 to
8X 10 " atm) and to higher temperatures (23'C—450 C).
The kinetics of the first two stages (chemisorption fol-
lowed by nucleation and lateral growth) were not resolved
in these earlier experiments, probably because of their
greater rapidity at the higher pressures. At temperatures
below 300 C logarithmic kinetics were observed and the
films tended towards a limiting thickness (different for
different temperatures). For temperatures above 300 C
and film thicknesses greater than 3 nm, a fourth stage
was observed (and followed in films up to 1 pm in thick-
ness) in which the kinetics were parabolic. The parabolic
rate constant was found to be approximately proportional
to a (Oq)'~ and had an activation energy of 1.8 eV.

This parabolic behavior is so similar to that observed at

500'C and above that it suggests that the mechanism
remains the same down to 300'C and films only 3 nm in
thickness. The activation energy for k» is also in agree-
ment with that measured for grain boundary diffusion
(1.78 eV), although tliis may be somewhat fortuitous,
since the variation of oxide grain size with temperature
would lead us to expect a slightly lower activation energy
for oxidation. Referring to Fig. 3, we see that these films
are not in a region in which the assumption of electrical
neutrality is expected to be valid, since at 300'C the De-
bye length is estimated to be —1 pm in stoichiometric
NiO. For a growing oxide film the effective Debye length

may be considerably less than this, either because of small
concentrations of charged impurities (-1 in 10 ), or be-
cause the intrinsic defect concentrations are much larger
in the dominant diffusion paths (such as grain

boundaries) than in the bulk. Ritchie, Scott, and Fens-

ham (1970) observed that when an electric field was ap-

plied to a growing NiO film at temperatures above 350'C,
the rate increased when the oxide/gas interface was nega-

tively biased. This merely indicates that film growth is

occurring by the movement of ions and does not distin-

guish between control by ionic or electronic transport (see

Sec. II.C.1).
However, for temperatures below —300 C, where the

oxidation kinetics are logarithmic the mechanism is not
so clear. We will analyze the experiments in terms of the
Cabrera and Mott mechanism, beginning with the limit-

ing oxide thickness (XL ) as a function of temperature and
the transition temperature above which parabolic kinetics
are observed. The criterion for this latter transition is
when W/kT =40 (Sec. II.B). Using the same approxima-
tions suggested in Sec. II.C.2, we deduce that for cation
transport along oxide grain boundaries 8'=1.78 eV and
hence the transition temperature is -250'C. This is in
reasonable agreement with the observation of -300'C.
For temperatures below the transition temperature we can
use Eq. (2.33) to calculate the limiting oxide thickness
(based on'the Cabrera and Mott criterion of when the
growth rate is less than 10 ' ms ') as a function of tem-
perature. The solid lines in Fig. 15 are calculated in this
way with values of 8' corresponding to lattice diffusion
(2.56 eV) and grain boundary diffusion (1.78 eV). In or-
der to calculate X& we have approximated Ay 'by
—AG (NiO)/2e. Experimental values of the limiting
thickness are also plotted in Fig. 15, and it can be seen
that a value of -2 eV for 8' will explain the observa-
tions. However, such a value of 8'is not compatible with
the low activation energy observed for the logarithmic
rate constant (0.3 eV).

This may possibly be accounted for by a reanalysis of
the kinetic data in terms of the Cabrera and Mott model
rather than the direct logarithmic kinetics which were
used in the original papers. Fehlner (1984) has recently
analyzed the data of Graham and Cohen (1972) in terms
of the Cabrera and Mott theory using the method suggest-
ed by Ghez (1973). Fehlner concludes that the data can
be just as well described by Cabrera and Mott kinetics as
by direct logarithmic kinetics. Furthermore, the activa-
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FIG. 16. Tracer self-diffusion coefficient for lattice diffusion of
cations in Fe304 and Cr203 as a function of oxygen activity.
The lines have the predicted slopes for diffusion by vacancies at
the higher oxygen activities and interstitials at the lower. The
two sets of data for Cr203 at 1570'C are for diffusion parallel
and perpendicular to the hexagonal axis.

peratures ( & 700'C) the agreement is good and also con-
sistent with the rate of formation of magnetite by the
solid-state reaction of wustite and hematite (Dieckmann,
1984). Wagner's theory would be expected to be valid
down to the very thin film region ( &20 nm), since the
electronic conductivity of bulk Fe304 is so large, due to
electron hopping between Fe + and Fe + ions, that the
Debye length is always extremely small. At temperatures
below 700 C there is a tendency for the observed values of
k~ to be more widely scattered and greater than the
predicted values (Fig. 17). Although this effect is not so
marked as in the growth of NiO (Fig. 11), the behavior is
sufficiently similar to strongly suggest that at these lower
temperatures the growth of Fe30q is controlled by the
outward diffusion of Fe along oxide grain boundaries.
This mechanism is supported by the observed movement
of Fe and ' 0 tracers during the growth of Fe30& films
(Atkinson and Taylor, 1982).

The growth of Fe203 during the oxidation of Fe has
not been much studied, because its growth is much slower
than the other iron oxides and because it appears as only a
thin film on the outer surface of the much thicker layers
of wustite and magnetite. The published data for tracer
diffusion in bulk Fe203 [see Kofstad (1972)] indicate that
Fe and 0 have comparable diffusion coefficients, and it is
not clear which species is likely to be rate controlling dur-
ing film growth. Francis and Lees (1976) used ' O tracers
to study the growth of Fe203 during the oxidation of Fe
at the relatively low temperature of 550'C, since conflict-
ing conclusions had been drawn from earlier marker stud-
ies. They concluded that the Fe203 was growing both by
the outward solid-state transport of Fe and the inward
transport of oxygen, possibly along cracks. The activa-
tion energy for Fe203 formation (1.75—2.30 eV) is consid-
erably less than the reported activation energies for either
Fe (4.0—4.9 eV) or O (3.4—6.3 eV) lattice diffusion, which
perhaps suggests that transport occurs by faster short-
circuit paths of lower activation energy (Charming and
Graham, 1972; Goursat and Smeltzer, 1973). However,
the current level of understanding of diffusion processes
in Fe203 and the mechanism of Fe203 film growth is suf-
ficiently poor to warrant further clarification.
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D. Grovrth of Cr&Q3

The sesquioxide Crz03, which is isostructural with

Fe203, is the only solid oxide that is formed by the
thermal oxidation of Cr. Cr2O3 is an extremely important
oxide technologically, since it is the major constituent of
the protective films which grow on stainless steels and
many other heat-resistant alloys. Consequently, the
literature contains many studies of the formation of
Cr203 films.

1. Growth of thick Cr203 films

FKx. 17. Maximum parabolic rate constant (see text) for Fe304
film growth compared with that calculated using Wagner's
theory and data for tracer diffusion of Fe in the Fe304 lattice.

The formation of Cr203 by the oxidation of Cr at high
temperatures has been reviewed recently in a series of arti-
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cles by Lillerud and Kofstad (Lillerud and Kofstad, 1980;
Kofstad and Lillerud, 1980,1982; Lillerud and Kofstad,
1982a,1982b) and by Hindam and Whittle (1983). The in-
terpretation of oxidation kinetics in this system is greatly
complicated by various departures from ideal behavior
such as the volatilization of Cr03 (particularly at tem-
peratures above 1000'C and oxygen pressures above 10
atm), loss of contact between metal and film, and crack-
ing and blistering of the film. Nevertheless, many work-
ers have been able to extract parabolic rate constants for
the reaction and these have been summarized by Lillerud
and Kofstad (1980) and are shown in Fig. 18. The results,
not unexpectedly in view of the complications, show wide
scatter and, in common with NiO and Fe304, a sensitivity
to the way in which the metal surface was prepared. The
lowest rate constants (in the high-temperature region)
were measured by Caplan and' Sproule (1975) on certain
parts of a chemically etched Cr specimen. The pressure
dependence of k~ is difficult to determine, since different
kinetics may be observed in different ranges of a(Oz)
[e.g., Lillerud and Kofstad (1980)]. Kassner et al. (1966)
report kz's increasing with a (Oz) at low values of a (Oz)
and for temperatures in the range 700 C—1000'C. On
the other hand, Hindam and Whittle (1983) found kz to
be almost independent of a(Oz) in the range 10 to

02~300+2 Vc', +6h (3.2)

and the electroneutrality condition 3[Vc', ]=[6]. This
seems reasonable at 1100 C, but at —1500 C Crz03 is
believed to be an "intrinsic" electronic conductor with

the electroneutrality condition [h ]=[e']. Therefore
D (Cr) cc a (Oz) ~ would be expected at temperatures
above —1200'C, and this is not observed experimentally.
At low a(Oz) at 1100'C the diffusion data suggest dif-
fusion by Cr interstitials formed by the reaction

10-"at 1000'C.
The current view of the point defect properties of

Crz03 has been summarized by Kroger (,1983). The oxide
can be either a p-type or an n-type semiconductor, de-
pending on doping and a(Oz), but the point defects re-
sponsible are still a subject of controversy. The most
commonly held view is that Cr203 is a p-type conductor
at high a(Oz) and low temperatures, but is "intrinsic"
(i.e., with band-to-band excitations) at temperatures above
—1200 C. Diffusion of Cr in Cr203 has been studied by
several workers, but the results are not in agreement. The
most recent data from Hoshino and Peterson (1983) and
Atkinson and Taylor (1985) for D"(Cr) are shown in Fig.
16. These measurements are 4—7 orders of magnitude
lower than the previously published data. The reason for
the high earlier values appears to be that they were dom-
inated by dislocati. on and grain boundary effects. At high
a(Oz) the lines on Fig. 16 correspond to
D*(Cr) cc a (Oz) ~', which is the dependence expected
from the reaction
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Cr203~ —,02+ 2Cr; +6e', (3.3)

2. Growth of thin Cr20q films

from which D*(Cr) ~a(Oz) ~' is expected.
Kofstad and Lillerud (1980) used the earlier data for

D*(Cr) to calculate kz from Wagner's theory and as-
sumed reaction (3.3) was dominant. The predicted values
fall within the range of the measured values, as shown in
Fig. 18. However, in light of the more recent diffusion
experiments, this agreement appears to be fortuitous. The
parabolic rate constant predicted from the recent dif-
fusion data is also shown in Fig. 18 and is approximately
5 orders of magnitude lower than the earlier predictions.
The most likely explanation is that those same fast-
diffusion paths (grain boundaries and dislocations) which
perturbed the earlier diffusion experiments are the dom-
inant transport paths in film growth. Indeed, the dif-
fusion profiles in single crystals observed by Atkinson and
Taylor (1985) show a large contribution from diffusion
along low-angle grain boundaries, but this in itself is not
able to account for the rate of growth of Cr203. Presum-
ably, by analogy with NiO, diffusion along high-angle
boundaries is faster.

FIG. 18. Parabolic rate constant for growth of Cr2O3 films as a
function of temperature. The parabolic rate constants have also
been estimated using Wagner's theory and two widely differing
sets of data for diffusion of Cr in the Cr2O3 lattice.

Hope and Ritchie (1976) and Young and Cohen
(1977a,1977b) have studied the growth of thin films on Cr
at temperatures in the range 225'C —600'C. The films
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were fine-grained polycrystalline Cr2O3. The experiments
show only logarithmic-type kinetics for temperatures
below -400'C and logarithmic followed by subsequent
parabolic kinetics at higher temperatures. This is similar
to the situation found for NiO growth, and the transition
temperature of 400'C, when interpreted according to the
Cabrera and Mott model, corresponds to 8'-2.3 eV.

Hope and Ritchie carried out electrical marker experi-
ments in the temperature range 225'C —425'C (i.e., span-
ning the transition temperature) and deduced that only Cr
was mobile in the oxide film. This is consistent with the
recent ' O2/' 02 sequential oxidation experiments of
Mitchell et al. (1983) in a thin film (47 nm) at 700 C.
Hope and Ritchie also studied the effect of an applied
field above and below the transition temperature. In both
regions the rate increased when the oxide/gas interface
was biased negatively, which is consistent with rate con-
trol by either ionic or electronic transport. (N.B. This is
different from the growth of NiO, which shows the oppo-
site field effect at temperatures below 350'C.) Therefore,
the growth of Cr203 is limited by the transport of Cr ions
over the entire temperature range.

Young and Cohen (1977a) have analyzed the growth ki-
netics in the logarithmic region in terms of the Cabrera
and Mott mechanism. The value of 8' from the kinetics
is 1.9 eV, which is fairly consistent with 8'deduced from
the transition temperature (2.3 eV). Furthermore, the
measured rates of growth are in reasonable quantitative
agreement (to within an order of magnitude) with those
predicted by Eq. (2.31). They also studied the effect of
a(02) on the growth rate (Young and Cohen, 1977b).
They found that increasing a(Oz) always increased the
growth rate, and that the dependence was approximately
a(02) ', which is consistent with the low sensitivity to
a(02) expected from the Cabrera and Mott theory. We
may therefore conclude that this theory explains growth
in the logarithmic region very well.

The rate constants from the parabolic region are plot-
ted in Fig. 18 for comparison with the high-temperature
data. Despite the large uncertainties it does not seem un-
reasonable to attribute a single process to the whole tem-
perature range. The activation energy of Young and
Cohen's parabolic rate constant is 1.6 eV, which is ap-
proximately consistent with 8' from the logarithmic re-
gime. Therefore, behavior over the entire temperature
range can be attributed to control by the trarisport of Cr
along Cr203 grain boundaries. The only problem with
this generalization is that Young and Cohen (1977b) ob-
served k& in the low-temperature region to decrease as
a(Qz) increased, a finding which cannot be explained in
terms of Wagner's theory. This anomalous behavior was
explained by Young and Cohen in terms of the nonuni-
form (nodular) morphology of the film in the low-
temperature parabolic region. They postulated that the
thin parts of the film are not contributing to total growth,
but are controlling the concentration of injected defects,
as in the logarithmic region. The low-temperature para-
bolic region (which extends to films as thin as 6 nm) is
therefore not a simple extension of the thick film

(Wagner) parabolic region. This contrasts with the
growth of NiO, for which the same parabolic growth ap-
pears to be occurring for all films thicker than 3 nm when
T is above the logarithmic-parabolic transition tempera-
ture.

E. Growth of Al&O& films

Since Al metal melts at 660 C, the growth of A1203 on
solid substrates at high temperatures can only be studied
using alloys of Al with more refractory metals. However,
it is in this context that the growth process is of great in-
terest, because AlzO3 is the most protective oxide against
high-temperature corrosion. At high temperatures
(~ 1000'C) the oxide that forms is a-A1203, which is iso-
structural with Cr203 and o.'-Fe203. At lower tempera-
tures the oxide film usually comprises some of the meta-
stable forms of A1203, particularly y-A1203.

The protection at high temperatures afforded by a-
A12O3 is obviously the result of this oxide having low con-
centrations and mobilities of ionic and electronic defects.
However, it is'for this same reason that the defect proper-
ties of the o.-A1203 are poorly understood, despite the
technological importance of the oxide not only as a pro-
tective film but also as an engineering ceramic. The
current understanding of defects and transport in a-A12O3
has been summarized by Kroger (1983). The concentra-
tions of intrinsic point defects are so low in this material
that it seems likely that all reported properties relating to
point defects and transport have been dominated by solute
ions, present either as unavoidable impurities or deliberate
dopants. According to Kroger, ionic defects are always
more numerous than electronic defects, but since the
latter have the higher mobility, the ionic contribution to
conductivity is not always dominant. Whether ionic or
electronic conductivity dominates is dependent in a com-
plicated manner on T, a(Q2), and doping. For example,
Yee and Kroger (1973) report an ion transport number of
approximate unity in a variety of single crystals at high
a(Oz) in the temperature range 1000'C—1400'C. They
also found t;,„«1 in polycrystalline material under simi-
lar conditions. However, the impurity-dominated nature
of this oxide makes it dangerous to extend such data to
the oxide of a growing film.

Sheasby and Jory (1978) have attempted to measure the
electriml properties of A12O3 growing at 1100'C on Pt al-
loyed with 22 wt. % Al. They found that the open-circuit
voltage was positive with respect to the alloy, as expected
in all mses from Sec. II.A. However, the open-circuit
voltage was found to decrease with oxidation time from
—1 V to -0.2 V over the first 300 h. From Eq. (2.8) the
open-circuit voltage should have been 2.12 V if the oxide
film were an ionic conductor. Thus the measured voltage
at long times indicates that t;,„-0.1, and the film is
therefore predominantly an electronic conductor. This is
consistent with the example of bulk polycrystalline ma-
terial cited earlier. It will now be evident that a detailed
applimtion of Wagner's theory to AlzO3 growth is fruit-
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less because of the uncertainties concerning the defect and
transport properties of the oxide in the film itself.
Nevertheless, we can make some rather crude estimates if
we assume, as seems reasonable, that electronic conduc-
tivity is dominant in the growing film and that the Debye
length is not as great as suggested by the electrical con-
ductivity (several mm at 1000'C, Fig. 3).

Hindam and Whittle (1983) have compiled values of
the "parabolic rate constant" for the growth of A1203 and
these are shown in Fig. 19. In common with the growth
of NiO and Cr203, the growth of A1203 is not strictly
parabolic, and the rate constants which are included are
those appropriate to relatively long exposure times. It is
surprising that, in view of the variability in the properties
of A12Q3, the scatter of experimental results is relatively
narrow. Also plotted in Fig. 19 are several determina-
tions of lattice diffusion in A1203. Data for Fe and Cr
have been included to support the only measurements of
Al self-diffusion by Paladino and Kingery (1962). They
used large-grained (130 pm) polycrystalline specimens,
and therefore there may have been some enhancement of
the apparent diffusion coefficient due to grain boundary
diffusion. All the diffusion coefficients are for anneals in
air [a(02) =0.21], except for Reed and Wuensch's (1980)
' 0 measurements. The oxygen activity was not defined
in these experiments, but was below 10 . Lloyd and
Bowen (1981) were the only investigators to vary the oxy-
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FICr. 19. Arrhenius plot comparing the parabolic rate constant
for the growth of A12O3 films and diffusion data in A1203. The
scale for the grain-boundary diffusion parameter of oxygen is
on the right and has been adjusted so that if 6=1 nm the grain-
boundary diffusion coefficient is given directly by the scale on
the left.

gen activity. They made measurements of D*(Fe) for
a(02) in the range 10 —0.21. They found a tendency for
D* to increase with a(Oz), which they interpreted in
terms of diffusion by vacancies in a defect structure con-
trolled by Si impurities. They proposed that the depen- .

dence on a(02) is the result of Si&~ changing to Si&~, i.e.,
Si + to Si +. %"hatever the validity of the interpretation,
the important point relevant to the growth of A12O3 films
is that cation diffusion in A12Q3 is probably a weak func-
tion of a(02), changing at the most by an order of magni-
tude over the range investigated. This is supported by the
electrical conductivity measurements (Kroger, 1983).

Returning to Fig. 19, we therefore conclude that
D*(A1) is always greater than D*(0) in the A1203 lattice
and that D*(A1) is too slow by at least 2 orders of magni-
tude to account for the lowest k~ measured at the highest
temperature (1400'C). It has generally been inferred from
studies of scale morphology and the behavior of impurity
markers that A1203 grows by the inward migration of ox-
ygen. Reddy et al. (1982) have reported two-stage
' Oz/' 02 tracer experiments for the growth of A1203 on
NiCrA1 alloys at 1100 C. Their results show that the ' Q
tracer passes through the ' 0 film with very little ex-
change. This not only confirms that inward oxygen
transport is dominant, but also that the diffusion paths
are short-circuit ones, such as fissures or grain
boundaries. Reddy (1979) also measured D'5 for ' 0 dif-
fusion in grain boundaries in polycrystalline A12Q3. The
results, which show wide scatter, are also summarized in

Fig. 19. The relative scales of D'6 and D* have been
chosen such that if 5= 1 nm (as is known to be the case in
NiO) the values of D' are read directly on the diffusion
coefficient scale. If we compare D'5l0) with D*(A1) we
would expect grain boundary transport of oxygen to be
equivalent to lattice transport of Al in a material with

grain size —1 pm at 1600 C. It is therefore not possible
to deduce from the existing tracer results in bulk speci-
mens, whether oxygen grain boundary transport would be
more effective for film growth than Al lattice transport.
Measurements of both Al and 0 tracer diffusion in the
same sample ~ould ideally be required to answer this
question. Similarly, Reddy's measured values of D'5l0)
are not large enough to account for the lowest values of
kz by approximately 2 orders of magnitude when al-

lowance is made for grain size. Nevertheless, grain boun-

dary diffusion of oxygen is the most likely transport pro-
cess controlling the growth of A12Q3 films at high tem-

peratures.
The growth of A12Q3 films at relatively low tempera-

tures has not been studied recently. The oxide film is
amorphous at temperatures below 400'C. Hunt and
Ritchie (1970) measured the electrical properties of such
films and concluded that electronic conductivity was
dominant (t;,„—10 ) and that the films grew by the out-
ward migration of Al interstitial ions (cf. O migration at
high temperatures). The growth rate increased when the
oxide/gas interface was biased negatively, again indicat-
ing transport by ions and electrons. The magnitude of the
effect of the applied electric field was consistent with that
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expected for growth according to the Cabrera and Mott
mechanism.

Sleppy (1961) studied the growth of Alz03 films on
molten Al at temperatures in the range 660 C—850'C.
He found logarithmic-type kinetics at temperatures below

700 C and mainly parabolic at higher temperatures. The
parabolic rate constants are plotted in Fig. 19 and are seen

to be compatible with those measured on alloys despite
the fact that the oxide growing on molten Al was deduced
to be g-A1203 rather than cx-A12O3.

IV. OXlDATION OF SILICON

The rate of growth of SiOz films (which are always
amorphous) is slow and they may be classed with those of
Cr203 and AlzO3 as being among the most protective
from the point of view of oxidation resistance. However,
the thermal expansion coefficient of amorphous SiO2 is
very low (0.45 X 10 K '), and the expansion mismatch
stresses which result from thermal cycling are usually suf-
ficient to cause the film to detach from most alloy sub-

strates. This has limited the usefulness of SiOz as a pro-
tective oxide on high-temperature alloys. Fortunately for
semiconductor technology, the thermal expansion coeffi-
cient of Si (3 X 10 K ') is much lower than that of
most metals (- 15&( 10 K '), and adherent dielectric
Si02 films may be grown on Si by thermal oxidation for
device fabrication. It is therefore for such applications
that the oxidation of Si to Si02 has received a great deal
of attention. This attention is currently intensifying, as
the technology demands thinner dielectric films of higher
"quality" for submicron-scale integrated circuits.

It is desirable to include in this paper a section on the
growth of SiO2 films not only because of their technologi-
cal importance just mentioned, but also because the
current view of the growth mechanism is significantly
different from those discussed so far. Recently, several
articles have appeared in which the growth process has
been discussed in considerable detail (Fair, 1981; Revesz
and Schaeffer, 1982; Mott, 1981,1982). In this paper we

will concentrate mainly on the processes by which reac-
tants are transported across the film and the inconsisten-
cies which exist in the current interpretation of the mech-
anism. The kinetic equation of Deal and Grove (1965) for
oxidation in oxygen will first be presented, and the para-
bolic component of the kinetics will be analyzed in terms
of diffusion processes within the oxide in order to com-

pare and contrast the behavior with that of other oxides
described in earlier sections. This will then be extended to
the growth of thin films and finally to oxidation in steam.

B(Oz) =D*(O), (4.2)

Oxidation of Si (1'l1)
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ports in the literature concerning the lowest value of X
for which this expression fits the experimental data. In
their original paper Deal and Grove reported that this
model gave a good fit to the observed oxidation kinetics
in oxygen only for X & 30 nm, and this was subsequently
verified in the detailed studies of Irene and co-workers
(Irene and Ghez, 1977; Irene and Van der Meulen, 1976).
However, in a recent study, Lie et al. (1982) claim that
the model is valid for X ~ 4 nm when due account is tak-
en of the initial transient conditions of the oxidation ex-

periment. This discrepancy apart, the model has found
widespread acceptance for describing the kinetics at tem-

peratures ~700'C. For thin films (X &&A) the growth
kinetics are approximately linear and the rate constant is

equal to B/A, i.e., dX/dt =B/A. For thick films

(X&~A) the kinetics tend to parabolic with a rate con-
stant equal to B, i.e., d(X )/dt =B. The constant A, and
hence the transition from thin to thick films, depends on
temperature (see Fig. 20). Deal and Grove found that, for
a(Oz) & I, both B and B/A are proportional to oxygen
pressure, i.e., A independent of a(Oz), and the activation
energies are 1.24 and 2.0 eV, respectively.

Since B is identical to the parabolic rate constant kz
defined earlier, it is tempting to apply %"agner's theory to
calculate B from tracer diffusion data using Eq. (2.5) and

assuming SiOz is an electronic conductor. Since
D*(O) ~~D*(Si) in amorphous SiOz [e.g., Schaeffer
(1980)], only oxygen transport need be considered and
D*(O) has been measured by Williams (1965) to be pro-
portional to a(Oz) (Fig. 21). Equation (2.5) may thus be

integrated (putting f= 1) to give

A. Growth of thick SiO~ films in 02

X'+AX=B(t+ro» (4.1)

where A and B are constants and to accounts for the ex-
istence of a film even at t =0. There are conflicting re-

The linear-parabolic equation used by Deal and Grove
to describe the kinetics of Si02 growth takes the form

10
6 8 9

.104' T (K-~)

I

10

FIG. 20. Arrhenius plot of the parameter A of the kinetic
model of Deal and Grove measured for the growth of Si02 on Si
in 02 or H20 at a pressure of 1 atm. The growth kinetics are
parabolic when the film is much thicker than A and linear when

much less than A. The data are from Deal (1978).
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D*(0) is proportional to a(02) invalidates the application
of %'agner's theory, because t'he only oxygen defect which
can readily account for this proportionality is an un-
charged interstitial O2 molecule. Since this may diffuse
without a coupled Aow of electrons, Wagner's theory is
not relevant and a simpler diffusion model may be used,
as done by Deal and Grove. [In principle, charged defects
such as 02 or Vs';" are possibilities, but to give a linear
dependence on a(02) would then require Sion to be a good
electronic conductor, which is unlikely. ]

In Deal and Grove's atomistic interpretation of their
kinetic model the parabolic rate constant is given by

B(02)=2D(02)S(02), (4.3)
-17

-5 -3 -2 -1 0
log&0( p(O2)(atm)lor logloI. p(H&O)(atrnjj

FIG. 21. Tracer self-diffusion coefficient for oxygen in bulk
samples of amorphous Si02 as a function of oxygen pressure
and in thermally grown Si02 films as a function of water vapor
pressure.

where D"(0) is measured at the oxygen activity of the
gas. Thus 8 is predicted to be proportional to a(02), as
observed, and the magnitude of B(02) (see Fig. 22) is ap-
proximately correct. However, the observation that

where D(02) is the diffusion coefficient of interstitial oxy-
gen molecules and S(02) is their concentration, or solubil-
ity (in mole fraction), at the oxide/gas interface. D(02) is
independent of a(02), whereas S(Oz) ~a(02). Equation
(4.3) is analogous to that derived in the point defect
description of thick film growth [e.g., Eq. (2.14)].

D(02) should not be confused with the tracer diffusion
coefficient D (0). Indeed, if these same interstitial 02
molecules are also the defects by which network oxygen
diffuses [as they would have to be to account for
D*(0)~ a(02)], then D*(0)=D(02)S(02) (Shaeffer, 1978),
neglecting correlation effects, and

B(Qp) =2D*(0) . (4.4)
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FIG. 22. Arrhenius plot of the parabolic rate constant mea-
sured by Deal {1978)for the growth of Si02 on Si in 02 and oth-
er parameters relevant to the transport of 0 in bulk amorphous
SiOq and SiOz films. All data are for an oxygen pressure of 1

atm. If oxygen transport takes place by interstitially dissolved
02 molecules which exchange freely with network oxygen, then
8 =2D(02)S(02) =2D*(O).

This differs by only a factor of 2 from Eq. (4.2), which re-
sulted from the invalid application of %'agner's theory.
D*(0) has also been measured by Muehlenbachs and
Schaeffer (1977), and their data are in reasonable agree-
ment with those of Williams. D*(0) and 8(Oz) are com-
pared in Fig. 22 and illustrate the approximate validity of
Eq. (4.4). Furthermore, values of D(02) and S(02) are
available from Norton's (1961) measurements of oxygen
permeation through bulk amorphous SiOz, and these are
also plotted in Fig. 22. When substituted into Eq. (4.3),
these data also predict B in reasonable agreement with the
measured values (see Fig. 22). Therefore, parabolic film
growth, tracer diffusion, and permeability all appear self-
consistent.

Unfortunately, the experiments of Rosencher et al.
(1979) are not in accord with the above correlations.
They grew SiO2 films first in oxygen of normal isotopic
abundance and then in oxygen enriched in ' O. They
found that 93% of the ' 0 incorporated in the film had
passed through that grown in the first stage, without ex-
changing with the ' 0 in the SiO2 network, and was in-
corporate'd at the Si/Si02 interface by the formation of
new oxide. Only -7% was located at the SiO/O2 inter-
face, and this could have been incorporated either by ex-
change or by the outward diffusion of Si. Had these ex-
periments been consistent with the tracer measurements
on bulk amorphous SiO2, all the ' O would have been in-
corporated by exchange at the outside of the film (see Fig.
8). By assuming that the small amount of ' 0 actually
observed to be incorporated near the SiO/O2 interface is
the result of diffusion-controlled exchange, Revesz and
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Schaeffer (1982) have estimated that D'(0) must be 3—4
orders of magnitude lower in the film than in the bulk
samples as shown in Fig. 22. There appear to be two pos-
sible explanations for this difference between the apparent
properties of thermally grown and bulk amorphous SiOz.
The first is that the two are sufficiently different in struc-
ture that gaseous and interstitial Oz do not exchange with
network oxygen in films, but do in bulk. There are
several reports in the literature of structural differences
between films and bulk SiOz. Gibson and Dong (1980),
using transmission electron microscopy, have observed
channel structures in films grown in oxygen. Taft (1978)
reports that the refractive index of SiOz grown in oxygen
is a function of temperature (for T &1100 C), is always
greater than that of bulk samples, and corresponds to the
film's having a higher density (by up to 3%) than the
bulk oxide. Irene, Dong, and Zeto (1980) have measured
the density of SiOz films to be in the range 2.26—2.45

g cm, depending on growth conditions (cf. 2.20 for bulk
amorphous Si02 and 2.65 for crystalline quartz). There is
thus convincing evidence for the existence of structural
differences, but no means of assessing whether these can
account for the behavior of ' 0 tracers. Irene (1982b) has
attempted to gain further information on the diffusive
properties of films by the interrupted growth, or Rosen-
berg (1960), technique, which should give D(02) for the
film. Unfortunately, D(02) was found to be so rapid as to
be unmeasurable by this technique, as expected from
Norton's early experiments on bulk specimens. [Irene
found some evidence for a lower than expected D(02) at
1000 C, but the effect is close to the limits of the experi-
mental technique. ] The second possible explanation of
the ' 0 experiments is that the rate of exchange between
interstitial Qz and network 0 is such that very little ex-

change could take place in the oxidation experiments,
whereas much more occurred in the longer times of the

diffusion experiments, with the structural differences hav-

ing negligible influence. Whatever the explanation, fur-
ther experiments will be required to resolve this problem.
As a further complication, Mott (1982) has pointed out
that to explain the dissolution of interstitial Oz in SiOz
the standard enthalpy change of the dissolution reaction
must be very small [since S(02) is independent of T, as

shown in Fig. 22] and the distance between sites that have

this low energy must be relatively large (-2.5 nm). Since
direct jumps over such a distance are unlikely, Mott pro-
posed that there are higher energy sites of closer spacing
that control diffusion but not solubility; Despite this add-

ed complexity, it may be shown that if Oz molecules in

the two sets of sites are in equilibrium then the correla-
tions referred to previously are still valid, but with D(Oz)
being an effective diffusion coefficient between the solu-

bility sites.
The mechanism which has been discussed above is

based on uncharged Oz interstitial molecules being re-

sponsible for transport through the film. However, Jor-
gensen (1962) found that the growth rate could be ac-
celerated or retarded by an applied electric potential and
that the reaction stopped when the oxide/gas interface

had a potential of 1.78 V with respect to the Si/Si02 in-
terface. This is difficult to reconcile with the above
mechanism. Mott (1982) has proposed that when (and
only when) electrons are available through the external
circuit, transport may take place by a charged defect, the
electronic conductivity of SiOz being too low for electrons
to form the charged defects at a significant rate under
open circuit conditions. However, electrochemical experi-
ments by Jorgensen (1967) and Mills and Kroger (1973)
indicate that t;,„-0.5 in both bulk and SiOz films. It is
clear that to reconcile this behavior with the molecular
transport model wi11 require further experiments; oxygen
tracer experiments under an applied electric field (and
short-circuit conditions) would be particularly informa-
tive.

B. Growth of thin Si02 films in 02

The growth of thin films can be divided into two re-
gions, depending on temperature. When T ~700 C, thin
film growth is dominated by the linear term of the Deal-
Grove equation (B/A) subject to the uncertainty referred
to earlier concerning its application for films less than
-30 nm in thickness. In Deal and Grove's model the
linear rate constant is given by

S(Op)
1 1

h) hz

(4.5)

where h ~ and hz are first-order rate constants for the in-
terfacial reactions. It is normally assumed that the reac-
tion at the Si/SiOz interface is the slowest one, but this is
not a necessary requirement of the model. Since S(02) is
proportional to a(02) and h) and h2 are independent of
a(02), B/A should be proportional to a(02), as originally
reported by Deal and Grove. However, Lie et al. (1982)
have extended the pressure range up to 20 atm and found
that although B is proportional to a(02), B/A is approxi-
mately proportional to a(02) ~ as shown in Fig. 23. This
observation supports the suggestions of Blanc (1978) and
Ghez and van der Meulen (1972) of a substantial contri-
bution from interstitial O atoms to the reaction at the
Si/SiOz interface [for which the linear rate constant
would then be predicted to be proportional to a(Qz)' ].
Blanc also concludes that when 0 atoms are included in
the model the modified kinetic equation fits the data of
Irene and co-workers down to thicknesses of 1 nm.
Furthermore, Irene (1982a) has shown evidence of curva-
ture in the Arrhenius plot for B/A which is consistent
with both 0 and Qz s bej.ng oxidIzcng species at the Si sur-
face. There is also some evidence that below about 800 C
further complications may arise which are related to the
inability of the film to deform by viscous flow at low
temperatures and a resulting buildup of compressive
stress (Irene, 1982e).

The mean activation energy for B/2 is high (2.0 eV)
and for temperatures below -700 C this interfacial reac-
tion rate becomes so low that the growth rate by this
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mechanism becomes negligible in reasonable times (e.g.,
only 4&(10 ' m in 24h at 600 C). In Fig. 24 the rate of
growth of thin Si02 films at 600 C and 400 C is plotted
as a function of film thickness using data from Goodman
and Breece (1970) and Fehlner (1972). As demonstrated

FIG. 23. Dependence of the parabolic rate constant (8}and the

linear rate constant (8/2) on oxygen pressure for the growth of
SiO2 on Si in 02 at temperatures in the range 800'C—1000'C.
The data have been normalized to their values at an oxygen

pressure of 1 atm (from Lie et a/. , 1982).

by Fehlner, it is not possible to say whether direct or in-

direct logarithmic rate equations best describe the growth
kinetics. Also shown in Fig. 24 are the linear and para-
bolic rates extrapolated from the data measured at higher
temperatures. It can be seen that the growth rate is al-

ways faster than the linear rate, but slower than the para-
bolic rate. This is in marked contrast to other oxidation
systems (e.g., Ni to NiO), where the low-temperature rate
is always greater than the extrapolated parabolic rate. It
can be concluded that even at 400'C the rate of diffusion
of 02 through the film is sufficiently rapid not to limit
the Si02 growth rate. In addition, the presence of dis-

solved O2 in the film means that electrons do not have to
tunnel all the way to the SiOz/02 interface in order to
form oxygen ions, as envisaged in the Cabrera and Mott
theory of thin-film growth. If this is the case, why are
Cabrera-and-Mott —type kinetics observed? The explana-
tion for this appears to reside in the low concentration of
dissolved 02 which is permitted in the film. If we assume

that the electronic levels in dissolved ionized oxygen are
the same as in adsorbed ionized surface oxygen then the
equalization of electron energies by tun@cling will be ap-

proximately as illustrated in Fig. 4 provided that the con-
centration of interstitial 02 is very low. The shift in lev-

els is usually —1 eV. Now, the density of occupied solu-

bility sites for dissolved O2 in equilibrium with O2 gas at
1 atm pressure is 5X10 m (Mott, 1981) and the spac-

ing between these sites (counting both occupied and unoc-

cupied) is -2.5 nm. For a dielectric film of thickness X
containing a uniform charge density p and on a metal

substrate, the voltage drop across the dielectric is given by

10- 0

3pX
CEO

(4.6)

Parabolic (600 C)

10'~ —Parabolic (400'C) 600 C

400~C 70)

x 10'4—

O
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FIG. 24. Cirowth rate- of SiO~ films as a function of thickness
on Si in O2 in the "logarithmic" regime (temperatures below
700'C at' a pressure of 1 atm). The broken curves are the para-
bolic and linear growth rates extrapolated from kinetic measure-
ments at temperatures above 700'C.

Thus for X=5 nm, &=10, and p=5&(10 e/I, Ay is
only 7 mV. The conclusion is that for thin films the
quantity of oxygen dissolved in the film is too low even

when ionized to enable the electronic levels to be equi-
librated and the space charge within the film remains

negligible, as required by the Cabrera and Mott theory.
As a result, the voltage is developed by charges in the Si
and at the interfaces of the film. In the spirit of the Ca-
brera and Mott theory the rate-determining step in thin
film growth should be the injection of a charged defect at
one of the interfaces. The defect in the oxide responsible
for film growth has therefore apparently changed from
being a neutral interstitial Oz molecule in thick films to a
charged defect in thin films grown at temperatures below
700 C. This is similar to the change which appears to
take place in a thick film when it is contacted by an exter-
nal electrode.

C. Growth of thick Si02 films in H&O

%'e shall now consider the oxidation of Si in water va-

por. Water vapor, when present as an impurity in oxygen,
has a substantial effect on the film-growth rate (Irene and
Ghez, 1977), but the discussion here will be limited to oxi-
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dation by water vapor in its own right. Returning to
thick films and the Deal-Grove equation, it is found that
in water vapor both the linear and parabolic rate con-
stants are proportional to p(HzO), even over a large pres-
sure range (Razouk et al. , 1981), and both are much
greater than for oxygen. While the parabolic rate con-
stant has a lower activation energy (0.71 eV) than for oxy-
gen, that of the linear rate constant is almost the same
(2.0 eV).

We can analyze the parabolic rate constant in the same
way as for oxidation in oxygen, since the observed linear
dependence on p(H20) indicates that dissolved interstitial
HzQ molecules are the diffusing species. Thus the equa-
tion analogous to Eq. (4.3) is

8(H20) =D(H20)S(HqO) (4.7)

(the factor 2 is missing, since one HqO molecule supplies
only one atom of oxygen to the silicon). We would expect
D(H20) to be independent of p(H20), and S(H20) to be
proportional to p(H20). However, the parameters
D(H2O) and S(HqO) have not been measured in bulk
amorphous Si02. This is because H20 molecules react
with network oxygen to form bound OH groups as typi-
fied by the reaction

OH
—Si—0—Si—+H20~ —Si Si—.

I I ' GH'~
(4.8)

D,pp(QH)S(GH) =2D(HpO)S(H20) . (4.9)

Therefore D,~~(OH) should also be proportional to
p(HzO)' . Moulson and Roberts assumed D,~~(OH) to
be independent of p(HqQ) in their analysis, but Doremus
subsequently showed that their penetration profiles of OH
were consistent with the expected p(H20)' dependence.
The D,zz(GH) quoted by Moulson and Roberts is there-
fore approximately that appropriate to p(H20) = 1 atm
and their data are shown in Fig. 25. The expression for
8(H20) in terms of the measured parameters is

8(H20) =0.5D,pp(OH)S(OH), (4.10)

and when Moulson and Roberts' data are substituted into
this equation good agreement is found with the measured
value of 8(H20) (see Fig. 25). Hence transport properties
measured for "water" in bulk amorphous Si02 are in ac-
cord with the rate of growth of Si02 films in water vapor,
and there is no evidence for a difference in behavior be-
tween the films and bulk specimens.

We shall now consider the behavior of tracers in dif-
fusion and oxidation involving water. Two-stage
' 02/H2' 0 oxidation experiments, similar to the ones

The apparent diffusion coefficient, D,~~(OH), and the
"solubility" S(OH) of the OH groups have been measured
by Moulson and Roberts (1961) by studying the reaction
between HzO vapor and amorphous SiOz. They found
that S(OH) is proportional to p(H20)'~ as expected from
Eq. (4.8). Doremus (1976) showed that the diffusion coef-
ficients and solubilities are related by

described earlier for pure oxygen, were carried out by
Rigo et al. (1981). In contrast to the earlier results in
pure 02, Rigo et a/. found that the ' 0 from H2' 0 ex-
changed with the network oxygen and was always located
close to the Si02/gas interface. The ' 0 penetration pro-
file they observed at 930 C and p(H20) =13 Torr corre-
sponded to a diffusion coefficient of 5&&10 ' cm s '. If
the oxygen in interstitial H2O and the Si02 network can
exchange freely, then we expect the tracer diffusion coef-
ficient to be given by (neglecting correlation effects)

D*(Q,H20) =0.5D(H20)S(HgO),

and, therefore, from Eq. (4.7),

8 (H20) =2D*(O,H20) .

(4.1 1)

(4.12)
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FIG. 25. Arrhenius plot-of the parabolic rate constant mea-
sured by Deal (1978) for the growth of Si02 on Si in H2O at a
pressure of 1 atm. Data for other parameters relevant to the
transport of oxygen in bulk amorphous SiOz and Si02 films in
the presence of water vapor are also shown. If oxygen transport
is by interstitially dissolved H2O molecules which exchange
oxygen freely with network oxygen, then B:Oo 5 D~pp (OH) S(OH):2D*(O~H2O) ~

Assuming a linear dependence on p(H20), the measure-
ment of D"(G,H20) by Rigo et al. has been corrected to
p(H20) =1 atm and is shown plotted in Fig. 25. The rela-
tionship with 8(H20) is in accord with Eq. (4.12). Rigo
et ah. deduced, however, that ai 600 C, the exchange be-

tween interstitia1 H20 and network 0 was sufficiently
sluggish to perturb the tracer penetration profiles.

Pfeffer and Ohring (1981) carried out similar studies
but introduced 0 tracer by ion implantation into the Si02
network rather than via the gas phase. They observed the
broadening of the ' O depth profile due to exchange and
diffusion when the film was subsequently annealed in at-
mospheres having different p(HqO). They verified that
D*(O,HzO) is proportional to p(H20), as expected from
Eq. (4.11), and as shown in Fig. 21. At p(H20)=1 atm
they determined D*(O,H2O) in the temperature range
260'C—800'C. When these data are extrapolated to the
temperature range in which 8(H20) has been measured
(see Fig. 25), they also are reasonably consistent with Eq.
(4.12). However, in contrast to the findings of Rigo

Rev. Mod. Phys. , Vol. 57, No. 2, April 1985



464 Atkinson: Oxide film growth

et al. , the results of Pfeffer and Ohring do not show evi-
dence of sluggish exchange between interstitial H2O and
network oxygen even at temperatures below 600'C.

Roberts and Roberts (1966) studied the reaction of
H2' O water vapor with bulk amorphous SiO2. They
found that the depth of ' O penetration was much smaller
than that of the incorporated OH groups, thereby indicat-
ing ready exchange between lattice oxygen and the oxygen
in interstitial H20 molecules. At the maximum tempera-
ture of their experiments (1100 C) they estimate that
D*(O,H20)-10 ' cm s ' at p(H2O)-1 atm. This is
also shown plotted in Fig. 25 and is reasonably consistent
with the other tracer measurements.

None of the tracer measurements described in this sec-
tion was in a system in chemical equilibrium. Therefore,
they can be regarded as only approximations to the true
tracer diffusion coefficient. Nevertheless, they are suffi-
cient for us to conclude that the behavior of tracers in
both bulk Si02 and in films is quantitatively consistent
with other bulk transport properties and the parabolic
rate constant for oxidation in H20. They confirm an
atomistic picture of H2O interstitial molecules diffusing
through Si02 and exchanging oxygen not only with bound
OH groups but also with network oxygen.

V. DUPLEX AND LATERAL FILM GROWTH

The film growth processes that we have considered
thus far have assumed the film to be uniform and com-
pact and to be growing at one of its external surfaces by
the solid-state diffusion of reactants across it. In this sec-
tion we will discuss two growth processes which deviate
from this ideal. They are found in the growth of films of-
the oxides which were discussed in Sec. III. However, the
occurrence of duplex and lateral film growth does not in-
validate the analysis of film growth which was applied to
these oxides in Sec. III, since they appear to be secondary
processes. They do not occur under all conditions and
they do not result in growth rates which are greatly dif-
ferent from those of growth by the conventional process.
Nevertheless, they have important consequences for the
microstructure of the film and its adherence to the metal
substrate. They are phenomena which have been observed
only in the thick film growth regime.

A. Growth of duplex films

(Q) Grain structure of a duplex film

Metal

, Outer columnar
layer

$ inner equiaxed
layer

(b) Dissociation mechanism for through-scale porosity

M++
Oxide

Metal

02 gas

Interfacial void

that the inner layer is not greatly porous and that many
reports of porosity may possibly be ascribed to the pluck-
ing out of oxide grains during metallographic preparation.
The general structure of a duplex film is shown in Fig.
26(a). The outer layer is columnar in structure, whereas
the inner layer is much finer grained and the grains are
equiaxed. The ratio of thickness of the two layers is, in
general, variable. However, in many cases the boundary
between the two layers is found to be coincident with the
original position of the unoxidized metal surface (e.g.,
Atkinson and Taylor, 1982).

The conditions that favor the growth of duplex films
are not particularly clear, but from their wide occurrence
some generalizations can be made. Duplex films occur
only in those oxides which are normally expected to grow
by the outward diffusion of metal ions. They are com-

A duplex film is a film that consists of two well-
defined layers parallel to the metal substrate. In the case
of films grown on alloys, or metals of low purity, the two
layers usually have different chemical composition. In
the case of pure metals the two layers, both of the same
crystalline phase, differ in their microstructure. In early
work on this subject the inner layer was reported to be
porous and it has been assumed thereafter that the inner
layer is always porous. However, recent investigations us-
ing transmission electron microscopy [e.g. , Moseley et al.
(1982) and Rowlands and Manning (1983)] have shown

02 gas

i~//
FIT+. 26. (a) Schematic diagram showing the typical grain
structure of a duplex oxide film. (b) The mechanism suggested
by Mrowec (1967) for the formation of channels traversing the
oxide film. Dissociation of the oxide is postulated to occur at
oxide grain boundaries in regions of the film where the
metal/oxide interface is separated.
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monly found when the metal is impure or deliberately al-
loyed. For example, Atkinson and Taylor (1982) found
t'hat the addition of only 0.1% by weight of Si to Fe was
sufficient to cause the Fe304 film to grow in a duplex
structure at 500'C. The occurrence of the duplex struc-
ture is also dependent on the structure of the substrate.
For example, Atkinson et al. (1979) observed that at
1000 C a single-layer film grew on I 100I orientation Ni
single crystals, whereas a duplex film grew on polycrystal-
line Ni under the same conditions. Temperature is also a
key variable, but its effect on whether a duplex film is
formed is not clear. This is probably bemuse there are
two processes which can initiate duplex film growth,
which will be described subsequently.

There have now been many investigations of duplex
growth in a variety of oxides using the sequential ' 0/' 0
oxidation technique to study the transport properties.
These have been carried out for CoO (Sheasby and
Brown, 1978), NiQ (Atkinson et al. , 1979), Fe30q (Atkin-
son and Taylor, 1982; Gleave et al. , 1982a, 1982b), and
Fe304/FeCr204 (Taylor et al. , 1980; Pritchard et al. ,
1980). Although differing in detail, all these investiga-
tions show the same general behavior. The final distribu-
tion of ' 0 is consistent with the outer layer of the film's

growing by the outward diffusion of metal ions while the
inner layer grows by the inward short-circuit transport of
oxygen. How is the oxygen transported inwards through
the oxide? This could conceivably be by grain boundary
diffusion, but this can be discounted for two reasons. The
first is that the single-layered films also contain grain
boundaries, but they show no inward penetration of oxy-
gen during film growth. The second is that recent tracer
measurements of diffusion of 0 along NiO grain
boundaries (Fig. 12) show that it is too slow to account
for inner-layer growth on Ni. All available evidence

points to the direct penetration of the film by gas mole-

cules when duplex films are growing. For example,
Pritchard et al. (1975) found ' C in the inner layer of du-

plex Fe304 films when a second oxidati6n stage was car-
ried out in ' C02. However, the pathways along which
the oxygen molecules are transported across the two
layers are difficult to identify. Voids are always observed
in oxide films, but it is difficult to establish their con-
tinuity. Hussey and Graham (1981) have studied the con-
tinuity of voids in Fe304 duplex films by serial polishing,
and they concluded that none of the voids was part of a
pore traversing the outer layer. However, the inner layer
was thin in their experiments and ' 0 tracers (Atkinson
and Taylor, 1982) indicate that the inner layer in this case
does not grow by inward diffusion of gas. Gleave et ah.
(1982) have observed pores by scanning electron micros-
copy of Fe304 outer layers grown in C02, which are prob-
ably continuous across the layer.

On the basis of these experimental findings we will now
consider the probable mechanisms of duplex film growth.
It would appear that there are three distinct varieties of
duplex structure and growth. The first kind are the rela-
tively thin inner layers ( & 20% total film thickness)
which sometimes form on pure metals, such as the one

just described in the case of Fe304. These do not grow by
inward gas diffusion and in this respect are different from
the other duplex films. The second kind are duplex struc-
tures formed in fast-growing oxides (e.g., FeQ or some
other oxides at very high temperature). In these cases a
large fraction of the metal core is consumed and the ori-
gin of the duplex structure is almost certainly due to the
problems of maintaining contact with the shrinking core,
especially at specimen corners. The third kind are in
slow-growing oxides (NiO, Fe30&) on plane specimens
where maintaining contact is not a problem and where the
origin of the effect is "local."

In all cases, the dissociation processes considered by
Mrowec and co-workers probably have some role to play,
and therefore these will be briefly described. The mecha-
nism was originally postulated to explain the formation of
a duplex structure during the sulfidation of Fe. The basic
idea is that if for some reason contact is lost between the
metal and the film at their interface, the oxide above the
detached area still has a gradient of chemical potential
across it and (for the oxides which show duplex growth)
metal ions will continue to migrate outwards. Since the
metal cannot supply metal ions to the base of the film, the
metal chemical potential there falls and a(0&) rises. Thus
the oxide dissociates, sending metal ions outwards
through the film and oxygen as gas into the void space,
and the oxygen is available for further oxidation of the
metal substrate. Unfortunately, the tracer experiments of
Briickman and Romanski (1965) showed that, as in the
later studies of oxides, the inner layers of FeS grew by the
direct penetration of S2 molecules. The simple dissocia-
tion mechanism was then modified by Mrowec (1967) to
become a mechanism by which pores could be created
traversing the oxide film and allowing the inward trans-
port of gas. Mrowec proposed that rapid diffusion along
oxide grain boundaries results in preferential dissociation
along the boundaries and extending up to the oxide/gas
interface, as illustrated in Fig. 26(b). In support of this,
Raynaud, Clark, and Rapp (1984) have recently observed
pores develop in situ in Cu20 films on the outer surface
of the oxide, using a scanning electron microscope with
an environmental hot stage. If this really is the mecha-
nism for creating gaseous diffusion paths, then the critical
process which initiates duplex growth is detachment at
the metal/oxide interface. For the fast-growing oxides
this is probably a mechanical detachment due to lack of
plasticity in the oxide. In the case of the slow-growing
oxides on plane surfaces this cannot be the reason and it is
more likely that detachment occurs by the nucleation of
an interfacial void from point defect (vacancy) accumula-
tion at the interface. This goes some way to accounting
for the sensitivity of the phenomenon to impurities
(which, when insoluble in the oxide, will accumulate at
the interface) and metal crystallography and the fact that
films thinner than —1 pm do not normally show inward
penetration of gas (Atkinson and Taylor, 1982).

Once a pore traversing the film has been created, the
next question is "Is it stable or does it heal up?" It is pos-
sible to show that, by adjusting its cross-sectional area as
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a function of position through the film, a pore can be
stable with respect to sideways closure (Gibbs, 1973).
However, we would always expect it to heal from the bot-
tom upwards by the growth of new oxide as illustrated in
Fig. 26. This would also partially explain why new
inner-layer growth is not confined to the metal/inner-
layer interface, but is usually distributed through the
inner layer. Therefore, the pores must have a transient
existence —old pores seal off and new ones are opened.
Furthermore, the volume of oxide in the inner layer ac-
cording to this mechanism is approximately equal to the
integrated volume of the interfacial porosity, which, in
turn, cannot exceed the volume of metal which has dif-
fused outwards. Thus this mechanism provides an au-
tomatic coupling of the inner-layer growth rate to dif-
fusion of metal ions across the total thickness of the film.

In summary, it appears that in nearly all cases of well-

developed duplex films the inner layer grows by inward
gaseous transport along fissures probably created by dis-
sociation at oxide grain boundaries and initiated by loss of
contact at the metal/oxide interface.

While this mechanism of duplex film growth is mainly
qualitative and speculative, it does account for most of
the experimental observations and is the best one current-
ly available.

(0) Convoluted oxide film

lo
Meta I

Compressive stress due
to latera l growth

Q gas

Detachment and
buckling

M vapor

(b) Possible growth mechanism

B. Lateral film growth

When both metal and oxygen species are mobile in the
film (by solid-state diffusion), it is generally not necessary
that each species migrates to the opposite boundary of the
film for it to enlarge the film with a new unit of oxide.
There exists the possibility that new oxide unit cells can
be grown inside the film, at sites such as dislocations or
grain boundaries, from the counterAow of species. If this
internal growth takes place on planes parallel to the film
boundaries, it will be indistinguishable from normal
growth at the boundaries themselves. However, if the
internal growth is on planes with a component perpendic-
ular to the film boundaries, then the film will grow
laterally with observable consequences. There are two
types of observation from which the occurrence of lateral
growth is generally inferred.

The first is the development of a compressive stress in
the oxide which may cause elongation (creep) of the metal
substrate. This effect has been reported to occur in the
growth of NiO on Ni (Rhines and Wolf, 1970; Ueno,
1975) and in the growth of Crz03 on stainless steels
(Harris, 1978). In these cases the actual quantity of
lateral growth is small. The second observation is the
development of highly convoluted films detached from
the metal substrate, as illustrated in Fig. 27(a). This has
been reported by many workers for the growth of Crz03
and Alz03 films under some conditions [see, for example,
summaries by Lillerud and. Kofstad (1983); Hindam and
Whittle (1983); and Wood and Stott (1983)]. In some in-
stances the convoluted morphology represents a very large
amount of lateral growth. Referring to Fig. 27(a), we see

In-f i llin g and secondary
lateral growth at fissures

FIG. 27. (a) Schematic diagram of a highly convoluted oxide
film which is sometimes observed in the growth of Cr203 and
A.1203. (b) A possible mechanism for the growth of convoluted
films. In regions where the metal/oxide interface is separated
the film buckles under the influence of compressive stress gen-
erated by lateral growth within the film.

that the volume of lateral oxide is (l —/o)X and that the
volume of "normal" oxide is I~. Therefore, the ratio of
lateral growth to "normal" growth is (l/lo) —1. For a
convoluted film this may be as large as a factor of 4.

Rhines and Wolf (1970) suggested that growth of NiO
takes place by the reaction of Ni diffusing outward
through the lattice with 0 diffusing inward along grain
boundaries. Although this subsequently has been shown
not to be the major process in NiO growth (for which Ni
grain boundary diffusion is dominant at temperatures
below 1100 C, Sec. II.B, and Ni lattice diffusion at higher
temperatures), a similar process could be responsible for
the small amounts of lateral growth in NiO, and the
mechanism is often quoted to explain lateral growth in
Cr203 and A1203. However, it is not necessary to postu-
late that the reactants foHow different reaction paths in
order to have growth within the film. New oxide may be
formed internally under certain circumstances from the
usual counter diffusion of point defects.
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Atkinson (1982) has used the point defect description
of thick-film growth (following Kroger) to examine under
what conditions the point defect fiuxes will react to give
new oxide within the film. The basis of the mechanism is
that the condition of local chemical equilibrium is in gen-
eral not compatible with the indiuidual particle currents'
being constant (although the equivalent sum is constant).
The resulting divergence in the particle currents corre-
sponds to the formation of new oxide within the film by
defect reactions such as the Schottky reaction

(MO)~ V~+ Vo+(MO), (5.1)

in which a new pair of oxide sites is created (growth).
However, if the reaction is in the reverse sense, then va-
cancies are annihilated and the oxide lattice is consumed
internally so that the film shrinks, or voids are produced.
Reactions such as (5.1) can occur in an oxide film either
at dislocations or grain boundaries, or by the nucleation
of dislocation &oops. Whenever these have a component
perpendicular to the surface, lateral growth (or shrinkage)
will be the result. For cases in which one species is dom-
inant (e.g., the Ni vacancy in NiO) the transport equations
can be solved to predict whether internal growth or con-
sumption of oxide will occur (Table I). The predictions
depend on the nature of the majority and minority defects
and, since point defects are also believed to exist in grain
boundaries and dislocations, should also be valid when
transport is mainly along such short-circuit paths. Table
I predicts that lateral growth will occur only if both de-
fects are interstitials or if one is an uncharged interstitial
and the other is a charged vacancy. Thus for NiO in
which Ni vacancies are charged, lateral growth would im-
ply oxygen diffusion by an uncharged interstitial 0 atom.
It is not unreasonable that this may be the defect respon-
sible for O diffusion in NiO grain boundaries and, at
1000'C, would lead us to expect a lateral growth of
-0.1% (referring to Fig. 12) and be sufficient to explain
the compressive stress inferred from experiments.

In the case of Cr203 there may well be both Cr vacan-
cies and interstitials as majority defects depending on
a(Oq) (see Sec. III.D). This means there may be a change-
over from vacancies to interstitials as the metal/oxide in-
terface is approached, and the analysis would consequent-
ly be more difficult. However, inspection of Table I
shows that the presence of cation interstitials makes inter-
nal growth very likely. The amount of internal growth, as

in the case of NiO, cannot exceed that permitted by in-
ward oxygen diffusion. Mitchell et al. (1983) estimate
from ' 0 tracer measurements at 700'C that there is
detectable oxygen diffusion in CrzO3 films, but it is
slower than Cr diffusion by "orders of magnitude. "
Indeed, their films did not grow in a convoluted
geometry.

It would therefore appear that internal lateral scale
growth by normal solid-state diffusion and point defect
reactions is a possible explanation for compressive stresses
which develop in growing films of NiO, CrzO3, and A1203
on plane substrates. However, what little evidence is
available in Cr2O3 suggests that this is not the mechanism
for the large amount of lateral growth in the highly con-
voluted films of Cr203 and A1203 which sometimes form,
because the current of minority species is too small. It
would therefore appear that highly convoluted film
growth is a secondary process which follows an initial
separation of the film from the substrate either by point-
defect aggregation at the metal/oxide interface, or as a
response to stresses induced by a small amount of lateral
growth. For metals having a low vapor pressure, dissoci-
ation and duplex film growth follow as described in the
preceding section. For metals such as Al and Cr which
have a high vapor pressure, dissociation will not occur
(because metal is supplied to the film as a vapor), and the
unsupported film can grow in a nonplanar manner, as il-
lustrated speculatively in Fig. 26(b).

Vl. SUMMARY AND' CONCLUSIONS

We have surveyed the current status of theory for the
growth of both thick and thin oxide films and how well
they can account for the measured rates of growth of a
variety of examples in terms of what is known about the
transport properties of the oxides. There are inevitably
many topics that have not been considered here, such as
the growth of solid-solution (doped) films and the com-
plex interplay of diffusion and thermodynamics which
controls film growth on alloys. Nevertheless, the topics
that have been covered should serve as a good representa-
tion of the variety of processes that can participate in film
growth and our current appreciation of them.

The theories of Wagner for thick films and Cabrera
and Mott for thin films have been used as a basis for in-
terpreting experimental observations. The Wagner theory

TABLE I. Conditions for internal growth according to the type of defect pair. +, oxide formation.
—,oxide consumption. 0, neither formation nor consumption.

Minority defect

charged vacancy Vp

uncharged vacancy Vp

charged interstitial 0
uncharged interstitial 0";

Charged
vacancy

V"

0
+

Majority
Uncharged

vacancy
V"

defect
Charged

interstitial
M;"

Uncharged
interstitial

I;
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is readily compared with experiment, and the agreement
is good for fast-growing oxides and at relatively high tern-
peratures, e.g., for CoO. At intermediate temperatures
the growth rate predicted from lattice diffusion and the
Wagner theory is usually several orders of magnitude
slower than is actually observed (e.g., NiO, Fe304 CIQO3,
and Alq03). In the case of NiO the diffusion of Ni along
NiO grain boundaries has been shown to be responsible
for the faster growth rate. When the Wagner theory is
modified to include grain boundary diffusion, it can ex-
plain the growth of NiO films for all temperatures above
300 C and for all films thicker than 30 nm. By inference,
similar behavior is expected in Fe3O4 CrzO3 and Alz03
(and all crystalline oxides at sufficiently low temperature),
but the diffusion data required to test out this hypothesis
are not available. The point defects responsible for lattice
diffusion are reasonably well understood for CoO, NiO,
and Fe3O4, and significant improvements are being made
in understanding point defects in Cr203. Films of all
these oxides grow by outward metal diffusion. Point de-
fects in AlzO3 stubbornly resist understanding because of
the sensitivity of the defect properties to trace impurities.
However, all available evidence points to the inward dif-
fusion of oxygen along Alz03 grain boundaries as being
the dominant transport process in Alz03 growth. Given
the overall importance of boundary diffusion, a signifi-
cant gap in current understanding is lack of a theory to
predict the grain size in a growing film.

Thin film growth is not so well understood as thick
film growth, and the Cabrera and Mott theory contains
parameters that cannot be determined in independent
measurements. Although the Cabrera and Mott theory
qualitatively explains many observations, there are also
many anomalies. For example, in the growth of thin
films of NiO, the effect of an applied electric field is not
consistent with the theory. Also, the growth of thin
Alz03 films appears to be controlled by the outward dif-
fusion of Al, in contrast to the inward diffusion of 0
which controls thick film growth. Cr203 is the only oxide
for which a single transport process (outward diffusion of
Cr along Cr203 grain boundaries) is capable of satisfac-
torily explaining both thick and thin film growth (al-
though a similar situation may also exist for NiO). Thin
film growth has been a neglected area in recent years and
is probably worthy of more effort.

The growth of SiOz films is significantly different from
the other examples, because they are amorphous (and
therefore grain boundary diffusion is not possible), and
because the reaction at the Si/SiQz interface is relative1y
slow. The kinetics are satisfactorily described by a reac-
tion model (Deal and Grove, 1965) involving diffusion
transport and interfacial reaction, except for relatively
thin films ( & 30 nm) grown in Oz. The available data for
the parabolic growth of SiOz films in Qz and HzO, tracer
diffusion of O, solubility of Oz and OH, and their dif-
fusion coefficients can all be reconciled, except for the
tracer diffusion of O in SiO2 films grown in Oz. (Further
experiments of 0 tracer diffusion in bulk SiOz and SiOz
films will be necessary to resolve this discrepancy. ) Most

of the experimental observations can be successfully
correlated by assuming that the diffusing species are elec-
trically neutral interstitial Oz and HzO molecules. How-
ever, some observations which indicate charged species
cannot be reconciled with this picture at present. The in-
terfacial component of the overall reaction is not well un-
derstood. Very thin ( & 5 nm) Si02 films appear to grow
by the Cabrera and Mott mechanism. Since this requires
a charged species, it is not clear how this relates to the
growth of thicker films by neutral species.

Finally, our understanding of more intricate film-
growth mechanisms, such as duplex and lateral film
growth, is at a very rudimentary level. It has been estab-
lished that duplex film growth is a secondary process in
films which normally grow by outward metal diffusion.
The inner layer of the duplex structure almost always
grows by inward penetration of gaseous oxygen, or
oxygen-bearing species. However, the conditions for du-
plex growth have never been well defined in a single sys-
tern, and the most probable mechanism by which the
gaseous diffusion paths are created remains speculative.
Small quantities of lateral growth can be understood in
terms of an extension of the theory of thick film growth
to include internal growth from metal and oxygen coun-
tercurrents. The theory predicts that only certain com-
binations of point defects are capab1e of producing lateral
growth. However, knowledge of point defects, particular-
ly in grain boundaries, is not sufficiently well developed
to test the theory. Although this probably accounts for
the generation of compressive stresses in growing films, it
seems unlikely that it can account for the large quantities
of lateral growth that occur in the formation of highly
convoluted films.

It is clear that even for the growth of simple oxide
films on simple metal (or semiconductor) substrates there
is much that remains to be understood.
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