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Effect of short-range order on lattice distortion, stacking fault energy, and mechanical
performance of Co-Fe-Ni-Ti high-entropy alloy at finite temperature
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The characterization of short-range order (SRO) and its influence on performance are a widely debated topics
in high-entropy alloys (HEAs). In this work, taking the Co-Fe-Ni-Ti alloy without complicated magnetism as
a benchmark of 3d HEAs, we investigate the effect of SRO on local lattice distortion (LLD), general stacking
fault energy (GSFE), tensile and shear strength of FCC Co30Fe16.66Ni36.67Ti16.67 via the combination of Monte
Carlo (MC) and molecular dynamics (MD). This alloy shows the typical SRO of Ti-X (X= Fe, Co) atomic pairs,
while the segregation of Ti-Ti atomic pairs. The SRO has a minor inhibition on LLD. Considering the thermal
vibration induced atomic displacement, the degree of LLD increases nonlinearly with increasing temperature.
Both the severe LLD and SRO are helpful to tune the GSFE at finite temperature. The SRO enhances the degree
of deformation twinning and delays the appearance of the HCP phase but increases the number of HCP-type
atoms as the energy buffers. For the polycrystalline systems, SRO promotes the precipitation of BCC phase at
grain boundaries and the number of HCP-type atoms in the grain and activates the deformation of slip surfaces.
Therefore SRO could play a key role for the outstanding strength and plasticity of Co-Fe-Ni-Ti HEAs.
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I. INTRODUCTION

In 2004, Yeh and Cantor et al. proposed an innovative
alloying concept, delineating the emergence of a distinct alloy
class characterized by the inclusion of five or more nearly
equiatomic concentrations of metallic elements [1,2]. This
concept laid the foundation for what is now recognized as
high-entropy alloys (HEAs), also known as multiprincipal or
multicomponent alloys [3–5]. Both the challenging scientific
questions and extraordinary properties in HEAs highly at-
tract the increasing prominence in the scientific and industrial
communities. It is still difficult to characterize accurately the
temperature dependent short-range order (SRO), local lattice
distortion (LLD), and stacking fault energy (SFE) for face
center cubic (FCC) HEAs. It could be due to the thermody-
namic and kinetic properties on the FCC HEAs composed of
3d or 4d magnetic elements strongly influenced by magnetic
ordering, excitation, and transition as well as spin coupling
with other degrees of freedom.

Initially, researchers held the belief that the atomic dis-
tribution in HEAs was random. The ideal chemical disorder
induced high configuration entropy keeps HEAs in the forma-
tion of a single-phase solid solution. The recent experimental
and theoretical findings have provided the evidence of the
SRO presence in FCC HEAs [6–9], whereas, Yin et al’s
results suggest that SRO in CoCrNi is either negligible or has
no systematic measurable effect on strength [10]. The distri-
bution of five constituent elements in CoCrFeMnNi HEA is
relatively random and uniform, while CoCrFeNiPd shows the
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great aggregation, with a wavelength of incipient concentra-
tion waves, as small as 1–3 nanometer [11]. Ones argue if the
intrinsic stacking fault energy (ISFE) is positive or negative
[12,13], and how SRO and temperature influence the ISFE
[14,15] for FCC HEAs. In addition, the LLD degree in FCC
HEAs is considered to be less severe, whereas LLD depends
on the neighboring atomic environment [16–19], further could
be changed by SRO [20]. How to describe quantitatively the
SRO induced LLD and general stacking fault energy (GSFE)
at finite temperature is still lacking [15].

The atomic size difference and electronegativity between
metallic elements could lead to the elemental segregation and
atomic clustering. Considering that FCC HEAs composed of
early and last 3d transition elements exist relatively strong
affinity, we take the FCC Co-Fe-Ni-Ti HEA as a benchmark
model to study the influences of SRO. The Co-Fe-Ni-Ti alloy,
different from FCC HEAs containing Cr and Mn [21,22],
has no the complicated magnetic properties and magneto-
acoustic coupling, and further could not result in the less
accuracy of computations at atomistic simulations. Further-
more, the validation of model interatomic potentials (Zhou’s
potentials [23]) on the quaternary CoFeNiTi HEA has been
verified [24,24–27]. Based on Zhou’s potentials, the molecu-
lar dynamics (MD) simulation of shear deformation for FCC
Co30Fe16.66Ni36.67Ti16.67 is in good agreement with the experi-
mental yield strength for an analogous FCC concentrated solid
solution alloy [24]. The predicted SRO was used to quantify
and validate the extension of high-concentration solid solution
analytic models for FCC and body center cubic (BCC) Co-Fe-
Ni-Ti HEAs [25,28].

The extensive research has been conducted on equimolar
HEAs composed of early and last 3d metallic elements,
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such as CoCrFeMnNi [2], CoCrFeNi [29,30], CoCrNi [8,31],
CoFeNiV [32], and CoNiV [33,34], for instance, Li et al .
proposed that the different phases containing FCC and
BCC play distinct roles in enhancing both the strength and
plasticity of materials simultaneously [35]. The presence
of SRO in CoCrNi could elevate the activation potential
that modulates dislocation activity, thereby influence the
selection of dislocation paths during the slip, fracture, and
twinning processes [28]. A more recent study by Chen et al .
further put forward the proposition that SRO can effectively
enhance both the plasticity and strength of CoCuFeNiPd HEA
[36]. These findings open up new avenues for investigating
the potential benefits of SRO in improving the mechanical
performance of HEAs.

In this regard of the effect of SRO on mechanical be-
havior, Antillon et al . investigated the SRO strengthening in
FCC and BCC quaternary Co-Fe-Ni-Ti HEAs, respectively
[25,28]. They evaluated the effect of solid-solution strength-
ening by calculating the energy topology of dislocations
moving through the complex atomic environment. Research
results show that the interplay between misfit components and
chemical SRO has an effect on the overall critical resolved
shear stress for FCC Co30Fe16.66Ni36.67Ti16.67 [28]. The role of
SRO on critical yield stress is quantified and compared with
the current solid-solution models for FCC and BCC CoFeN-
iTi [25,28]. Whereas the understanding of SRO effects on
other mechanical properties, such as the intrinsic deformation
mechanism involved in single crystalline and polycrystalline
Co30Fe16.66Ni36.67Ti16.67 HEAs, is still limited. So, the further
research is warranted to elucidate the role of SRO in the
physical properties for Co30Fe16.66Ni36.67Ti16.67, specifically
the temperature dependent SRO parameter, the degree of serve
LLD, GSFE, and connecting to the mechanical properties,
such as tensile and shear deformation mechanism.

Due to the atomic-level nature of SRO, its experimental
observation may present challenges. Herein the atomisitic
simulations have emerged as a powerful approach to in-
vestigating SRO. Based on the searching mechanism from
Monte-Carlo (MC) method, ones often combine the classical
molecular dynamics (MD), density functional theory (DFT),
cluster expansion (CE), or Landau-type theory method to
predict the SRO [7,15,20,37–40] in HEAs. For instance, Jian
et al . employed the hybrid MC/MD simulated method to ex-
plore the effects of lattice distortion and SRO on the formation
and evolution of dislocation in CoCrNi [13,20,41]. With the
similar method, the mechanism of phase transformation from
FCC to BCC was studied for Co-Fe-Ni-Ti HEAs [25,26]. Zhu
et al. used the hybrid MC/DFT method to calculate the effect
of SRO on GSFE for equiatomic FCC CoCrNi, CoNiV and
CoCrFeMnNi. They explored the physical origin of differ-
ent deformation mechanisms of three alloys [15]. By using
the combination of CE and MC methods, the Mn-Ni SRO
significantly increases the temperature of order-disorder trans-
formation in the vicinity of L10-MnNi and to the equiatomic
region of FCC Cr-Fe-Mn-Ni HEAs [7]. In additions, the
Korringa-Kohn-Rostoker (KKR) Green’s-function electronic-
structure method in combination with the inhomogeneous
coherent-potential approximation (CPA) was also used to to
predict all pair correlations and interpret the Warren-Cowley
SRO parameter [42]. Based on the available order structures

(for instance, L11 and L12) in FCC lattice matrix, the ab init io
calculated Gibbs free energy could help to predict the SRO in
FCC 3d HEAs [43].

In this work, based on the hybrid MC/MD, we discuss
the SRO role in FCC Co30Fe16.66Ni36.67Ti16.67 HEA by us-
ing the pariwise multicomponent order parameter. We adopt
the atomic displacement apart from ideal lattice sites, atomic
pair difference, and Voronoi tessellation to comprehensively
discuss the SRO and temperature dependent lattice distortion,
due to the less severe LLD in FCC HEAs. The GSFE as a
function of temperature shows an interesting increase. Fur-
ther we in detail investigate the influence of SRO on tensile
and shear strength of single crystalline and polycrystalline
Co-Fe-Ni-Ti HEA.

The rest of the paper is organized as follows. In Sec. II, we
present the theoretical tool and give the important details of
simulation. The results are presented and discussed in Sec. III,
including SRO and its effect on LLD, GSFE, and tensile and
shear mechanical behaviors. The paper ends with conclusions.

II. MODELING AND METHODS

In the present work, all simulations were carried out by
using the Large scale molecular dynamics parallel simulator
(LAMMPS) [28]. The accuracy of MD simulations depends
heavily on the interatomic potentials between metallic ele-
ments. We used the embedded atom method (EAM) potentials
developed by Zhou et al . [23], which have been validated by
researchers and applied in the related studies on the FCC and
BCC Co-Fe-Ni-Ti alloys [20,26,28,41]. The structural model
was visualized in the open source visualization software
(OVITO). The crystal structure extraction and dislocation
analysis were achieved by the common neighbor analysis
(CNA) and dislocation analysis (DXA) functions [44].

To investigate the structural properties of FCC
Co30Fe16.66Ni36.67Ti16.67 HEA with the chemical disorder,
we utilized the ATOMSK software [45] to establish an FCC
supercell containing 72 000 atoms (20 × 30 × 20) as the
initial configuration. This supercell was oriented along the X ,
Y , and Z axes, corresponding to the 〈112̄〉, 〈111〉, and 〈1̄10〉
crystalline directions, respectively. The random distribution
of metallic elements was achieved using the similar atomic
environment (SAE) method [16,46]. The periodic boundary
condition was applied along all three coordinate axes. We
determined the lattice constant a0 by calculating the total
energy while keeping the lattice parameter fixed within the
FCC crystal structure, varying it from 3.4 to 3.8 Å for our
initial configuration. The curve with the lowest total energy is
shown in Fig. S1 (see Ref. [47]). The lattice constant is found
to be a0 = 3.630 Å at 0 K. We estimated the lattice constants
for temperatures in the range of 300–1100 K by allowing the
structure to relax within the NPT ensemble (constant number
of atoms, constant pressure, and constant temperature).

The chemical SRO structure was predicted using the hybrid
Monte Carlo/Molecular Dynamics (MC/MD) method. Ini-
tially, the configuration is relaxed for 1000 picoseconds (ps)
within the NPT ensemble, enabling the atoms to achieve full
mobility. This relaxation process ensures a more reasonable
distribution of atomic positions and brings the configuration to
the desired annealing temperature. Subsequently, the random
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TABLE I. Elastic constants Ci j (in unit of GPa) and Debye tem-
perature �D (in unit of K) of SRO and RSS structures for FCC
Co-Fe-Ni-Ti HEA at different temperatures.

Parameter Model 300 K 500 K 700 K 900 K 1100 K

C11 RSS 143.90 136.86 129.75 124.61 117.84
SRO 150.88 140.47 133.66 126.04 120.82

C12 RSS 114.15 110.59 106.97 104.34 100.92
SRO 115.44 109.79 108.51 104.12 101.08

C44 RSS 68.47 65.04 61.31 56.67 54.45
SRO 70.97 67.47 63.71 57.68 55.74

�D RSS 364.32 351.23 336.96 322.42 309.76
SRO 380.10 364.98 346.92 328.52 320.03

exchange of different atomic pairs is performed using the MC
exchange method. The temperature is maintained at a specific
annealing temperature, and the kinetic energy of each atom
remains constant after the exchange. The structural optimiza-
tion in MD simulations is conducted after every 100 MC
exchanges. This combination of MC steps and MD relaxation
processes is extremely effective in achieving the convergence
of the equilibrium positions and the corresponding atomic
displacements. The acceptance of each MC atom exchange is
determined by the Metropolis criterion [48], which could eval-
uate whether θ < Pfinal

Pinitial
. Here, θ is a random number within the

range [0, 1], Pi represents the Boltzmann distribution function
(Pi = e−βUi ), β = 1

kbT , and Ui signifies the potential energy of
the system. To assess the energy convergence during anneal-
ing at different temperatures, the curve of potential energy as
a function of the number of atomic exchanges is presented in
Fig. S2 [47]. The potential energy exhibits convergence after
250 000 cycles, with a decrease of approximately 0.015 eV
per atom.

At finite temperature, the thermal vibration induced atomic
displacement apart from ideal lattice site �dTV could be esti-
mated by the harmonic Debye model [49], which is defined as

�dTV ≈
√

9h̄2T 2

MkB�3
D

∫ �D/T

0

x

ex − 1
dx, (1)

where T stands for the finite temperature, h̄ = h/2π for the
reduced Planck constant, M for the atomic mass, and kB for the
Boltzmann constant. �D is the Debye temperature. Note that
the correction for zero-point energy derived from the quantum
effect is ignored in Eq. (1). Here, we calculate the elastic
constants at finite temperature to obtain the sound velocity,
further estimate the Debye temperature. For the temperature
dependent elastic constants, we used the stress-strain method
in combination with MD simulation to calculate the elastic
constants of RSS and SRO structures at different tempera-
tures. Both the elastic constants and Debye temperature are
listed in Table I. The elastic constants regularly soften as
the temperature rises. The SRO has a minor influence on the
elastic constants and Debye temperature. These results are
consistent with the other reports [50,51]. It suggests that the
present calculations are reasonable.

MD simulations were consistently applied for all con-
structed configurations to discuss the temperature dependent

GSFE in SRO and RSS structures and to enable the com-
parative analysis of mechanical properties including tensile
and shear deformation results for both single crystalline and
polycrystalline Co-Fe-Ni-Ti HEA. The tensile deformation
configuration composed of 576 000 atoms was expanded
from the initial model by introducing 2 × 2 × 2 unit cells
along the X , Y , and Z axes. To attain the equilibrium
structure, the tensile configurations undergo the relaxation
within NPT ensemble at 300 K, followed by further relaxation
within the NVT ensemble (constant number of atoms, con-
stant volume, constant temperature) at the same energy level
of 300 K.

The tensile deformation is loaded along the Z axis (〈1̄10〉
crystal direction). The simulations run for 200 ps to achieve
a total strain of 20%, with an engineering strain rate of
1.0 × 10−3 at 300 K and atmospheric pressure. In the case
of shear deformation configurations, we constructed an ini-
tial model consisting of a 3 × 3 × 3 unit cell with a total of
1 944 000 atoms. The X , Y , and Z directions were defined as
〈112〉, 〈1̄1̄1〉 and 〈11̄0〉, respectively. The shear deformation is
applied to the (1̄1̄1) plane along 〈112〉 under the NPT ensem-
ble, with the shear strain rate of 1.0 × 10−3. The simulations
ran for a total of 300 ps to achieve the 30% strain.

III. RESULTS AND DISCUSSION

A. Short-range order (SRO) parameters

For the multicomponent SRO in high-order system,
Ceguerra et al . proposed the generalized theory by using two
sets of atomic species or by containing pair-atom and three-
atom clusters [46,52,53]. According to De Fontaine’s model,
the pairwise multicomponent short-range order (PM-SRO)
parameter is defined as

αm
AB = pm

AB − cB

δAB − cB
, (2)

where δAB is equal to one if A=B and zero otherwise, and pm
AB

is the average probability of finding a B-type atom in the mth
shell around a A-type atom. cB is the concentration of B atom
in alloys. Due to the examination of pairs of atomic species,
this parameter is pertinent for multicomponent systems con-
taining ternary or higher order alloys. For binary alloys, it
could turn into the WC-SRO parameter [52,54]

αm
AB = 1 − pm

AB

cB
, (3)

αm
AB = 0 is for the random solid solution. When αm

AB > 0,
there is the segregation of A-B atomic pairs, meaning that
the number of A-B atomic pairs is less than that of random
case. Whereas αm

AB < 0 is corresponding to the SRO in the
A-B atomic pairs, indicating an increase in the number of the
nearest neighbors in the A-B type atomic pairs. In the present
work, we only consider the first nearest neighboring (1NN)
shell layer, i.e., m = 1 in SRO parameters.

For the atomic distribution in the random and PM-SRO
solid solutions for Co-Fe-Ni-Ti HEA, we show the PM-SRO
parameters of 10 different atomic pairs in Fig. 1. All atomic
pairs have αAB ≈ 0 for RSS, indicating that the initial (72 000
atoms) configuration satisfies the random solid solution. It is
well known that the MC temperature is not physical quantity.

053602-3



ZHOU, SONG, GUO, YANG, AND TIAN PHYSICAL REVIEW MATERIALS 8, 053602 (2024)

FIG. 1. The pairwise multicomponent short-range order (PM-
SRO) parameters in FCC Co-Fe-Ni-Ti HEA at different simulated
annealing temperatures and random solid solution (RSS).

Whereas the simulation data at different MC temperatures
suggest the likeliness of the predicted PM-SRO, because
the local energy barrier for site swaps is overcome by
tuning the MC temperature. From the overall perspective of
PM-SRO at three temperatures, the absolute values of SRO
parameters gradually decrease with the increase of annealing
temperature. It indicates that the alloy tends to a disordered
state in the high-temperature system without obvious element
segregation.

With the decrease of simulated annealing temperature,
the PM-SRO parameters become negative or positive for
Ti-X (X = Ti, Fe, Ni, Co) atomic pairs, the negative PM-
SRO suggest that the Ni, Co, and Fe prefer to occupy near
Ti atoms, Ti and Fe atoms could be easy to form clusters.
While the positive PM-SRO magnitude hints that the strong
repulsion and the tendency of cosegregation occur between
Ti atoms. This could be explained by the electronegativity
difference between atoms and the first-neighbor solid solution
interaction energies [55]. For example the close electroneg-
ativity value is 1.88 for Co, 1.91 for Ni, and 1.83 for Fe,
whereas this value is only 1.54 for Ti. From Fig. 1, we
could see the small positive PM-SRO parameters for Fe-
Fe, Fe-Co, and Fe-Ni atomic pairs, but the near zero or
even slightly negative PM-SRO parameters for Co-Co, Co-Ni,
and Ni-Ni atomic pairs under the present annealing tem-
peratures. The prediction is in agreement with the existing
SRO between the early and last 3d transition metallic atoms
in CoCrNi, CoCrFeNi, CoFeNiV, and CoCrFeMnNi HEAs
[11,15,46,56].

B. Effect of SRO on the lattice distortion

Due to the local atomic arrangements affected by the lo-
cal stress distribution, bonding energy, and electronic and
magnetic coupling [57], HEAs exhibit the varying degrees
of intrinsic lattice distortion, which depends on the metallic
elements and composition of alloys. The constituent hyper-
space of HEAs provides high degrees of freedom to adjust
the lattice distortion and to have important effect on the phase
stability, further tune the mechanical behaviors. Owen et al .

well defined three types of lattice distortion [18] and reviewed
the lattice distortion in HEAs [17,18,58].

One of the most intuitive description on LLD is the atomic
size difference. Based on the atomic radii data from the mea-
surement of x-ray diffraction in their elemental states or the
12-coordinated system, the atomic size mismatch (δ) was fre-
quently adopted to measure the lattice distortion in HEAs. The
δ = 11.2% in of Co-Fe-Ni-Ti HEA is larger than the indicator
δ = 8.5% of simple phase HEAs [59,60]. According to this
classical definition, if the atomic radii was accurate enough,
the degree of lattice distortion could be well understood by
using the atomic radius mismatch. When the effect of local
atomic environment (such as SRO) and temperature on the
lattice distortion is considered, the lattice distortion could be
required to describe by using the atomic displacement away
from ideal lattice site [16], atomic pair difference [61], and
atomic volume difference [56] in the atomistic simulations.

1. Atomic displacement away from ideal lattice sites

HEAs are solid solutions with crystalline structures. The
important assumption on the atoms occupying the ideal lat-
tice sites is often used to understand the related structural
properties. Whereas the fact is that the metallic atoms devi-
ate from their ideal lattice positions due to the stacking of
different-size atoms and thermal vibration. Here we define the
lattice distortion as the degree of atomic displacement apart
from the ideal lattice site of of metallic atoms,

�dLD = �d − �dTV

= 1

Na

∑
i

√
(xi − x′

i )
2 + (yi − y′

i )
2 + (zi − z′

i )
2

− �dTV, (4)

where Na is the total number of atoms, the symbols xi (x′
i), yi

(y′
i), and zi (z′

i) are the atomic coordinates after (before) lattice
distortion. Combining Eq. (1) with Eq. (4), we could obtain
the lattice distortion �dLD derived from different atomic sizes
at finite temperature, via the combination of the MD simula-
tion and Debye model.

Figure 2 shows the atomic displacement away from ideal
lattice sites �d of random and SRO solid solution for
Co30Fe16.66Ni36.67Ti16.67 at finite temperature. At 0 K tem-
perature the present HEA keeps a small lattice distortion of
�d = 0.054 Å, the relative difference is 1.48%, which is con-
sistent with the ab init io calculations of FCC HEAs [16]. The
degree of �d quickly increases as the temperature rises. The
�d increases up to 0.6433 Å for RSS Co30Fe16.66Ni36.67Ti16.67

at 1100 K. From Fig. 2, we could see that SRO does not signif-
icantly reduce �d . The �d as a function of temperature could
be described as a linear relation (�d = a × T + b) from 300
to 1100 K. It is interesting that each metallic element has the
similar slope [a = (0.54–0.55) × 10−4] and the intercept b
represents the intrinsic LLD of metallic element at 0 K, as
shown in Fig. S3 [47]. Ti has the severest LLD, followed
by Co, while Fe and Ni have the close LLD degree. As the
lightest element in Co-Fe-Ni-Ti HEA, Ti atoms tend to adjust
these differences through atomic displacement to stabilize the
structure.
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FIG. 2. The atomic displacement apart from ideal lattice site
(�d), the lattice distortion from atomic size difference (�dLD), and
the thermal vibration induced atomic displacement (�dTV) for RSS
and SRO configurations at different temperatures.

In order to study the lattice distortion from atomic size
difference �dLD, we estimate the thermal vibration in-
duced atomic displacement �dTV by using the Deybe model
[Eq. (1)]. �dTV shows a nonlinear increase as the temperature
rises. Without the influence of zero-point vibration, �dLD

surpasses �dTV at low temperature (0–100 K). As the tem-
perature rises, the lattice thermal vibration induces a notable
increase of �dTV. However, the rate of increase of �dTV

trends to the constant. Instead the severe degree of �dLD

slowly increases, then quickly increases with the rising tem-
perature. It results in the large �dTV compared to �dLD below
600 K and the crossing among �dLD and �dTV near 600 K.
Whereas the �dLD becomes larger than �dTV above 600 K,
due to the quick increase of lattice distortion derived from
positive lattice thermal expansion. Interestingly, for CoCr-
FeMnNi, the LD degree keeps a constant after considering
the Debye model based thermal vibration induced atomic dis-
placement [62]. We note that the mean-field representation on
interatomic potential [55] has been used to estimate the ther-
mal vibration induced atomic deviation via the full width at
half maximum (FWHM) of radial distribution function. Using
this way, Jian et al. found that the degree of LD decrease with
increases of temperature, when the thermal vibrations increase
[41].

The emergence of SRO is anticipated to tune the lattice
distortion, enhance the ductility of HEAs, and improve the
superelastic properties of HEAs [40,41,63]. However, from
Fig. 2, we could find that 1NN SRO do not have an important
effect on the atomic displacement apart from ideal lattice
lattice site �d and �dTV, further �dLD do not have important
decrease due to SRO. It is necessary to note that 1NN SRO is
only considered in our calculations.

2. Difference of atomic pairs

As discussed in recent work by Tan et al. [61,64], it is not
easy to interpret the mechanism of LLD due to the difficul-
ties in accurate estimation of atomic size in the fact atomic

TABLE II. Local lattice distortion of the first nearest neighboring
i- j atoms pair for RSS and SRO Co-Fe-Ni-Ti HEA at 300–1100 K.

χi Model 300 K 500 K 700 K 900 K 1100 K

Co-center RSS 3.52% 4.27% 4.59% 4.8% 5.18%
SRO 3.71% 4.06% 4.34% 4.58% 4.84%

Fe-center RSS 3.70% 4.44% 4.7% 4.99% 5.31%
SRO 3.36% 3.87% 4.13% 4.48% 4.76%

Ni-center RSS 3.584% 4.33% 4.65% 4.92% 5.24%
SRO 3.71% 4.18% 4.44% 4.70% 4.94%

Ti-center RSS 2.465% 2.69% 2.87% 3.0% 3.25%
SRO 2.28% 2.53% 2.84% 3.16% 3.38%

environment. Here we employ the length of atomic pair
to quantify the LLD. The difference of atomic pairs is
defined as

χi =
√√√√ 1

N

n∑
j

Ni j∑
N=1

(
1 − ri- j

r̄

)2

, (5)

where χi stands for the degree of LLD at the center of i
metallic element. r̄ is the 1NN interatomic distance of the
crystal structure, r̄ =

√
2a0
2 , a0 is the lattice parameter. N is

the number of first nearest neighbor atoms of center atom i in
statistics.

∑n
j represents the summary of all 1NN atomic pairs,

without distinguishing the types of metallic elements. Because
the atoms have an uncertain displacement derived from the
lattice thermal vibration and lattice distortion, the atoms are
disturbed near the equilibrium lattice sites. The distance be-
tween i- j atomic pairs ri j could be calculated through atomic
coordinates. The number of 1NN atoms j is determined by the
radial distribution function.

Table II lists the 1NN LLD at finite temperature ranging
from 300 to 1100 K. We found that the LLD of metallic atoms
also increases significantly with rising temperature and is
between 2.465%–5.31% for RSS and 2.28%–4.94% for SRO.
The increase of LLD degree is suppressed, but the influence of
SRO on LLD is relatively small, which is consistent with the
displacement of an atom away from its ideal lattice position.
From Fig. 2, the lattice distortion in the 1NN SRO configu-
ration is less than or equal to the LD in the RSS structure.
The LLD in SRO is smaller of 0.06% than the χi of RSS,
except for the LLD for Ni and Co at 300 K, which are slightly
larger than the LLD in RSS configuration. In some HEAs,
such as the Co-Ni-Ti-Zr-Hf-Fe Elinvar alloy, as emphasized
in reference [65,66], it has been experimentally demonstrated
that the formation of SRO could reduce the lattice distortion.
The degree of LLD at the center of Ti atoms is relatively small,
due to the strong bonding and large charge transfer between
Ti-X (X= Co, Fe, Ni) atomic pairs. While the similar bond-
ing behaviors and electronegativity of Fe, Ni and Co make
their LLD very close and severe. The large charge transfer or
electronegativity difference could result in the reduced size
mismatch between the elements. The similar case occurs in
the HfNbTiVZr refractory alloys [67].

χi- j =
√√√√ 1

Ni j

Ni j∑
N=1

(
1 − ri- j

r̄

)2
(6)
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FIG. 3. The degree of local lattice distortion (χi- j) of 1NN atomic pair i − j for RSS (left) and SRO (right) Co-Fe-Ni-Ti HEA at 300 K.

Equation (5) describes the offset length of atomic pairs in
the distorted configurations, and could only be used to study
the lattice distortion between the same atom and the whole
crystal environment. In order to distinguish the LLD degree
of the 1NN atoms and investigate the impact of SRO on
the local atomic environment, we introduce Eq. (6) to cal-
culate the LLD of 1NN atoms, χi- j . Recently, researchers
have used Eq. (6) to estimate quantitatively the LLD via the
combination of the high resolution transmission electron
microscope (HRTEM) and extended x-ray absorption fine
structure spectrum (EXAFS) [61,64].

Figure 3 shows the LLD of 1NN atomic pair i − j at
the reference center element j. The degree of LLD strongly
depend on the local environment of reference center atoms,
for example, the typical Ti-Fe atomic pair, χTi-Fe = 1.69 is
different from χFe−Ti = 1.94 for RSS configuration, whereas
in the SRO configurations χTi-Fe = 2.10 is slightly close to
χFe−Ti = 1.94. The comparison of left and right panels in
Fig. 3 indicates that SRO has an important effect on the degree
of LLD χFe-X for 1NN atomic pairs Fe-X (X = Co, Fe, Ni, Ti).
For instance, the degree of LLD of Fe-X at the central atom
Co, Fe, Ni and Ti is 3.19, 3.45, 3.22, and 1.78 in the RSS
structure, respectively, whereas the value is 2.45, 3.33, 2.22,
and 1.94 in SRO. The change of LLD degree χTi-X of 1NN
atomic pairs Ti-X (X = Co, Fe, Ni, Ti) at the central atom
Co/Fe/Ni/Ti is very small between RSS and SRO structures.
It is consistent with the χTi values (see Table II). The posi-
tive SRO parameters between Fe and Fe, Co, and Ni atomic
pairs suggest that the 1NN atoms at the Fe center appear the
obvious segregation and produce the severe lattice distortion
around the Fe atom. Although Ti-Ti atomic pair has more
positive SRO parameter, the strong bonding between Ti-X (X
= Fe, Ni, Co) hinders the random distribution of Ti atoms and
reduces the number of 1NN Ti atoms at the central element
Ti. This further reduces the LLD degree of Ti-Ti atomic pair.
Interestingly, SRO increases the LLD degree χNi-Ni from 3.65
to 3.85 for the Ni-Fe atomic pair at the reference atom Fe.
These results indicate that the positional and dynamical be-
havior of the Co-Fe-Ni-Ti HEA is complex and not captured
by the simple statistical models applied here.

3. Voronoi tessellation

Similar to the difference of atomic pairs, the Voronoi
tessellation is also geometry-based analysis and not rooted
in physical properties of materials. However, it is a useful
approach to facilitate the analysis of local atomic structure.
Thus we calculated the Voronoi volume of each atom in the
defect-free bulk supercell to elucidate the correlation between
chemical SRO and LLD via the average Voronoi volume and
volumetric distribution of each metallic element.

Table III shows that the average Voronoi volume of each
metallic element at finite temperature (300-700 K). In the RSS
configuration, the voronio volume of each metallic element
increases as the temperature rises. The close average volume
is for Co, Ni and Fe atoms, while Ti atoms have the largest
average volume. In the case of SRO structure, the average
Voronoi volume of Ni, Fe and Ti atoms reduce first and then
increase, but the average volumes of Ni and Fe atoms become
extremely different. The average volume of Co atoms enlarges
with increasing temperature. From Table III, we could see that
the average Voronoi volume of Fe in SRO configuration is
larger than that in RSS structure at 300 K and 700 K, but SRO
induces the large decrease of average volume of Ti and Ni at
500 K. The Co atoms have close average volume in RSS and
SRO configurations at the present range of temperature. These

TABLE III. Average Voronoi volume for each metallic element
at 300, 500, and 700 K. The unit is Å3.

Element Model 300 K 500 K 700 K

Co RSS 12.098 12.214 12.339
SRO 12.035 12.220 12.341

Fe RSS 12.096 12.219 12.350
SRO 12.546 12.090 12.523

Ni RSS 12.090 12.207 12.339
SRO 11.932 11.873 12.325

Ti RSS 13.046 13.172 13.334
SRO 12.952 12.518 12.982
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FIG. 4. Voronoi volume distribution of each metallic element in
32 000-atom SRO (green) and RSS (yellow) configurations at 300 K.

findings suggest that the SRO could induce the complicated
chemical composition fluctuation.

Figure 4 shows the normal distribution of Voronoi vol-
ume of metallic atoms in SRO and RSS configurations at
300 K. The similar distribution of volume for Co atoms further
suggest the close average volume exists in RSS and SRO
configurations. From Fig. 4, we can see that SRO makes Fe
atoms significantly expand their volume by referencing the
volume of Co and Ni atoms. However, the average Voronoi
volume of Ti and Ni in SRO is slightly smaller than that of
RSS. This is due to the clear SRO around the Ti metallic
atoms. The strong SRO of Fe and Ti atoms indicates that
Fe and Ti atoms are biased together. Comparing with the
distribution of volume in RSS, Fe, Ni, and Ti metallic atoms
expand their domain. So the 1NN SRO plays an important role
in the Voronoi volume and the local atomic environment.

C. Effect of SRO on the generalized stacking fault energy

The generalized stacking fault energy (GSFE) is a valu-
able parameter for comprehending the deformation behavior
of HEAs. However, the experimental measurements provide
only stable stacking fault energy, such as the intrinsic stack-
ing energy γisf . Fortunately, the atomistic simulations could
reveal the GSFE, including the unstable stacking fault energy
γusf , and extrinsic stacking faults γutf , and twinning stacking
fault energy γtwf , as a function of displacement of incomplete
dislocation. Because of the complicated composition, the exis-
tence of SRO, and fluctuations of the composition proportions
within each atomic layer are inevitable in HEAs. This leads to
the strong dependence of GSFE on the specific stacking fault
planes, making GSFE calculations on HEAs less representa-
tive compared to the traditional elemental metals.

To mitigate the impact of composition fluctuations on
GSFE calculations, the large-scale atomistic simulations are
necessary. We construct the large configurations consisting
of 134,400 atoms, aligned with the crystal directions [112],
[111], and [110], and with the stacking surface area of 162
nm2. Our structures satisfy the condition of periodic bound-
ary. By rigidly shifting the upper block along the [112]
direction within the (111) plane while keeping the lower block
fixed, we could calculate the energy change for the entire sim-
ulation configuration. This allows us to determine the GSFE
as a function of displacement using the definition

γ = 1

A
(E f − E0), (7)

where E0 is the initial energy of perfect configuration, E f is
the energy of configuration with the layer stacking faults, A is
the area of the slip plane. In Fig. 5, we show three scenarios in
the process of stacking faults: one without slip, another with
slip along [112̄] at a displacement of 1.0bp, (bp = a0/6〈112̄〉),
and the final snapshot with slip at the position corresponding
to 2.0bp. Here, a0 represents the lattice parameter of the unit
cell.

FIG. 5. Shown are the snapshots of the configuration without slip (a), with the intrinsic stacking faults (b), and with the extrinsic stacking
faults (c).
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(a) (b)

(c) (d)

FIG. 6. Shown are the GSFE curves calculated by the quasistatic approximation at different temperatures (a), the GSFE curves calculated
by MD at different temperatures (b), and the GSFE curves for SRO confiugration at 500 and 700 K [(c) and (d)].

Taking into account the crystal thermal expansion effect,
we employ the quasistatic approximation to calculate the
GSFE of the RSS Co-Fe-Ni-Ti HEA at finite temperature.
Figure 6(a) suggests that γisf is less sensitive to temperature,
consistently maintaining a value below 20 mJ/m2, compared
to γusf and γutf . This observation aligns with the results
reported by Jian et al . [41]. The GSFE decreases with increas-
ing temperature and lattice constant, mirroring the predicted
trend of pure metals when the density functional theory (DFT)
is used to account for temperature effects [68]. In DFT calcu-
lations, the free energy encompasses the electronic, harmonic
vibrational, magnetic, explicit anharmonic contributions, and
their coupling term. Note that the free energy calculation
is based on the ideal lattice site, due to pure metal. In our
quasistatic simulation, we omit of the lattice distortion, lattice
vibrations and other structural aspects during dislocation slip-
ping, such as the presence of SRO and the formation of other
phases (e.g., BCC, HCP, and unknown phases) during the
stretching process. To address these effects comprehensively,
we conducted the molecular dynamics simulations of GSFE
in the NVT ensemble. Figure 6(b) illustrates an anomalous
increase in GSFE with rising temperature. The appearance
of typical stacking fault energies is apart from the ideal dis-
placement of incomplete dislocations as the temperature rises.
These findings are primarily attributed to the composition

fluctuations, lattice distortion, and local phase transitions, in
contrast to the more conventional mechanism of lattice volu-
metric expansion [14]. Intriguingly, this anomalous behavior
has also been observed in the FCC alloys, for instance, CoNi
and CoCrNi [69,70].

Figures 6(c) and 6(d) unveil that SRO could significantly
influence the GSFE of Co-Fe-Ni-Ti HEA. At 500 K, when
the displacement of incomplete dislocations locates near 0.75
bp and between 1.60–2.00 bp, the SRO induces the lower
SFE, compared to RSS. Table IV quantifies the typical SFE
difference between RSS and SRO configurations. The influ-
ence of SRO on γisf is notably substantial. At 300 K, SRO
elevates γusf by 24 mJ/m2 and γisf by 11 mJ/m2, while γutf

experiences a more modest increase of 9 mJ/m2. At 500 K,
these values become small and even negative, for instance,
γ SRO

twf − γ RSS
twf = −16 mJ/m2.

TABLE IV. The effect of SRO on typical stacking fault energies
(γusf , γisf , γutf , and γtwf in unit of mJ/m2) of HEAs at temperature
T = 300 and 500 K.

T γ SRO
usf − γ RSS

usf γ SRO
isf − γ RSS

isf γ SRO
utf − γ RSS

utf γ SRO
twf − γ RSS

twf

300 K 24 11 9 9.5
500 K 16 8 5 −16

053602-8



EFFECT OF SHORT-RANGE ORDER ON LATTICE … PHYSICAL REVIEW MATERIALS 8, 053602 (2024)

(a) (b)

FIG. 7. Shown are the energy and stress vs strain (a) and the fraction of different types of atoms in the process of strain (b) for SRO and
RSS Co30Fe16.66Ni36.67Ti16.67 HEA.

Recalling the definition of γinsf in the Ising model, the SFE
is connect to the energy difference between FCC, HCP, and
double HCP (DHCP) structures [71]. The decrease of SFE
could suggest that the HCP structure is more energetically
close to FCC phase. The concentration HCP phase changes
in the slip process of incomplete dislocations. Both temper-
ature and SRO influence the distribution of 1NN Co-Co and
Co-Fe atomic pairs, which may stabilize the HCP phase. Ad-
ditionally, with increasing temperature, the lattice distortion
enhances the anti-slip ability of Shockley particles and makes
shearing more difficult. Ultimately the severe local lattice
distortion could lead to the elevation of GSFE.

D. Effect of SRO on mechanical performance

1. Tensile properties of single crystalline Co-Fe-Ni-Ti

From the energy change presented in Fig. 7(a), we observe
that the average energy per atom of SRO configuration for
Co30Fe16.66Ni36.67Ti16.67 remains more negative than the RSS
structure throughout the entire tensile deformation process. It
means that the SRO configuration is more stable than RSS
in the process of tensile deformation. The mechanical re-
sponse during tensile deformation could be characterized by
three typical stages composed of the elastic zone, the yield
zone, and the plastic zone. In the stage of elastic strain, the
stress increases linearly. The atomic spacing of the system
scales proportionally, while the lattice arrangement remains
unchanged. Then, the stress experiences a sharp decline at a
strain of approximately 4.43% for SRO and 3.64% for RSS
[see Fig. 7(a)]. This decline suggests that SRO enhances both
the strength and ductility of Co-Fe-Ni-Ti HEA. The sudden
drop of stress results from the sliding of atoms within HEA,
leading to the generation of a large number of HCP-type
atoms and subsequently the formation of BCC-type atoms,
creating the stacking faults on specific planes. This process
effectively releases the internal stress within HEA [72].

The tensile deformation results in different local atomic
structures, such as HCP and BCC types, which can sig-
nificantly influence the material’s mechanical properties.

Figure 7(b) shows the evolution of atomic structure fractions
for the Co30Fe16.66Ni36.67Ti16.67 HEA during tensile testing.
At the strain of 4.43% (3.62% for RSS), the HCP phase begins
to emerge and rapidly increases. When the strain reaches 5.5%
(4.8% for RSS), the number of HCP-type atoms reaches its
peak and subsequently decreases. Finally, the proportion of
HCP-type atoms forms the constant curve as a function of
strain. The BCC phase begins to appear at the strain of 4.43%
(3.62% for RSS), but the number of BCC-phase atoms does
not increase significantly and remains in the earlier stable
states. The BCC phase emerges at the interface of HCP and
FCC phases and shows the relatively disordered distribution.
The number of HCP-type atoms increases significantly before
the strain reaches the yield point for both RSS and SRO
configurations. The SRO structure shows a larger number of
HCP-type atoms than the RSS configuration. SRO further
influences the evolution of the phase structure, leading to the
transition from FCC to BCC and HCP phases.

In the initial stages of tensile deformation [see Fig. 7(a)],
the energy increases with the strain. However, prior to reach-
ing the yield point, the system has a rapid decrease in energy,
as the HCP phase emerges. This observation suggests that
HCP-type atoms store more energy, leading to the sudden
drop of stress. In the case of the present alloy, the HCP phase
serves as the energy reservoir. The similar phenomenon was
observed in the FCC CoCuFeNiPd HEA [36]. Upon entering
the plastic deformation stage, the proportion of crystal-type
atoms experiences minor fluctuations. From Figs. 7(a) and
7(b), we could see that SRO significantly delays the emer-
gence of HCP and BCC phases, leading to a rapid increase
of the number of HCP-type atoms, compared to RSS. Further-
more, SRO enhances the ability of HEAs to store more energy
throughout the deformation process. We note that the severe
lattice distortion in AlCoCuFeNi HEAs promotes the phase
transformation [73]. Considering that the similar lattice distor-
tion between SRO and RSS configurations (see Table II), we
may speculate that SRO plays a key role for the hysteresis of
FCC-HCP transition and the adding of HCP-type atoms. Due
to the faster increase rate for HCP phase and the appearance
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FIG. 8. Shown are the SRO and RSS configurations at 5.0% and 5.3% strain [(a) and (b)] and the stacking faults at 5.0% and 5.3% strain
[(c) and (d)]. Green represent the FCC-type atoms, blue for the BCC-type atoms, and red for the HCP-type atoms.

of more HCP-type atoms in SRO configuration, SRO could
store more energy before the strain yield point, delay the yield
strain and enhance the yield stress. Fang et al . also reported
that HCP phase could enhance the strength of CoCrFeMnNi
HEA [74].

The changes of atomic arrangement are synergistic at the
stage of elastic strain. Whereas the tensile deformation enters
into the yield stage, the stacking faults appear. Along the
specific plane, the large number of stacking faults quickly
generate as the strain increases, as shown in Figs. 8(a) and
8(b). At this stage, the stacking faults begin to nucleate from
the inside and gradually spread on the surface. As the strain
gradually increases, the stacking faults appear along another
direction, further these stacking faults along two directions
grow and intersect with the tensile deformation. We show the
numerical movies on the changes of different atoms during the
tensile process (see Ref. [47]). The main types of dislocations
are 1/6〈112〉 Shockley incomplete dislocations. The evolution
process of dislocation versus strain is shown in Fig. S4 [47].
For the FCC alloys with low SFE, the 1/6〈112〉 Shockley dis-
locations, as the main types of dislocations, have been shown
in CoCrNi HEA [41,75,76]. From Figs. 8(c) and 8(d), we
could find that the occurrence of dislocations is related to the
stacking faults. The increasing tensile deformation between
5.0% and 5.3% strains could induce the large change from
the low density and isolated stacking faults to high density
stacking faults.

In Fig. 9, it is observed that intrinsic stacking faults (ISF)
experience a pronounced increase at the yield point, followed
by a notable reduction in ISF-type atoms as the strain ad-
vances into the plastic deformation stage. Importantly, the
twinning nucleation takes place subsequent to the emergence
of ISF. The rate of twinning increase is marginally slower. The
SRO configuration has more twin faults than the RSS config-
uration (see Fig. S5 in Ref. [47]). The lattice distortion plays
a key role in facilitating twinning formation after yielding, as

well as throughout the entire strain period, by reducing the
nucleation strain of Shockley partials (SPS) while increasing
their resistance to propagation. Jian et al . reported that both
LD and SRO result in the reduce of SPS movement speed,
lower SPS density, and increase twinning [41]. In our alloy,
there is no significant difference in LD between SRO and
RSS configurations. Nevertheless, the SRO structure exhibits
significantly more ISFs and twins than the RSS configuration
(see Fig. 9). The SRO-induced SPS changes primarily stem
from the local atomic arrangement. Twins are formed by the
movement of adjacent atomic planes based on the ISF. The
strain at which twins appear in the SRO and RSS configura-
tions is identical. It could indicate that SRO does not exhibit a
hysteresis effect on twinning.

FIG. 9. Shown are the fractions of the number of atoms on the
intrinsic stacking faults (ISF) and deformation twin faults (DT)
for the RSS and SRO Co-Fe-Ni-Ti HEAs in the process of tensile
deformation.
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FIG. 10. The shear stress vs strain for RSS and SRO Co-Fe-Ni-Ti
HEA.

Figure 9 demonstrates that the increase of ISF becomes
constrained as the deformation reaches a certain strain. The
deformation twins (DT) emerge at this critical strain, corre-
sponding to the peak number of ISF. When ISF propagate, the
development of DT serves to impede deformation (γisf < γtwf

showing in Fig. 6) and contributes to the continuous enhance-
ment of plasticity. There are two key mechanisms on DT.
First, DT regulate the crystal orientation, activate the slip, and
stimulate the interplay between slip and twinning. Second,
DT reduce the average free path of dislocations, leading to
increased strain hardening and improved plasticity, a phe-
nomenon known as the twinning-induced plasticity (TWIP)
effect. In the SRO structure, the length of dislocation line
shortens due to the challenges in unfolding stacking faults and
the interaction between upper faults in different directions.
Consequently, the higher dislocation density is observed, re-
quiring greater resistance for the material to undergo plastic
deformation. The dislocation density in the SRO model sig-
nificantly exceeds that of the RSS configuration, resulting
in more dislocation loops and nodes, which could further
hinder the subsequent deformation and enhance the material’s
strength.

FIG. 12. The tensile strength vs strain of polycrystalline
Co30Fe16.66Ni36.67Ti16.67 HEA.

2. Shear properties of single crystalline Co-Fe-Ni-Ti

We adopted the shear configuration with the crystallo-
graphic axes 〈112〉, 〈1̄1̄1〉, and 〈11̄0〉. The SRO configurations
with the 72 0000 atoms were predicted by using the MC/MD
simulation. Subsequently, the shear deformation is expanded
along the X , Y , and Z axes by a factor of 3 × 3 × 3, resulting
in a total of 1 944 000 atoms. Figure 10 shows the shear
stress-strain curves of RSS and SRO configurations for Co-
Fe-Ni-Ti HEA. The shear strength reaches 2.94 GPa at a strain
of 7% for RSS and 3.375 GPa at a strain of 8% for the SRO
configuration. The shear modulus is 32.73 GPa for RSS and
34.47 GPa for SRO. Both the shear strength and shear mod-
ulus are enhanced, while the shear strain is delayed by SRO,
thereby SRO could improve the shear performance. In RSS,
the stacking faults emerge along specific planes and gradually
propagate across the entire plane, as the shear stress reaches
a certain threshold. This behavior is depicted in Figs. 11(a)
and 11(b). The SRO exhibits the similar extension of stacking
faults, but the increased SFE in SRO configuration contributes
to enhanced shear strength. The analysis of atomic stress
at 30% shear strain indicates that RSS contains more shear
bands compared to SRO configuration. However, the average
atomic shear stress in RSS configuration is smaller than that in

FIG. 11. The early stage of SF at the shear deformation of 8.3% for RSS (a) and the complete extension process of SF at the shear strain
of 8.9% for RSS (b). The red atomic layers stand for the stacking faults.
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TABLE V. Statistics of the number of metallic elements at the
grain boundaries for polycrystalline Co30Fe16.66Ni36.67Ti16.67 HEA.

Model Co Fe Ni Ti

SRO 0.186 0.288 0.291 0.235
RSS 0.295 0.163 0.370 0.172

SRO configuration. This difference arises from the RSS con-
figuraton consisting of 44 atomic layers with multiple shear
bands collectively accommodating shear deformation, while
the SRO configuration comprises only 30 atomic layers (see
Fig. S6 inRef. [47]).

3. Tensile properties of polycrystalline Co-Fe-Ni-Ti

The polycrystalline configuration of
Co30Fe16.66Ni36.67Ti16.67 with random orientations of eight
grains was established by ATOMSK (see Fig. S7 in Ref. [47]).
We show some polycrystalline structures with RSS and
SRO predicted via the simulated annealing, respectively
[see Figs. S7(b) and S7(c)]. The SRO parameters of
polycrystalline and single crystalline are consistent with
each other (see Figs. 1 and S8). It indicates that for RSS the
polycrystalline treatment has no an important affect on the
localized distribution of atoms.

The stress-strain curve of polycrystalline Co-Fe-Ni-Ti is
shown in Fig. 12. With the continuous loading of strain, the
stress of RSS reaches the highest point of 2.365 GPa at the
tensile strain of 3.83%, while the stress of SRO reaches a
maximum about 3.718 GPa at the strain of 4.25%. Obviously
SRO enhances the strength and ductility of polycrystalline
configuration. The deformation of each grain in polycrys-
talline configuration is synergistic but inconsistent, due to the
different size of grains. Therefore the critical plastic strain
of each grain is different. It could lead to the stress-strain
curve without significant stress drop point for polycrystalline
Co-Fe-Ni-Ti HEA.

The tensile elastic modulus (Young’s modulus) was ob-
tained by calculating the stress-strain curve at the linear stage.
The Young’s modulus of 105 GPa for SRO is larger of

25% than the value of 85 GPa for the RSS configuration. It
could suggest that the improvement of mechanical properties
by SRO is also applicable to the polycrystalline configura-
tions. We note that SRO obviously improves the mechani-
cal properties of polycrystalline Al0.3CoCrFeNi HEA [77].
The present polycrystalline Co30Fe16.66Ni36.67Ti16.67 HEA
satisfies the anti-Hall Patch relationship [78,79] between the
strength and grain size. Our simulated tensile strength of
polycrystalline system is much smaller than that of the single
crystalline configuration.

In the process of MC exchange for polycrystalline config-
urations, the rearrangement of atoms along grain boundaries
could result in segregation, further could reduce the grain
boundary energy. Table V lists that the atomic distribution
on the grain boundary for RSS configuration, which is close
to the overall element proportion of HEA. The metallic el-
ements on the grain boundary are also randomly distributed
during the tensile deformation. For SRO, the proportion of
atoms at the grain boundary is very different from that of
RSS. The proportion of Co atoms at the grain boundary de-
creases by 11%, and the Ni atoms decrease by 8%, while
the proportion of Fe atoms at the grain boundary increases
by 12.5%, and the Ti atoms increase by 6.3%. The SRO
induced precipitation of elements at grain boundaries could
further enhance the strength from 2.365 to 3.718 GPa for
Co30Fe16.66Ni36.67Ti16.67. It has been reported that the precipi-
tates obtained through hot working could increase the strength
of Al0.3CoCrFeNi HEA [80,81].

The CNA results shown in Fig. 13 suggest that the BCC
phase in polycrystalline configurations mainly grow around
grain boundaries due to the rearrangement of metallic ele-
ments, while the growth of BCC phase in single crystalline is
irregular. The growth trend of HCP phase in HEAs is the simi-
lar to that of single crystalline. The SRO makes the emergence
of HCP phase hysteretic, but the HCP phase in SRO config-
uration could appear and grow rapidly when the strain load
reaches 3.8% (2.37% for RSS) shown in Fig. 14. The number
of HCP-type atoms in SRO configuration exceeds that of RSS
when the tensile strain is up to 5%. The energy buffer effect of
HCP phase is also applicable in polycrystalline Co-Fe-Ni-Ti
configurations. The HCP-phase induced more stacking faults

FIG. 13. Crystal structure changes at the tensile strain of 7.2% and 10.2% for the RSS model [(a) and (b)] and the SRO model [(c) and
(d)]. The green represent the FCC-type atoms, blue for BCC-type atoms, red for HCP-type atoms, white for other type atoms.
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FIG. 14. The number of HCP-type atoms as a function of tensile
strain for polycrystalline Co30Fe16.66Ni36.67Ti16.67 HEA.

in SRO configuration further enhance the ductility, compared
to those of RSS.

From Fig. 13, we could see the parallel SFs within the
grains, which are different from the intersecting SFs in sin-
gle crystalline. The more SFs in SRO are further confirmed,
compared to those in RSS. When the strain is loaded to 10.2%,
the grain boundaries of the polycrystalline configuration pre-
vent the growth and expansion of stacking faults. The ISFs
in SRO configuration grow inside the grains and gradually
gather together to form the plate-like HCP phase. Compared
with the subsequent plane slip and dislocation movement,
this lath HCP has a greater blocking effect than twins, which
further improves the strength of material. It could also means
that the deformation mechanism changes from TWIP to the
transformation induced plasticity (TRIP) [77].

IV. CONCLUSION

Using the combination of classical molecular dynamics
and Monte Carlo simulations, we have studied the short-range
order (SRO) and investigated its effects on the lattice dis-
tortion, general stacking fault energy, and tensile and shear

strength for the single crystalline and polycrystalline FCC
Co30Fe16.66Ni36.67Ti16.67 HEA at finite temperature.

The obvious SRO of Ti-Fe and Ti-Co atomic pairs at
even high annealing temperature occur in Co-Fe-Ni-Ti alloys.
The nonlinear increase of lattice distortion as a function of
temperature is obtained by subtracting the thermal vibration
induced atomic displacement based on the Debye model.
Whereas the atomic displacement away from ideal lattice site,
the difference of atomic pairs, and the Voronoi tessellation
parameters indicate that the local lattice distortion near metal-
lic elements is extremely complicated. As the temperature
rises, the general stacking fault energy increases. The SRO
could enhance substantially the unstable stacking fault energy,
while increases slightly the intrinsic stacking fault energy, but
tunes the small decrease of the twin stacking energy at high
temperature.

SRO could improve the mechanical behavior of single
crystalline and polycrystalline Co-Fe-Ni-Ti HEA. The SRO
increases the degree of deformation twinning and the number
of dislocations in the single crystalline configuration, makes
the number of HCP-type atoms increase, and delays the ap-
pearance of the HCP phase. As the energy buffer, the HCP
phase could improve the storage capacity of dislocations and
tunes the tensile and shear strength and plasticity of FCC
Co-Fe-Ni-Ti HEA. In the polycrystalline configuration, SRO
could promote the precipitation of BCC phases at the grain
boundaries, while increase the number of HCP phases in the
grains and activate the deformation of slip planes within the
grains.
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