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Switching of control mechanisms during the rapid solidification of a melt pool
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The solidification of alloys is typically controlled by solute diffusion due to the solute partitioning happening
at the solid-liquid interface. In this study, we show that the switching from solute diffusion-controlled growth to
thermal diffusion-controlled growth may happen at the solidification front during rapid solidification processes
of alloys such as additive manufacturing using a phase-field model. The switching is found to be triggered
by the cooling of the solid-liquid interface when it becomes colder than the solidus temperature. The switching
introduces a sudden jump of growth velocity, an increase in solute concentration, and the refining of the resulting
microstructures. All those changes predicted by the phase-field simulations agree with experimental observations
quantitatively. The switching of control mechanisms can be exploited by manipulating the processing conditions
to form refined microstructures or layered structures for improved mechanical properties.
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I. INTRODUCTION

Metals and alloys is one of the most important families of
structural materials due to their superior mechanical proper-
ties, such as high strength, high stiffness, and good ductility.
The process of their solidification remains a crucial area of in-
vestigation. The spontaneous pattern formation in the growth
of crystals during the solidification of metals and alloys is
intriguing in nature. It is one example of those self-organizing
systems studied by scientists for years [1]. The microstructure
developed during solidification is vital for metallic products
as it is the starting point of the following solid-state manu-
facturing processes. Specifically, it dictates the selection of
metal-forming processes, the design of heat treatment, and a
few final properties of the product.

The solidification of metals and alloys is a complex
process. Microscopically, solidification proceeds by the move-
ment of the solid-liquid interface, accompanied by the change
of interfacial curvature, the release of latent heat, and the par-
titioning of solute atoms (for alloys). The growth of the solid
phase is controlled by the diffusion fields in the neighborhood
of the solid-liquid interface. Thermal diffusion controls the
solidification growth in pure metals. The interface propagates
as the latent heat dissipates. In alloys, the interface kinetics is
complicated by the partitioning of the solute elements across
the solid-liquid interface, which is a much slower diffusion
process than thermal diffusion. Therefore, although the so-
lidification process of alloys also involves the production of
substantial latent heat, the interface is typically controlled by
solute diffusion.

Reversely, the interface velocity influences the thermal
diffusion and solute diffusion by generating the latent heat
and changing the solute partition, respectively. The produc-
tion rate of latent heat is proportional to interface velocity.
Higher interface velocity leads to a heated interface. Solute
partitioning is also affected by interface velocity but in a
complex manner. For dilute alloys, the dependence of partition

coefficient k, the ratio of solute concentration in the solid
(cs) to that in the liquid (cl ), on the interface velocity vn is
given by [2]⎧⎪⎪⎪⎪⎪⎨
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where ke is the equilibrium partition coefficient, vn is the in-
terface velocity, vD = Dl/δ is the interface diffusion velocity,
Dl is the diffusivity of the solute in the liquid, and δ is the
atomic jump distance in the liquid. For metals and alloys,
vD is on the magnitude of 10 m/s [3,4]. For small velocity
(vn � vD), the partition coefficient can be approximated us-
ing the continuous-growth model [5,6], i.e.,
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)
/
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)
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When the interface velocity is high enough, partial or no
solute partitioning may happen. This phenomenon is called
solute trapping [7]. In the case of complete solute trapping
(k = 1), the interface of the solidifying alloy is controlled by
thermal diffusion alone.

To facilitate the discussion, the thermodynamics of solidi-
fication is briefly analyzed below following Baker and Cahn
[8]. Figure 1 shows a schematic phase diagram (lower panel)
and its corresponding molar Gibbs free energies of solid (α)
and liquid (L) phases at temperature TP (upper panel) of an
A-B dilute alloy. The phase diagram is divided into four re-
gions: liquid, region I, region II, and α (region III). Regions I
and II make up the α+liquid two-phase field and are separated
by the so-called T0 line. The T0 line denotes where the molar
Gibbs free energy of the liquid and that of α are equal. The
complete solute trapping and steady-state growth are only
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FIG. 1. Phase diagram of dilute alloy and its Gibbs free-energy
curves at T = TP. T0 denotes where molar Gibbs free energy of liquid
phase and solid (α) phase are equal. Liquidus, solidus, and T0 line
defining three regions.

allowed in region II and region III (single α-phase region)
[8]. In region II, a high interface velocity (� vD) is required
to achieve complete solute trapping as the solute partitioning
is energetically favored. However, in region III, partitioning
is no longer thermodynamically required. When the interface
gets into this region, it becomes thermal diffusion controlled
automatically no matter how slow it moves. Generally, when
the interface temperature drops below solidus and gets into
region III, the undercooling is exceptionally large, and the
interface velocity is correspondingly high. In summary, there
are two scenarios where the solidification of an alloy can be
completely controlled by thermal diffusion: (1) the interface
lies in region II and its velocity is high enough (� vD), or (2)
the interface lies in single α-phase region (below solidus).

The existence of the switching between solute diffusion-
controlled growth and thermal diffusion-controlled growth in
the solidification of alloys has been confirmed experimentally.
Evidence for thermal diffusion-controlled alloy solidification
was demonstrated by electromagnetic levitation experiments
[9,10]. With the changing initial undercooling, the solidifica-
tion growth velocity was found to change accordingly. At a
critical undercooling, a sudden rise in the growth velocity is
observed. Partitionless solidification or diffusionless solidifi-
cation was also observed when undercoolings are above the
critical value. But, how the critical undercooling related to the
solidus or T0 temperature of the alloy was not studied.

In rapid solidification of alloys, such as melt spinning
and additive manufacturing (AM), where large undercooling
and high growth velocity are possible, the switching between
solute diffusion-controlled and thermal diffusion-controlled
solidification growth may happen. The switching of control
mechanisms is manifested by the variation of microstructural
patterns. For instance, Chu et al. [11,12] reported dramatic

microstructure variation in the Al-2 wt. % Fe melt-spun rib-
bon, from microcellular on the chill side to coarse cellular on
the air side. It is found that the observed sharp microstructural
change is due to the switching of the control mechanisms [13].
In AM of alloys, the switching of control mechanisms is also
possible. As the solidification rate eventually catches the mov-
ing speed of the heat source, the solidification front becomes
completely thermal diffusion controlled. In addition, layered
microstructures across the melt pool appear in numerous al-
loys [14–29], indicating a sudden change or changes of the
controlling variables during the solidification in AM. How-
ever, whether the switching of control mechanisms happens
in the AM and how it affects the formation of microstructural
patterns is unanswered, which may be due to the experimental
difficulties in measuring temperature, solute concentration,
and velocity of the interface in situ.

In this paper, we focus on the dynamics of the solidification
front and investigate if the switching of control mechanisms
occurs and how it affects the development of microstructures
during the solidification in metal AM. Since almost none of
the critical variables of the solidification front can be moni-
tored directly, this research is led by computational modeling
and assisted by in situ measurement of growth velocity and ex
situ microstructure characterization. The rest of the paper is
structured as follows. Section II briefly introduces the phase-
field model employed and how the solidification of the melt
pool is modeled. Then, the model is tuned to the in situ x-ray
imaging experiment and validated against AM experiments
of an Al-Si alloy in Sec. III A. The variation of the control
variables during the entire solidification process is revealed,
and the switching of control mechanisms at the solidification
front is confirmed. In Sec. III B, the switching of control
mechanisms is further analyzed using Al-4 at. % Cu as an
example. Then, the layered structures observed in AM and
how they are related to the switching of control mechanisms
are discussed. Finally, Sec. IV concludes the findings.

II. PHASE-FIELD MODEL AND SYNCHROTRON X-RAY
IMAGING EXPERIMENT

A. Phase-field modeling of rapid solidification

In this study, we employed a phase-field model of rapid
solidification for dilute binary alloys with coupled solute and
thermal diffusion [30]. The governing dynamic equations in
one dimension are given by [30–32]

τ
∂φ

∂t
= W 2∇2φ + φ − φ3 − λ

×(θ + Mc∞U )(1 − φ2)
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where φ is the order parameter denoting liquid (φ = −1)
and solid phase (φ = 1), t is time, θ = T −TM−mc∞

L/cp
is the di-

mensionless undercooling, T is the temperature field, TM is
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TABLE I. Material properties used in phase-field simulations.

Parameters Al-4 at. % Cu Al-11.28 wt. % Si

Melting temperature for pure solvent TM (K) 933.47a 933.47a

Equilibrium partition coefficient ke 0.212a 0.2473a

Equilibrium liquidus slope m (K/wt%) −3.465a −8.627a

Nominal composition c∞ (wt%) 8.94 11.28
Latent heat L (J/m3) 9.47 × 108 [37] 1.07 × 109 [38]
Heat capacity cp (J/k/m3) 2.81 × 106 [18] 2.40 × 106 [39]
Interfacial energy γ (J/m2) 0.158 [40] 0.158 [40]
Capillary length d0 = γ TMcp/L2 (m) 4.63 × 10−10 3.902 × 10−10

Solute diffusivity in liquid Dl (m2/s) 3.0 × 10−9 [41] 4.45 × 10−9 [39]
Thermal diffusivity α (m2/s) 6.23 × 10−5 [42] 3.7 × 10−5 [41]
Diffusion velocity for solute trapping vPF

D (m/s) 2.0 [43] 1.51b

Phase-field mobility Mφ (m3/J/s) 5 0.5
Interface thickness δ (m) 5 × 10−9 5 × 10−9

aFitted to binary-phase diagrams generated by THERMO-CALC using TCAL7 database.
bDetermined by fitting to continuous growth model [5,6] [Eq. (2)] using vD = 6.52 m/s [39].

the melting temperature of pure solvent, m is the liquidus
slope of the dilute alloy phase diagram, c∞ is the nominal
concentration of the alloy, L is the latent heat, cp is the spe-
cific heat at constant pressure, U = 1

1−k [ 2c/c∞
1+k−(1−k)φ − 1] is the

dimensionless concentration, c is the concentration of solute
atoms, k is the partition coefficient, α is the thermal diffusivity
(assumed the same for both liquid and solid), Dl is the so-

lutal diffusivity in the liquid,
⇀

jat = atW [1 + (1−k)U ] ∂φ
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⇀
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|
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is the antitrapping current [33,34], λ = 15L2

16HcpTM
is a coupling

constant, H = 3γ /δ is the height of the energy barrier for
the energy double well, γ is the interfacial energy, δ is the
interface thickness, M = −m(1−k)

L/cp
is the scaled magnitude of

the liquidus slope, m is the liquidus slope of the dilute alloy
phase diagram, τ = 1/(HMφ ) is the relaxation time, Mφ is the
phase-field mobility related to the movement of the interface,
and W is related to the width of the diffuse solid-liquid inter-
face [35] (in this work we chose W = δ/2

√
2).

To consider the solute-trapping effect, at in the antitrap-

ping current term
⇀

jat is set to be dependent on φ, i.e., at =
1−A(1−φ2 )

2
√

2
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D W is the trapping parameter [36]. vPF

D

can be numerically calculated by solving the transcendental
relationship between interface velocity vn and nonequilibrium
partition coefficient k(v) [36]:

k(v) = ke exp

(√
2(1 − k(vn))vn

vPF
D

)
. (2)

The parameters used in this study are listed in Table I.
The only unknown parameter is the phase-field mobility Mφ ,
which can be determined by fitting to the measured velocity
of the solid-liquid interface. The detailed numerical testing,
validation, and exploration of interface kinetics, solute trap-
ping effect, and thermal diffusion of this model can be found
in literature [30] and its Supplemental Materials.

In this study, we focus on the dynamics of solid-liquid
interface and how it produces the microstructure during the
entire solidification of a melt pool. It should be noted that
the fusion-type AM process is very complicated and involves

many physical processes in different length scales. The inter-
face dynamics, which is our focus in this study, is a physical
event happening at the microscopic scale. The AM process
is also accompanied by many mesoscale physical processes,
such as dynamics of the heat source and its interaction with
the powders, the 3D flow effects driven by temperature,
surface tension, Marangoni convection, and recoil pressure,
surface cooling, and so on. Considering all those phenomena
in one multiscale multiphysics model is desirable. However,
the model will become extremely complex [44–46], and the
linkage between microscopic and mesoscale phenomena will
be very challenging. In addition, the physics of a microscopic
phenomenon, such as the switching of control mechanisms,
may become difficult to separate from such a complex model
for further study. Therefore, those mesoscale phenomena
are neglected in this study due to their limited impacts on
the interface dynamics at the microscopic length (a few
nanometers) and time scale (less than 1 µs).

To compare with experiments, we chose to study the reso-
lidification of the melt pool in Al-4 at. % Cu thin film and the
resolidification of the melt pool in Al-11.28 wt. % Si bulk.
To better capture the essential physics of the microstructural
evolution during the entire solidification process, we used a
hemisphere and a circle to approximate the geometries of the
melt pools in the bulk [3D, Fig. 2(a)] and in the thin film
[2D, Fig. 2(b)], respectively. The melt-pool center is the center
of the circle or the center of the hemisphere (denoted as the
origin O). The melt-pool boundary is the circumference of
the circle or the outer surface of the hemisphere. Hence, both
simulations can be performed in 1D using a spherical coor-
dinate system, which dramatically lowers the computational
cost while still capturing the physics.

In this 1D model, the heat flow is predominantly along the
radial direction pointing to the melt-pool boundary as illus-
trated in Fig. 2(b). Since the growth direction is antiparallel
to the direction of heat flow due to the substantial thermal
gradient, the growth front moves from the melt-pool boundary
to the melt-pool center along the radial direction. Thus, the
dynamics of the solid-liquid interface can be captured in 1D.
It should be noted that the solid-liquid interface described by
this 1D model is the growth front or the solidification front.
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FIG. 2. Phase-field model setup. (a) Three-dimensional schematic of hemispherical melt pool. (b) Top view of melt pool, and zoom-in of
growth front and solidifying dendrites with velocity of vn. Major heat-flow direction is pointing out to melt-pool boundary radially.

As illustrated in Fig. 2(b), the velocity of the growth front is
the same as the interface velocity of the primary dendrite tip
(or cell tip for cellular structures). The velocities of the side
interface of the primary dendrites or cells as well as those of
the secondary branches are different from the velocity of the
growth front vn. The temperature and solute composition of
those interfaces are also different from those at the growth
front. The dynamics of those interfaces controls the formation
of grain boundaries, microsecregation, formation of interden-
dritic phases, and so on. To fully describe those interfaces
and the resulting microstructures, 2D or 3D models with
anisotropic kinetics and anisotropic interfacial energies are
needed. In this work, we focus on the dynamics of the growth
front and the formation of the primary solid phase, which
forms the skeleton of the final microstructure. Therefore, we
ignore the interfaces behind the solidification front because
they have minimum influences on the dynamics of the growth
front. As will be discussed in the following sections, this 1D
model is sufficient to capture all the ncecessary characteristics
of the rapid solidification to explain the development of the
observed microstructures.

B. Synchrotron x-ray imaging of the solidification front

A high-speed, high-resolution hard x-ray imaging exper-
iment was conducted at beamline 32-ID-B of the Advanced
Photon Source at Argonne National Laboratory (Lemont, IL).
The primary objective of the experiments was to investigate
the real-time dynamics of the melt pool and solidification rate.
In the in situ experiments, AlSi10Mg plates, with a dimension
of 40 mm long × 3 mm wide × 1.1 mm thickness, were used.
The electron beam with an accelerating voltage of 60 keV,
emission current of 1.8 mA (power of 108 W), beam size of
200 µm and duration time of 3 ms was utilized to perform spot
melting on AlSi10Mg substrate. The experiment is to simulate
the cooling condition in the powder-bed fusion process under
conduction-mode melting in the transverse cross section. The
melt pool is also designed to match the simulation domain
shape, i.e., a hemisphere-shaped melt pool generated by spot
melting. More details about the synchrotron x-ray experiment
can be found in previous publications [47–50].

Figure 3 presents a comprehensive outline of the method-
ology employed to track the solid-liquid interface and
determine the solidification rate during solidification of
AlSi10Mg using high-speed x-ray imaging. The depth
(∼ 194 µm) and width (∼ 227 µm) of the generated melt
pool shown in Fig. 3 are comparable to the depth and width

of the transverse cross section of the melt pool observed
in the powder-bed fusion process [14,15]. In order to calculate
the solidification rate, an initial image-processing step was
conducted using IMAGEJ, following the approach described
in Ref. [48]. This image-processing step aimed to enhance
the visibility of the melt-pool boundary. Figure 3(a) shows
a representative processed x-ray image during the solidifica-
tion process, where the solid-liquid interface is prominently
discernible.

The tracking of the solid-liquid interface was accom-
plished by manually tracing the interface at each timeframe,
employing a set of discontinuous scattered points. A ninth-
order polynomial equation was used to fit these discontinuous
scattered points to obtain a fitted curve to represent the solid-
liquid interface. Subsequently, the normal direction at any
specific point along the solid-liquid interface was determined
by calculating the first-order differentiation of the ninth-order
fitted curve, as depicted in Figs. 3(b) and 3(c). The solid-
ification rate is then determined by taking the distance the
solid-liquid interface travels divided by the corresponding
time it takes to cover that distance. This calculation can be
expressed using the following equation:

vi = di

ti − ti−1
, (3)

where i is the interface of interest, vi is the solidification rate
of interface i, and di is the distance the solidification front
travels from time ti−1 to time ti. The vi corresponds to the
vn in Fig.2. The time interval between two frames used for
calculating the solidification rate is 40 µs.

C. Tuning the phase-field model

To compare with the synchrotron x-ray imaging experi-
ment, the setup of the phase-field simulation is as follows.
Al-10Si is used as the binary approximation to AlSi10Mg
since Mg stays in the solid solution phase during the
solidification and may only form secondary solid phase in the
interdendritic region in the final stage of the solidification. The
thermal boundary condition applied at the melt-pool center
is no flux. At the melt-pool boundary, an interfacial thermal
conduction boundary condition is enforced, i.e., −K ∂T

∂x =
−h(T − T∞), where K = αcp is the thermal conductivity,
h = 1.5 × 106 W m−2 K−1 is the heat-transfer coefficient
[51], and T∞ = 300 K is the temperature of the substrate.
No-flux boundary condition is applied to both θ (normalized
temperature) and U (normalized composition). The mesh size
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FIG. 3. Solid-liquid interface evolution and method for determining solidification rate. (a) Representative processed x-ray image showing
melt pool and solid-liquid interface during solidification of AlSi10Mg. (b) The moving trajectories of the points on the solid-liquid interface
along the normal direction (indicated by green lines). (c) Growth trajectories of the solid-liquid interface from ti−1 to ti+1 during the
solidification process. The yellow line indicates solid-liquid interface. (d) Position of solidification front (distance from melt-pool boundary) as
a function of time. The phase-field simulation is compared with the x-ray imaging experiment. Uncertainty for melt-pool measurement is 2%.

dx is chosen to be 0.8 W, and the overall simulation size is
150 000 dx (equivalent to 212 µm), which is very close to the
melt-pool size of the experiment (the radii of semimajor and
semiminor axes are 227 and 194 µm, respectively). The time
step dt is 0.01τ .The simulation starts with a uniform tem-
perature of 1200 K and uniform composition c∞ = 10 wt. %
Si in liquid state (φ = −1). Once the melt-pool boundary
reaches liquidus temperature, a tiny portion at the melt-pool
boundary is set to be solid (φ = 1) to mimic the conditions
for epitaxial growth, a typical solidification mode in AM [52].
The simulation completes when 99.9% simulation domain is
solidified.

Figure 3(d) compares the position of the solidification front
as a function of solidification time from both synchrotron
x-ray imaging and tuned phase-field simulation. Due to the
difficulty in determining the starting point of the solidification,
which has a very small initial velocity, a 200-µs offset (10
frames) is applied. The phase-field mobility is found to be
around 0.5 m3/J/s.

III. ANALYSIS AND DISCUSSION

A. The resolidification of a melt pool in Al-11.28 wt. % Si

To understand the development of microstructures during
AM, we simulated the resolidification of a melt pool of
Al-11.28 wt. % Si, which has been studied experimentally
[22]. The simulation setup is the same as in Sec. II C, except
for the alloy composition, c∞ = 11.28 wt. % Si. The tuned

phase-field mobility (Mφ = 0.5 m3/J/s) for AlSi10Mg in
Sec. II C is used for this alloy because of their similarity in the
alloy composition. The simulation results of the solidification
front throughout the entire solidification of the melt pool
and the microstructure from experimental observations are
compared in Fig. 4.

As shown in the middle panel of Fig. 4(f), the solidification
of the simulated melt pool consists of a low-velocity stage
and a high-velocity stage. At the beginning of the first stage,
the temperature of the solidification front decreases dramat-
ically, while the growth velocity remains low (∼ 0.02 m/s).
The composition of the solid phase is lower than the alloy
composition due to solute partitioning. Therefore, the initial
stage is solute diffusion controlled.

When the interfacial temperature drops below a critical
temperature, the interface velocity increases significantly [see
the sharp increase of the velocity in the middle panel of
Fig. 4(f)]. The sudden increase of the velocity leads to the
rapid release of latent heat and, consequently the increase of
interfacial temperature, i.e., the recalescence. Then, the solid-
ification enters the second stage with a much higher velocity
and relatively constant temperature. The composition of the
solid phase is the same as the alloy composition, suggesting
a diffusionless solidification occurs at the solidification front.
As shown in the top panel of Fig. 4(f), the temperature of the
solidification front is lower than the solidus, which indicates
the growth is now controlled by thermal diffusion. This is sce-
nario (2) discussed in thermodynamic analysis in Sec. I, where
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FIG. 4. Microstructure development of melt pools for hypoeutectic Al-Si alloy with composition close to eutectic point. (a)–(e) Scanning
Electron Microscopy (SEM) micrographs showing columnar dendrites and microcellular morphology at different points of sample in laser-
deposited Al-11.28% Si (reproduced with permission from Ref. [22]). (f) Phase-field simulation of Al-11.28% Si. Calculated instantaneous
concentration (wt. %) of solid side of interface, interfacial temperature, and interface velocity are plotted as functions of distance to melt-pool
boundary. Inset is setup of phase-field simulation of hemisphere melt pool in 1D spherical coordinates with interfacial thermal conduction on
left boundary and nonflux boundary condition on right.

the system lies in the single α-phase region. The predicted
growth velocity of this stage (0.1 ∼ 0.2 m/s) is similar to
the experimental measurement from a selected laser-melting
study on AlSi10Mg [39]. This rapid increase in velocity is
expected to cause sudden refining of the microstructures and
consequently develop a sharp boundary separating coarse and
fine structures. In the laser-deposited Al-11.28 wt. % Si sam-
ples, a clear two-layer structure was observed as shown in
Figs. 4(a)–4(c). The coarse dendritic structure developed near
the melt-pool boundary, followed by a clear transition to finer
dendritic/microcellular structures. The width of the coarse
structures developed in the initial stage depends on the cooling
rate enforced at the initial boundary of the melt pool. For this
simulation, the width is about 20 µm, which is consistent with
the observed coarse band in the AM of AlSi10Mg [14,15] and
Al-11.28 wt. % Si [Figs. 4(b) and 4(c)] [22].

The phase-field simulation also predicted a composition
variation in the resulting solid, as shown in the bottom panel of
Fig. 4(f). The predicted solute concentration becomes higher
than the alloy composition c∞ as the solidification approaches
the end of the first stage (or getting close to the boundary of
the coarse band). The calculated peak solute concentration
is even higher than the eutectic composition (12.6 wt. %
Si), which may trigger eutectic growth mode. This predic-
tion is also confirmed experimentally in the laser-deposited
Al-11.28% Si alloy [22]. As shown in Figs. 4(c) and 4(e),
colonies of fine eutectic structures are observed next to the
band of microcellular structures. The size of those eutectic
colonies is about 5 µm wide, consistent with the phase-field
predictions.

In summary, the resolidification of the entire melt pool of
Al-11.28 wt. % Si is simulated using the tuned phase-field
model. The evolution of the controlling variables (veloc-
ity, temperature, and composition) at solidification front are
consistent with the microstructures observed in the laser de-
position experiment of Al-11.28 wt. % Si [36]. Combining the
phase-field simulation results and the microstructure observed
experimentally, the following conclusions can be made: (1)
the whole solidification process at the solidification front can
be naturally divided into solute diffusion-controlled initial
transient and thermal diffusion-controlled steady-state stage;
(2) the switching of control mechanisms leads to a significant
velocity jump, which results in the formation of layered struc-
tures; and (3) a slight increase in the solute concentration is
also observed near the end of the first stage, which leads to
the formation of eutectic colonies between the two layers.

B. The resolidification of Al-4 at. % Cu thin film

To further understand the switching of control mechanisms
in the rapid solidification of alloys, we focus on the resolid-
ification of aluminum alloy thin films in this section. Due
to the limitations of current characterization techniques, the
experimental studies that capture the dynamics of the solid-
liquid interface during rapid solidification are rare. Among
those interface variables, only the velocity of the solidifi-
cation front can be measured using in situ x-ray imaging
[53] or in situ transmission electron microscopy (TEM) [54].
Recently, McKeown et al. studied rapid solidification dy-
namics of pulsed laser-melted Al-Cu and Al-Si thin film
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FIG. 5. Optical micrograph of pulsed laser-induced melt pool of Al-4 at. % Cu alloy thin film. (a) Morphologically distinct microstructural
zones of solidification microstructure are marked by labels 1, 2, and 3a, respectively. (b) STEM high-angular annular dark-field (HAADF)
image of heat-affected zone (zone 1), transition zone (zone 2), and cellular or columnar rapid solidification growth zone (zone 3a). (c) Cu
composition heat map of (b) from 0 at. % Cu (dark blue) to 33 at. % Cu (red). (Reproduced with permission from Ref. [56].)

alloys using in situ TEM with high spatial and temporal
resolution [55–59]. The solidification front was directly ob-
served during the solidification, enabling measurements of the
evolving interface velocity. In addition, they found that the
developed microstructure has two to three zones with distinct
microstructural features, including grain morphology, solute
composition, and phases. Figure 5 shows those microstruc-
tural features of a rapidly solidified Al-4 at. % thin film [56].
In this section, we used Al-4 at. % Cu thin film as an example
to investigate the dynamics of the solidification front dur-
ing the entire solidification process by phase-field modeling.
Followed by the validation with experimental observations
[56,57], we show that the solidification growth switched from
solute diffusion-controlled to thermal diffusion-controlled,
and how it leads to the formation of observed zones with
distinct morphologies.

In the phase-field simulation, we used a circle to approx-
imate the true elliptical laser-induced melt pool [56–58]. As
illustrated in Fig. 2(a), the origin O is the center of the melt
pool, and the circumference is the melt-pool boundary. The
whole system was simulated in 1D using a spherical coordi-
nate system. In the simulation, the mesh size dx is chosen to
be 0.8 W, and the total simulation size is 35356 dx (equivalent
to 50 µm). The time step dt is 0.01τ . The thermal boundary
condition of the center of the melt pool is no flux. On the other
end of the simulation domain, which is the boundary of the
melt pool, a fixed cooling rate is applied. No-flux boundary
condition is applied to both θ (normalized temperature) and
U (normalized composition) on both ends of the simulation
domain. The simulation starts with a uniform temperature
of 1200 K and uniform composition c∞ = 8.936 wt. % Cu
(equivalent to Al-4 at. % Cu). A small solid seed (φ = 1)
is placed on the melt-pool boundary, and the rest of the
simulation domain is set as liquid (φ = −1). The simulation
completes when 99.9% simulation domain is solidified.

Since the best thermal boundary condition for simulating
the resolidification of the melt pool in a thin film is unknown,
we tried three cooling rates of different magnitudes (106, 107,
and 108 K/s) on the melt-pool boundary to find the best fit.
Figure 6(a) shows the evolution of the growth velocity as
the interface propagates from the melt-pool boundary to the

melt-pool center for each cooling rate. A clear velocity jump
is shown in each interface velocity curve. Correspondingly,
the temperature of the solid-liquid interface shows a rapid
decrease followed by a clear plateau or a slow decline. Those
evolutions of the interface indicate a clear two-stage growth
behavior, leading to a sharp transition in resulting microstruc-
tural features. From the width and velocity of those two stages,
we believe that the two stages correspond to zone 2 and zone
3 defined in the experimental work [56–58] (as illustrated in
Fig. 5), respectively.

For relatively low cooling rates (106 K/s), the profiles of
the interface temperature show clear recalescence at the end
of the initial transient. This is due to the abrupt increase in the
growth velocity, which significantly accelerates the produc-
tion rate of latent heat and consequently heats up the interface,
causing the recalescence. Then, the growth velocity slows
down due to the higher interface temperature or lower under-
cooling. Therefore, the recalescence is followed by a decline
in the growth velocity as shown in the lower panel of Fig. 6(a).
It should be noted that the decline in velocity after the ini-
tial abrupt jump was also observed in the resolidification
experiment of Ti6Al4V [60]. At higher cooling rates, above
107 K/s, no clear recalescence is observed because all the
heat diffuses quickly to the solid side. After the decline, a
slight increase in the velocity near the end of the solidifica-
tion is also observed in each growth-velocity plot. Similar
increase in velocity was also shown in laser-remelting Al-
Cu experiments [56,59] and Ti6Al4V experiment [60]. This
increase is a result of the geometry effect. Due to the decreas-
ing interfacial area of the solidifying circular thin film, the
growth velocity must increase to generate enough latent heat
to meet the fixed cooling-rate requirement on the melt-pool
boundary.

As shown in Fig. 6(b), the cooling rate of 107 K/s shows
a better agreement with measured velocity [58]. (Since the
major and minor axes of the ellipsoid are not equal, we nor-
malized the size of the melt pool for a better comparison.)
Hence, we chose the results of 107 K/s in the following anal-
ysis and discussion.

Figure 6(c) shows the evolution of the solid composition
and interface velocity as the growth front moves from the
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FIG. 6. Evolution of temperature, velocity, and solute concentration at solidification front during resolidification of melt pool in Al-4
at. % Cu thin film simulated by phase-field model. (a) Interface temperature and interface velocity vs distance from melt-pool boundary with
different cooling rates. (b) Comparison of measured growth velocities of both semimajor and semiminor axes [58] with simulations. For better
comparison, size of melt pool is normalized. (c) Evolution of solute concentration and growth velocity as interface moves from melt-pool
boundary to center with cooling rate of 107 K/s enforced at melt-pool boundary. Measured solute concentration [56] shows good agreement
with simulation. (d) Solute concentrations on both sides of solid-liquid interface as melt pool solidifies with cooling rate of 107 K/s enforced
at melt-pool boundary. Solid lines are guide for eyes.

melt boundary to the melt-pool center. The width of the first
stage is about 2 µm, which agrees well with size of zone 2
(shown in Fig. 5) [56]. The calculated solute concentration
profiled in the first stage also agrees well with the measured
solute composition along the radial direction in zone 2 of the
melt pool [56]. Those pieces of evidence further prove the
credibility of our phase-field simulations.

Figure 6(d) shows the evolution of temperature and
compositions on both sides of the solidification front from the
simulation with the cooling rate of 1 × 107 K/s enforced at
the melt-pool boundary. Together with the interface velocity
[Fig. 6(c)], the evolution of the interface during the entire
solidification process can be explained as follows. The
solidification of the melt pool started from the solid outside
the melt-pool boundary. Because the solid has the same crystal
structure, almost no undercooling is required for nucleation.
Hence, the initial temperature of the interface is exactly the
equilibrium liquidus, and the initial interface velocity is zero.
The solute concentration on the liquid side follows the equi-
librium partition coefficient, which lies on the liquidus line. At

this point, the interface is clearly solute diffusion controlled.
As the solidification continues, the interface temperature
decreases, while the growth velocity increases, which causes
solute trapping and reduces the partition coefficient. Hence, a
small deviation of the solute concentration on the liquid side
of the interface from the liquidus line emerges. The increasing
interface velocity also leads to the decrease in the characteris-
tic length of solute diffusion (l0 = Dl/vn). Consequently, the
solute concentration of the solidifying solid keeps increasing
and results in a solute-rich band [61], as shown in Figs. 6(c)
and 6(d). This explains why the solid concentration can reach
as high as cS1 (> c∞). As the interface temperature continues
to decrease, the solute concentration on the solid side
stops increasing and falls back to the nominal composition,
cS2 = c∞. The interface becomes thermal diffusion controlled
and the solidification becomes diffusionless (complete solute
trapping). Consequently, the solute concentration on the
liquid side of the interface sees a quick drop from cL1 to cL2.
Thus, the interface gets into a steady state with a relatively
steady temperature and velocity until it approaches the end,
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FIG. 7. Layered structures in melt pool. (a) Schematic of three-layered melt-pool structure. (b) Schematic of two-layered melt-pool
structure. (c) SEM image of three-layered structure in melt pool of Al-15Ce-9Mg alloy (reproduced with permission from Ref. [23]). (d) SEM
image of melt pool in AM-fabricated AlSi10Mg showing coarse-to-fine structural transition (reproduced with permission from Ref. [14]). (d)
Bimodal grain structures in AM-fabricated Al-Mg-Zr alloy (reproduced with permission from Ref. [29]).

where an increase in velocity and a decrease in temperature
are observed as a result of the geometry effect.

Therefore, it is logical to divide the resolidification of
the melt pool into two stages: (I) solute diffusion-controlled
initial transient, and (II) thermal diffusion-controlled steady
state. The two stages are separated by the rapid increase in
growth velocity and a sudden drop in solute concentration.
The switching of control mechanisms is caused by the cooling
of the interface but not the increase of velocity. Actually, the
measured vD of dilute Al-Cu alloy is 6.7 m/s [3], which is
much higher than the measured maximum growth-velocity
values [58]. Complete solute trapping in region II is unlikely
to happen during the resolidification of the melt pool with a
cooling rate less than 108 K/s.

C. Layered structures developed in the melt pools
of additive manufacturing

From the previous two studies, it can be concluded that
switching of control mechanisms happens at the solidification
front during the rapid solidification of melt pools. This switch-
ing is accompanied by the abrupt change in growth velocity,
interface temperature, and solute concentration on both sides
of the interface. However, none of those sudden changes can
be easily captured in situ experimentally, even using the most
advanced in situ synchrotron x-ray imaging or in situ TEM.

In addition, due to the sideways thermal diffusion, the
temperature behind the solidification front may be higher
than the solidus, especially inside the interdendritic region,
leading to the formation of secondary solid phases and solute
segregation. [See the high-Cu areas in zone 3a in Fig. 5(b)
for example.] Hence, the overall microstructure is complex in
both parallel and perpendicular directions to the solidification
front moving direction, which makes it challenging to find
evidence for the switching of control mechanisms.

Nevertheless, the signature sudden velocity changes due to
switching of control mechanisms can still be inferred from
the analysis of microstructural features of the as-solidified

structures. Since the fineness of the dendrites or microcellular
structures is determined by the growth velocity, such abrupt
change in growth velocity due to switching of control mech-
anisms is expected to introduce banded structures in the melt
pools with the coarse band next to the melt-pool boundary.
Many coarse-fine layered structures similar to Al-11.28 wt. %
Si [Figs. 4(a) and 4(b)] are also observed in additively man-
ufactured alloys [Fig. 7(d)] [14,15]. The size of the coarse
band depends on the cooling rate as well as the freezing range
(difference between liquidus and solidus) of the alloy system.
Larger freezing range and slow cool facilitates the formation
of larger coarse bands. Therefore, for dilute alloys, which
typically have small freezing ranges, the coarse band may be
too small to observe.

In addition to the solidification structure change (the
fineness), variations in phase selection and grain-structure
selection can also be introduced by the evolution in com-
position, temperature, and velocity at the solidification front
during AM, which makes melt-pool structure even more
complicated. Various inhomogeneous microstructures with
two or three layers or zones inside melt pools are ob-
served. The schematics of those layer-structured melt pools
are illustrated in Figs. 7(a) and 7(b). Depending on alloy
chemistries and processing parameters, the individual layer
may be filled with primary intermetallic particles, eutectic
structures, cellular/dendritic structures, or superfine equiaxed
grains. Figure 7(c) shows an example of a three-layered struc-
ture observed in the melt pool of Al-15Ce-9Mg alloy [23],
where a microstructural transition of larger primary particles
→ finer primary particles → dendritic structure is exhibited.
Figure 7(d) shows the bimodal grain structures in the melt
pool, which may be a result of the formation of potent nu-
cleating intermetallic particles and the switching of control
mechanisms. A summary of those layered structures reported
in the literature is shown in Table II. Those inhomogeneous
layered structures observed in AM strongly suggest that the
complex inhomogeneous microstructure developed in the melt
pool during AM processes is generic.
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TABLE II. Layered microstructures observed in melt pools of AM.

Alloy systems

AlSi10Mg [14,15],
Al-11.28Si [22],
Al-2.5Fe [24,25],
Al-6Cu-6Ce [26] Al-Ce [62]

Al-Ce-Mn [27],
Al-15Fe [28],

Al-11Ce-7Mg [23] Al-15Ce-9Mg [23]

Sc and/or Zr
containing Al

alloys [16–21,29]

Layer 1 Coarse
cellular/dendritic

Eutectic Intermetallic
particles

Large primary
particles

Superfine equiaxed
grains

Layer 2 Fine
cellular/dendritic

Mixed (eutectic and
cellular)

Eutectic Fine primary
particles

Coarser columnar
grains

Layer 3 NA Cellular NA Dendritic NA

From the perspective of alloy development, the formation
of those layered structures adds another dimension for mi-
crostructure manipulation and property tuning. Suppressing
the development of those inhomogeneous layered structures
can help to form a uniform microstructure throughout the
AM-fabricated component and hence to achieve uniform
properties. On the other hand, expanding certain layers may
be beneficial for certain applications. For instance, increasing
the fraction of those layers containing primary intermetallic
particles can improve the material performance at elevated
temperatures, which is a major direction of current Al alloy
development in the industry. However, the fundamental under-
standing regarding the complex melt-pool microstructure de-
velopment in AM represents a significant knowledge gap. The
switching of control mechanisms is just one facet of the mi-
crostructure development in the rapid solidification of a melt
pool. A phase-field model with multisolid phases is needed
to further explore the phase selection and grain-structure se-
lection and how they are coupled with solidification-structure
selection to influence the final microstructures.

IV. CONCLUSIONS

In this study, we employed a phase-field model calibrated
using synchrotron x-ray imaging to explore the microstructure
development during the rapid solidification of alloys.
It was found that the solidification front of the rapidly
solidifying melt pool undergoes a switching from a
solute diffusion-controlled initial transient to a purely
thermal diffusion-controlled steady state. The thermal
diffusion-controlled solidification is caused by the low
interface temperature rather than the high interface velocity.

The switching of control mechanisms perfectly explains
the observed abrupt growth-velocity jump, the increase in
solute concentration, the formation of eutectic colonies in
a hypoeutectic alloy, and the formation of banded/layered
structures in rapid solidification experiments. As many
inhomogeneous layered/banded structures emerge in AM,
it indicates that the switching of control mechanisms is
likely a generic phenomenon for AM processes and can be
coupled with other solidification modes to form complex
inhomogeneous structures inside a melt pool. Understanding
the switching of control mechanisms is the first step to
unveiling the complexity of the microstructure development in
those additively manufactured alloys. It also opens a horizon
for AM alloy design by manipulating the inhomogeneous mi-
crostructures to achieve optimized properties. This work is a
significant stepping stone towards connecting AM processing
to microstructure development, which eventually enables AM
to print the desired properties on top of the desired geometries.
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