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Oxygen and aluminum tracer diffusion in (−201) oriented β-Ga2O3 single crystals
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β-Ga2O3 is an ultrawide band-gap semiconductor with importance for various technological applications.
We investigated the tracer diffusion of oxygen and aluminum (as a substitute tracer for gallium) in (−201)
oriented β-Ga2O3 single crystals between 1100 and 1600 ◦C. Isotope enriched 18O2 gas or ion-beam sputtered
thin films of Al2O3 were used as a tracer source. The isotope depth profiles were analyzed by secondary ion
mass spectrometry. The Al diffusivities are by two orders of magnitude higher than the O diffusivities. Activation
enthalpies of diffusion of about 4.2 eV for Al and 5.0 eV for O were derived. Possible diffusion mechanisms are
discussed in the framework of density functional theory calculations as known from the literature. As a result, O
interstitials and Ga vacancies are suggested as defects governing diffusion.
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I. INTRODUCTION

The β phase of gallium oxide is an ultrawide band-gap
semiconductor with a band gap of 4.6–4.9 eV [1]. Due to its
multifunctional use in diverse applications this material is be-
coming increasingly important in various fields of technology
[2–11]. Examples are power electronic devices [3,4,12,13],
gas sensing [2,14,15], and solar blind UV photodetection
[3]. β-Ga2O3 is optically transparent to wavelengths of about
260 nm and is also electrically conducting [10], making it
useful as a window on special types of optical devices [3].

The electrical conductivity σ of nominally undoped
β-Ga2O3 crystals can be attributed to unintentional dopants
such as silicon, tin, and/or hydrogen [11,16,17] and it depends
on the oxygen partial pressure by σ ∼ p−1/4

O2 [18]. The mate-
rial can be n doped (Si or Sn) up to 1020 cm3 leading to an
increase of electrical conductivity [3,17,19–22]. It should be
noted that at the moment the understanding of doping and of
the underlying mechanisms (preferential n doping and lack of
p dopants) is currently in the early stage and there is still no
widespread agreement [5,23–26].

The knowledge and study of native point defects [5,26,27]
and their migration play an important role in the fundamen-
tal understanding of the electrical and optical properties of
β-Ga2O3. Point defects are always present in materials and
they are introduced into the material either during crystal
growth or afterwards during postgrowth heat treatment. Bulk
transport of the ionic species is also expected to control redox
kinetics at the surface [2]. Self-diffusion experiments will give
information on possible native defects present in the material
and their mobility as a function of temperature. In addition,
self-diffusion processes are also essential for homogenization
and/or modification of the native stoichiometry of crystals.

Several theoretical papers have been published on point de-
fects, diffusion, and their energetics [1,2,11,13,16,25,26,28–
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32]. Ab initio calculations on β-Ga2O3 are time consuming
due to the low symmetry of the monoclinic crystal lattice
but also due to the ambiguity in the determination of the
interstitial sites and the migration paths [28]. Consequently,
information on defects and defect energies, which are deter-
mined from experimental studies, are important for an overall
understanding. One of these experimental studies are tracer
diffusion experiments as described in the present paper. The
basic aim is to provide diffusion parameters for O and Ga
in β-Ga2O3 single crystals. Oxygen diffusion can be traced
using stable 18O2 tracers with a natural abundance of only
0.2%. In order to measure Ga self-diffusion in principle two
stable tracer atoms are available, 69Ga and 71Ga, with relative
abundances of 60.1% and 39.9% respectively. Due to this
isotope composition, neither of the two isotopes can be used
as a tracer because the natural abundance in natGa is too high
for each. The in-diffusion of the tracer for a detailed analysis
would simply not be visible and will be masked by the back-
ground of natGa. Consequently, Al (27Al) will be used as a
substitute tracer [33]. It is in the same main group in the peri-
odic system as Ga (valence isoelectronic) and the compound
β-Al2O3 is stable also in a different temperature/pressure do-
main. Even if the diffusivities of Al are not expected to be
absolutely identical to those of Ga, the results will be similar
and basic quantities (activation energy, diffusivities) can be
derived in direct comparison to oxygen diffusion. Therefore,
the aim of the paper is to investigate the diffusion of Al
and O in β-Ga2O3. The analysis of the diffusion results in
Sec. IV, which is partly based on the migration of Ga ions,
must be handled with caution. However, respective data on Al
migration in bulk β-Ga2O3 have not yet been published up to
now. Note that conclusions about the doping properties of Ga
cannot be derived easily from the experimental data of Al.

II. EXPERIMENT DETAILS

The β-Ga2O3 single crystals under investigation were ob-
tained from Novel Crystal Technology, Inc., Japan and are
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referred to as unintentionally doped. The crystals were grown
by the edge-defined film-fed method as described in [34]. For
the diffusion experiments, wafers of 5×5×0.5 mm3 were cut
from the crystal and were chemical-mechanically polished.
The surface orientation of the investigated wafers is (−201).
Crystals produced with the given method normally have a low
impurity concentration, while the impurities with the highest
concentration are Si (2.3 wt ppm), Ir (4.9 wt ppm), and Al and
Fe (0.81 wt ppm) according to a publication of the suppliers
[34]. Contamination with hydrogen does not play a significant
role here, because our experiments were carried out at high
temperatures in oxygen [22]. The as-received crystals were
cleaned in isopropanol for several minutes.

Prior to the actual diffusion experiments, the crystals were
isothermally pre-annealed in natural oxygen (99.8% 16O2) gas
at 200 mbar for a period considerably longer than the actual
diffusion time, to achieve thermodynamic and defect equi-
librium at the given temperature, at least at the surface. The
samples were placed on an alumina (Al2O3) holder connected
to a mechanical feed-through manipulator, allowing a rapid
insertion and removal of the sample holder into the hot zone
of a resistance tube furnace within 5 min, or to withdraw it,
respectively.

Actual oxygen diffusion experiments were carried out by
further annealing the pre-annealed samples in 18O2 enriched
gas. The exact isotope 18O2 gas concentration in the furnace
was measured by a residual gas analyzer (RGA 200, Stanford
Research Systems) to be about 94%. During diffusion anneal-
ing isotope exchange between 16O and 18O takes place.

Concerning Al diffusion, tracer deposition was carried out
by placing a thin layer of Al2O3 on top of the β-Ga2O3 single
crystals by ion beam sputtering. Ion-beam sputtering was done
using a commercial setup (IBC 681, Gatan) equipped with two
penning ion sources at a 45◦ beam angle, positioned about
10 cm above the sample. The base pressure of the vacuum
chamber was 5 × 10−7 mbar. Deposition was done at 5 keV
and at 200 µA using argon sputter gas at an operation pressure
of 5 × 10−3 mbar. During deposition, the specimen is rotated
(30 rotations per minute) and rocked (rock angle: 30◦; rock
speed: 12◦ per second) to ensure a uniform coating of the
sample. Commercially available high purity sapphire crystals
(Crystec, Berlin) were used as sputter targets. For the diffu-
sion experiments the prepared β-Ga2O3 single crystals with
sputtered Al2O3 tracer layer on top were annealed in natural
oxygen atmosphere (200 mbar) at the respective temperatures
as described above. After annealing the samples were stored
in a desiccator. Information on temperatures, times, and corre-
sponding diffusivities are given in the Supplemental Material
[35].

Isotope depth profile analysis was done by secondary ion
mass spectrometry (SIMS) using a Cameca ims-3 f /4 f instru-
ment. An O− primary ion beam (14.5 keV, 80 nA) was used.
The sputtered area was about 250 μm × 250 μm wherefrom
20% in the center was gated for further signal processing in
a double focused mass spectrometer. In depth profiling mode,
the secondary ion intensities of 16O

+, 18O
+, 27Al+, 69Ga

+
,

and 71Ga
+

ions were recorded as a function of sputtering time.
Depth calibration was obtained by measuring the crater depth
with a mechanical surface profiler (Tencor, Alphastep).

FIG. 1. (a) SIMS secondary ion intensities of a β-Ga2O3 single
crystal with a tracer layer after deposition (logarithmic scaling).
(b) Relative Al concentration as a function of depth for an as-
deposited sample and samples annealed at different temperatures in
O2 (dots). Also shown are fitting curves according to Eq. (1) as lines.

III. RESULTS

First, the experiments on Al diffusion are discussed.
Figure 1(a) shows SIMS secondary ion intensities of a sample
after pre-annealing and tracer deposition. The Al2O3 sputter
layer is clearly visible by the decrease of the Al signal and
the simultaneous increase of the 69Ga and 71Ga signals. The
maximum intensity of Al and the sum of the two Ga isotopes
is approximately identical, indicating that the ionization prob-
ability of these elements is similar.

In Fig. 1(b) the relative Al concentration in β-Ga2O3 as
obtained from SIMS depth profile analysis before and after
diffusion annealing at different temperatures is displayed as
examples. The SIMS signals of the annealed samples were
normalized to the background level of the as-deposited sample
at large depths. A broadening of the initial thin layer to the
micrometer range during annealing is indicated.
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FIG. 2. Relative 18O fraction as a function of depth for samples
after 18O2 exchange at 1375 ◦C and 1600 ◦C respectively. Also shown
are fitting curves according to Eq. (2).

Without any diffusion annealing the depth profile can be
fitted using the thick film solution to Fick’s second law per-
taining to diffusion across an interface [36],

c(x, t ) = c∞ + 1

2
(c0 − c∞)

[
erf

(
h + x

R

)
+ erf

(
h − x

R

)]

(1)

with c0 ≈ 1 being the relative Al concentration present in the
top layer, c∞ ≈ 0 being the relative Al concentration in the
background, h being the thickness of the Al2O3 sputter layer
(about 150–300 nm depending on the experiment), and R =
R0 = 20 nm being the “width” of the aluminum distribution
at the interface. The diffusion annealed samples were also
fitted by Eq. (1) in order to determine the aluminum tracer
diffusivities. The Al diffusivity DAl is determined from the
difference in the respective broadening R of the Al distribution
of the diffusion profile and of the as-deposited profile R0

according to DAl = (R2 − R2
0)/4t , where t is the annealing

time [37]. The fitting result is displayed as continuous red
lines in Fig. 1(b). The error limits of about 40% attributed to
each diffusivity result from the uncertainty in the crater depth
determination, from fitting error, and from the measurement
at different locations on the sample surface. Diffusion ex-
periments were carried out in the temperature range between
1100 ◦C and 1450 ◦C.

In Fig. 2 examples of O diffusion experiments are illus-
trated. We see the relative 18O isotope fraction in β-Ga2O3 as
obtained from SIMS depth profile analysis after 18O2 /16O2

isotope-exchange annealing exemplarily at 1375 ◦C and
1600 ◦C, respectively. The penetration of the 18O tracer from
the gas phase into the crystal is clearly seen. The following
solution of the diffusion equation for a constant gas source
was used to evaluate the diffusivities [36]:

c(x, t ) = c∞ + (c0 − c∞)erfc

(
x

2
√

DOx t

)
, (2)

FIG. 3. Al diffusivities and O diffusivities in β-Ga2O3

(−201 orientation) as a function of reciprocal temperature as
obtained by tracer diffusion measurements using SIMS.

where c0 is the 18O isotope fraction at the surface and
c∞ = 0.002 is the background 18O isotope fraction, DOx is the
oxygen diffusivity, and t is the annealing time. The unchanged
signal during annealing in the region less than 50 nm below
the surface is probably due to the formation of a thin electri-
cally insulating layer after annealing bulk β-Ga2O3 samples
at high temperatures in the presence of oxygen [21]. It is also
observed for the Al diffusion experiments and not used for
analysis. The diffusion experiments were carried out in the
temperature range 1200−1600 ◦C.

In Fig. 3 the determined tracer diffusivities of both species
are plotted as a function of the reciprocal temperature. For
Al diffusion, experiments were carried out on pre-annealed
and not pre-annealed samples. The diffusivities are identical
within error limits. The Al diffusivities are about two orders
of magnitude higher than the O diffusivities measured on
the same type of samples. Both types of diffusivity obey the
Arrhenius law,

D = D0 exp(−�H/kT ) , (3)

where �H is the activation enthalpy of diffusion and D0

is the pre-exponential factor. A least-squares fit of Eq. (3)
to the diffusivities of each species gives an activation en-
thalpy of �HOx = 5.0 ± 0.4 eV and a pre-exponential factor
of D0,Ox = 1.1×10−4 m2/s (error: ln D0,O/m2/s = −9.0 ±
2.7) for oxygen and �HAl = 4.2 ± 0.4 eV and D0,Al =
3.2×10−5 m2/s (error: ln D0,Al/m2/s = −10.3 ± 3.2) for alu-
minum (pre-annealed and not pre-annealed samples fitted
together). The activation enthalpy of Al is about 1 eV lower
than that of O, which is the main reason for the higher diffu-
sivities.

Regarding oxygen diffusion, diffusivities have already
been determined by our group on (100) oriented single crys-
tals obtained from Institut für Kristallzüchtung (IKZ), Berlin
[38], which are shown in Fig. 4 in comparison to the actual
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FIG. 4. O diffusivities in β-Ga2O3 as a function of reciprocal
temperature as obtained by tracer diffusion measurements using
SIMS. Shown are the diffusivities obtained in this work on (−201)
oriented crystals and those of Ref. [38] [Uhl2021] on (100) oriented
crystals. Note that both types of crystals may have different impurity
levels (see discussion in Sec. IV).

data set. The diffusivities are very similar for temperatures
above 1300 ◦C. However, there is a discrepancy at lower
temperatures. The oxygen diffusivities of (−201) oriented
crystals are lower by almost one order of magnitude at
1200 ◦C. By fitting with Eq. (3) this leads to a higher activa-
tion energy of diffusion, 5.0 ± 0.4 eV instead of 3.2 ± 0.4 eV.
This result is unexpected and probably indicates different mi-
gration paths of oxygen (see discussion below) and the result
might be due to the different orientation of the crystals. Alter-
natively, it could be also due to a different level of impurity
defects in the crystals (see discussion below). Clearly, more
detailed measurements are needed in the future to clarify this.
However, it should also be noted that there is a significant
scatter of data, even for the same temperature. This results
in relatively high error limits of the activation enthalpies of
about 0.4 eV, which might explain a part of the difference.

IV. DISCUSSION

In general, for line compounds such as β-Ga2O3 with a
small stability range, two enthalpies may contribute to the
overall activation enthalpy of diffusion �H. These are the en-
thalpy of migration via a certain defect (vacancy or interstitial)
�Hm, and the enthalpy of formation of the respective defect
�Hf . This is valid for both types of diffusors. For further
discussion, it is assumed that the terms formation/migration
energy and enthalpy are identical in good approximation. We
first focus on the diffusion of Al as a substitute tracer for Ga
and assume that Al diffuses on Ga lattice sites. A straight-
forward way to analyze experimentally derived activation
energies is a comparison to formation and migration energies
derived by ab initio computer calculations. Such a comparison
has to be done with caution because theoretically calculated

energies may not necessarily apply to real systems, investi-
gated experimentally. Computer calculations of migration and
formation energies are available for Ga and O based defects in
the literature. Unfortunately, migration energies for Al (e.g.,
Al-vacancy exchange) in bulk β-Ga2O3 have not been pub-
lished up to now (only for surface adsorption and migration
[31]) and we have to use the data of Ga as an approximation.
The comparison between experimental and theoretical data
should be seen as a basic idea how diffusion may take place
in β-Ga2O3 and not as a rigid proof. Consequently, different
possibilities are discussed.

In principle, gallium vacancies or interstitials are possible
as characteristic and simple point defects governing diffusion.
Kyrtsos et al. [2] calculated the migration barriers of gallium
vacancies (vacancy-Ga exchange as an approximation to Al)
by nudged elastic band and dimer methods within the standard
density functional theory (DFT). Due to the monoclinic struc-
ture of gallium oxide there exist two gallium sites and several
different diffusion paths have to be considered. Migration bar-
riers for single ion jumps between 0.6 and 2.2 eV were found
for threefold positively charged gallium vacancies. Recently,
Frodason and co-workers [30] did similar work with nudged
elastic band methods and deduced from local migration barri-
ers the migration energies necessary for long range diffusion
in (100) and (010) direction to 2.08 eV and in (001) direction
to 0.97 eV introducing three split vacancies. Consequently,
for the (−201) crystal orientation under investigation in this
work, a migration energy of about 2.1 eV can be expected for
Ga vacancies. For Ga interstitials the overall migration barrier
is less, namely about 1.0 eV. Both values are significantly
lower than the experimentally determined activation energy
of diffusion of 4.2 eV. Consequently, a defect formation part
is necessary to explain our results if we exclude the possibility
that the calculations give too low values.

Concerning defect formation energies, Zacherle and co-
workers carried out ab initio calculations based on density
functional theory using the HSE06 exchange integral [11]. For
high oxygen partial pressures and undoped samples (the Fermi
energy is close to the middle of the band gap) they calculated
formation energies of 6 V for gallium interstitials and 4 eV
for gallium vacancies. References [2,26] found similar values.
Adding the migration and formation energy, we obtain an
overall activation energy of about 6 eV for vacancies and
of 7 eV for interstitials, which is not compatible with the
experimental results.

As stated above, we may have some impurities in the
crystal due to unintentional doping. This may also influence
defect formation energies. According to the most plausible
scenario for point defects in unintentionally doped β-Ga2O3

crystals, a low-level donor doping by tetravalent atoms such
as Si or others is unavoidable and responsible for the n-type
conductivity [11,16,17]. Small amounts of impurity donors
of some ppm may dominate the defect structure. In our type
of crystals the tetravalent donor impurity with the highest
concentration is silicon which is present in a concentration
of ∼3×1017 cm−3 (3 ppm) [34] according to glow discharge
mass spectrometry measurements (iridium is expected to be
a deep donor [39] or trivalent). This is a low value, but as-
suming that this is only an estimation for the crystals under
investigation here, an influence on the defect structure cannot
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be excluded. According to DFT calculations in Ref. [11], the
Fermi level is shifted closer to the conduction band for tetrava-
lent donor doping of only 10 ppm. This leads to an increase
of the formation energies of interstitials and a decrease of the
formation energies of vacancies, which makes interstitials as
defects governing diffusion unlikely. For a calculated Fermi
level of 3.47 eV corresponding to doping of 10 ppm [11],
a formation energy of about only 1 eV can be expected for
gallium vacancies in the dilute limit. Since the exact location
of the Fermi level for our doping concentration is not known,
we assume a formation energy between 1 and 4 eV. Adding
a formation energy of 2 eV and a migration energy of 2 eV,
the measured activation energy of diffusion of 4 eV is in
agreement to these calculations. In Ref. [31] it is calculated
that the migration of Ga adatoms on the surface of β-Ga2O3

corresponds to a lower energy barrier than that of Al. It is con-
cluded that tetrahedral to octahedral site hopping of Al should
also be more difficult in bulk. This will not fundamentally
change our analysis. However, the diffusivities of Al might
be seen as a lower border for the diffusivities of Ga due to a
higher migration energy and consequently activation energy
of the Al species.

The presence of Ga vacancies, which are used to explain
our results, was proven experimentally by electron paramag-
netic resonance measurements [40] and positron annihilation
spectroscopy [41,42].

A similar analysis can be done for the diffusion of oxygen.
Again, Kyrtsos et al. calculated the migration barrier of oxy-
gen vacancies to be between 1.2 and 2.7 eV. For long range
diffusion in the (−201) direction it can be expected that the
migration barrier is at the higher end of the energy spectrum
close to 2.7 eV (see also [30] for Ga vacancy migration).
For defect formation energies (HSE06 hybrid functional),
Zacherle and co-workers [11] found formation energies of
4 eV for oxygen vacancies and interstitials for high oxygen
partial pressures and for the undoped case. Regarding the
experimentally found activation energy of diffusion of 5.0 eV,
this scenario is also not very likely, but cannot be completely
excluded assuming a migration energy below 2 eV. For donor
doped samples, an increase of the formation energy of vacan-
cies and a decrease of the formation energies of interstitials
are calculated [11,26]. With these data the diffusion of oxygen
with an activation energy of 5 eV becomes more likely via
interstitials than via vacancies even for low doping concentra-
tions. While diffusion via oxygen vacancies is theoretically
possible for the undoped case with a formation energy of
3–4 eV [11,16,26] and a low migration energy of only 1–2 eV,
such an assumption contradicts the analysis of Ga/Al diffu-
sion, carried out experimentally on the same type of sample.
Indications (theoretically or experimentally) for a possible
diffusion of oxygen in the molecular state are not known.

As mentioned above for the measurement on (100) oriented
crystals [38], the activation energy of diffusion is lower, which
can be explained by a higher doping level of tetravalent donors
that shift the formation energy of oxygen interstitials to lower
values.

In summary, the experimental results can best be ex-
plained by assuming slightly unintentionally donor doped
crystals where diffusion takes place via Ga vacancies and O

interstitials. This result and the higher diffusivities of Al com-
pared to O are also supported by the direct calculation of the
concentration of point defects [11] for donor doped samples at
1000◦ C and ambient pressure. In general, the higher the de-
fect concentration, the higher the diffusion. The authors found
(beneath electrons) the highest concentration of point defects
for Ga vacancies, while that of O interstitials is lower, but both
above oxygen vacancies. For the undoped case, the highest
defect concentration shows oxygen vacancies above gallium
vacancies, which is unlikely according to our experimental
results. Note that this analysis has to be treated with some
caution because it is not excluded that other nontetravalent
ions may also influence the defect distribution, at least in
part [26,27]. According to Ref. [11], for Fermi energies of
the n-doped case (higher than 3 eV) the formation energy of
oxygen interstitials is always higher than that of Ga vacancies,
resulting in a difference of about 1 eV at a Fermi energy of
3.47 eV corresponding to doping of 10 ppm. This is also in
good agreement with the difference of the activation energies
of diffusion experimentally found in this study.

Differences in diffusivities can often be discussed with
regard to ionic radii. According to Shannon [43] the ionic
radius of O2− (about 1.4 Å) is higher than that of Al3+
(about 0.4−0.5 Å) irrespective of the coordination numbers.
We assume that this is also valid for Ga2O3, at least in ap-
proximation. According to these data, the faster diffusion of
Al is reasonable due to the smaller radius. Note that such
“size effects” are expected to be inherently included in the
theoretical calculations of the migration energies.

The charge state of the ions is expected to be 3+ for Ga
and 2− for O. From [11] we see that the charge state of the
defects are 2− for the O interstitial and 3− for the Ga vacancy
for the unintentionally doped case. This is the lowest energy
configuration and a different charge state would correspond
to a higher formation energy. However, a modification of the
charge state of these defects can be expected for lower Fermi
energies which would correspond to undoped or p-doped sam-
ples which is not the case here.

V. CONCLUSION

In conclusion, we carried out O and Al tracer diffusivity
measurements in (−201) oriented β-Ga2O3 single crystals
using secondary ion mass spectrometry depth profiling. Al is
used as a substitute tracer to monitor the migration of Ga. The
results of the diffusion experiments show that Al diffusion is
two orders of magnitude faster than the O diffusion, while
the activation energies are 5.0 eV for oxygen and 4.2 eV for
aluminum. Comparison of the experimental result to computa-
tional calculations on defect formation and migration energies
as given in the literature suggests that the diffusion of Al is
governed by gallium vacancies and that of oxygen by intersti-
tials. We assume that defect formation is determined by low
unintentional donor doping in the ppm range.
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