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A vital issue during selective laser melting of nonweldable polycrystalline nickel-base superalloys is the
formation of microcracks. These are cracks occurring during the last stage of solidification and only at high angle
grain boundaries (HAGBs). Solute enrichment to the remaining interdendritic liquid and its partial back-diffusion
into the solid contributes to the crack nucleation mechanism. Here we use atom probe tomography coupled
with transmission Kikuchi diffraction to determine the misorientation and chemical composition profiles across
HAGBs (with and without cracks) and across crack-free low angle grain boundaries (LAGBs). The Gibbsian
interfacial excess of solutes (mainly B, C, Si, and Zr) is at least two times higher at the HAGB compared
to the LAGB. The chemical profiles show the opposite behavior to established model predictions of the last
stage of solidification. Our diffusion calculations elucidate that the chemical profiles are influenced by both
microsegregation (of Ti, Nb, and Si) during solidification and solid-state segregation (of B, C, and Zr) during
cooling. The chemical profiles in the topmost layer indicate a negligible effect of remelting and reheating. Except
for Ti-rich carbides, no secondary phases are found. Additionally, we study an alloy with a reduced content of
Zr and Si (by at least 60 wt. %), relative to the standard IN738LC composition. We achieved a 99% reduction in
crack length per unit area. However, the grain boundary enrichment of Zr and Si in the modified alloy was similar
to the standard alloy. Based on these findings, we critically discuss the contribution of various mechanisms
proposed for solidification cracking.

DOI: 10.1103/PhysRevMaterials.3.123602

I. INTRODUCTION

Nickel-base superalloys (NBSs) have excellent high-
temperature oxidation resistance and mechanical strength due
to their two-phase microstructure consisting of γ phase ma-
trix and γ ’ precipitates [1–4]. Hence, they are used in the
land- and aircraft-based gas turbine components [5,6]. Due
to the geometrical complexity of these components as well
as repair opportunities, additive manufacturing of NBSs is
of significant interest for the aerospace and power-generation
industries [7]. Selective laser melting (SLM, also termed laser
powder bed fusion) is a widely used powder bed additive
manufacturing process being developed as an economically
viable solution for processing NBSs [7]. In SLM, a digital
three-dimensional (3D) model of the component is virtually
sliced into multiple layers and a laser beam, focused onto the
powder bed, then physically manufactures each layer. Cur-
rently, most NBSs used in SLM were originally developed for
processing by casting with a polycrystalline microstructure.
One example of such an alloy is Inconel-738LC (IN738LC).

*Corresponding author: a.hariharan@mpie.de

The key issue in additive manufacturing of γ ′-strengthened
NBSs is the formation of cracks during the SLM process and
the postprocessing [7–10]. The first type of cracks occurring
during SLM is microcracks, also referred to as “hot cracks.”
The second type is strain-age cracks that can appear during
heat treatment of the alloy subsequent to SLM. This type of
cracking is outside the scope of the current paper.

Solidification cracking is a type of hot cracking that occurs
in polycrystalline superalloys during casting and welding at
the terminal stage of solidification [11–14]. Solidification
cracks progress by rupturing of thin liquid films in the
semisolid region. These liquid films are along the interden-
dritic regions that will eventually form grain boundaries (GBs)
upon full solidification [14,15]. Earlier works on laser welding
of cast γ /γ ′ IN738LC superalloy parts have revealed the
material’s susceptibility to the second type of hot cracking,
known as heat affected zone (HAZ) cracking [5,16–18]. HAZ
cracks, also called liquation cracks, result from the remelting
of low-melting phases along grain boundaries such as γ /γ ′

eutectics, some MC-type carbides, and the γ ′ precipitates
[5,6,16–20]. However, in as-SLM-produced samples, low-
melting phases along grain boundaries are not present, and,
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TABLE I. Crack formation mechanisms in γ ′ strengthened nickel-base superalloy.

Crack type Location of occurrence Time of occurrence Mechanism

Solidification
crack

High angle grain
boundaries, i.e.,

intragranular

Last stage of
solidification

Decohesion of liquid
films due to tensile

stress
Liquation crack High angle grain

boundaries in the
heat-affected zone, i.e.,

intragranular

Reheating due to the
next laser pass

Decohesion of liquid
low-melting phases at

grain boundaries

Strain-age crack Grain boundaries During postheat
treatment

Reduction in the local
ductility

hence, hot cracking during SLM cannot be attributed to HAZ
cracking [21,22]. A description of solidification and liquation
and the strain-age cracking phenomenon is detailed in Table I.

Solidification cracking remains a fundamental problem in
many alloys during casting, welding, and additive manufactur-
ing due to the complex interplay between the thermomechan-
ical and metallurgical factors involved [11,23]. Models for
solidification cracking initially established for castings have
been further extrapolated to welding conditions by accounting
for the higher thermal gradients and cooling rates, however
inheriting the limitations of the original models [24]. Earlier
work on the mechanism of solidification cracking showed en-
richment of alloying elements in the interdendritic liquid. This
effect increases the liquidus-solidus temperature range, thus
enhancing solidification cracking susceptibility [15,25,26].
However, studies on cracking in as-cast NBS variants showed
an insignificant influence of the solidification range on the
cracking susceptibility [27–30].

The onset of cracking is predominantly influenced by
the solidification behavior of the alloy, at the last stage of
solidification, when the fraction of the liquid phase, <1%, is
present at the interdendritic region [31–33]. At this stage, the
interdendritic liquid forms either a continuous film of a few
nanometers in thickness or a discontinuous set of droplets.
The coalescence of this confined liquid depends on the solid-
liquid interface energy (γSL) and the grain boundary energy
(γGB) [34]. Wang et al. [34] showed experimentally that in
attractive interfaces, which are essentially low angle grain
boundaries (LAGBs) (γGB − 2γSL < 0), the solid-liquid film
coalesces to a GB instantly. However, a liquid film present at
a repulsive interface, which is a high angle grain boundary
(HAGB) (γGB − 2γSL > 0), needs additional undercooling,
�Tb(θ ), to solidify. This is given by the equation

�Tb(θ ) = [γGB(θ ) − 2γSL ] Tm

L δ
(1)

where θ is the misorientation angle (◦), Tm is the melting tem-
perature (K), L is the heat of fusion per unit volume (J m−3),
and δ is the interface thickness (GB or solid-liquid interface
in nanometers). Hence, solidification cracks are exclusively
observed along HAGBs, the high γGB of which stabilizes the
liquid film and leads to an additional undercooling required
for full solidification [35]. The model by Rappaz et al. [35]
describes this influence of the misorientation between grains
adjacent to a liquid film on film stability and hence cracking
propensity. The misorientation, and therefore the stability

of the liquid film, influences the liquid phase composition
[35,36]. The model predicts a different composition profile
across grain boundaries (upon full solidification) depending
on their misorientation.

The presence of grain boundary solidification cracks in
SLM-processed IN738LC was initially reported by Ricken-
bacher et al. [21]. Further studies showed the effect of minor
alloying elements on the cracking susceptibility [8,37]. Engeli
et al. [37] report that a reduction in Si content in the alloy pow-
der was beneficial for reducing the intergranular crack density.
They hypothesize that Si enrichment at grain boundaries leads
to the formation of detrimental phases and hence to cracking.
However, they give no experimental support for the existence
of such phases. Cloots et al. [8] observe intergranular solidi-
fication cracks on a grain boundary along the build direction
(BD) of SLM-produced IN738LC. However, due to the small
size of dendrites and, therefore, the extremely high density of
low and high angle grain boundaries in SLM-produced alloys,
the misorientation of the GB in their atom probe tomography
(APT) analysis is ambiguous. Cloots et al. hypothesize that the
increase in the liquidus-solidus interval due to Zr enrichment
at the GB is responsible for solidification cracking. However,
as mentioned previously, the solidification interval is not
a reliable indicator for cracking behavior. Additionally, the
enrichment of Si and its effect on the cracking mechanisms
were not discussed in this study.

Minor alloying elements such as B and Zr are usually
present in small amounts in NBSs. Earlier work [38,39]
suggests that trace additions of B reduced the solidification
interval and additions of Zr increased it. Holt and Wallace [38]
showed that cracking susceptibility in NBS castings could
be reduced by eliminating the Zr content. Zhang and Singer
proposed as an alternative mechanism that the enrichment
of Zr and B in the liquid could affect the surface tension of
the liquid melt, thereby increasing grain boundary wettability
[30]. This results in the nonuniform bridging of the coalescing
arms of the growing dendrites, which promotes incomplete
solidification and hence initiating cracks.

The effect of Si on the weld crack susceptibility of super-
alloys is contentious, and reports are contradictory. Studies
show beneficial [40], neutral [41], and detrimental effects
[37] in different superalloys. Hence, the influence of minor
solute elements on the solidification behavior of superalloys
remains under debate. This emphasizes the need to revisit
the mechanism behind solidification cracking during SLM
processing of nickel-base superalloys, with a focus on the
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effect of minor alloying elements and their distribution across
grain boundaries.

It is acknowledged that the solidification cracking can only
occur when the two necessary conditions, namely, the evo-
lution of significant tensile stresses across the interfaces and
the presence of an interdendritic liquid film, occur simultane-
ously. However, for SLM, tensile stresses evolve throughout
the entire build during the process [42–45]. As a result, the
microstructure of the SLM-produced IN738LC alloy shows
solidification cracks all across the build.

Although tensile stresses are required for crack formation,
in the current paper we focus exclusively on the other neces-
sary condition, the liquid film, and in particular on the role
of minor solute enrichment to grain boundaries. We use APT
coupled with targeted, microstructurally site-specific sample
preparation and transmission Kikuchi diffraction (TKD) to
analyze the chemical composition profile of alloying elements
across grain boundaries of SLM-produced IN738LC with
unambiguously identified misorientation. The chemical com-
position profile at high angle and low angle grain boundaries,
with solidification cracks and devoid of cracks, are quantified.
Additionally, we compare the GB enrichment in the bottom
layer and the topmost layer (i.e., material with and without
the influence of remelting and reheating). The GB enrichment
profile study on a modified IN738LC alloy with reduced
content of Zr and Si (at least 60 wt. %) is also performed to
understand the effect of these elements on crack suppression.
These results are discussed in terms of the last stage of so-
lidification and are further used to rationalize the contribution
of microsegregation and solid-state segregation, especially of
minor solute elements, to the GB enrichment profile. Finally,
we critically evaluate the increase in the solidification interval
(�T), due to interdendritic solute enrichment, on the solidifi-
cation cracking mechanism.

II. EXPERIMENTAL METHODS

A. Additive manufacturing

The IN738LC samples used in this paper were produced
from gas-atomized metal powder (Praxair Surface Technology
GmbH, Germany). The particle size of the powder was in the
range of 15–45 μm, a usual powder size for the SLM pro-
cess [46]. Figure 1(a) shows a scanning electron microscopy
(SEM) micrograph of the gas atomized IN738LC powder.
The particles had spherical morphology. The micrograph of
a polished cross section of a particle in Fig. 1(b) reveals
a dendritic microstructure. The samples were manufactured
on a modified TrumaForm LF250 (Trumpf, Germany). The
SLM system is equipped with a multimode yttrium aluminum
garnet laser source with a maximum output power of 470
W and a wavelength of 1070 nm. The laser spot size is
approximately 94 μm. Cube-shaped samples of 1000 mm3

dimension with wedges as support structures were built on
a stainless-steel base plate at room temperature. The process
chamber was maintained under inert gas atmosphere using
argon, and the O2 content was between 50 and 80 ppm.
The samples were manufactured using a hatch spacing of 75
μm, a laser power of 135 W, a scan speed of 1000 mm/s,
and a layer thickness of 20 μm. A stripe scan strategy as

FIG. 1. SEM micrograph of (a) gas atomized IN738LC powders,
showing a spherical morphology with a small number of satellites;
(b) a polished and etched cross section, showing a dendritic mor-
phology; and (c) the schematic of the “strip” scan strategy with a
scan vector rotation of 67◦ between subsequent layers.

shown in Fig. 1(c) was employed. A scan rotation of 67°
was performed between layers for homogenous energy input
and to randomize crystallographic texture. Table II shows the
chemical composition (at. %) of the powder and sample in the
as-built condition which was analyzed by inductively coupled
plasma and optical emission spectroscopy.

B. Analytical methods

The SLM-produced samples were mechanically polished
using standard metallographic techniques. Electron back-
scattered diffraction (EBSD) analyses were performed in a
Zeiss 1540XB cross beam FIB-SEM equipped with a Gemini
field emission gun electron column, EDAX Hikari camera,
and TSL-OIM Analysis EBSD data collection system. An
acceleration voltage of 15 kV and a step size of 100 nm were
used for the EBSD scans. The TSL-OIM analysis 7.2 software
served for data postprocessing to identify the grain boundaries
of interest, required for further atom probe measurements.
Cleanup of the data was done using a grain confidence in-
dex (CI) standardization algorithm with a tolerance angle of
5°, a single iteration grain dilation algorithm, and a CI >

0.1 [47]. SEM-energy dispersive x-ray spectroscopy (EDS)
measurements were carried out in a Zeiss Merlin (Carl Zeiss
SMT AG, Germany) to assess the elemental partitioning at the
dendritic boundaries close to the crack. Site-specific specimen
preparation for APT analysis of the grain boundary was per-
formed using a standard lift-out procedure [48] in a FEI Helios
Nanolab 600i FIB/SEM Dual Beam device, equipped with an
OmniProbe micromanipulator. APT specimens were prepared
using a silicon microtip coupon as support and sharpened
using annular milling patterns at an acceleration voltage of
30 kV and focused ion beam (FIB) currents varying from
0.26 nA for the largest ring pattern to 46 pA for the smallest
ring pattern. TKD measurement on the APT specimens was
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TABLE II. The chemical composition (in at. %) of (a) IN738LC powders and (b) SLM-produced IN738LC standard samples.

Sample Cr Co Al Ti W Ta Mo Nb C Zr Si B Ni

Powder 17.8 8.4 7.5 3.2 1.07 0.6 1.03 0.52 0.47 0.04 0.14 0.005 Bal.
As SLM produced 17.0 8.1 7.2 4.0 0.83 0.55 1.0 0.52 0.47 0.04 0.1 0.05 Bal.

done using an EDAX/TSL EBSD system in the FIB/SEM dual
beam microscope, with a step size of 20 nm, to characterize
the grain boundary misorientation. An explanation of this
technique can be found in [49,50]. The same data analysis
procedure, as stated above, was used. Post-TKD, the final
tip sharpening was done at 5 kV and 23 pA to minimize Ga
contamination at the surface.

The APT experiments were carried out in a local elec-
trode atom probe (LEAP 3000X HR, CAMECA Instruments),
which includes a reflectron for achieving high mass-to-charge
resolution through flight path enhancement [51]. To prevent
premature sample fracture, the APT tips containing grain
boundaries were analyzed in pulsed-laser mode. The spec-
imen temperature was maintained at ≈60 K with a target
evaporation rate of 0.3%, laser pulse energy of 0.8 nJ, and
laser pulse frequency of 250 kHz. The 3D reconstruction
of the APT data was performed using CAMECA’s IVAS
software package (version 3.6.14). Cylinder dimensions for
all the one-dimensional (1D) composition measurements were
kept constant at 30-nm length and 10-nm diameter. The arrows
inside the region of interest (ROI) cylinder represent the
direction along which the 1D composition of the elements is
calculated. All error bars represent a 2σ deviation. The dashed
lines in all the graphs are the thicknesses of the isoconcentra-
tion surface (in at. % of either B or Zr) indicating the region
of the grain boundary and its surrounding vicinity. Since local
magnification effects and aberrations in ion trajectories can
alter the local point densities in APT reconstructions, direct
comparison of GB concentrations could be erroneous [52,53].
Hence, the Gibbsian interfacial excess value, �x, of solute
atoms (atom X per grain boundary area in square nanometers)
has been calculated for all GB-APT measurements using the
ladder diagram approach [54]. The Gibbsian interfacial excess
of B, C, Zr, and Si in all the GBs is plotted as a histogram.

For TEM analysis, 3-mm-diameter cylindrical samples
were cut by spark erosion, along the BD. Subsequently, 800-
μm-thick disks were cut from the cylinder and mechanically
thinned to less than 100 μm, followed by electropolishing
until perforation. Electropolishing was carried out using a
Tenupol 5 double jet at −30◦ and a voltage of 20 V, using
an electrolyte of 70 vol % methanol, 20 vol % glycerin,
and 10 vol % perchloric acid. Scanning transmission electron
microscopy (STEM)-EDS analysis was carried out on a JEOL
JEM-2200FS microscope operated at 200 kV.

III. RESULTS

A. Microstructure of as-SLM-produced samples

Figure 2(a) is an SLM sample in as-built condition. Fig-
ures 2(b) and 2(c) are optical micrographs of an SLM-
produced sample showing cracks along the BD. This is a
test sample that was produced at a laser power of 200 W,

corresponding to an energy density (Ev) of 133 J/mm3. All
other process parameters were kept constant. This high-
energy-density trial experiment with the SLM process was
intentionally used to induce numerous cracks in the sample.
Most cracks are parallel to the BD.

For the rest of the paper, the samples were produced with
a laser power of 135 W and a laser scanning speed of 1000
mm/s (Ev of 96 J/mm3). This is the optimized process pa-
rameter window, where defects such as cracks, lack of fusion,
and balling were found to be at their minima. Figure 2(c)
is a representative microstructure along the BD of one such

FIG. 2. (a) The as-built SLM sample. (b) Optical micrographs
of an IN738LC SLM sample, produced with a higher laser power
of 200 W, showing solidification cracks along the axis of the build
direction (BD). (c) Representative microstructure along the BD of
one such sample after etching in Adler’s reagent. (d, e) SEM micro-
graphs of intergranular cracks along the BD in samples produced
with a laser power of 135 W. The sample is macroetched using
Marble’s reagent to reveal the solidification microstructure, showing
large and elongated columnar grain morphology. (f, g) SEM micro-
graphs showing solidification cracks in an unetched condition. The
solidification cracks have a wavy structure with the crack surfaces
complementary to each other, and the inner crack surface is dendritic
in nature.
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sample after etching in Adler’s reagent. The cracks are inter-
granular in nature and extend over many melt pool borders, as
seen in the etched microstructure. The crack density analyzed
along the BD, defined as � Length of a crack

Area of analysis , is 3.4 mm−1. Fig-
ures 2(d) and 2(e) show the SEM micrographs of intergranular
cracks. A characteristic epitaxial type of dendritic growth
along the BD is observed, similar to previous observations in
as-SLM-produced microstructures of IN738LC [21,22,55,56].

Figures 2(f) and 2(g) are SEM micrographs of a microc-
rack in an unetched condition. Figure 2(e) shows that these
microcracks have a wavy structure with the crack surfaces
complementary to each other. On the crack surface (extending
into the specimen), dendritic structures are clearly visible
[Fig. 2(g)].

Although the formation of γ ′ precipitates is expected
both from common knowledge of as-cast microstructures and
from thermodynamic calculations [57] (using Thermo-Calc
and TTNI8 database), we do not detect any in the current
microstructure by SEM probing. The fine primary dendritic
arm spacing indicates a high cooling rate (104−106 K/s)
during the SLM process [56–59], a value so high that it might
be responsible for suppressing γ ′ precipitation. The only
precipitates in the microstructure are carbides. They are found
predominantly in the interdendritic regions. These carbides
are Ti-rich MC-type carbides (see Sec. III B 3) and form
from the last remaining interdendritic liquid. The absence of
low-melting phases, as well as the crack surface morphology,
strongly suggest that the observed cracks are formed as solid-
ification cracks along grain boundaries [12,13].

We measured the misorientation across 126 cracks chosen
randomly along the BD by individual EBSD scans together
with the corresponding crack length.

Figure 3 shows a scatter plot of the misorientation versus
the crack length. It reveals that cracks are exclusively formed
on high angle grain boundaries (15◦−60◦) and not on low
angle grain boundaries (5◦−15◦). The Brandon criterion [60]
analysis shows that none of the grain boundaries exhibited any
low-index coincidence or near-coincidence site lattice (CSL)
relationship. Brandon’s criterion states that interfaces with
sufficiently small deviations from exact CSL angles can still
be considered as CSL boundaries as the misfit is in such cases
assumed to be accommodated by a secondary grain boundary
dislocation array. The current observation that the as-built
microstructures are devoid of CSL interfaces agrees well with
corresponding findings for the grain boundary character of
solidification cracks during welding and casting in superalloys
[14,30,34]. The crack length varies between 25 and 275 μm,
and the average crack length is 68 μm.

B. Chemical composition of grain boundaries and carbides

Figure 4(a) is an SEM micrograph of a randomly selected
crack, overlaid with the grain boundary misorientation map
obtained by EBSD. This particular crack is along a HAGB
with a misorientation of 48◦ around the [14 13 9] rotation axis.
Figures 4(b)–4(e) show EDS maps of the region of interest
close to the crack. The elemental distribution maps of Ni,
Cr, Co, and Al do not exhibit any enrichment at the inter-
dendritic boundaries and hence are not shown. In contrast,
Ti, along with Nb and Mo, shows strong enrichment in the

FIG. 3. Plot of the grain boundary misorientation vs crack length,
from the EBSD misorientation analysis of 126 cracks chosen ran-
domly along the build axis, BD. All solidification cracks are formed
on the high angle grain boundaries (15◦ − 60◦) only. The crack
length varies between 25 and 275 μm, and the average length of the
cracks is 68 μm.

interdendritic regions. The feature strongly enriched in Ti but
not Nb or Mo is a pore, possibly covered by titanium oxide.
The EDS maps also confirm the absence of any second phases
at this magnification.

To study the elemental distribution at the interdendritic
regions in more detail, STEM-EDS mapping was performed.
The STEM micrograph, together with EDS elemental maps
in Fig. 5, shows carbides in the interdendritic regions. They
have an ellipsoidal shape with a length of up to 20 nm.
STEM-EDS maps reveal that the carbides are depleted in Ni,
Al, Co, and Cr and enriched in Ti, Ta, W, Mo, Nb, Si, and Zr
(see white arrows). Importantly, the enrichment of Ti at the
solidification cell boundaries (typically subgrain boundaries)
is much broader than that of the other elements, with a width
of around 100 nm. The enrichment of W, Ta, Mo, Nb, Zr, and
Si is restricted only to the carbides at this magnification.

In the TEM investigation, we could neither unambigu-
ously determine differences in elemental enrichment along the
LAGB and HAGB nor ascertain the enrichment of the minor
alloying elements such as Si and Zr that play a crucial role in
solidification cracking. Element distribution maps of Ta and
W are affected by the strong overlap of their characteristic
x-ray energies. Hence, systematic APT investigations of grain
boundaries of different types were performed. Out of the
total number of ten analyzed GBs, we present three different
measurements in detail: (a) a HAGB that is devoid of any
cracks (but adjacent to a crack), (b) a HAGB in front of a
solidification crack, and (c) a LAGB (uncracked). Specimens
for these APT measurements were extracted from regions
close to the crack, as shown in Fig. 4(a). Additionally, we
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FIG. 4. (a) EBSD grain boundary map obtained along the build direction (BD) showing the various high angle grain boundaries (in blue,
misorientation criteria > 15◦) and low angle grain boundaries (in green, misorientation criteria 5◦ − 15◦). The solidification crack is on the
high angle grain boundary with a misorientation of 48◦ [14 13 9]. (b–e) EDS maps of the interdendritic enrichment of Nb, Ti, and Mo at the
region of interest (ROI) close to the crack.

analyzed APT datasets from two more HAGBs in front of
cracks at other locations, from a second LAGB and from three
HAGBs (without cracks) located in the very last deposited
layer. These latter experiments are discussed in terms of the
Gibbsian interfacial excess of alloying elements only.

1. APT measurements on a HAGB without a crack

Site-specific lift-out to prepare APT specimens was made
from a grain boundary the misorientation of which is 30◦
around [1 1 19] without a solidification crack. Figure 6(a) is an
SEM image of the APT specimen before final tip sharpening.

FIG. 5. STEM-EDX maps revealing the enrichment of Ti, Ta, W, Mo, Nb, Si, and Zr in the carbides and depletion of Ni, Cr, Co, and Al
(white arrows). The enrichment of Ti at the cell boundaries is with a width of around 100 nm, while the distribution of W, Ta, Mo, Nb, Zr, and
Si is restricted only to the carbide precipitates.
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FIG. 6. (a–c) APT lift-out sequence for a high angle grain boundary (HAGB) next to a solidification crack the misorientation of which
is 30◦ [1 1 19]. (a) SEM image of the lamella on the Si microtip. A network of subgrain boundaries, which are typically low angle grain
boundaries (in red), is seen close to the HAGB of interest (in yellow). (b) APT specimen. (c) TKD map of the atom probe specimen showing
the grain boundary in blue. The misorientation of this boundary from the TKD map is 33◦ [6 5 21]. (d) Reconstructed atom maps of the HAGB.
(e–h) 1D composition profile of all the elements across the HAGB quantified using the ROI cylinder. The vertical dashed lines indicate the
region of the GB and the surrounding vicinity.

A network of LAGBs (i.e., dendrite boundaries, highlighted in
red) is seen close to the HAGB of interest (in yellow). To draw
reliable conclusions, the presence of the GB of interest was
confirmed by performing an additional TKD measurement on
the final APT specimen. The TKD map in Fig. 6(c) shows that
the misorientation of the HAGB (blue) in the APT specimen
(33◦ [6 5 21]) is consistent with the EBSD measurement be-
fore APT specimen extraction. Figure 6(d) is a reconstructed
APT data set with only Ni atoms (shown in green). The HAGB
is highlighted by a 0.2-at.-% B isoconcentration surface (in
blue). The 1D composition profiles along the axis of the
cylinder shown across the GB are calculated and shown
in Figs. 6(e)–6(h). Ni, Cr, Co, and W are homogeneously
distributed across the HAGB. There is a depletion of Al at
the HAGB down to 5 at. %. Ti, Ta, Mo, Nb, C, B, Zr, and
Si are enriched at the HAGB. Interestingly, the Ti and the Nb
enrichments across the HAGB are much broader, resembling

an “S-shaped” profile and with an asymmetric distribution.
The width of Ti and Nb enrichment profiles is ≈80 nm, much
broader than the profiles of the other elements. This broad Ti
enrichment agrees with the STEM-EDS measurements at the
cell boundaries (Fig. 5).

2. APT measurements on a HAGB in front of a solidification crack

Figures 7(a) and 7(b) show a similar APT lift-out and
TKD measurement from the HAGB in front of a solidi-
fication crack. The misorientation of the HAGB from the
TKD measurement is 53◦ [16 4 23]. Figure 7(a) shows the
location of the APT specimen lift-out in front of the crack
tip. The 1D composition profiles of selected elements across
the HAGB are shown in Figs. 7(d)–7(f). Unlike the previous
measurement, Al does not show a depletion, and W shows
some enrichment at the GB. Ta is homogenous across the GB.
Ti exhibits a similar S-shaped enrichment profile across the
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FIG. 7. (a) APT lift-out sequence for a high angle grain boundary (HAGB) in front of a solidification crack, the misorientation of which
is 48◦ [14 3 19]. (b) TKD map of the atom probe specimen showing the grain boundary in blue. The misorientation of this boundary from the
TKD map is 53◦ [16 4 23]. (c) APT reconstruction of Ni atoms with a 0.2-at.-% B isoconcentration surface at the HAGB. (d–f) 1D composition
profile of selected elements across the HAGB quantified using the ROI cylinder. The vertical dashed lines indicate the region of the GB and
the surrounding vicinity.

HAGB [Fig. 7(d)]. Since in this dataset the grain boundary is
very close to the edge of the specimen we do not see the com-
plete S-shaped profile. Otherwise, and somewhat surprisingly,
the enrichment of the minor alloying elements, such as B, C,
Zr, and Si, across this HAGB, is almost identical to the HAGB
without a crack.

3. Atom probe measurements on a low angle grain boundary

Figure 8(a) is the TKD map of a LAGB having a mis-
orientation of 6◦ [19 6 20]. The atom maps of C and Ti are
also shown. A Ti-rich carbide is present at the interface of
the LAGB. Figure 8(b) also shows the LAGB as an isosurface
of 0.2-at.-% B. A closer analysis of the carbide precipitation
behavior will be further investigated in a separate study. The
1D composition profile analysis is done only along the LAGB,
20 nm away from the carbide and therefore not influenced by
it. As in the HAGB cases, there is no enrichment or depletion
of Ni, Co, Cr, and Al across the boundary. Figures 8(c) and

8(e) are 1D composition profiles of the minor elements across
the LAGB. B and C are in excess at the LAGB, similar to the
HAGB case. Interestingly, the compositions of W [Fig. 8(d)],
and in particular Zr and Si, are constant across the LAGB,
unlike in the HAGB case.

C. Modified alloy IN738LC: Reduced zirconium
and silicon content

Previous APT results demonstrate the difference in en-
richment, particularly for minor alloying elements, between
LAGB and HAGB. A set of SLM experiments with identical
process parameters was performed using a modified IN738LC
powder with reduced Zr and Si content. The Zr content was
reduced from 0.06 to 0.02 wt. % and the Si content was
reduced from 0.07 to 0.01 wt. %.

The SEM micrograph [Fig. 9(a)] of the as-SLM-produced
modified alloy, with reduced Zr-Si content, clearly shows
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FIG. 8. (a) TKD map of the atom probe specimen showing the low angle grain boundary (LAGB) in yellow, with a 6◦ [19 6 20]
misorientation and the corresponding APT reconstruction of a Ti-rich carbide at the LAGB (Ti and C atom maps). (b) APT reconstruction
of Ni atoms with the LAGB highlighted as B atoms (in blue) and carbide precipitate shown as a 10-at.-% C isoconcentration surface. (c–e) 1D
composition profile of selected solute species across the LAGB quantified using the ROI cylinder. The vertical dashed lines indicate the region
of the GB and the surrounding vicinity.

complete disappearance of the solidification cracks. We an-
alyzed a HAGB (30.3◦ [2 2 21] misorientation) by APT and
TKD. Figures 9(d) and 9(e) show the 1D composition pro-
file comparisons between the HAGBs of the standard alloy
(replotting the data presented in Figs. 6 and 7) and the low
Zr–low Si alloy. The reduction in the bulk Zr and Si content
(by 66 and 85 wt. %, respectively) in the SLM-produced alloy
apparently did not suppress their respective enrichment at the
HAGB. All the APT results are summarized as bar charts of
the Gibbsian excess of selected elements (B, C, Zr, and Si) in
Fig. 10.

IV. DISCUSSION

A. Microsegregation versus solid-state segregation

The enrichment of minor alloying elements to defects such
as grain boundaries in superalloys influences the material’s
macroscopic properties [61,62]. Solute enrichment at inter-

faces is either due to solid-state diffusion and equilibrium
segregation (postsolidification) or due to solute partitioning
during solidification, termed microsegregation. In the latter
case, solute enrichment occurs by partitioning to the liquid
phase, in the interdendritic regions, before grain boundaries
form upon final solidification.

Microsegregation can be of equilibrium or nonequilibrium
type, depending on the solidification conditions. Under rel-
atively slow solidification conditions, an equilibrium parti-
tioning of solute between solid and liquid phases occurs. In
contrast, in nonequilibrium solidification, solute partitioning
is a function of the solid-liquid interface velocity [36]. In the
extreme case of rapid solidification, solute trapping leads to
microsegregation-free solidification. At intermediate solidi-
fication rates, the solute composition profile, resulting from
microsegregation, is influenced by solute diffusion rates in
the liquid and solid phases. The composition gradients are
highest where the last remaining liquid solidifies, i.e., at the
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FIG. 9. (a) SEM image of the microstructure along the build direction of a modified IN738LC alloy. (b) TKD map of the atom probe
specimen showing the HAGB in blue, with a 30.3◦ [2 2 21] misorientation. (c) APT reconstruction of Ni atoms with a Zr isoconcentration
surface of 0.6 at. % at HAGB. (d, e) 1D composition profile comparisons between the HAGBs of the standard alloy and the low Zr–low Si
alloy. The enrichment of Zr and Si at the HAGB of the modified alloy is higher than their respective enrichments in the standard IN738LC
alloy composition.

site of emerging GBs [35]. Microsegregation of solute to
interdendritic regions contributes to the solidification cracking
susceptibility [63].

The microsegregation models initially proposed by Scheil
and Gulliver assume equilibrium solute partitioning into the
liquid, no diffusion in the solid state, and complete mixing in
the liquid. However, during solidification there is a redistribu-
tion of solute from the liquid to the solid phase, referred to
as back-diffusion [36,64]. The concept of back-diffusion has
been numerically incorporated in microsegregation theories in
different ways [65–68].

Models developed later [69–72] also take into considera-
tion the limited diffusion rate in the liquid, giving rise to solute
composition gradients, important during rapid solidification
[73]. The simplest analysis of microsegregation is based on
the partition coefficient, k, and the solid-state diffusivity, Ds

[8]. A value of k < 1 implies a tendency of the solute to
partition to the liquid during solidification. A high value of Ds

of a certain species leads to a greater degree of back-diffusion
of the particular solute from the liquid into the solid during
solidification and therefore leads to a wider, less pronounced
segregation profile across the GB [14].

Contrary to microsegregation during solidification, equilib-
rium segregation of solute atoms to GBs occurs in the solid
state, typically during heat treatment at temperatures where
substantial solid-state diffusion can occur. This segregation

reduces the overall GB energy [61]. Theoretical formulations
of the diffusion-mediated chemical segregation from the sur-
rounding solid into the GBs have been given in [61,74,75].
The extent to which thermodynamically favorable segregation
can occur is determined by the diffusivity of species in solid,
Ds, together with the local time-temperature profile experi-
enced by the material.

Solidification cracking in the current paper occurs while
there is still remaining liquid in the interdendritic regions
present, i.e., where two dendrites are going to merge and
form a GB. However, the observed composition profiles at
GBs occur after complete solidification and cooling down.
Hence, it can have been created by both microsegregation and
solid-state segregation.

Scheil-Gulliver thermodynamic calculations using
Thermo-Calc with the TTNI8 database for Ni-base
superalloys, including liquid, γ , and carbide phases, were
performed to evaluate the liquid composition as a function
of temperature. The composition plots for all the solute
elements can be found in Figs. 11(a)–11(c). Importantly,
the calculations predict a strong partitioning of minor
solutes, B, Zr, and Si, into the liquid at the last stage
of solidification, equivalent to ≈3.6, 3.2, and 0.5 at. %,
respectively. This is in general agreement with our measured
APT compositional profiles across HAGBs and LAGBs.
However, the APT results reveal that the B enrichment is
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FIG. 10. Plots showing the variation in calculated Gibbsian interfacial excess from APT in different HAGBs and LAGBs for (a) B, (b) C,
(c) Zr, and (d) Si. The plots show a consistently higher excess of Zr and Si in the HAGBs as compared to LAGBs. The modified IN738LC
alloy has a higher excess of Zr and Si as compared to the standard alloys. Also, the GB excess of Zr and Si at the HAGBs, in the top layer (see
Supplemental Material [80]), is similar to the HAGBs in the bottom layers.

approximately three times lower and C is ten times higher
than the compositions predicted by the calculation. In
contrast, at HAGBs, the Zr content is approximately three
times above the predicted compositions, whereas the Si
content (0.5 at. %) is nearly consistent between experiment
and simulation. As discussed earlier, LAGBs are not enriched
in either Zr or Si. These discrepancies demonstrate that the
difference in the enrichment of minor solutes to HAGBs and
LAGBs must be taken into account during the prediction of
solute enrichment. This distinction cannot be made by simple
Scheil-Gulliver calculations.

For the solute species of IN738LC, the solid-state diffu-
sion coefficients (Ds) at various temperatures were calculated
using the Arrhenius equation. The preexponential factors
(D0) and the activation energy (Q) for diffusion were taken
from the literature [76–78] (see Supplemental Material [79]).
To approximate the diffusion distance (x) of various atomic
species during cooling down until complete solidification,
we numerically integrate the equation,

√
〈x2〉 = √〈6Dst〉. We

assume a cooling rate of 106 K/s (a high assumption) and
a solidus temperature of 1300 K (a low assumption). This
choice of values leads to a calculated diffusion distance that
is at the lower end of the range of values to be expected (see
Supplemental Material [79]). The numerical values on the top
of each bar graph are the absolute values of the predicted
distances in nanometers.

Figure 12 shows the diffusion distances of the solute
species C, B, Zr, Si, Ti, and Nb. The calculations predict that

B, C, and Zr, being fast diffusers in Ni, can redistribute in a
wide region adjacent to the grain boundary during cooling,
despite the very high cooling rates of SLM. The minimum
calculated diffusion distance in this group of elements is
170 nm. Slow-diffusing elements such as Si, Ti, and Nb
have a solid-state redistribution range of only around 1 nm
after 106 s at 330 K. These calculations suggest that the final
GB chemistry, after full solidification, measured by APT [cf.
Figs. 13(a)–13(f)] is influenced by both microsegregation and
solid-state segregation.

This behavior is clearly species dependent: B, C, and Zr
profiles [Figs. 13(a)–13(c)] are expected to be heavily influ-
enced by solid-state diffusion to or from the GB. However, the
composition profiles across the GB of Si, Ti, and Nb should be
practically completely due to microsegregation [Figs. 13(d)–
13(f)]. This solute-specific behavior may explain the different
shape of the composition profiles of some of the elements.
Due to its origin from microsegregation, the Ti and Nb profiles
are much broader than, e.g., the Zr profile, which results from
solid-state GB segregation. Note that also microsegregation
can lead to very sharp composition profiles if the solute is
concentrated very strongly in the last remaining liquid, as
is the case for Si [Fig. 13(d)]. The asymmetric composition
profiles of Ti and Nb [Figs. 13(e) and 13(f)], however, cannot
be explained by conventional microsegregation models with
isotropic solid-liquid interface energies.

Harrison et al. [9] attribute the inhibition of intergranular
segregation of Si to rapid solidification conditions and solute
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FIG. 11. (a–c) Plots showing the calculated evolution of solute enrichment in the liquid phase as a function of temperature using Scheil-
Gulliver assumptions. The calculations were performed using the Thermo-Calc with the TTNI8 database.

trapping during SLM of Hastelloy X. The authors perform
SEM-EDS line scans to show the lack of segregation of Si at
the intergranular crack surface. However, the GB excess plots
in Fig. 10(d), obtained from the APT analysis, confirm that
Si enrichment occurs at the HAGBs in IN738LC. We suspect
that the characterization method employed by Harrison et al.
precluded them from measuring a Si enrichment at GBs. For
the current alloy system and process parameters, we cannot
confirm the interpretation suggested in [9] that the SLM
process is within the (complete) solute-trapping regime.

FIG. 12. Bar graph showing the predicted diffusion distances of
solute elements such as C, B, Zr, Si, Ti, and Nb at 350 K. Details of
the diffusion calculations are elucidated in nanometers.

B. Misorientation dependence of cracking

According to the experimental and theoretical evidence
[34,35], the HAGBs (repulsive interfaces) have larger hot
cracking susceptibility compared to LAGBs (attractive inter-
faces). Our experimental evidence of solidification cracks,
only occurring on the HAGB of SLM-produced IN738LC,
agrees with this description.

The theoretical model of Rappaz et al. [35] elucidates the
effect of back-diffusion of solute from the remaining thin
layer of interdendritic liquid, during the last stage of solidi-
fication, influencing its final coalescence behavior. The model
predicts that for a remaining liquid at a repulsive interface
an additional undercooling, �Tb, [as described in Eq. (1)] is
required for final coalescence. Conversely, for an attractive
interface, full solidification occurs at a higher temperature
than predicted by the liquidus line.

The resulting undercooling required for a repulsive inter-
face causes more back-diffusion of solute from the remaining
liquid at the intergranular region. This back-diffusion of solute
tends to lower the solute composition in the remaining liquid.
The coupled effect of temperature reduction due to heat
extraction and the reduction of the liquid composition due
to back-diffusion drives the liquid to reach the coalescence
temperature, hence completing the solidification process [33].

Figures 14(a) and 14(b) are the plots of the sharp-interface
model predictions of the last stage of solidification in a model
binary alloy adapted from [35]. The coalescence temperature
is given by the dashed black line in Fig. 14(a), which is
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FIG. 13. (a–f) 1D composition plots comparing the enrichment
profile of B, C, Zr, Si, Ti, and Nb across the two HAGBs. The grain
boundary enrichments of the minor alloying elements (B, C, Zr, and
Si) are similar in the HAGB with a solidification crack and the HAGB
without a solidification crack.

parallel to the liquidus line of the phase diagram, with a
shift of �Tb (θ ), governed by Eq. (1). The sharp-interface
calculations predict that the composition of the remaining
liquid for a HAGB [blue line, Fig. 14(b)] deviates from the
liquidus to lower solute composition due to the back-diffusion
of solute. At this temperature and reduced solute composition,
the remaining liquid between the dendrites solidifies, mark-
ing the completion of solidification. For a neutral interface
(γGB = 2γsl), the coalescence occurs on the liquidus line (in
green). For an attractive interface, as the thickness of the
liquid film decreases, theory predicts that the liquid compo-
sition terminates above the liquidus, at a higher composition
(in red).

Figures 14(c)–14(f) summarize the 1D composition pro-
files of B, C, Zr, and Si at the HAGB and LAGB, respectively.
The current APT and TKD study shows greater enrichment of
Si and Zr at the HAGB as compared to the LAGB [Figs. 14(c)
and 14(d)]. This is opposite to the prediction made by the
above theory. It can be clearly seen that Zr and Si are enriched
only at the HAGB and not in the LAGB. From the GB excess
plots of Zr and Si [Figs. 10(c) and 10(d)], we consistently
see higher excess of Zr and Si in HAGBs as compared to
LAGBs. While our analysis of solid-state diffusion suggests
that the measured composition profile of Zr is probably not
the one existing right after solidification, the Si composition
profile should be mostly unaffected by solid-state diffusion.
Additionally, the GB excess of Zr and Si at the HAGB in the

FIG. 14. Plots in (a) and (b), adapted from [29], are the sharp-
interface model predictions of the last-stage solidification theory in
a model binary alloy. The black dashed line in (a) is the coalescence
line. (b) The influence of grain boundary energy on the nature
of coalescence of the last liquid in an attractive (LAGB), neutral,
and repulsive (HAGB) interface. (c–f) Experimentally obtained 1D
composition profile comparing the enrichment of Si, Zr, C, and B in
the HAGB and LAGB in SLM-produced IN738LC.

top layer (see Supplemental Material [80]) is similar to that at
the HAGB in the bottom layers. Hence, the GB chemistry is
not influenced by the multiple reheating cycles arising from
the deposition of subsequent layers during the SLM process
(“intrinsic heat treatment”).

The extent of back-diffusion of solute from the remaining
liquid into the solid is sensitive to the local cooling rate, the
length scale of the dendrites, and the solid diffusion coefficient
(Ds). The degree of back-diffusion of an alloying element
in Ni depends on its type of site occupancy, i.e., whether it
is substitutional or interstitial [14]. Interstitial elements such
as C and B have diffusion rates orders of magnitude higher
than substitutional elements like Cr and Co in Ni [15,81]
(see Supplemental Material [79]). In the current paper, we
do not see such a direct correlation between the extent of
back-diffusion and the GB enrichment profile. Though C and
B have high mobility for back-diffusion, we see enrichment
at both the HAGB and LAGB [Figs. 14(e) and 14(f)]. Si is
a substitutional element [82], and Zr has a high diffusion
coefficient of ≈10−11 m2 s−1 in Ni, but they show different
profiles in the HAGB and LAGB.
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C. Effect of second phases

The formation of low-melting phases and liquation
(remelting) of secondary precipitates at the GB is a plau-
sible mechanism for initiating microcracks in laser-welded
IN738LC samples [17,19]. Recent APT studies by Chauvet
et al. [83] have reported traces of intergranular residual liquid
enriched in B, close to the crack surface. However, in their
selective electron-beam melting process, the final superalloy
microstructure contained a significant fraction of γ ′ precip-
itates and borides, indicative of a much slower cooling rate
than in our experiments. In the SLM-produced IN738LC
investigated here, the SEM micrographs and subsequent APT
analysis do not reveal any γ ′ or γ /γ ′ eutectics at grain bound-
aries. Therefore, the role of γ /γ ′ eutectics or residual liquid
from borides and carbides, that are further stabilized by the
minor solute elements, does not contribute to the solidification
cracking.

Pertaining to the effect of Si enrichment at the GB in SLM-
produced superalloys, Engeli et al. [37] and Tomus et al. [10]
hypothesize that Si segregation could promote the formation
of detrimental phases at GBs. Although the current APT-GB
analysis reveals Si enrichment, there is no evidence of any
detrimental Si-rich phases at any of the GBs. Only Ti-rich
carbides are observed [Fig. 8(a)]. The carbides, however, are
present at the dendritic and interdendritic regions and also
on noncracked GB. Hence, they are not a plausible source of
crack initiation.

D. Role of the solidification interval during the cracking process

A comparison of the Zr enrichment between the different
GBs, both in standard and modified alloys, is plotted in
Figs. 9(d) and 9(e). A similar Zr enrichment profile can be
seen at all three types of GBs. In their interpretation of
solidification cracking of SLM-produced IN738LC, Cloots
et al. [8] follow the often-used assumption that there exists
a critical temperature range (�TCTR) for cracking, defined
as �TCTR = Tliquidus−Tsolidus. This temperature range is sug-
gested to mark the vulnerable regime for the initiation of
cracks during alloy solidification. They quantify the enrich-
ment of Zr at an unspecified GB (probably a HAGB) by one
APT measurement and hypothesize that this could lead to a
reduced solidus temperature of the last remaining liquid, prior
to the formation of the GB. Consequently, the �TCTR range
increases by the same amount and this interdendritic liquid
film, enriched with Zr, remains stable to low temperatures,
leading to solidification cracks.

In the current paper, APT results show a Zr Gibbsian
interfacial excess of 1.5 atoms/nm2 at all the HAGBs [see
Fig. 10(c)]. Crucially, in the modified low Zr-Si alloy, we find
an interfacial excess of 1.2 atoms/nm2 of Zr, at the HAGB,
similar to its value at the HAGBs in the standard alloy. If
the increase in the local GB solidification interval due to
Zr enrichment (as postulated by Cloots et al. [8]) were the
main mechanism of solidification cracking during SLM, we
would expect solidification cracks in the modified alloy also.
However, these specimens are entirely devoid of cracks. Since
the SLM process parameters (such as laser power, laser scan
speed, scanning strategy, substrate material, and substrate
temperature) for standard and modified IN738LC were kept

constant, it is a reasonable assumption that the spatial distri-
bution of the thermal stresses, in the microstructure, during
solidification is identical in both cases. Such minute modifi-
cations in Zr and Si content do not significantly alter the high-
temperature yield stress and the ductility of the mushy zone.
Hence, the suppression of the solidification crack formation in
the modified alloy is primarily due to the reduction in the Zr
and Si alloying content in the bulk composition. We, therefore,
suggest that the increase of the solidification interval, due
to the Zr enrichment, is not the dominant mechanism for
solidification cracking of such nickel-base superalloys during
the SLM process.

The modest influence of the solidification interval on so-
lidification cracking is supported by earlier studies on casting
and welding of nickel-base superalloys and Al alloys. Liu
et al. [84] show that, although Al-4.0 Mg has a larger so-
lidification interval as compared to Al-4.4 Cu, it has a lower
cracking susceptibility during welding. Zhang and Singer [28]
varied the Ti concentration in cast NBSs and reported that
the alloy with the highest solidification interval had the least
cracking susceptibility. The mechanism to initiate the hot tears
in this alloy was attributed by Zhang and Singer to the increase
in volume fraction of the liquid at the interdendritic region,
influenced by Ti addition [28].

E. Concluding discussion

In summary, we have quantified the solute decoration to
grain boundaries during the SLM process of IN738LC and
discussed its influence on the solidification cracking mecha-
nism. We have shown that (a) the composition profiles of B, C,
and Zr, across GBs are affected by solid-state diffusion during
cooling; (b) the mechanism of an increased critical tempera-
ture range (�TCTR), due to solute enrichment of Zr is unsuited
to explain the observed microcracking behavior; and (c) the
model by Rappaz et al. [35] can account for the difference in
cracking behavior seen on the HAGB and LAGB. However,
the GB composition profile of minor solute species (Zr and
Si) does not concur with the model predictions.

The basic argument by Rappaz et al. [35] for a higher crack
susceptibility of the HAGB compared to the LAGB is that
there exists an additional undercooling, required for full solid-
ification. Hence, it could be described as a more sophisticated
version of the simple �TCTR model, which considers the effect
of grain boundary energies (γGB) on the temperature range,
and not only the difference between liquidus and solidus
temperature. To accommodate the effect of a small change in
minor solute elements in cracking susceptibility with this type
of model, there needs to be a mechanism by which the minor
element additions have a comparatively large influence on the
undercooling (�T ). We propose that the influence of, e.g., Zr
and Si, is not via their effect on the bulk phase stability of
the liquid and the solid phases, but rather on their effect on
the grain boundary energies (γGB) and solid-liquid interface
energies (γSL). The compositions of minor solute elements
have additional contributions to the interface energies [85,86].
First-principles studies on the effect of solutes on grain bound-
ary energies and on solid-state GB cohesion (quantified as
“embrittling potency energy”) have been reported. Embrittling
potency energy is defined as the difference in the binding
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energy of a solute atom at a GB and a free surface [87]. Some
studies describe a strengthening effect of Zr additions on the
γGB of Ni [74], while other studies show a slight embrittling
potency of Zr as well as an increase in γGB [87]. B, C, and
Si reduce the embrittling potency energy by reducing the γGB

in Ni [87,88]. Based on our experiments, we hypothesize that
including the temperature and composition dependence of the
interface energies into the undercooling model could lead to
an understanding of the experimentally observed composition
profiles. Extensive experimental and theoretical studies in Ni
substantiate the influence of temperature and anisotropy on
γGB and γsl [89–95].

The current paper clarifies that the enrichment of Si and
Zr to the interdendritic liquid and its subsequent influence on
the liquidus-solidus interval is not the dominant mechanism
for solidification cracking in SLM-produced IN738LC. The
cracking mechanism is most likely dominated by a combi-
nation of mechanical and chemical factors at several length
scales. We are currently studying model nickel-base alloys
with variations in minor solute element content (B, C, Zr, and
Si) to unravel the solidification cracking mechanism during
laser melting at a fundamental level. We are currently study-
ing model nickel-base alloys with variations in minor solute
element content (B, C, Zr, and Si) to unravel the solidification
cracking mechanism during laser melting at a fundamental
level. Previous studies have also shown that these minor solute
species influence the cellular or dendritic type of growth
during directional solidification of IN738 superalloy [96,97].
This improved understanding can be transferred to design
a nickel-base superalloy, resistant to solidification cracking
during the SLM process.

V. CONCLUSIONS

(1) During the selective laser melting process (SLM, also
known as the laser powder bed fusion process) of poly-
crystalline nickel-base superalloy Inconel-738LC (IN738LC)
the key issue is the presence of solidification cracks which
typically nucleate in the semisolid intergranular region during
the last stage of solidification and propagate along high angle
grain boundaries only.

(2) Correlative atom probe tomography–transmission
Kikuchi diffraction (APT-TKD) probing was capable of un-
ambiguously distinguishing the misorientation-dependent en-
richment profile of minor solute elements such as B, C, Zr,
and Si in SLM-produced IN738LC. B and C enrich both the
HAGBs and LAGBs. However, Zr and Si enrichment is only
observed at HAGBs and not at LAGBs. These discrepancies
demonstrate that the difference in the enrichment of minor

solutes to HAGBs and LAGBs must be taken into account
during the prediction of solute enrichment. This distinction
cannot be made by simple Scheil-Gulliver calculations.

(3) APT-TKD analysis of GB chemistry at the topmost
layer (a layer that experiences only a single laser pass) of
the SLM produced a sample, showing similar enrichment
profiles of solute elements, as compared to the GBs at the
bottom layers. Hence the GB chemistry is not (significantly)
influenced by the multiple “reheating” cycles, arising due to
the melting and solidification of the subsequent top layers,
during the SLM process.

(4) Microsegregation and solid-state segregation of so-
lutes contribute to the final GB chemistry profiles. This dif-
ference in the GB enrichment mechanism is solute dependent.
The GB profile of slow-diffusing solutes such as Si, Ti, and Nb
is influenced by microsegregation only. However, solid-state
segregation of fast-diffusing species such as B, C, and Zr
during cooling after solidification could affect their respective
enrichment profiles across the GB.

(5) A modified alloy composition of IN738LC with re-
duced Zr and Si content (wt. %), by 66 and 85%, respec-
tively, was subjected to the SLM process. Postsolidification,
microstructure analysis showed a 99% reduction in crack
density, however with a comparable GB excess of Zr and
Si quantified using APT. Hence, the current paper clarifies
that the enrichment of Zr to the interdendritic liquid and its
subsequent influence on the liquidus-solidus interval is not
the dominant mechanism for solidification cracking in SLM-
produced IN738LC.

(6) The misorientation-dependent GB solute enrichment
profile from APT-TKD measurements was compared with
the theory of misorientation-dependent coalescence of the
remaining intergranular liquid by Rappaz et al. [35]. Zr and
Si enrichment is more pronounced at HAGBs as compared
to LAGBs. This experimental result is opposite to the pre-
dictions in the model. The inclusion of the temperature- and
composition-dependent interface energies into the model may
lead to an improved understanding of the experimentally
observed composition profiles.
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