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Elastically frustrated rehybridization: Origin of chemical order
and compositional limits in InGaN quantum wells
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Nominal InN monolayers grown by molecular beam epitaxy on GaN(0001) are investigated combining in
situ reflection high-energy electron diffraction (RHEED), transmission electron microscopy (TEM), and density
functional theory (DFT). TEM reveals a chemical intraplane ordering never observed before. Employing DFT,
we identify a novel surface stabilization mechanism elastically frustrated rehybridization, which is responsible
for the observed chemical ordering. The mechanism also sets an incorporation barrier for indium concentrations
above 25% and thus fundamentally limits the indium content in coherently strained layers.
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Modern optoelectronic devices rely on our ability to tune the
electronic band structure of ultrathin heteroepitaxial structures
via the chemical composition [1–3]. A prime challenge often
encountered when designing and optimizing such devices
is the failure to achieve the targeted chemical composition.
This is related to the fact that the specific composition is
thermodynamically or kinetically unstable. InxGa1−xN alloys
are a prime example where such thermodynamic limitations
have a severe impact on device features and performances. If
the In composition in these alloys could be controlled from
x = 0 (GaN; band gap 3.5 eV) all the way up to x = 1 (InN;
band gap 0.7 eV), light emitting devices from the infrared to
the ultraviolet region could be realized. However, so far, the
uppermost In concentrations in coherently grown 2D (In,Ga)N
layers were reported to be around 30% [4–6], which severely
narrows the tunability of InGaN-based emitters.

Such stoichiometric limits may be overcome if the thermo-
dynamic stability for a given composition is more favourable
at the surface than in bulk. In coherently grown heteroepitaxial
layers, the loss of translation symmetry at the growth surface as
well as the strain introduced by the lattice mismatch may shift
the thermodynamic potential of the system, stabilizing alloys
that are unstable in the bulk state [7–11]. Important phenomena
related to this mechanism are compositional latching [12,13],
strain enhanced solubility via suppression of phase separation
or spinodal decomposition [14–16], or increased miscibility
of compounds at the surface, which are unstable in the bulk
[11,17,18]. While these aspects have been discussed in detail
in the past, less attention has been paid to the effects of
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surface termination and surface reconstructions on thermal
decomposition of the constituents and its role in controlling
alloy composition or chemical ordering. Motivated by this, we
have studied stoichiometric limitations in the (In,Ga)N system
in samples grown by means of plasma assisted molecular beam
epitaxy (PAMBE). For this purpose, we have combined in situ
RHEED, high-resolution TEM, and ab initio calculations.

In this Rapid Communication, we show that deposition of
a nominal InN monolayer (ML, i.e., switching off the Ga-flux)
forms a chemically ordered InxGa1−xN ML, exhibiting a mean
In content of 25%, even a systematic wide-range variation of
the growth parameters did not succeed in overcoming this com-
positional limit. Employing DFT calculations in combination
with thermodynamic concepts we show that a novel surface
mechanism—elastically frustrated rehybridization—leads to
surface geometries that defy our present understanding of sur-
face stabilizing mechanisms, as well as to severe stoichiometric
limitations.

We targeted to grow short period superlattices consisting of
InN MLs separated by GaN barriers on GaN (0001) surfaces
for band gap tuning via changing the width of the barrier [19].
Using only binary compounds supposedly avoids strong local
compositional inhomogeneities as present in conventional
pseudobinary InGaN alloys with high indium contents [20].
After growth of a GaN buffer layer at 800 °C on a GaN
(0001) template on sapphire substrate, we start the deposition
of the superlattice. For this purpose, the growth temperature
is reduced to 550 °C–650 °C, the Ga flux is switched off and
the surface is kept under N flux to remove metallic Ga from
the surface. Then the Ga shutter is closed and the In shutter
is opened for depositing a ML of nominal InN on the GaN
surface. Finally, the In flux is switched off and the nominal InN
layer is capped by a GaN barrier. The short period superlattices
typically consist of 10 periods. The GaN barriers are deposited
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FIG. 1. (a) Experimental images of the (In,Ga)N ML region using negative Cs imaging conditions in (a) the 〈1100〉 and (b) the 〈1120〉 zone
axis. TEM image simulations of an (In,Ga)N ML with an In content of 25% in the (c) 〈1100〉 and (d) 〈1120〉 zone axis. 90% of the In atoms are
arranged in a (2

√
3 × 2

√
3)R30◦ configuration and 10% are randomly distributed. Specimen thickness for the 〈1100〉 was 7 nm; for the 〈1120〉

14 nm.

at a fixed III/V ratio of 1.1 adopting the growth temperature
of the respective InN layer. Descriptions of the generic growth
processes can be found in Refs. [21–24]. Structural and com-
positional analyses were performed in an aberration corrected
transmission electron microscope (TEM) FEI Titan 80-300,
operated at 300 keV and equipped with an on-axis mounted
EAGLE charge coupled device (CCD) camera.

Systematically varying the growth parameters for the
(In,Ga)N deposition, such as temperature (550 °C–650 °C),
III/V ratio (0.8–1.5), N flux (6–14 nm/min) or growth time
(4–64 s, corresponding to nominal thicknesses of 2–32 MLs
of InN) neither resulted in a layer thickness exceeding a
single ML nor a change in the observed composition in
the TEM micrographs. Figure 1(a) displays a typical TEM
image of the (In,Ga)N ML recorded in the 〈1100〉 zone axis.
The (In,Ga)N ML is characterized by a periodic intensity
variation, with each third atomic column appearing darker than
the surrounding GaN matrix. Under the imaging conditions
used, these darker spots indicate atomic columns with a high
In content, while the bright spots refer to atomic columns
composed of GaN. The ordering occurs in patches extending
several nanometers within the ML plane. In the 〈1120〉 zone
axis [see Fig. 1(b)], the ML is practically indistinguishable by
means of contrast from the surrounding GaN matrix. While
the 3× periodicity has been observed earlier by RHEED as a
transient phenomenon [25], the persistence after overgrowth
demonstrated by TEM (and invisible to RHEED) has to our
knowledge never been observed before.

The experimentally observed 3× periodicity could be
explained by recent theoretical findings according to which
a

√
3 × √

3 In ordered ML with a 33% In concentration
is a T = 0 K thermodynamic ground state [26]. However,
this previously identified ordered structure is not stable at
our experimental growth temperatures (see Ref. [27]). We
performed extensive DFT and Monte Carlo calculations for
a variety of bulk and surface alloys, which will be reported
elsewhere, and the key outcome was that single (In,Ga)N
MLs embedded in a GaN matrix always undergo an order-
disorder transition well below the actual growth tempera-
ture. We therefore conclude that the experimentally observed

ordering cannot be explained by the thermodynamic stability
of the embedded ordered InxGa1−xN quantum well. Rather, it
must be the result of an ordered surface structure, different
from the In-adlayer structure studied in Ref. [26] that is
stable only under In-rich growth conditions. Furthermore, it
is thermodynamically stable at growth temperature and keeps
stable even if overgrown by GaN.

In order to test this hypothesis, we systematically varied
surface reconstruction, total In concentrations, and chemical
ordering of (0001) (In,Ga)N surfaces. The surface energy of
these structures were computed by DFT calculations within
the local density approximation (LDA). The surfaces were
modeled with a slab geometry with various surface unit cells:
(n

√
3 × n

√
3)R30◦ (n = 1, 2), n × n (n = 1, 2, 3, 4), as well

as orthogonal (n × n)R90◦ (n = 2, 4).
We first focus on surface geometries that can be rationalized

by well-established principles. (1) For N-rich conditions,
group-III-nitride surfaces are expected to obey the electron
counting rule (ECR), i.e., all N/metal dangling bonds should
be doubly occupied/empty, respectively [28,29]. This rule
restricts severely the number of possible configurations. (2) For
a given reconstruction, Ga/In distribution tends to maximize
the number of Ga-N bonds at the expense of In-N bonds,
because the latter ones have a significantly weaker bond energy.
In consequence, undercoordinated sites, where the cation has
not four but only three or two nitrogen neighbors, will be
preferentially occupied by In since this minimizes the number
of weak In-N bonds. This highly intuitive picture has been
successfully used to explain various phenomena on (In,Ga)N
surfaces [30,31]. (3) In atoms tend to stay away from each other
to minimize dilatational stress at short distances. The stress is
a consequence of the larger atomic radius of In compared to
Ga, which makes the In-N bond length ≈11% longer than the
Ga-N one.

It turned out that none of the energetically preferred
structures constructed from these principles could explain the
experimentally observed (

√
3 × √

3)R30◦ like structure or a
multiple thereof. We therefore extended our search to non-
conventional structures that disobey some or all of the above
criteria. This search revealed that, although the ECR is valid
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FIG. 2. Chemical potential �μ = Etot
n+1 − Etot

n as a function of
composition x. Etot

n is the total energy of a (2
√

3 × 2
√

3)R30◦ slab
with n In atoms in the top surface layer. Green/blue and red dots
correspond to the lowest- and higher-energy configuration/s for each
x, respectively. The dashed lines are guidelines for the eye. (Inset)
Top view of the lowest-energy (2

√
3 × 2

√
3)R30◦ In0.25Ga0.75N

configuration. Small/black dots denote the N adatoms and small/open
balls the N atoms. Blues balls indicate the In atoms and red and green
balls distinguish the coordination inequivalent Ga atoms. Group-III
atoms at the red sites are triply coordinated, while at the green sites
they are fourfold coordinated. The energy required to incorporate In
at the red sites is more than 0.87 eV higher than at the green position.

under N-rich conditions, In prefers surface sites that according
to our present understanding should be highly unfavorable.

The representative model sketched in Fig. 2 allows us to
visualize all the identified low-energy structures. It consists
of a metal-polar (2

√
3 × 2

√
3)R30◦ surface with three triply

coordinated N adatoms on top. This structure obeys the ECR by
construction, independent of the specific distribution of the In
and Ga atoms in the metal layer. The blue and green colors mark
fourfold coordinated and the red one threefold coordinated
metal atoms. To account for the elastic repulsion between
two neighboring In atoms, the four-fold coordinated sites are
split into two colors: considering that an In atom occupies a
blue site, it should be energetically unfavorable for another
In atom to occupy a neighboring green site. Starting from an
In-free 2 × 2 N adatom surface, we systematically replace Ga
by In atoms. In each step, we compute the energy for a single
substitution on all symmetry inequivalent sites. To proceed
to more In, we then keep the lowest energy configuration
found at this stage, and compute the substitution energies when
adding one more In atom. The corresponding Ga-In exchange
energies, relative to the substitution of a single In, are plotted
in Fig. 2 and show a clear gap in the order of an eV between
the three- and fourfold coordinated sites in favor of the latter.
Surprisingly, the actually observed energetic trends defy our
previous understanding that the surface tries to minimize the
number of weak In-N bonds. Rather, In has a strong tendency
to go onto a four-fold coordinated site leaving a Ga atom on
the threefold site. Furthermore, bringing two In atoms onto
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FIG. 3. On-site projected density of states (pDOS) of a 2 × 2 N
adatom (0001) GaN surface with 25% InN at the topmost surface
layer. (a) and (b) The In atom sits at a fourfold/triply coordinated site,
respectively. The blue curves indicate the pDOS on the N adatom and
on the first surface layer atoms. The gray shaded area denotes the
pDOS from the fourth surface layer and the yellow shaded area the
highest occupied surface state. The arrows indicate the onset of
the lowest unoccupied surface states and the horizontal solid lines
the position of the highest occupied states. (Insets) Yellow, red, and
green colored density plots indicate the partial charge density of
the states in the energy range shaded in yellow, red, and green in
the pDOS, respectively. (Insets bottom) Schematic representation
of the tetrahedra formed by the triply coordinated metal atoms and
the three N atoms bound to them. The red/green isocontour surface
shows the corresponding dangling bond state. Dark/light small balls
denote the N adatom/atoms, respectively. Red/green balls are the
In/Ga atoms, respectively. The dark green in the left inset denote
the triply coordinated Ga atom.

nearest neighbor sites (blue and green) costs a small energy
penalty (50–150 meV per pair). As the total In concentration
increases, the number of such pairs inevitably grows when the
In is put outside the sublattice depicted in blue, creating an
increasing gap between the next low-energy site (blue) and the
less favorable ones (green).

The trends in the computed chemical potential for the
various sites immediately explains the observed experimental
limitations in achieving higher In concentrations as well as
chemical ordering. Substituting In on only the blue sites leaves
the chemical potential essentially flat, i.e., adding one, two,
or three In atoms costs essentially the same energy. However,
adding a fourth In atom and thus increasing the In concentration
from 1/4 to 1/3 increases the In potential by ≈0.3 eV. To
realize this increase in the In chemical potential in our MBE
would require to raise the In flux by a factor of ≈5. Such
a huge increase in the In flux would eventually switch the
growth conditions to In-rich, which will either stabilize two
MLs of In on the surface or flood the surface with In, resulting
in In droplets and poor growth morphology. The challenge
to realize such a huge increase in the chemical potential
becomes even more evident when comparing this value with
the heat of formation of InN (0.2 eV) which corresponds
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FIG. 4. In situ RHEED pattern after deposition of (a) and (b) GaN, as well as (c) and (d) InN along the 〈1100〉 and the 〈1120〉 azimuth,
respectively.

to the maximum interval the potential can have when in
thermodynamic equilibrium with InN.

The question remains which mechanism stabilizes a struc-
ture that violates the established principles. In order to address
this question, we compare the electronic density of states
(DOS) of a surface where the In atom occupies one of the
low-energy fourfold coordinated (blue) sites with that of the
configuration where the In atom is sitting on one of the triply
coordinated (red) sites (see Fig. 3). The latter configuration
should be the preferred configuration, following the established
chemical bond-strength principle. As can be seen in the DOS,
the large energy gain of the fourfold coordinated site is a direct
consequence of a sizable downward-shift of a doubly occupied
surface band (marked by the yellow color). An inspection of the
corresponding wave function reveals that this doubly occupied
surface band for both structures is related to the dangling bond
state of the neighboring surface N adatom (yellow isocontour
surface in Fig. 3).

This result may come as a surprise, since the N adatom has
in both structures the same three-fold coordination. Inspecting
the unoccupied states reveals the underlying mechanism: As
shown in Fig. 3 the unoccupied orbitals of the energetically
preferred structure with the fourfold coordinated In atom are
shifted upwards. While the unoccupied states have no direct
impact on the energetics and thus the thermodynamic stability
of the surface, according to the bond orbital picture an upward
shift of the antibonding orbital is accompanied by a downshift
of the occupied bonding orbital, which effectively reduces the
energy of the system. The downshift of the occupied orbital
though cannot be observed directly, because it hybridizes with
the valence-band manifold below the band gap.

Let us now consider the triply coordinated cation. The triply
coordinated cation at the free surface (red color in Fig. 3)
can relax by shifting its position along the surface normal.
In case of Ga this flexibility allows the cation dangling bond to
rehybridize from the bulklike sp3 dangling bond configurations
to a more p-like configuration (raising the energy as seen in

Fig. 3) while the back bonds rehybridize from sp3 to a planar
sp2 configuration. The sp2 configuration lowers the bond
energy with the N atoms and leads to an inward displacement
of the triply coordinated cation. While a Ga atom, which fits to
the underlying lattice, gains energy through this energetically
favorable rehybridization, this is not the case for an In. The
inward displacement of the atom in this case would be inhibited
by the too large atomic radius of the In atom. The necessary
strain energy exceeds the gain due to rehybridization and thus
causes a large elastic frustration. We call this new mechanism,
which causes the technologically well-known stoichiometric
limitations in (In,Ga)N alloys, elastically frustrated rehy-
bridization.

Comparing our experimental TEM images against image
simulations based on the above identified (2

√
3 × 2

√
3)R30◦

configuration and considering a residual chemical disorder,1

we find excellent agreement on the near atomic level between
simulation and experiment [see Figs. 1(c) and 1(d) for the
〈1100〉 and the 〈1120〉 zone axis, respectively]. Even fine
details such as the slightly increased intensity below the
darker intensity spots (corresponding to the In-rich atomic
columns) in the 〈1100〉 projection can be identified in the
experiment. However, an unequivocal identification of the
atomic configuration solely by contrast analyses would require
larger areas of ordered patches (see supplemental material).
To distinguish between the two structures, we determined the
In concentration in the ML by a lattice parameter analysis
which is discussed in the supplemental material. This analysis
yields an In concentration of 25%, allowing to rule out
the (

√
3 × √

3)R30◦ structure in perfect agreement with the
ab initio predictions.

To further verify that the ab initio predicted (2
√

3 ×
2
√

3)R30◦ surface with 25% In content is indeed the source

110% of the In atoms were randomly distributed.
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of the observed chemical ordering and the compositional lim-
itations we investigated the respective reconstructions during
growth by RHEED. At the end of the GaN barrier growth, the
RHEED exhibits a 2 × 2 surface reconstruction, as displayed
in Figs. 4(a) and 4(b) for the 〈1100〉 and the 〈1120〉 azimuth,
respectively. This reconstruction is the expected one for N-rich
conditions of GaN and agrees with surface calculations of
Northrup et al. [32]. Subsequent deposition of InN leads
to a 3× periodicity along the 〈1100〉 azimuth, while a 1×
periodicity persists along the 〈1120〉 azimuth, as shown in
Figs. 4(c) and 4(d), respectively. These observations are con-
sistent with those described in Ref. [25], which the authors
interpreted as a (

√
3 × √

3)R30◦ reconstruction. However,
the differences between a (2

√
3 × 2

√
3)R30◦ and a (

√
3 ×√

3)R30◦ N-adatom reconstruction in RHEED are negligible
(see supplemental material). A previous in situ RHEED study
estimated that the 3× streak intensity along the 〈1100〉 azimuth
maximizes for a nominal In coverage of around 0.33 [21].
Since in this estimate desorption and decomposition have not
been included, which both decrease the actual In content, the
lower In content with 25% predicted by our ab initio study
and TEM analyses appears to be consistent. Our RHEED data
show the 3× periodicity along the 〈1100〉 azimuth to be stable
for temperature as high as 650 °C (see Ref. [27]). This is a
remarkably high temperature when compared against typical
growth temperatures for (In,Ga)N alloys with a high In content
[6]. Further InN deposition causes a reduction of the 1 × 3
RHEED reflex intensity. We trace this back to the fact that once
the In content in the ML reaches 25%, further In incorporation
is inhibited but instead accumulated on the surface. The same
argument also explains our experimental observation that the
thickness of the (In,Ga)N is limited to a single ML.

In summary, by combining TEM, RHEED, and DFT calcu-
lations we have demonstrated that the growth of nominal InN
MLs on GaN (0001) by MBE under slightly N-rich growth
conditions leads to ordered MLs with a mean In content of

25%, irrespective of the amount of In provided to the surface.
The severe limitation of the In concentration is explained by a
novel mechanism, elastically frustrated rehybridization, which
prevents In atoms from occupying low-coordinated surface
sites. The observed preference of In for fourfold coordinated
surface sites reveals not only a novel mechanism, but has
direct consequences for the growth of these technologically
highly relevant films: its high thermodynamic stability limits
the maximum In concentration to 25% as well as the thickness
to a single ML when switching off the Ga flux. Our findings
are the first example of a surface induced ordered InGaN
quantum well in the III nitrides and reveal fundamental limi-
tations for extending the compositional range for this material
system via digital alloying. The observed mechanism may also
open the route to growing purposefully ordered ML alloys
in (In,Ga)N/GaN and possibly other alloy systems, which
substantially reduces compositional disorder. Also, it may help
to identify possible strategies that prevent this mechanism thus
allowing to overcome this stoichiometric limit and to achieve
higher In concentrations.
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