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Dislocation Injection, Reconstruction, and Atomic Transport on {001} Au Terraces
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High-resolution electron microscopy investigations of Au films show that adatoms on (100) surfaces
insert into the underlying terrace to form surface dislocations. This injection readily occurs when the
number of adatoms on a terrace is ~20 atoms or less. The surface dislocation glides along the terrace, but
is repelled from the edges. The dislocation escapes by squeezing out in the dislocation line direction (not
gliding out the terrace edge). Atomistic simulations confirm the dislocation stability, easy glide along the
terrace and trapping at the terrace edge. These results have profound implications for film growth.
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The growth and/or evaporation of a film are complex
dynamical processes. To exercise control over film uni-
formity and surface morphology requires a high level of
understanding of the detailed atomistic mechanisms of
surface processes during growth and evaporation. Such
processes include surface transport mechanisms, such as
atomic hopping along the surface [1], atomic exchanges
between surface adatoms and atoms within a terrace or at a
step [1,2], diffusion across or over a step [3], and diffusion
into or out of grain boundaries [4]. For example, energy
barriers (Ehrlich-Schwobel barrier [5]) associated with
atoms hopping down surface steps (from an upper terrace
to a lower one), can lead to three-dimensional growth [6].

Surface reconstructions can play an important role in
growth processes. Reconstructions that occur during
growth may or may not be the same as in equilibrium.
Still, they give an indication of the tendencies of the
surface for structural change and, as such, can aid in the
understanding of growth surfaces. Au {100} surfaces re-
construct into a quasihexagonal structure leading to a (5 X
1) superperiodicity [7,8], resulting in a 20% increase in the
atom density. {110} and {111} Au surfaces adopt a (1 X 2)
reconstruction, yielding narrow {111} microfacets [9,10]
and a (v/3 X 22) reconstruction consisting of a lateral
compression along (110) by 4.4%, respectively. While
such surface reconstructions occur in high vacuum
[11,12] and in an electrolyte [13], they can be disturbed
by gas adsorption [11], application of an electrical field
[12] or by changing electrolytes [13]. For example, depos-
iting adatoms on unreconstructed Pt(111) leads to the
reconstruction of this surface, characterized by a fairly
regular surface dislocation network [14]. Simulations in
which adatoms are placed in a restricted region of the
surface have shown that these can indeed produce a surface
dislocation loop [15]. In this Letter, we report high-
resolution electron microscopy (HREM) and atomistic
simulation results that show the surface dislocation injec-
tion process, and how surface dislocations move and anni-
hilate on a (unreconstructed) (001) gold surface. These
surface dislocations are not simply surface structural fea-
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tures but are highly mobile, dynamic defects. These dy-
namical changes affect adatom incorporation, provide a
surface transport mechanism, and are related to the equi-
librium reconstruction. Such processes shed new light into
the interplay of surface reconstuction and surface stress.
Gold films were prepared by evaporation onto a (110)
cleaved NaCl substrate at 300 C. The 20 nm thick films
consisted of single crystalline areas in [110] orientation.
The NaCl was dissolved in water and the floating Au film
was captured on a Au grid. High-resolution electron mi-
croscopy was performed with a Philips CM-300 UT-FEG
TEM at an accelerating voltage of 300 kV. Spot sizes
between 100 and 400 nm were used with a current of
~5nA (ie, ~10° electrons/snm?). The edges of the
thin Au film tend to be rounded and were sculpted using
the electron beam (to displace atoms which then move by
surface diffusion and/or evaporate) into hillock structures
such as that shown in Fig. 1(a). The hillock surface exposes
a series of {001} terraces and the electron beam is oriented
along [110]. Figure 1(b) shows the hillock in three geome-
tries. In Fig. 1(b) (top) the hillock is seen from ‘“‘above”
(viewed in the [001] direction), which is the view that
would be obtained using scanning probe microscopy
(SPM) imaging. SPM observations would accurately
show the positions of the surface atoms both laterally and
normal to the surface, but would provide no information on
the underlying atoms and the registry of the surface atoms
relative to these. Figure 1(b) (middle) shows a side view of
the hillock along [110] atom columns, as viewed in the
HREM experiments reported herein. Since transmitted
electrons in HREM are used, one ‘“‘sees’ atom columns,
rather than individual atoms. The lateral atom column
positions are accurate, but the positions of the atoms in
the direction along the column is absent. Figure 1(b) bot-
tom shows a geometry tilted away from the [110] orienta-
tion to show the relation between the two upper
geometries. The following notation is adopted: the atomic
plane containing relatively few atoms on the top of the
hillock is denoted as plane A (red circles in Fig. 1), the next
atomic plane as plane B (blue circles in Fig. 1), etc. The
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FIG. 1 (color online). (a) Schematic illustration of the HREM
experiment, indicating the orientation of the surface and surface
terraces relative to the electron beam and how they are seen in
the HREM image. (b) The atoms in a cluster on plane A atop the
plane B terrace. Three representations of the atomic configura-
tions of the adatoms from plane A in three different viewing
directions (the middle one is the [110] TEM viewing direction).
(c) The adatoms injected from plane A into plane B to form a
type 1 dislocation and (d) into plane B to form a type 2 disloca-
tion. Note that the dislocation core consists of a hexagonal ar-
rangement of Au atoms and that the width of this hexagonal
stripe is two atom columns wider for type 1 than type 2. (e) Sche-
matic illustration of the atomistic simulation cell geometry.

specimen holder was at ~40 °C during the HREM experi-
ments. Although the electron beam can produce some local
heating, this should not increase the temperature of the
sample by more than 10 °C. It is possible, however, for the
electron beam to knock an atom from its position. The
system typically “repairs” this quickly, but the breaking
and reestablishment of these bonds can lead to a very
localized (in time and space) temperature spike. In this
sense, the macroscopic concept of temperature is not com-
pletely applicable during a HREM experiment.

Figure 2 shows a sequence of HREM images of an
evolving (001) surface selected from a movie [16]. At
0 sec there are still Au atoms in plane A. The black dots
are atom column positions along the viewing direction and
consist of 3—4 atoms (as deduced from detailed analysis of
the contrast). In order to minimize the length of the step
surrounding the terrace, the terrace shape is expected to be
compact (nearly circular). Note that the observed (001)
surface layer is bulklike rather than the 5 X 1 reconstruc-
tion found on well-equilibrated, large, clean surfaces. At

FIG. 2 (color online). Series of HREM images taken from a
movie [16]. The black dots represent Au atom columns along the
viewing direction (i.e., [110]). The time is indicated on the left in
seconds. In the top image red, blue and green dots show the
correspondence of the atom planes (A, B, and C) to the sche-
matic in Fig. 1. In the middle ten figures a dislocation can be
observed in the top atom layer (plane B). Between 5.0 s and the
movie frame immediately prior to the 8.5 s image (not shown),
the dislocation does not move. The contrast in these images was
enhanced by applying Fourier filtering (reducing the contrast of
features larger than 0.8 nm and smaller than 0.06 nm). Note, that
the 8.5 s configuration is very similar to that at O s, except that at
0 s some adatoms are present on top of the terrace. If some of the
atoms are removed from the flat terrace after 8.5 s or additional
adatoms are put onto the flat terrace, the 0 s configuration is
recreated and the whole process repeats.

0.1 sec the atoms that were in plane A are injected into
plane B resulting in the formation of an extra row of Au
atoms. This extra row of atoms can be thought of as a string
of interstitials in the surface plane or as an edge dislocation
lying in the surface plane along the [110] direction with a
(ao/2)[110] Burgers vector. This dislocation is quite mo-
bile, gliding along the plane B terrace (see Fig. 2).
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Although mobile, the dislocation appears unable to escape
through the edge of the terrace (i.e., the step), but rather
remains trapped in plane B for 10 seconds. In other cases,
this trapping was observed to last several minutes. The
dislocation is also observed to reside for long periods of
time near the center of the terrace (0.8 sec) or near one of
the terrace edges (3.4, 4.2, and 5.0 sec images). This
preference for a position close to the edges is typical for
surface terraces that are 10 to 20 atoms wide. In wider
ones, the dislocation tends to stay in the middle of the
terrace. Note, the number of atom columns in plane B is
reduced by one in between the 0.3 and 0.8 s images and
between the 4.2 and 5.0 s images, presumably due to fast
diffusion along the step edge and onto the (110) film
surface. The formation of surface edge dislocations was
observed in approximately 75% of all cases that plane A
was removed.

Two rather stable atom configurations of the surface
dislocation are observed: these are typified by the one at
0.3 sec (type 1) and the other at 0.8 sec (type 2). Models for
the atomic arrangements of type 1 and type 2 are shown in
Figs. 1(b) and 1(c), respectively. Type 1 is observed very
frequently close to the plane B edge (at 3.4, 42, and
5.0 sec). In fact, type 1 dislocations are quite stable near
the edges (where they appear to be trapped) but may move
rapidly from being trapped at one edge of plane B to being
trapped at the opposite side of plane B. Type 2 dislocations
are only observed near the center part of plane B.

In almost all cases, the escape of the surface dislocation
does not lead to the widening of the terrace by one extra
atom column or appearance of adatoms on top of plane B.
This indicates that the atom column at the core of the
dislocation is squeezed out of plane B along the electron
beam direction. This process is very fast and was not
observed in the 0.05 sec interval between frames of the
movies. The atoms that are squeezed out probably end up
on the back or front side of the island, incorporated into the
next terrace down (plane C) or on the (110) surface of the
film. The HREM observations do not allow us to distin-
guish between these.

In order to understand the formation and motion of the
observed surface dislocations, we performed a series of
atomistic (conjugate gradient minimization and molecular
dynamics) simulations using a modified embedded atom
method potential for Au [17]. A schematic illustration of
the simulation cell employed to determine surface dislo-
cation energetics is shown in Fig. 1(e) [the (001) surface
has the bulk termination, as observed experimentally —
Fig. 2]. The formation energy of a surface dislocation
(per unit length) E(y), parallel to the x axis, is

Ef(y) = [Ed(y) - Eref]/wcell’ (D

where y labels the position of the dislocation, E,(y) is the
energy of the system containing the surface dislocation
centered at y in plane B and relaxed at 0 K, E; is the
energy of the reference system with the column of atoms in

plane A [as per Fig. 1(e)] and w, is the simulation cell
width (in the x direction).

If the column of adatoms in plane A [Fig. 1(d)] is pushed
into plane B at 0 K, it spontaneously relaxes back to the
column of adatoms configuration; no surface dislocation is
formed. On the other hand, if this configuration is heated to
900 K for 10 ps and then cooled to 300 K over 20 ps the
type 2 surface dislocation, as shown in Fig. 1(c), is ob-
tained. If the surface dislocation shown in Fig. 1(b) (type 1)
is created and relaxed at 300 K for 1 ns, it is also found to
be stable. These results show that the two types of surface
dislocations do not form spontaneously at low temperature
during the course of our short molecular dynamics simu-
lations, but are at least metastable. The formation energies
E of both the type 1 and 2 surface dislocations are shown
in Fig. 3 as a function of y/L, is shown in Fig. 3 for
terraces (plane B) of different lengths L, (in the y direc-
tion). The simulations show that for all surface dislocation
positions y, the surface dislocation has lower energy than
the row of adatoms (i.e., E; < 0). Since the energy of the
system rises rapidly as the type 1 or type 2 surface dis-
locations approach the terrace edge, the surface disloca-
tions are unable to escape the terrace by crossing the step.
Figure 3 also demonstrates that the type 1 surface disloca-
tion is stable with respect to the type 2 surface dislocation
(and the column of adatoms configuration). Both type 1
and type 2 dislocation were observed in our experiments
(e.g., see Fig. 2 at t = 2.3 and 2.0 s, respectively), with the
type 1 structure being the most common. Hence, the simu-
lation results and experimental observations are consistent.

The formation energy vs y plot (Fig. 3) also shows that
except near the terrace edges, the surface dislocation en-
ergy is nearly independent of position along the terrace
(away from the edges, the energy landscape is rather flat).
However, careful examination of the data demonstrates
that the minimum energy configuration for type 1 disloca-
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FIG. 3. The formation energy of the surface dislocations £y of
types 1 and 2 versus dislocation position y for terraces of several
lengths Lj. The zero of the horizontal axis corresponds to the
middle of the terrace. Since the dislocation is unstable at the two
ends of the terrace, the first and last data points in the figure do
not occur at +0.5L/L,. The inset shows the same data for the
type 1 dislocation at a higher resolution. Note that the numerical
errors are much smaller than the data points in the figure.
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tions corresponds to the dislocation near the terrace edge
(see the inset in Fig. 3). The type I surface dislocation is,
however, unable to escape from the terrace because of the
rapid rise in energy immediately at the terrace edge. The
minimum energy configuration for the type 2 surface dis-
location occurs at the center of the terrace. These predic-
tions are also consistent with the experimental observa-
tions. That is, the type 1 dislocation is observed in experi-
ment to move towards the terrace edge and become trapped
there, while type 2 dislocations are never observed adja-
cent to the terrace edge. Both types of surface dislocations
are repelled from the actual step; this repulsion is very
short-ranged. This presumably results from the fact that the
dislocation core is of finite extent and, hence, moving the
dislocation up to the step requires dislocation core recon-
struction. This also explains why the repulsion is stronger
for type 1 dislocations than type 2 (note the rapid rise in E¢
at the extrema of y/L, in Fig. 3); that is type 2 have
narrower cores than do type 1 dislocations by two [110]
atom columns.

The formation of the surface dislocations can be related
to the equilibrium reconstruction of the (001) surface [7,8].
This reconstruction is (5 X 1) and corresponds to a regular
array of parallel surface edge dislocations (of the type seen
here) separated by five interatomic spacings. In contrast to
this regular array on large, flat, clean surfaces, only a single
(5 X 1) reconstruction stripe is observed in our experi-
ments, although there is space for more of them. Never-
theless the atomic displacements in the stripe are reminis-
cent of the (5 X 1) structure. Therefore, the injection of the
surface dislocations seen here is fundamentally the process
of reconstruction. However, in a terrace of finite size and
with a finite number of adatoms available, it is not always
possible to create the requisite dislocation density. Further,
the effect of the steps at the ends of the surface must also
break the (5 X 1) periodicity. With a smaller than equilib-
rium density of surface dislocations, there is nothing to
prevent the surface dislocation from migrating back and
forth across the terrace, as seen here.

Why does the surface dislocation and equilibrium re-
construction form? The present results do not fully answer
this question but do provide interesting hints. The surface
stress on the unreconstructed surface is large and tensile.
The presence of adatoms on the surface has little effect on
this surface stress [18]. When adatoms collectively inject
into the terrace and form a surface dislocation (of either
type), the tensile surface stress is greatly reduced.
Therefore, surface dislocation injection and the equilib-
rium reconstruction are likely driven by surface stress
relaxation. Note that the presence of a step relaxes the
stress within the terrace over a distance of order a few
interatomic spacings. Therefore, the dislocation is not
needed to relax the surface stress near the step and hence
avoids the island edge. The same idea can be expressed in
terms of the interaction of the elastic fields of the surface
edge dislocation and the surface stress. This leads to a re-

pulsive interaction in the present case. All of this is con-
sistent with the dislocation being repelled from the edge of
the terrace seen in the experiments and simulations.

Finally, it is interesting to note that the motion of the
surface dislocation along the terrace is a very efficient
means to transport atoms (in the direction perpendicular
to the surface dislocation line direction). The experiments
also show that the surface dislocation can escape the
terrace. If we consider the process of the formation, trans-
lation, and escape of the surface dislocation (or a surface
interstitial) altogether, we have a new picture for trans-
lating an atom from atop a terrace onto the next terrace
down. There is a barrier for the direct hopping from one
terrace to another (the Ehrlich-Schwoebel barrier [5]) that
has profound consequences for film growth morphologies.
The present mechanism of translating atoms from terrace
to terrace provides an alternative pathway to achieve the
same result. At this point, the relative magnitude of the
barriers associated with the different pathways remains
largely unexplored.
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