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Less Strain Energy despite Fewer Misfit Dislocations: The Impact of Ordering
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The average strain state of Ge films grown on Si(111) by surfactant mediated epitaxy has been
compared to the ordering of the interfacial misfit dislocation network. Surprisingly, a smaller degree of
average lattice relaxation was found in films grown at higher temperature. On the other hand, these films
exhibit a better ordered dislocation network. This effect energetically compensates the higher strain at
higher growth temperature, leading to the conclusion that, apart from the formation of misfit dislocations,
their ordering represents an important channel for lattice-strain energy relaxation.
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For the accommodation of two lattices with different
lattice constants, the introduction of interfacial misfit dis-
locations (MDs) is a well established mechanism. As soon
as a critical layer thickness ¢, is exceeded during growth,
the energy necessary for dislocation formation is overbal-
anced by the elastic energy gained by such a plastic re-
laxation. Hence, at 7, a transition from pseudomorphic
(coherent) to relaxed (incoherent) growth is predicted.
If the formation and movement of MDs is not suppressed
by kinetic limitations, a regular arrangement of MDs
can be expected. This has been observed in a variety of
heteroepitaxial systems, such as Ag(111)/Si(001) [1],
CoSi,/Si(111) [2], Ag/Pt(111) [3], and Fe/W(110) [4,5].
The strain fields of regularly arranged MDs, the critical
layer thickness, and their dependence on the lattice mis-
match have been investigated in great detail [6-8].
However, less attention has been paid to possible effects
of disordered MDs. In the present Letter, we will show that
deviations from perfect periodic order of the MD network
can lead to a significant increase of the strain energy.

As an example system, Ge/Si(111) was studied. Apart
from its great importance for technological applications
[9], this is an ideal model system for the epitaxy of lattice
mismatched materials, for three reasons: First, the lattice
mismatch of 4.2% is moderate in comparison, e.g., to
InAs/GaAs or CdSe/ZnSe (both about 7%) or InN/GaN
(11%). Second, the bonds of the elemental semiconductors
have purely covalent character, unlike those of the com-
pounds, so that neither differences in ionicity nor strain-
induced electric fields have to be taken into account [10].
Third, in the case of surfactant mediated epitaxy (SME)
[11], the intermixing of Si and Ge can be neglected,
allowing for atomically sharp interfaces and & layers
[12,13]. The Ge/Si(111) interface is of special interest,
since in this orientation the MDs can glide in the interfacial
plane and can, therefore, form a periodic network [14]. For
SME growth of Ge on the Si(111) surface, the formation of
such periodic interfacial dislocation networks has already
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been observed by different experimental techniques [14—
21].

The Ge films investigated here were grown by SME
under ultrahigh vacuum conditions, with Sb codeposited
as a surfactant. The growth temperature T, as determined
by infrared pyrometry, was varied from 490 to 720 °C. The
Ge film thicknesses, determined by in sing electron diffrac-
tion [22], were found to be around 100 A.

To characterize the strain state of the Ge films and to
investigate the properties of the misfit dislocation network,
grazing incidence x-ray diffraction (GIXRD) and trans-
mission electron microscopy (TEM) were employed.
More details about the sample preparation and the experi-
mental setup have been published previously [20,21].

Reciprocal space maps (RSMs) in the g plane, recorded
by GIXRD in the vicinity of the (224) Bragg reflection, are
shown in Fig. 1 for different growth temperatures. Because
of the finite scattering vector component perpendicular to
the surface, the diffraction spots in the RSMs do not
represent Bragg spots but the intersections of crystal trun-
cation rods (CTRs) with the g plane. In each of the RSMs,
the Si (30) CTR appears as a sharp feature at g =
3.0 r.Lu.; the rather elongated shape is due to the instru-
mental response function. For low growth temperatures 7g,
the Ge spot at g = 2.9 r.Lu. is weak and very broad. With
increasing T, the Ge spot becomes stronger and narrower.
Further, a hexagonal array of satellite spots evolves, which
is clearly visible at Tg = 590 °C. The presence of these
satellites is intimately related to a periodic network of
misfit dislocations [17,20—-22]. Accordingly, the evolution
of the satellite spots reflects a transition from rather dis-
ordered MDs to an ordered MD network. On careful in-
spection, satellite spots can already be recognized for
Tg = 540°C.

The widths of the satellite spots and the Ge spot are
indicative of the disorder of the MD network. Figure 2(a)
shows the width of the Ge (30) CTR as a function of the
growth temperature 7. A decrease of the reflection width
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FIG. 1 (color). Reciprocal space maps in the g plane in the
vicinity of the (224) reflection [i.e., near the (30)-CTR, at ¢, =
0.05 X 277/3.136 A] for Ge films grown on Si(111) by Sb-SME
at different temperatures 7. Scale given in reciprocal lattice
units, 1 r.Lu. = 27/3.326 A.

is found with increasing T. This result is explained by an
increase in the thermally activated mobility of the disloca-
tions at higher T, leading to an enhanced ordering. The
same arguments should also hold for the formation of
dislocations. At higher T, kinetic limitations of this for-
mation process should become less important, leading to a
higher density of MDs and, hence, a diminished average
strain of the Ge film. Experimentally, the opposite behavior
is observed. From the position of the Ge (30) spot, one can
directly derive the average lateral Ge lattice parameter ag,
and, hence, the strain parameter

0
a —da
y=——g, (1)
dsi — Age

where al, and af; are the corresponding bulk values for Ge
and Si, respectively. (Hence, y = 0 for a fully relaxed film
and y = 1 for a fully strained film.) The results are shown
in Fig. 2(b). Here data are depicted for an extended set of
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FIG. 2. (a) Dependence of the width (FWHM along the [112]

direction) of the Ge (30) CTR on Tg, as determined from the
reciprocal space map data shown in Fig. 1. (b) Remaining strain
vy determined by GIXRD versus peak width. Open symbols
represent data obtained from other samples.

samples, with slightly different preparation, such as growth
with Bi instead of Sb as surfactant, change of 75 during Ge
deposition, or growth on vicinal Si(111) substrates. In
order to eliminate 7T from the evaluation, Fig. 2(b) shows
the strain parameter as a function of the Ge peak width
rather than of the growth temperature. From this graph, it is
evident that better ordered Ge films exhibit larger remain-
ing strain.

These findings were also confirmed by TEM. Figure 3
shows plan-view TEM images for different growth tem-
peratures Tg. The dotted contrast arises from the moiré
pattern generated by the superposition of the Ge and the
Si lattice. Obviously, this pattern becomes more regular
with increasing Tg. This is further supported by the re-
spective autocorrelations of the TEM images. For higher
T, more correlation peaks of higher order are visible than
for lower Tg.

The average MD separation L can be estimated from
high-resolution cross-sectional TEM images (not shown
here). The results are represented in Fig. 4. With increasing
TG, an increasing separation (i.e., a decreasing density) of
MDs is observed. In agreement with GIXRD, this implies a
higher lateral strain for higher growth temperatures and,
hence, for better ordered films.

Since the misfit dislocations are formed during growth,
the lattice mismatch at the growth temperature has to be
considered. According to reference data [23], the mismatch
increases from 4.35% at 450 °C to 4.41% at 650 °C. There-
fore, the driving force for MD formation increases accord-
ingly with increasing temperature. We would, therefore,
expect the MD density to increase with temperature,
whereas our experimental results show just the opposite
effect. Additional relaxation mechanisms might serve as an
explanation. For example, intermixing of Si and Ge would
decrease the strain, and intermixing should become more
important for higher growth temperatures, in agreement
with our results. For SME, however, Si/Ge interdiffusion
can be ruled out [13,24,25]. An alternative relaxation
mechanism could be the formation of additional defects,
such as twins and stacking faults. However, as we have
shown recently [21], the density of such defects is drasti-
cally reduced at higher growth temperatures.

FIG. 3. Plan-view TEM images from Ge films grown by Sb-
SME at different temperatures. For each image, the autocorre-
lation is shown at larger scale in the inset.
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FIG. 4. Average distance L between MDs, as determined from
high-resolution cross-sectional TEM, as a function of the growth
temperature. The solid line is to guide the eye. The average strain
parameter y was calculated according to f(1 — y) = b/(L — b),
where f = (ad./a3;) — 1 is the misfit and b = 3.326 A is the Si
atomic row distance.

To explain the experimental results, the decisive factor is
not the mean strain but the strain energy. In a thermody-
namic approach, it is the energy (neglecting entropy ef-
fects) which is to be minimized. The strain energy
increases quadratically with increasing strain. With respect
to the average strain energy (w) (per unit area), this implies

(w) = (e?) = (&)’ + 2. 2)

Hence, not only the average strain (&) but also the standard

deviation o, = /(¢ — (&))?) of the strain have to be taken
into account in calculating the strain energy. Thus, any
deviation from a perfectly regular arrangement of MDs
will increase the strain energy. In terms of thermodynam-
ics, the system will then try to approach equilibrium, which
can be accomplished (under the boundary condition of a
disturbed ordering of the MDs) by the formation of more
dislocations. From a more microscopic point of view, the
probability for the nucleation of additional MDs is gov-
erned by the local strain energy.

Equation (2) describes the fundamental principle valid
for any heteroepitaxial system. Aiming at a more quanti-
tative description for Ge/Si(111), we performed atomistic
model calculations. For a perfectly ordered MD network,
the system can be divided into identical slabs or supercells,
separated from each other by dislocation lines. In the
present case, for each of these supercells, up to 10° atoms
have to be considered. Hence, first principle approaches
cannot be applied. Instead, the formalism presented by
Keating [26] was employed. Slabs of N; X N, = (10 X
10) up to (100 X 100) surface unit cells were considered,
with 60 ML Ge(= 100 A) and 40 ML Si substrate thick-
ness. The lowest Si bilayer atoms were kept fixed at bulk
positions, whereas all other atoms were allowed to relax in
all directions. Thicker substrate layers did not yield any
significant change in the results. Keating’s formalism does
not take into account energy contributions from interfacial
dangling bonds or due to any reconstruction of dislocation
cores. Hence, in the results presented here, such electronic
parts of the dislocation line energy are neglected. Both

nondissociated dislocations and Shockley partial disloca-
tions have been modeled. The results for the latter configu-
ration are presented below. (Similar results, but with a
higher total energy, were obtained for the former disloca-
tion type, emphasizing the general implications of the
ansatz.) In the (111) plane, periodic boundary conditions
were applied in order to calculate the energies W(L, L,)
for a slab of lateral size L; X L,. These boundary condi-
tions correspond to a perfectly ordered MD network.

In a second step, the energies so obtained were used to
calculate the mean energy per unit area (w) according to

_ JodLy [§ dLyp(Ly)p(Ly)W(Ly, Ly)
[§dLy [§dLyp(Ly)p(Ly)al L,

(w) 3)

where p(L;) is the distribution function of the slab length
L; in the direction i, and aL L, is the area of the slab (i.e.,
here a = +/3/2). Equation (3) is based on the assumption
that the strain (equivalently: the lattice parameter) in one
supercell does not depend on the size of adjacent super-
cells. This assumption is supported by the observed short-
range order of the MD network [18], which implies that the
(lattice-strain mediated) interaction between MDs is domi-
nated by nearest-neighbor contributions.

In order to evaluate Eq. (3), a distribution function p(L)
has to be chosen. Here we used the Gamma distribution
(see, e.g., Ref. [27]), which is depicted in the inset in Fig. 5
for different values of its relative standard deviation

o /{L).
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FIG. 5. Strain energy (per area) for slabs consisting of
40 atomic layers of Si (N? atoms per layer) and 60 layers Ge
[(N — 1)? atoms per layer]. MD distances L are proportional to
N. Solid circles: Minimum energy obtained by atomistic calcu-
lations for a single slab (ordered network); the dashed line is a fit.
Solid lines: Energy for disordered networks as a function of the
average size N. Corresponding MD distance distribution func-
tions are shown in the inset. Open square symbols represent the
strain energy of samples grown at different temperatures T (cf.
Fig. 1).
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The dependence of the strain energy on o /(L) is illus-
trated in Fig. 5. Even for a perfectly ordered network (see
solid circles), the strain energy does not drop to zero for the
optimal MD distance. Though the average strain is zero for
this condition, the covalent interfacial bonds lead to a
modulation of the lattice parameters, i.e., to a strain modu-
lation within each slab. According to Eq. (2), this already
leads to a finite strain energy. If an additional variation of
the strain between different slabs is taken into account,
significant increases of the energy are obtained. Irre-
spective of the MD ordering, the strain energy tends to-
wards the pseudomorphic value for large MD distances,
whereas the energy at the optimum distances increases
drastically with the disorder. Hence, especially for almost
relaxed films such as the ones presented above, an increase
in the strain energy arising from the average strain can
easily be compensated by a slightly enhanced ordering of
the MD network, i.e., by dislocation motion. If, however,
such movement of MDs is impeded, e.g., by pinning of
MDs at other defects found at a lower temperature [21],
more MDs have to be introduced in order to reduce the
strain energy. Especially for these kinetically limited con-
ditions, the local properties become important. For ex-
ample, in a film region with a large distance between two
pinned MDs, it is energetically favorable to introduce
another MD between them, even if this might lead to a
slight local over-relaxation (y;,.q < 0) which is stabilized
by the pinned surrounding MDs. Such local effects might
explain why the average strain (not to be confused with the
average strain energy) can be smaller at lower than at
higher growth temperatures.

Based on the relaxed slab atomic configurations, XRD
simulations were performed using the Born approximation.
From a comparison of these results (not shown) with the
measured Ge (30) peak widths [cf. Fig. 2(b)], the relative
standard deviations of the MD distance distribution have
been extracted. Since the average strain is also known from
the diffraction experiments, the strain energy can be calcu-
lated according to the model explained above. The result is
also shown in Fig. 5 (see open squares), confirming that Ge
films grown at higher temperatures indeed have less strain
energy despite fewer misfit dislocations.

Summarizing, we have shown that the average strain of
heteroepitaxial layers alone is not sufficient to describe
their degree of relaxation and that not only the formation
but also the ordering of misfit dislocations can be regarded
as an elastic energy relaxation mechanism.
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