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Scaling of Misorientation Angle Distributions
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The measurement of misorientation angle distributions following different amounts of deformation
in cold-rolled aluminum and nickel and compressed stainless steel is reported. The scaling of th
dislocation cell boundary misorientation angle distributions is studied. Surprisingly, the distributions
for the small to large strain regimes for aluminum, 304L stainless steel, nickel, and copper (take
from the literature) appear to be identical. Hence the distributions may be “universal.” These
results have significant implications for the development of dislocation based deformation models
[S0031-9007(98)07728-X]
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Plastic deformation of metals is of great technologic
importance. Accordingly, a large effort has been direct
towards understanding the fundamental processes lead
to plastic deformation and the significant material proper
changes that occur. Ideally, this fundamental knowled
can be used to construct predictive, quantitative theor
of plastic flow. Towards this end, identification of mi
crostructural relationships which are invariant and/or sca
during straining is important.

In most circumstances, plastic deformation is associa
with the motion and subsequent trapping of dislocatio
within the metal. This trapping induces strength chang
that depend on the number and mobility of the dislocation
Commonly during straining, dislocations organize them
selves into mosaic patterns in response to both their o
self stresses and the applied stress. The “mosaic,” clea
visible in Fig. 1, is composed of dislocations that are a
ranged in nearly two dimensional boundaries surroundi
regions that are almost dislocation free. The regions
crystal on either side of a dislocation boundary are sligh
rotated with respect to one another, with the rotation d
pending on the dislocation content of the boundary. T
resulting minimum angle of rotation necessary to realig
the regions, the so-called boundary misorientation ang
is defined to beu. The mosaic, or microstructural pattern
evolves with increasing stress and strain.

Empirically, the strength of a metal scales with th
square root of the dislocation density and also sca
inversely with the average spacing between dislocati
boundaries [1,2]. Nevertheless, a comprehensive the
for the evolution of these structures with increasing stra
remains elusive. (See [1,3–6] for a range of views.)

This lack of a comprehensive theory stems from
combination of factors. There is an enormous change
dislocation density during many deformation processe
e.g., from1010 1012 m22 in the annealed state to roughly
5 3 1016 m22 in the highly deformed state. Over the
same strain range, the strength of the material chan
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by 2 orders of magnitude. The accumulating dislocatio
have a variety of Burgers vectors and interact throu
long-ranged elastic forces and short-ranged contact for
Current theories simply cannot solve this dynamic “man
body” problem. The number of dislocations encounter
in a typical deformation process is far beyond that whi
can be modeled using atomic scale calculations [7–1
or with current three dimensional dislocation dynami
simulations [11–14].

FIG. 1. TEM micrograph of pure aluminum following com
pression tó  0.6 showing an example of the CB dislocatio
structure. The CB, GNBs, and IDBs are labeled in the inset
© 1998 The American Physical Society
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Thus, it is reasonable to search for parameters t
characterize the evolving microstructure. The paramet
used historically include the spacing between dislocati
boundaries, the dislocation density, and the link leng
i.e., length of dislocation line between nodes in a disl
cation boundary. Measurement of link length distribu
tions following high temperature creep led to early scalin
analyses related to plastic deformation. In these ana
ses, the shape of the link length distribution, when a
propriately scaled using the average link length, rema
invariant during creep. Bilde-Sorenson observed scali
of dislocation link length distributions in high temperatur
creep deformed MgO [15]. Later, Linet al. [16] observed
scaling of the dislocation link length distributions in NaC
and Al deformed under creep conditions.

Here, it is demonstrated that a similar invariant form
exists for general monotonic deformation modes: the m
orientation angle distribution, i.e., theu distribution. Re-
cently, the present authors reported that the evolution
the u distribution associated with one type of disloca
tion boundary, incidental dislocation boundaries (IDB
in cold-rolled high purity Al, is consistent with a scal
ing hypothesis [17]. In this scaling analysis, the scalin
parameter is the average misorientation angle,uav which
increases as a function of increasing strain.

To explore the nature of the observed scaling, a ne
series of measurements was conducted. This series
chosen to investigate key factors that make large d
ferences in the motion of individual dislocations and i
macroscopic mechanical properties. The investigated f
tors include stacking fault energy (SFE), the presence
solute atoms, temperature, strain rate, monotonic deform
tion mode, and amount of strain (Table I). The variatio
in these factors is limited to those conditions in whic
a dislocation may move on more than one slip plan
or may climb perpendicular to that plane. Dislocatio
motion in three dimensions is known to be a necessa
component of cell boundary formation [5,6]. These ne
experiments demonstrate that the shape of theu distribu-
tion when scaled byuav is insensitive to many factors
TABLE I. Range of parameters characterizing the experiments used in construction of Fig. 2.

Deformation von Mises Strain rate T SFEa uav
Material mode strain ss21d (K) TyTm smJym2d (deg)

Al (99.996%, polycrystal) rolling 0.06 1 to 10 293 0.31 135 0.48
0.12 1 to 10 293 0.31 135 0.61
0.41 1 to 10 293 0.31 135 1.02
0.80 1 to 10 293 0.31 135 1.24

Al (99.8%, polycrystal) rolling 2.7 1 to 10 293 0.31 135 3.0
304L stainless steel

(polycrystal)b compression 0.40 1023 1273 0.75 30 2.1
Cu (99.99%, single crystal) compression 0.20 1022 873 0.64 80 2.3
Ni (99.99%, polycrystal) rolling 4.5 1 to 10 293 0.15 160 2.9

aReferences [26–29].
bNominally 18 wt % Cr, 8 wt % Ni, 2 wt % Mn, and,0.03 wt % C, with the remainder Fe.
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thought to govern dislocation dynamics, microstructure
evolution, and mechanical properties.

This result is surprising for many reasons. For ex
ample: (i) SFE influences the dislocation core configu
ration and thereby the dislocation’s ability to glide onto
an intersecting slip plane. Three-dimensional mobility in
creases with increasing SFE [18] from very low mobility
in 304L stainless steel to very high mobility in aluminum
(see Table I). As a result, dislocation cell structures ar
not formed during room temperature deformation of stain
less steel. However, cells are formed at higher temper
tures. (ii) Solute atoms, such as those in stainless ste
and commercial purity aluminum, interact strongly with
gliding dislocations so that even small concentrations o
solute atoms have large effects on strength [18]. Solu
atoms may also affect the nucleation of dislocation bound
aries through this interaction. (iii) Temperature and strai
rate change the average velocity of thermally activate
glide of dislocations past obstacles and also the rate of di
location climb processes. Dislocation climb will provide
additional short range three dimensional mobility of dis
locations for deformation temperatures above one half o
the melting temperatureTm. (iv) Deformation mode de-
termines slip system activity and hence the Burgers vecto
population of dislocations. Different slip systems are re
quired to make the macroscopic shape change in uniax
compression compared to that of the plane strain con
straint conditions of rolling. (v) Strain changes the evo
lutionary stage of the microstructure. It is not expected
a priori that theu distributions should behave similarly
irrespective of the different processes outlined above.

A typical postdeformation microstructure appears in
Fig. 1. The clear mosaic pattern is composed of two
types of dislocation boundaries: IDBs and those referre
to as geometrically necessary boundaries (GNBs) [19,20
This duplex structure is typically observed for mono-
tonic deformation modes including rolling, torsion, and
compression [19]. The micrograph clearly reveals th
different morphologies associated with the two bound
ary types. GNBs are long, nearly planar boundaries th
4665
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enclose cell blocks (CBs) of several approximate
equiaxed cells. The cell boundaries are IDBs.

It is hypothesized that these two boundary types for
and evolve differently [19,20]. For IDBs, the underlying
mechanism is thought to be the statistical trapping
glide dislocations. GNB formation is related either t
differences in the slip systems operating in neighborin
regions, to the operation of the same slip systems but w
differing shear amplitudes, or to local strain difference
On average GNBs develop much larger values ofuav than
IDBs due to these different mechanisms [19,21]. For ea
boundary type, microstructural evolution with increasin
stress and strain results in an increase in a misorientat
angle that is inversely related to the decrease in spac
between the boundaries [17,22].

The distinction made between these two types
boundaries is warranted not only by the evidence
morphological differences, average misorientation ang
and spacing, but also by the scaling behavior plotte
in Ref. [17] and in this paper. Note the importance o
first discovering this classification of boundaries as IDB
This classification is important to the later finding of th
scaling behaviors since a single grouping of the data fro
IDBs and GNBs doesnot yield scaling behavior [17].

Using transmission electron microscopy (TEM) th
boundaries are identified, according to their morpholog
Experimentally, a boundary is classified as a GNB if
extends along more than three cells lengths; the rest of
boundaries are classified as IDBs. In general, over t
entire strain range investigated, GNBs are much long
than this working definition. However, as a complicatio
at large strains, some cells increase their angle to t
extent that they become equiaxed subgrains. While the
subgrain boundaries are GNBs [20], they are included
part of the IDB measurement error.

TEM Kikuchi pattern analysis [23] is used to measur
orientations of adjacent crystallites separated by disloc
tion boundaries. From these measurements, the misori
tation associated with each of the boundaries is deduc
The (symmetry dictated) maximum possibleu in cubic
crystals is 62.8±. Identification of the rotation axis com-
pletes the description of the misorientation. The rotatio
axes observed for IDBs were randomly distributed abo
all possible crystal axes. Hundreds of measurements
made for each strain to construct theu distribution.

One defines formally theu distribution, psu, uavddu,
as the probability that a boundary selected at rando
is associated with misorientation angle betweenu and
u 1 du given that the average misorientation angle
uav . (The boundaries are not weighted by their lengths.

It was demonstrated earlier that for cold-rolled Al
uav , k´1y2 for IDBs, with ´ the von Mises strain and
k a constant depending on material and deformatio
conditions [17]. The scaling analysis, based on scalin
the distributions withuav implied that the influence of́
on theu distribution is exerted only through the paramete
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uav . Under these circumstances, one may cast the sca
hypothesis of Ref. [17] in a form reflecting the total strai

p̃su, ´d  ´21y2gsuy´1y2d , (1)

where p̃su, ´d is the misorientation angle distribution
measured at a straiń, and gsxd is a scaling function
defined by this equation. It is expected thatgsxd is
material and deformation mode dependent.

Scaling the distributions usinguav eliminates the mate-
rial and deformation mode dependence. It is hypothesi
that theu distributions obey the following scaling form:

psu, uav d  ub
avf

√
u

ud
av

!
. (2)

It is simple to demonstrate from the constraints on t
probability distributions thatd  1 andb  21, i.e., the
average misorientation angle isuav and the integral of
the distribution fromu  0 to u  ` is unity. (It has
been assumed that the misorientation angle distribut
is not yet affected by the existence of the maximu
misorientation angle of 62.8±.) If this hypothesis is
correct, plottinguavpsu, uav d as a function of u

uav
should

yield one curve,independent ofuav . The functionfsxd
is referred to as the scaling function. (Pantleon discus
the possible origins of the shape of this function [24,2
Pantleon’s analysis is an important first step. One criti
future step is to address the concurrent nucleation of n
boundaries and strain evolution of existing boundaries.

Having provided the necessary microstructural defi
tions, the experiments listed in Table I are used to test
generality of the scaling hypothesis, Eq. (2) . The valu
of uav for the IDBs are given in Table I. The measuredu

distributions are used to test the hypothesis, Eq. (2). T
cataloged data is binned, and a histogram is construc
as outlined in [17]. This histogram is used to construct
experimentalu distribution. The measured distribution
are then plotted as described above, Fig. 2. The Cu d
is taken from Ref. [24] and the low strain Al data from
Ref. [17].

Within experimental error, the distributions derive
from IDBs are consistent with the scaling hypothesis. T
scaled distributions for Cu and for 304L stainless ste
compression tested at temperatures of 873 and 1273
respectively, fall on the data derived from the experime
on high and low purity Al at 293 K. Remarkably
the scaling hypothesis remains consistent for the ID
distributions following a strain of 2.7 in Al. The very
high strain Ni data, while apparently scaling, has a sligh
higher peak than the other data hinting at a deviation fr
scaling.

The implication of the above observations is that som
materials properties do not affect the evolution of t
u distributions as long as a dislocation cell structure
formed. These material properties include SFE and so
content. The distribution is also invariant with respect
details of dislocation motion. Thus it appears that und
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FIG. 2. Distributions scaled according to Eq. (2). Statistic
error bars are shown, when available.

conditions in which cell formation occurs, cell formation
does not depend on the dislocation mobility.

The observation of scaling is beneficial to one mo
eling the evolution of these distributions. The argume
proceeds as follows. Since the time evolution of the d
tribution during deformation depends only on the avera
misorientation angle, one can devote effort to calculati
the evolution of thisaveragequantity. The average quan
tity changes with strain, material, deformation mode an
temperature. The insensitivity of the distribution to mat
rial type suggests that one may be able to obtain the sh
of the scaling function through analysis of simple mod
els (see, for example, Ref. [24]). These calculations m
provide a complete picture of IDB evolution.

The above observations place limitations on any theo
of plastic deformation governing the regime in whic
cells are formed. The theory must be able to produ
u distributions which scale as observed here and m
explain the apparent “universal” shape for the distributio

In conclusion, it is argued thatu distributions provide
a convenient means to characterize the microstructu
evolution of these materials. Further, the experimen
reported herein demonstrate that theu distributions as-
sociated with IDBs display scaling, and the scaling fun
tion is, within experimental error,identical for Cu, 304L
stainless steel, Al, and perhaps Ni, deformed under a w
range of conditions. Hence theu distribution may be uni-
versal. These observations provide important constrai
for predictive models for microstructural evolution.
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