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Brownian Motion of Dislocations in Thin Films
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The motion of edge dislocations in a single monolayer film of Cu on Ru(0001) was studied by t
resolved scanning tunneling microscopy. The dislocations were observed to make rapid 1D ra
walks in the film. This dislocation motion is attributed to the equilibrium thermal exchange of at
between the solid film and the adatom gas covering the film. These results highlight a fundam
difference between the dynamics of dislocations in thin films and the bulk, which is in princ
important in understanding the mechanical properties of thin films. [S0031-9007(97)03041-X]

PACS numbers: 68.35.Fx, 61.16.Ch, 61.72.Lk, 68.45.Da
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It is a remarkable and well understood fact that surfa
diffusion is often many orders of magnitude faster th
bulk diffusion. This fast diffusion is integral to our unde
standing of a wide range of surface phenomena, an
would obviously be unwise to extrapolate surface diff
sion mechanisms from bulk processes. Here we show
dislocation motion near surfaces can also occur by f
damentally different processes than in the bulk, there
increasing rates of dislocation motion in thin films. Sin
dislocation generation and motion are the means by wh
mechanical strain is relieved, our observation of fa
dislocation motion has important implications for th
mechanical behavior of thin films. The observed disloc
tion motion is sufficiently rapid that the thermally induce
Brownian motion of a thin film dislocation can be direct
measured, allowing the atomistic processes respons
for the high mobility to be quantified. We attribute th
fast dislocation motion to rapid exchange of adatoms
tween the surface and the core of the dislocation.

Our observations consist ofin situ, room temperature
scanning tunneling microscopy (STM) measurements
the motion of edge dislocations in a single atomic lay
of Cu deposited on the (0001) face of Ru. The Cu
Ru(0001) system is a benchmark system of how strain
accommodated in metal-on-metal epitaxy [1–4]. Beca
the lattice constant of Cu is 5.6% smaller than Ru,
sequence of strain relief structures occurs with increas
Cu film thickness. The first Cu layer is pseudomorph
(i.e., has the same structure as the underlying first lay
By the fourth layer, the in plane Cu lattice constant
close to the bulk Cu lattice constant, leading to a mo
structure on the Cu surface due to interference with
underlying Ru periodicity. At intermediate thicknesse
as we will discuss below, the films contain networks
dislocations. These dislocations are imaged by STM
buckled regions of the surface: The detailed struct
of the various networks that occur in the Cu/Ru(000
system has been investigated by Güntheret al. [3]. All
experiments discussed in this paper were performed in
UHV chamber with a base pressure of3 3 10211 torr.
STM imaging used tunneling voltages ranging from20.1
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to 20.5 V applied to the sample and tunneling curren
ranging from 0.1 to2 nA.

Figure 1 displays an example of the dislocatio
(brighter stripes) that occur both in the first and seco
layers of Cu on Ru(0001). In the first layer, the disloc
tions form “U” shaped loops that emanate from the st
edge. These dislocations are unexpectedly mobile:
sequence of STM images of these dislocations taken
30 sec intervals is shown in Fig. 2. Within minutes, the
lengths fluctuate by many lattice constants. Howev
the average length of all the dislocations does not cha
even after more than 11 hours (scanning at a rate o
images per min). Thus there is no indication that the
fluctuations are part of a slow drift of the system to
configuration that is thermodynamically more favorab
The dislocations are evidently performing thermal
induced equilibrium fluctuations.

In order to understand the origin of this motion,
better understanding of the structure of dislocations

FIG. 1. Room temperature STM images270 Å 3 270 Åd of a
Cu film exposing regions of one and two atomic layers. Par
dislocations are imaged as bright strips and form an orde
array in the second Cu layer. Partial dislocations in the fi
layer emerge where second-layer dislocations reach step ed
© 1997 The American Physical Society 3507
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FIG. 2. Time sequence of first-layer dislocations emanat
from second-layer step edges (clockwise from upper le
Images were acquired 30 sec apart. Length changes ca
referenced by the stationary impurity (black dot) in the low
right of each image Each image has size270 Å 3 270 Å.

necessary. Dislocations form in thin films to relieve stra
because they allow the film to have a different atom
density than the substrate. The structure of dislocati
is largely determined by the crystallography of the fil
and substrate. On triangular close-packed surfaces, s
as hcp(0001) and fcc(111), changing the atomic den
of a layer naturally results in the formation of stackin
faults. That is, atoms in each close-packed layer t
would normally prefer to be in either fcc or hcp site
can, with relatively little cost in energy, shift to the othe
type of site. As shown in Fig. 3, shifting a region of th
surface from fcc to hcp stacking or vice versa, changes
surface atomic density at the boundary between the

FIG. 3(color). Schematic illustration of the atomic structure
partial dislocations between fcc and hcp stacking regions.
line diagram marks the position of the underlying dislocati
lines and their associated Burgers vectors. Atomistic calcu
tions [4] indicate that atoms at the dislocations tend to be rai
relative to those in the ideal stacking sites, as shown by th
brighter color in the figure.
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regions, thereby partially relieving strain. This bounda
is a dislocation characterized by the vector of the s
from one type of stacking to the other (this is the Burg
vector [5] of this dislocation). Since the shift between f
and hcp stacking is not a full lattice vector, these dom
boundaries are partial dislocations. Partial dislocatio
are the building blocks for the large variety of dislocati
networks found on close-packed surfaces and gen
models for such dislocation arrays have been constru
[6]. The reconstructions of the clean Pt(111) and Au(1
surfaces [7–11] are composed of them.

These concepts can be directly applied to the structur
the Cu/Ru(0001) film of Fig. 1. The partial dislocation
appear in the second Cu layer (left of Fig. 1) as ligh
stripes separating regions of fcc and hcp stacked Cu [3
In contrast, most of the first layer Cu (right of Fig. 1
shows no long periodic corrugations, consistent with
pseudomorphic structure observed in earlier studies
However, dislocations in the first layer are found at the s
edge of the second layer. These dislocations are stabi
by the presence of second layer islands and their assoc
dislocation patterns. Note that the first-layer dislocatio
form loops that originate from the point where the seco
layer dislocation lines intersect second-layer step ed
Where the two partial dislocations meet at the end of
loops in the first layer, the partial Burgers vectors su
to form a dislocation with a full lattice constant Burge
vector, i.e., as a perfect edge dislocation. Since the la
is only one atomic layer thick, this edge dislocation
only one atomic unit long and threads from the interfa
to the surface. These pairs of threading dislocations
be visualized using an embedded atom (EAM) calculat
of their static structure, as shown in Fig. 4. Each pair
lines is comprised of two partial dislocations running alo
the

p
3 or f211g direction separating regions of hcp an

fcc stacking [12]. Where the partial dislocations meet
perfect edge dislocation is formed [11].

If partial dislocations move on the plane containi
the dislocation line and the Burgers vector, the den
of the layer is preserved, and the dislocation is said
glide [5]. Threading edge dislocations of unit length,
in our case, can only glide parallel to their Burgers vect
In order to move in any other direction, atoms must
added to or removed from the crystal. This can be rea
seen from Fig. 4. For the dislocation pairs to change
length in the manner we observe, atoms must be ad
or removed from the extra row evident in Fig. 4. Th
process, dislocation climb, is controlled by the availabil
and mobility of vacancies and/or interstitials to chan
the length of the extra row. Because of the typica
slow diffusion of bulk vacancies and interstitials, bu
dislocations climb slowly.

On a surface, however, there is the possibility of anot
source of atoms for dislocation climb. There always exi
a 2D gas of atoms, i.e., adatoms, on the surface in equ
rium with the solid. The existence of these adatoms le
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FIG. 4(color). EAM calculated dislocation structure at
second-layer step edge. A perfect edge threading disloca
is formed at the intersection of the two partial dislocations.
Burgers circuit is superimposed on the image indicating t
presence of the threading dislocation at the intersection of
two partial dislocations. The line diagram shows the orien
tion of the dislocations and their Burgers vectors. The sm
circle at the intersection of the partials indicates the threa
ing dislocation oriented perpendicular to the page.

to enhanced surface self diffusion. Under equilibriu
thermodynamic conditions, the adatom density is det
mined by balancing the chemical potentials of the so
and the adatom gas. To maintain this balance, the so
and the gas must constantly exchange atoms. This
usually thought to occur at surface steps, via continuo
condensation and evaporation of adatoms. The rand
component of this exchange leads to observable fluct
tions in step position. However, past experiments ha
shown that other paths for the solid to exchange atoms w
the adatom gas are possible. For example, a high den
reconstructed Pt(111) surface can be producedmetastably
by providing a supersaturated Pt gas-phase environm
through a deposition flux [10]. In response to the increa
in the supersaturation, the Pt(111) surface reconstructs
atoms being directly incorporated into the first layer. Th
same effect occurs upon room temperature deposition
Cu on the first monolayer of Cu on Ru(0001) [2], as show
in Fig. 5. Annealing this metastable film completely re
moves the dislocation network and returns the film to t
pseudomorphic phase [2]. These results establish that
substrate-adatom exchange can occur in the terraces u
on
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FIG. 5. Dislocation network of first-layer Cu created by
supersaturated Cu gas phase that results from room tempera
depositions685 Å 3 685 Åd.

suitable conditions. We will now argue that there is also
direct randomequilibrium thermal exchange between th
adatom sea and the first layer.

That depositing even small numbers of adatoms
the first layer causes the creation of metastable dislo
tions (Fig. 5) strongly suggests that the source and s
of atoms causing dislocation climb is the surface adato
gas. Another possible source is an equilibrium density
vacancies in the first layer Cu. The relative importan
between adatoms and vacancies can be appraised by
mating the equilibrium ratio of the number of second lay
Cu adatoms to first layer Cu vacancies. In the presen
of a partially completed second layer, the equilibrium rat
of the adatom to vacancy concentration in the first layer
given byrayrn  exps´bykT d, wheré b is the difference
between the binding energy of Cu on Ru and Cu on C
(This result assumes a nearest neighbor pairwise inte
tion between Cu atoms which is the same in the first a
second Cu layers.) From measurements of the therm
induced desorption of Cu films from Ru,´b has been es-
timated to be 130 meV [1], givingrayry ø 200 at room
temperature, suggesting again that adatom exchange is
dominant process for the fluctuations.

Intuitively, the most likely position for this exchange
to take place is at the core of the dislocation since th
is the area of largest lattice distortion. This is als
suggested by our inability to resolve atomically the co
of the dislocation in this case, while the core structu
of other nonfluctuating dislocations have been imag
[10]. Furthermore, the EAM calculation mentioned abov
shows that there is no energy barrier to the incorporat
of an adatom into the edge dislocation core, while oth
sites have an energy barrier.

To probe the nature of the fluctuations in detail, th
lengths of many dislocations were followed as a functio
of time. Figure 6(a) shows the time dependence of t
3509
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FIG. 6. (a) Time dependent trajectory of an edge dislocat
in the first layer of Cu/Ru(0001). Data were taken fro
270 Å 3 270Å images acquired every 27 s. The circles
pane (b) show the mean-square displacement as a functio
time for the trajectory shown in (a), while the other squar
were obtained from350 nm2 images acquired every 10 min fo
several hours.

length of one such dislocation pair over several hou
The length fluctuations appear to be random, with
apparent tendency towards either growth or shrinkage
the threading dislocations are, in fact, performing rand
walks, the mean-square change in dislocation length,d, at
different times,t0 andt 1 t0 should be proportional to the
time difference,Gstd  kfdst0d 2 dst0 1 tdg2l  2Djtj,
whereD is the diffusion coefficient of the random walk
As shown in Fig. 6(b), the mean-square displaceme
Gstd, computed from the data is completely consiste
with this predicted linearity (a tendency towards grow
or shrinkage of the dislocation length would cause t
mean-square displacement increase as the square o
time difference). The diffusion coefficient compute
from the slope of the mean-square displacement plot
0.008 nm2ys. In order to evaluate the effect of imagin
on these observations, we have monitored the len
of the dislocations using different scan sizes and ra
As seen in Fig. 6(b), the mean-square displaceme
derived from images acquired at a rate of 1 frame ev
10 min are completely consistent with the mean-squ
displacements from the frames acquired every 27 s.
conclude that there is no appreciable influence of
scanning STM tip on the dislocation motion.

The measurement ofD provides quantitative insigh
about the atomic events responsible for dislocation m
tion. If the exchange occurs by uncorrelated incorpo
tions of single atoms of sizea into the edge dislocation
then this causes changes ind of length

p
3 a, and soD

is D  3a2yt, wheret is the time between uncorrelate
incorporation events. Usinga  0.27 nm for pseudomor-
phic Cu on Ru(0001), this yieldst ø 30 s.
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To appreciate how remarkably large the correspondin
exchange rate is, consider what the rate would be if th
dislocation were deep inside the bulk. In Cu, the primar
mechanism of self diffusion is vacancy diffusion [13]. The
rate of vacancies exchanging with the dislocation per se
ond (assuming no barrier for vacancy incorporation int
the core) is approximately given by the bulk self diffu
sion constant divided by the square of the lattice consta
From measurements of Cu self diffusion rates, a vacanc
dislocation exchange rate of1y30 s would require a tem-
perature of approximately 400±C above the temperature at
which these experiments were performed [13].

In conclusion, we have observed equilibrium Brownia
fluctuations of edge dislocation in the first layer of Cu o
Ru(0001). We estimate there is 1 atomic exchange wi
each threading edge dislocation every 30 sec at room te
perature. The mass exchange required for these fluct
tions is provided by the equilibrium adatom gas on th
surface, rather than by vacancies within the top layer. T
consequent easy motion of dislocations is an important fa
tor to consider in defining the evolution and response
thin films to further growth and external forces.
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