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We examine the microscopic origin of the tensile response in semicrystalline polymers by performing
large-scale molecular dynamics simulations of various chain lengths. We investigate the microscopic
rearrangements of the polymers during tensile deformation and show that the intercrystalline chain
connections known as tie chains contribute significantly to the elastic and plastic response. These results
suggest that the mechanical behavior of semicrystalline polymers is controlled by two interpenetrated
networks of entanglements and tie chains.
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Mechanical properties of polymeric materials strongly
depend on their morphology [1]. Semicrystalline polymers,
composed of ordered and amorphous regions, are of great
technological interest as they combine the strength of
purely crystalline materials with the strain hardening of
fully amorphous polymers. Establishing a link between the
underlying structure and mechanical properties is one of the
major challenges in polymer physics and has been the
subject of intense research [2]. It still remains unclear how
the interplay of the entangled amorphous network with the
crystalline domains determines their mechanical response.
Experiments suggest that the molecular connections

between the crystallites, so-called tie chains [3–6], have
a determining role in elastic and plastic deformation of
semicrystalline polymers. However, due to the molecular
length scales involved, experimental studies are not able to
discern the tie chains and resolve their contribution to the
mechanical response. Here, we elucidate their essential role
by examining the local deformation of chains in large-scale
molecular dynamics (MD) simulations.
Semicrystalline samples are prepared by cooling amelt of

a crystallizable polymer, described by linear bead-spring
chains with an anharmonic bending potential [7]. This
model was previously derived through coarse-graining of
polyvinyl alcohol (PVA) [8]. Long polymers of the CG-PVA
model form semicrystalline configurations that consist of
randomly oriented crystallites with 2D hexagonal order
connected by an amorphous entangled network as demon-
strated in Fig. 1. This structure differs from prior work on the

role of entanglements and tie chains in various deformation
modes [9–11], which focused on a layered semicrystalline
morphology as part of a larger spherulite structure.
We investigate the tensile response of amorphous and

semicrystalline polymers with lengths 50 ≤ N ≤ 1000
beads. This range spans lengths comparable to the entan-
glement length (Ne ¼ 32� 2 in the melt [12] and Ne ≈ 40
in semicrystalline polymers [13]) to long chains with
N ≫ Ne. Characterization of the crystalline domains
allows us to directly identify tie chains as the chain
segments connecting them. We then investigate the influ-
ence of tie chains and crystallinity on the tensile response.

FIG. 1. An example of CG-PVA semicrystalline configurations
with N ¼ 1000 monomers that consists of chain-folded crystal-
lites (red) connected by an amorphous network.
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MD simulations are carried out using LAMMPS [14].
Distances are reported in units of σ ¼ 0.52 nm, and the
bond length is b0 ¼ 0.5σ. The range and strength of a 6-9
Lennard-Jones potential for nonbonded interactions are
σLJ ¼ 0.89σ and ϵ ¼ 1.511kBT0, where T0 ¼ 550 K is the
reference temperature [7]. The Lennard-Jones potential is
truncated and shifted at rc ¼ 1.6σ. Temperatures T ¼
Treal=T0 and pressures P ¼ Prealσ

3=ϵ are reported in
reduced units. We apply periodic boundary conditions
and use a time step of 0.005τ. The melt configurations
are prepared by equilibrating in the NPT ensemble
(T ¼ 1.0 and P ¼ 8) [7] starting from an initial configu-
ration of self-avoiding random walks with initial monomer
density ρσ3 ¼ 2.11. Our equilibration time is long enough
to achieve full equilibration for chains with N ≤ 300.
Longer chains can only relax the chain segments between
entanglements (Rouse time) although their mean-squared
internal distances are not far from those of equilibrated
chains. Nevertheless, we do not expect that our conclusions
regarding the role of tie chains are strongly affected.
Larger melt samples of up to 2 × 106 monomers are then

prepared by replicating the equilibrated melt configura-
tions. We obtain semicrystalline and amorphous states by
continuous cooling with constant rates of _T ¼ −10−6τ−1

and _T ¼ −10−3τ−1, respectively [15]. For _T ¼ −10−6τ−1,
chains undergo a crystallization transition at Tc ≈ 0.9 and
transform into chain-folded structures immersed in a net-
work of amorphous strands [7]. For the rapid quench,
_T ¼ −10−3τ−1, polymers retain their amorphous configu-
rations and undergo a glass transition. The glass transition
temperature of fully amorphous samples Tg is determined
from the change in slope of the specific volume versus T
and is roughly constant, Tg ≈ 0.56 for N ≥ 50. In the
following, Tg refers to the glass transition of purely
amorphous systems.
Next, we investigate the chain length dependence of the

mechanical response. We perform tensile tests by
deforming the samples in the y direction with a constant
true strain rate of _ϵ ¼ 10−5τ−1 while imposing a constant
pressure of P ¼ 8 (as in undeformed samples) in the x and z
directions [16]. The strain rate lies in the range τ−1R < _ϵ <
τ−1e and, hence, holds each chain in a tubelike regime.
Tensile tests of glassy and semicrystalline polymers with
N ¼ 300 for strain rates 10−7 < _ϵ < 10−4 exhibit a very
weak dependence on the strain rate. The volume increase is
at most 3(6)% for the amorphous (semicrystalline) poly-
mers at large strains and T ¼ 0.2. Therefore, these systems
behave nearly as an incompressible fluid.
Figures 2(a) and 2(b) present stress-strain curves for

amorphous and semicrystalline polymers obtained at T ¼
0.7 > Tg and T ¼ 0.2 < Tg, respectively. For all samples,
the elastic regime at small strains is followed by plastic
flow at larger deformations. The plastic regime in semi-
crystalline polymers includes a strain plateau or softening

behavior beyond the yield point and strain hardening at
larger deformations. At T ¼ 0.7 > Tg, amorphous poly-
mers are rubbery and their response consists of a large
elastic region followed by strain hardening. Glassy poly-
mers at T ¼ 0.2 < Tg exhibit a strain-softening regime
followed by hardening at larger deformations. The amor-
phous polymers exhibit a stronger strain-hardening behav-
ior than their semicrystalline counterparts.
To investigate the microscopic rearrangement of chains

under macroscopic stretching, we measure the rms com-
ponents Ri of the end-to-end vectors of chains relative to
their initial values R0i [17]. For a tensile deformation in the
y direction, the changes in Ri are consistent with a volume-
conserving effective microscopic stretch λeff , obtained as
λeff ≡ Ry=R0

y ¼ ðR0
x=RxÞ2 ¼ ðR0

z=RzÞ2. An affine deforma-
tion corresponds to λeff ¼ λ≡ Ly=L0

y. λeff was found to be
the crucial parameter controlling the strain-hardening
behavior of glassy polymers [17].
In Figs. 3(a) and 3(b), we display λeff as a function of the

macroscopic stretch λ for semicrystalline and amorphous
polymers of different N at T ¼ 0.7 and T ¼ 0.2, respec-
tively. The deformation of short chains is smaller than the
macroscopic stretch and they deform subaffinely. In par-
ticular, the semicrystalline polymers exhibit a larger degree
of subaffine behavior. Semicrystalline polymers behave
slightly less affine compared to their amorphous counter-
parts because chains within the crystallites deform less than
purely amorphous chains. Upon increase of N, λeff
increases and the difference between amorphous and

(a) (b)

FIG. 2. Stress versus strain from uniaxial tensile deformation of
semicrystalline (solid lines) and amorphous (dotted lines) poly-
mers of different lengths at (a) T ¼ 0.7 and (b) T ¼ 0.2.

(a) (b)

FIG. 3. Effective microscopic stretch λeff ≡ Ry=R0
y versus

macroscopic stretch λ≡ Ly=L0
y for semicrystalline (solid lines)

and amorphous (dashed lines) polymers at (a) T ¼ 0.7
and (b) T ¼ 0.2.
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semicrystalline polymers becomes negligible. Notably,
highly entangled systems approach the affine limit and
their stress-strain curves also coincide.
To quantify the effect of N on the tensile response, we

extract Young’s modulus E, yield stress σy, and strain-
hardening modulus GH from stress-strain curves. E is
determined from the slope of σ for ϵ < 0.05. GH is
determined from the slope of σ versus λ2 − 1=λ at the
initial stage of strain hardening, i.e., 0.4 < ϵ < 0.9. For
glassy and semicrystalline polymers, σy is the maximum
value of the stress in the overshoot region. For the rubbery
polymers, σy is the crossover point between the elastic
and the strain-hardening regimes. As demonstrated in
Figs. 4(a)–4(c), the N dependence of E, σy, and GH are
remarkably different for temperatures above and below Tg.
At T ¼ 0.7 > Tg, E and σy exhibit an irregular behavior

againstN. For N > 200, we find a constant σy=E ≈ 0.05. In
contrast to E, GH increases systematically with N. At this
temperature, Young’s modulus of rubbery polymers is
much smaller than in semicrystalline polymers and is
independent of N. GH of rubbery polymers grows with
N and is even larger than for semicrystalline polymers. An
increasing GH with N is in disagreement with predictions
of ideal rubber theories, in which chain segments between
two consequent entanglements are assumed to deform

affinely [18]. This trend is due to viscous contributions
in supercooled melts as we approach Tg.
At T ¼ 0.2 < Tg, we observe an enormous increase in

the tensile response for glassy and semicrystalline poly-
mers. For both systems, E and σy increase with N. Notably,
glassy polymers also develop a substantial amount of
elasticity and the difference between their elastic moduli
and those of semicrystalline polymers is less pronounced.
At this temperature, the intercrystalline amorphous network
contributes significantly to the elasticity. We observe a
constant σy=E ≈ 0.06 for both semicrystalline and glassy
polymers. Likewise, theirGH is an increasing function ofN
and its value is larger than GH above Tg due to reduced
chain mobility.
To understand the link between the tensile response and

the underlying structure, we characterize the crystalline and
amorphous regions. We identify crystalline domains by
computing a local nematic order parameter in cubic boxes
of size ∼2σ, and performing a cluster analysis as detailed in
Ref. [12]. The degree of crystallinity Φc is defined as the
volume fraction of crystalline cells with a nematic order
parameter S > 0.8. Bonds are labeled as ordered if they
belong to a crystalline domain. We determine the average
length of crystalline sequences Lc (stem length) from the
size distribution of ordered segments along the chains.

(a) (b) (c)

FIG. 4. Chain length dependence of (a) Young’s modulus E, (b) yield stress σy, and (c) strain-hardening modulus GH for amorphous
and semicrystalline polymers obtained by continuous cooling and by cutting the chains of semicrystalline samples into half. For cut
chains, N refers to their length after cutting (see text).

FIG. 5. (a) Degree of crystallinityΦc at T ¼ 0.2 and T ¼ 0.7 as a function of polymer length N; the inset shows the average volume of
the crystalline domains. (b) Fraction of tie bonds ftie and (c) the average length of tie strands hNtiei versus N.
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Figure 5(a) shows that Φc is a decreasing function of N
as already observed for N ≤ 200 [19]. The average length
of crystalline sequences is almost constant, i.e., Lc ≈ 10
independent of N and T. As demonstrated in the inset of
Fig. 5(a), the average volume of crystalline domains
decreases up to N ¼ 100 and then levels off. These trends
imply that increasing the number of entanglements per
chain does not change the local structure of crystallites.
Entanglements lead to a decrease of crystallinity by
hindering the large-scale ordering of polymers, as the
chains need to disentangle before they can form ordered
structures [20].
The irregular behavior of E with N is in contrast to the

systematic increase of E with Φc found for semicrystalline
polymers of N ¼ 300 [15]. Furthermore, at T ¼ 0.2, we
observe a remarkable increase of E and σy despite a
declining Φc. Therefore, the hypothesis of an elastic
modulus that depends directly on Φc, or a two-phase
Kelvin-Voigt picture for E, are invalidated by those find-
ings. Consequently, we investigate the effect of tie chains in
the response as suggested by experiments.
We identify the tie chains as the intercrystalline amor-

phous strands with at least two bonds that connect two
distinct crystalline domains. We define ftie as the fraction
of bonds belonging to tie chains relative to the total number
of bonds. Figure 5(b) shows that ftie rises with N,
concomitant with a decrease of crystallinity, but it always
remains smaller than the total fraction of amorphous chains,
i.e., 1 −Φc. From the length distribution of tie chains, we
obtain their average length hNtiei, i.e., the number of bonds
in a strand. Figure 5(c) shows that hNtiei also increases with
N while the number density of tie strands shows a small
variation; for 50 < N ≤ 1000 we find that ρtie decreases
from 0.029σ−3 to 0.026σ−3. The increase of ftie directly
leads to an increase in hNtiei and could possibly rationalize
the N dependence of E and GH.
To assess the contribution of tie chains to the tensile

response, we cut the chains of semicrystalline samples with
length N ¼ 100, 200, 400, and 1000 into half. This process
generates new semicrystalline samples with chain length
N=2 that have a lower crystallinity than samples with the
same chain length obtained by continuous cooling and with
almost identical ftie for N > 50, as shown in Fig. 5(b).
However, their tie chains are on average slightly longer due
to decrease of crystallinity as presented in Fig. 5(c). We
measure the tensile response of the semicrystalline samples
generated by this protocol and compare to uncut polymers
of length N and N=2.
Figures 6(a) and 6(b) present the tensile response of cut

and uncut chains at T ¼ 0.7 and T ¼ 0.2, respectively.
Half-cut chains with length N=2 exhibit a very similar
mechanical response to uncut chains of length N=2. On the
other hand, semicrystalline polymers of length N with
identical ϕc and larger ftie present a different mechanical
response, highlighting the importance of tie chains and

chain length. The extracted moduli of cut chains are
included in Fig. 4. We observe a general trend that
decreasing ftie and N but keeping Φc constant reduces
E, σy, and GH to lower values close to those of shorter
uncut chains with almost identical ftie. Comparing average
end-to-end distance of tie chains to purely amorphous
polymers with the same length, we find that tie chains are
prestretched during crystallization. Hence, they affect the
mechanical behavior even in the elastic regime.
Next, we compare the effective stretch of cut chains to

λeff of uncut samples, as shown in Figs. 6(c) and 6(d). We
find that λeff of cut chains is the same as those of uncut
chains with the same length, when their ftie is almost
identical, i.e., for the case N > 50. In the case of N ¼ 50,
where the cut chains have a higher ftie than the uncut ones,
we observe a larger degree of microscopic stretch for the
cut chains; again emphasizing the role of tie chains in
microscopic chain rearrangements. The tensile response of
semicrystalline polymers is controlled by the overall global
stretch that itself depends on ftie and number density of
entanglements. Our local chain-deformation analysis pro-
vides a new microscopic insight into underlying mecha-
nisms of plastic deformation in semicrystalline polymers.
Our results expand on previous findings for purely glassy
polymers [17] in which the effective microscopic stretch
controls the strain-hardening behavior.
We conclude by summarizing our main findings. The

tensile response of semicrystalline polymers is a strong
function of chain length and is remarkably different for
temperatures above and below Tg. Long polymers form
chain-folded crystalline structures that are interlocked by
amorphous networks of entanglements and tie chains. The

(a) (b)

(c) (d)

FIG. 6. (a),(b) Stress versus strain and (c),(d) effective micro-
scopic stretch versus macroscopic stretch for semicrystalline
polymers of various lengths obtained from continuous cooling
(solid lines) and from cutting of polymers into half (dashed lines)
at T ¼ 0.7 and T ¼ 0.2, respectively.
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loss of a fraction of the entanglement network [20] upon
crystallization is partially compensated by tie chains that
contribute to the response. Analysis of the microscopic
stretch of chains under tensile deformation suggests that the
response of heterogeneous semicrystalline polymers fol-
lows from superposition of interpenetrated networks of tie
chains and entanglements in agreement with experiments
[3–6]. Longer polymers give longer tie segments, with
lengths comparable to the entanglement length, that enforce
affine deformation at all scales in a manner similar to
entanglements in purely amorphous systems. Nevertheless,
the tie chains are on the average shorter than the entangle-
ment length and therefore are not themselves entangled.
The semicrystalline morphologies of randomly orien-

tated crystallites obtained in our simulations are far from
the experimental spherulitic ones. Still, they mimic most of
the classical mechanical behavior of semicrystalline poly-
mers. Our study shows that general structural features of
semicrystalline polymers, i.e., chain topology (tie chains
and entanglements) and crystallinity, govern their general
mechanical response. Predicting the functional dependence
of the moduli on structural parameters Φc, ftie, and N=Ne,
however, remains a challenge for theories of polymer
deformation. Furthermore, the insights from this study
could be relevant for composite polymeric materials with
ordered regions connected by linkers [21] or biopolymer
networks consisting of regions of ordered beta sheets
embedded in an amorphous network [22,23].
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