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Based on the new ab initio molecular dynamics method by Kühne et al. [Phys. Rev. Lett. 98, 066401

(2007)], we studied the mechanism of superionic conduction in substoichiometric Li-poor Li1þxAl alloys

by performing simulations at different temperatures for an overall simulation time of about 1 ns. The

dynamical simulations revealed the microscopic path for the diffusion of Li vacancies. The calculated

activation energy (0.11 eV) and the prefactor (D0 ¼ 6:9� 10�4 cm2=s) for Li diffusivity via a vacancy-

mediated mechanism are in good agreement with experimental NMR data. The calculation of the

formation energies of different defects—Li and Al Frenkel pair and Li antisites—revealed that only

Liþ vacancies and LiAl antisites are present in the stability range of the Zintl phase �0:1< x< 0:2.
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The intermetallic compound Li1þxAl is of interest for
several aspects. It is the product of the decomposition
reaction of lithium alanates which is of interest for hydro-
gen storage [1]. It was also proposed as an anodic material
for solid state batteries [2]. Li1þxAl at compositions
�0:1< x< 0:2 crystallizes in the B32 structure [3,4]
which corresponds to a Zintl [5] phase. As shown by
electronic structure calculations, [6] an almost complete
charge transfer from Li to Al takes place, leading to the
formation of an Al diamond sublattice in a sp3 like elec-
tronic configuration, interpenetrated by a diamond sublat-
tice of Liþ ions. For x <�0:1 phase transitions into the
L12 phase and then into a fcc solid solution occurs.
Diffusion in these latter fcc-based Al-Li alloys are medi-
ated by vacancies and have been recently studied by
ab initio calculations [7]. Lithium deficiency introduces
Liþ vacancies (VLi) also in the B32 phase structure while
Li excess introduces LiAl antisite defects, the presence of
AlLi antisites and Al vacancies being excluded by NMR
measurements [8]. Vacancies and antisites are believed to
control the superionic properties of B32 as well. Electro-
chemical measurements [9] of the Li chemical diffusion
coefficient reveal that Li diffusivity (D) is weakly depen-
dent on composition for x > 0 (Li excess), while it raises
steeply by decreasing the Li content (x < 0) down to the
stability boundary Li0:88Al, where the activation energy is
as low as 78 meV [9]. Li diffusivity at 688 K is �3:0�
10�7 cm2=s for Li-rich alloys (x ¼ 0:15) and �1:6�
10�6 cm2=s for Li0:88Al. [9] NMR measurements at lower
temperature (297–478 K) provide values for Li diffusivity
similar to the electrochemical results and activation ener-
gies in the range 0.113–0.145 eV for the stoichiometric
compound [8].

In order to provide a microscopic understanding of the
superionic properties of the B32 phase of the Li1þxAl alloy,

we report here an ab initio simulation of the energetics and
mobility of vacancies in Li1þxAl alloys for x <�0:0156
(Li-poor alloys) where the concentration of antisites is
negligible [10]. To this aim we have adopted a new
ab initio molecular dynamics technique, recently intro-
duced by Kühne et al. [11], which allows for substantial
speed up with respect to traditional Born-Oppenheimer or
Car-Parrinello simulations. By means of this methodologi-
cal advance, we have performed molecular dynamics simu-
lations of a 128-atoms supercell at different temperatures
for an overall simulation time of 1 ns. Such a long simu-
lation time allows obtaining dynamical correlation factors
and frequency prefactors for the diffusivity directly from
the atomic trajectories at different temperatures. This di-
rect approach enlarges the scope of ab initio studies of
atomic diffusion in solids customarily limited to kinetic
Monte Carlo simulations based on ab initio hopping rates
computed within the transition state theory (TST). In the
spirit of Car-Parrinello [12] (CP) approach the wave func-
tions are not self consistently optimized during the dynam-
ics in the scheme of Ref. [11]. However, in contrast to CP,
large integration time steps can be used in the simulations.
This scheme leads to a slightly dissipative dynamics of
the type ��D

_Ri, where Ri are the ionic coordinates. In
Ref. [11] it was shown how to compensate this dissipation
and obtain a correct canonical sampling. It has also been
demonstrated that, for sufficiently small value of �D, cor-
rect dynamical properties can be obtained as well. This
scheme, referred to as CP-like dynamics, has been imple-
mented in the CP2K suite of programs. [13,14] We have
performed spin unrestricted calculations with gradient cor-
rected PBE exchange and correlation functional [15] and
Goedecker-type [16,17] pseudopotentials. In the case of Li,
the core states have been treated explicitly, while for Al,
only the three valence electrons have been considered.
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Kohn-Sham (KS) orbitals have been expanded in a valence
DZVP Gaussian-type basis set. The charge density is ex-
panded in a plane waves basis set with density cutoff of
400 Ry. Extension of the basis set to TZVP produces
negligible change (0.1%) in the lattice parameter of LiAl.
Only the �-point has been included in the Brillouin zone
(BZ) integration. We have performed simulations at the
four different temperatures 280 K (391 ps), 413 K (194 ps),
533 K (280 ps), and 667 K (161 ps). Values of �D in the
range 8:5� 3:2� 10�4 fs�1 have been used. Tests with
Monkhorst-Pack (MP) k points meshes have been per-
formed using norm conserving pseudopotentials and a
plane waves expansion of the KS orbitals (35 Ry cut-
off), by using the quantum-ESPRESSO package [18].

We have first studied vacancy diffusion by removing one
Li atom from a 128 atom cubic supercell (x ¼ �0:016,
49.6% Li) at the theoretical lattice constant of 6.406 Å. The
tetrahedral cage of Li atoms around the vacancy shrinks
inward. At the simulation temperatures, the average Li-Li
distance along the cage edges is as small as 3.8 Å, to be
compared with the value of 4.5 Å, in the perfect crystal. At
all temperatures the vacancy diffuses very fast, doing on
average 1.95, 2.18, 2.80 and 3.44 single jumps per ps, at
280, 413, 533, and 667 K, respectively. In the observed
vacancy diffusion mechanism, the jump of a neighboring
Li atom in the vacancy site is accompanied by the asym-
metric expansion (contraction) of the tetrahedral cage
around the initial (final) vacancy position. As an extra
test, 20 ps of Born-Oppenheimer molecular dynamics at
400 K in a 432 atoms cell, with two vacancies (x ¼
�0:010, 49.76% Li) has been conducted, showing that
the vacancies diffuse independently, with the same mecha-
nism observed in the smaller cell. No competing mecha-
nism arise at high temperature (667 K). The Li tracer
diffusivityD�

Li is obtained directly from the Li mean square

displacement as hxLiðtÞ2it!1 ¼ 6tD�
Li. The tracer diffusiv-

ity D�
Li is well described by an Arrhenius plot with an

activation energy of 34 meV in the temperature range
investigated (see inset of Fig. 1). The tracer diffusivity is
related to the average residence time �vac of the vacancy in
its site by

ð1� cvacÞD�
Li ¼ fccvac

a2

6�vac
¼ fccvacDvac; (1)

where a is the interatomic Li-Li distance in the perfect
crystal (2.774 Å), cvac is the vacancy concentration and fc
is a correlation factor which contains information on cor-
relations between individual jumps of Li atoms [19]. fc is
equal to 0.5 for vacancy-mediated diffusion in a diamond
sublattice and in the lack of any further dynamical corre-
lation among the Li jumps (e.g., due to vacancy-vacancy
interactions or enhanced forward-backward jumps not con-
tributing to diffusivity). In general, to assess possible de-
viation of fc from the ideal value, substantially longer
simulation times are needed than those required to estimate

the tracer diffusivity. As shown in Fig. 1, the distribution of
the residence times of the vacancy in its site is well
described by an exponential function 1

�vac
expð� t

�vac
Þ.

By plugging in Eq. (1) the calculated values for � and
D�

Li (cvac ¼ 1
64 ) we obtain fc ¼ 0:45 for the three highest

temperatures, which is still very close, considering our
uncertainties, to the ideal value of 0.50 for vacancy-
mediated diffusion in a diamond sublattice. However, fc
turns out to be as small as 0.34 at the lowest temperature
(280 K) which indicates the presence of further correla-
tions in the Li motion. The analysis of the trajectories
revealed that this is due to the presence of correlated jumps
of the vacancy in the form of forward-backward jumps
which do not contribute to the diffusivity. The probability
for the vacancy to come back in its previous site is as large
as 0.4 at 280 K, to be compared with the ideal value of 0.25
for an uncorrelated Brownian motion of the single vacancy
on a diamond lattice. The enhanced probability for a
vacancy to come back in its previous position is probably
due to the fact that at the lowest temperatures the cage of Li
atoms around the initial and final position does not relax
sufficiently fast to make subsequent jumps fully
uncorrelated.
The Arrenhius fit ofD�

Li (inset of Fig. 1) yields a vacancy

diffusivity Dvac as defined by Eq. (1) of Dvac¼
D0 expð� �E

kBT
Þ with the prefactor D0 ¼ 6:9� 10�4 cm2=s.

This results inDvac � 3:6� 10�4 cm2=s at 600 K which is
sizably larger than the calculated value of Dvac �
10�6 cm2=s for fcc Al1�xLix solid solution (with x <
0:15) at the same temperature [7]. Indeed in the B32 phase
the vacancy diffuses only in the sublattice of the more
mobile Li atoms. NMR measurements at low temperature
(297–478 K) provide the prefactor D0 for single vacancy
diffusivity in the range 4:4–7:2� 10�4 cm2=s (for x ¼
�0:066–0) [8,20] which is very close to our result consid-

FIG. 1 (color online). Normalized jump-times distribution for
the vacancy, as obtained from 194 ps CP-like dynamics at 412 K
(453 jump events) and at 667 K (553 jumps). The distribution is
fitted with an exponential function 1

�vac
expð� t

�vac
Þ where �vac ¼

425 fs and 291 fs for 412 and 667 K, respectively, the vertical
lines represent the mean jump times for the vacancy. From 0 to
30 fs, the distribution deviates from the exponential behavior,
this interval representing the relaxation time of the vacancy in its
site. In the inset, the Arrhenius plot of the tracer diffusion
coefficient D�

Li as a function of � ¼ ðkBTÞ�1 (in eV�1).
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ering the theoretical uncertainties and the large spread in
measured values. Concerning the activation energy, NMR
measurements of 7Li spin-lattice relaxation at x ¼ �0:066
yield values in the range 0.128–0.145 eV [8,10,20–22],
while electrochemical measurements yields an activation
energy for Li diffusion of 78 meV at x��0:1 [9].

To assess possible inaccuracy in the our estimated acti-
vation energy, we have performed zero temperature opti-
mization of the minimum energy path (MEP), assuming
the mechanism identified in the dynamical simulation. We
have used the nudged-elastic band [23,24] (NEB) method
and the same 128-atoms supercell used in the dynamical
simulation. By restricting the BZ integration to the super-
cell �-point, the activation energy for diffusion turns out to
be equal (within 3 meV) to the value of 34 meV extracted
from the dynamical simulation. The transition state (TS) is
a single saddle point as demonstrated by the calculation of
the Hessian matrix (computed by finite differences and by
still sampling the BZ at the � point). From phonon fre-
quencies at the TS and at the initial configuration, we have
estimated the prefactor D0 within the harmonic approxi-
mation to TST. The resultingD0 is 30 times larger than the
value inferred from the dynamical simulations. This dis-
crepancy might be ascribed to frequent recrossing events
(neglected within TST) in the presence of a relatively flat
saddle point (cf. Fig. 2) which might also be responsible for
the correlated vacancy jumps at low temperature (280 K)
mentioned above. The dynamical simulations seem thus
mandatory to obtain the correct order of magnitude for the

frequency prefactor in this system. By refining the BZ
integration over a 3� 3� 3 MP mesh the path does not
change sizably but the activation energy raises up to
0.11 eV, which is in better agreement with the experimental
data. The potential energy along the MEP, the geometry of
the initial, final and transition states are shown in Fig. 2. A
plot of the charge density at the TS is given as additional
material. In view of the very good agreement with experi-
ments, our results point to the conclusion that in Li-poor
alloys at temperature below 700 K, Liþ diffusion occurs
through simple vacancy jumps.
As a further check of the internal consistency of our

picture we have explored whether, in the Li-poor region,
excess vacancies might also be produced in sizeable
amount via thermally generated Li Frenkel pairs. To this
aim we have calculated the formation energy of a Frenkel
pair [25] (Liint and VLi as far as possible) in the 128-atoms
cell which turned out to be Ef ¼ 1:94 eV. Assuming an

Arrhenius behavior, this corresponds to a vacancy concen-
tration of �10�7 at 688 K, which is several order of
magnitude lower than that of constitutional vacancies due
to defects in stoichiometry. The formation energy of an Al
Frenkel pair is instead as large as 3.10 eV. In this respect we
note that a pair of Li and Al vacancies is unstable with
respect to the formation of two Livac and a LiAl antisite. In
fact, the energy that is gained when a Li atom is moved into
a Al vacancy is 0.38 eV, as it results from calculating the
energy difference between these two configurations, in a
128 atoms supercell. This explains why Al vacancies and
interstitials are not to be found in LiAl alloys [22]. On the
other hand, the insertion of two Livac and one LiAl in a
perfect stoichiometric 128 atoms cell leads to a slightly
negative formation energy (�65 meV), which indicates
that at low defects concentration these defects form spon-
taneously. This result is consistent with the experimental
estimate of defects concentration obtained from the varia-
tion of lattice parameters as a function of composition.
These data have been modeled indeed by assuming that
additional VLi and LiAl defects in proportion 2:1 can be
introduced without changing the stoichiometry. It turns out
that at x ¼ 0 the concentration of defects is as large
as 3.6% VLi and 1.8% LiAl in the corresponding sublattice
[10]. The concentration of LiAl decreases rapidly by de-
creasing x and vanishes at the phase boundary x ¼ �0:12,
while a large concentration of VLi is still present in Li-rich
alloys amounting at 0.4% for x ¼ 0:15 [10]. In our calcu-
lations, an increase in the defects concentration from the
addition of another pair of Livac and one LiAl (which
corresponds to cvac ¼ 0:062 and canti ¼ 0:031) leads to a
positive value of 0.48 which indicates that the theoretical
equilibrium value of cvac is between 0.031 and 0.062 to be
compared with the experimental value 0.036 [10,26].
Because of the small size of our simulation cells, a more
compelling comparison with the measured cvac [10] is
unfortunately not possible since the defect concentration

FIG. 2 (color online). Potential energy surface along the MEP
for vacancy diffusion. In the insets, the initial (a), transition (b)
and final (c) configurations of the MEP for vacancy migration
between two neighboring sites. The vacancy indicated by a light-
green spot is at the center of the Li tetrahedron on the right (left)
in panel (c) [(a)]. At transition state (b), the two distorted
tetrahedra are symmetric with respect to the Liþ ion at the
common vertex involved in the diffusion process. This latter
passes through the center of the shadowed (in green) hexagonal-
chair ring of Al atoms. Li atoms are represented in white. Al
atoms are represented in dark violet and are connected by bonds.
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can only be varied by discrete values in our small simula-
tion cell.

To reconcile the low value of D for x > 0 and the high
concentration of vacancies inferred from the density mea-
surements an attractive interaction between VLi and LiAl
which reduces the mobility of VLi has been postulated in
literature [8]. We do not find evidence for the proposed
[8,10] formation of a VLi and LiAl bound complex, instead,
these defects slightly repel each other. In fact, the configu-
ration with the two defects as far as possible in the 128-
atoms cell is 0.16 eV lower in energy with respect to the
configuration with the two defects in nearest neighbor
positions [27]. This repulsion, however, will also affect
vacancy diffusivity due to possible reduction in the number
of low energy percolating paths induced by the increase of
antisite defects [28].

In summary, based on a new ab initiomolecular dynam-
ics method [11], we have studied the microscopic mecha-
nism of Liþ diffusivity in substoichiometric Li-poor
Li1þxAl alloys by performing simulations at different tem-
peratures for an overall simulation time of about 1 ns. The
calculated activation energy and prefactor for a single
vacancy diffusion obtained by an Arrenhius plot are in
very good agreement with experimental data which dem-
onstrate that diffusion in Li-poor alloys is due essentially to
the uncorrelated motion of stoichiometric vacancies.
Although the modeling of the Li-rich region is outside
the scope of the present work, our results on the energetics
of vacancies and antisite support the conjecture that ionic
mobility in Li-rich alloys might instead be determined by a
complex interplay between defects.
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