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We demonstrate reversible movement of 1
2 ½1�10�ð110Þ dislocation loops generated from nanodisturban-

ces in a �-titanium alloy. High resolution transmission electron microscope observations during an in situ

tensile test found three reversible deformation mechanisms, nanodisturbances, dislocation loops and

martensitic transformation, that are triggered in turn with increasing applied stress. All three mechanisms

contribute to the nonlinear elasticity of the alloy. The experiments also revealed the evolution of the

dislocation loops to disclination dipoles that cause severe local lattice rotations.
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Ordinary crystals start plastic deformation by the glide
of dislocations generated at defects at applied stresses far
below the ideal strengths of the crystals. Under special
loading conditions such as nanoindentation, however,
stress levels at certain locations may approach the ideal
shear stress of the crystal leading to the homogenous
nucleation of dislocations [1]. Alternatively, in highly an-
isotropic crystals where the ideal strength is much reduced,
homogenous nucleation of dislocations may occur, and the
barrier energy of the nucleation is reduced if it is preceded
by planar lattice distortions called nanodisturbances (pla-
nar nanoscopic areas of local shear with tiny shear vectors)
[2]. This mechanism was proposed to account for the
plastic deformation of Gum Metals [3]. Because homoge-
neously generated dislocation loops are reversible in na-
ture, they may play a role during the nonlinear elastic de-
formation of this type of �-titanium alloys. Experimental
verification of this hypothesis is difficult, however, and
electron microscope observations under an in situ tensile
test condition must be employed.

Ti2448 alloy [4] (abbreviated from its chemical compo-
sition of Ti-24Nb-4Zr-8Sn in weight percent) is a typical
�-titanium alloy that possesses peculiar elastic properties
(with a very low bulk modulus that approximately equals
its shear modulus of �22:7 GPa) and exhibits pronounced
nonlinear elastic deformation behavior. To perform the
in situ tensile test, we chose an alloy modified from
Ti2448, containing 7.6Sn. The lower Sn contents permit
the reversible martensitic transformation from the � to the
�00 phase [4], and it will be interesting to see how the two
reversible mechanisms of homogenous dislocation loops
and martensitic transformation cooperate during elastic
deformation. In addition, the elastic moduli of the 7.6Sn
alloy (with bulk and shear moduli of 43 and 21 GPa,
respectively) differ from Ti2448 in such a way that crystal
distortions are more confined to the shear planes and this
should favor the nucleation of dislocations.

The 7.6Sn alloy (Ti-24Nb-4Zr-7.6Sn-0.07O) in the as-
forged state consists of single � phase and exhibits non-

linear elastic stress-strain curves under uniaxial cyclic
tension conducted at room temperature and a strain rate
of 1:3� 10�4 s�1 [Fig. 1(a)]. A ‘‘double yielding’’ is
apparent, the first being regarded as corresponding to the
critical stress to induce the martensitic transformation.
Enlargement of the first cycle stress-strain curves up to
1% strain is shown in Fig. 1(b): clearly the nonlinear elastic
deformation behavior is similar to that of Ti2448 [4].
In situ tensile tests were performed at room temperature

on an FEI Tecnai F30 TEM, operating at 300 kV with a
point-to-point resolution of 2.0 Å, by using a Gatan Model
654 single-tilt straining holder. The polished plate speci-
mens were glued at the centers of Ti alloy substrates (with
dimension of 9 mm� 2:5 mm� 60 �m, see supplemen-
tary Fig. 1 [5]) and thinned at the central sections by
double-jet electropolishing and ion milling. They were
strained by applying intermittent displacement pulses
manually through a trigger switch that activated a motor
in the straining holder, at a crosshead speed of 1:0 �ms�1.
In situ bright-field transmission electron microscopy
(TEM) and instantaneous high resolution TEM (HRTEM)
images were recorded by a digital video recorder during
the pause periods while maintaining the tensile load.
Before tensile loading, the � phase shows normal body

centered cubic (bcc) lattice structure, as evidenced by the
HRTEM image taken along [111] [Fig. 2(a)]. After the

FIG. 1 (color online). Cyclic tensile stress-strain curves of Ti-
24Nb-4Zr-7.6Sn-0.07O alloy with strains up to 5% at intervals of
1% (a) and enlarged version with strain up to 1% (b).
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tensile load was applied, the evolution of the HRTEM
microstructure was recorded on digital video under the
condition of keeping constant load (see supplementary
movie 1 [6]). Although the HRTEM frames in the record
were moving under straining, the structural evolution of a
given region could be depicted by a series of individual still
frames at different times. An initial time (t ¼ 0 s) was set
as the beginning of the series of HRTEM images, showing
lattice distortions of a given region [Fig. 2(b)]. To present
the lattice distortions clearly, inverse fast-Fourier-
transformed (IFFT) HRTEM analysis was performed in
this study. From three pairs of f110g spatial frequencies
as shown in the inset of Fig. 2(b), three IFFT images with
one dimensional f110g plane fringes can be obtained.
Comparing with the HRTEM image [Fig. 2(b)], the IFFT
image with plane fringes [Fig. 2(c)] shows much more
clearly bands of lattice distortions �2 nm in width and
involving about 6 fringes, whereas the other two IFFT
images, with ð01�1Þ and ð�101Þ plane, show nearly perfect
fringes (not shown here). These distorted bands are equiva-
lent to the nanodisturbances as defined by Gutkin et al. [2]
To trace the evolution process of these local lattice dis-
tortions under constant load, three distorted areas within
the field of view, marked by ellipse 1, 2, and 3 in Fig. 2(c),
were monitored by the IFFT images with plane fringes in
Figs. 2(d)–2(h).

At t ¼ 0:12 s [Fig. 2(d)], the distorted area 1 recovers to
the perfect lattice, revealing that the generated lattice dis-
tortions, or nanodisturbances, are reversible. Areas 2 and 3,

however, develop into dislocation dipoles of zero layer
height as indicated by pairs of black ? signs in Fig. 2(d).
By Burgers circuit and crystallography analyses, the
Burgers vectors of these edge dislocations in each dipole
were determined to be 1

2 ½1�10�, and these partial edge dis-

locations in the dipoles glide on (110) planes. These ob-
servations demonstrate the real time evolution from
nanodisturbances to dipoles of edge partials as depicted
theoretically by Gutkin et al. [2] The three-dimensional
picture is that circular regions on the (110) plane with
lattice distortions evolve into dislocation loops, a cross
section of which is seen here on the (111) plane, with the
opposite ends of the loops represented by dipoles of 12 ½1�10�
edge partials. An observation of special interest is that the
arms of the dipoles can both extend and shrink. For ex-
ample, within a fraction of a second while maintaining the
tensile load, the two partials of the dipole in area 2 move
apart first [Fig. 2(e)] before coming close to each other
[Fig. 2(f)], and finally annihilate to become an elliptic
region of distorted lattice again [Fig. 2(g)]. These in situ
observations proved unambiguously that both the nano-
disturbances and the homogenously generated dislocation
loops are reversible, and both qualify as mechanisms of
nonlinear elastic deformation of the modified Ti2448 alloy
with bcc crystal structure.
With increasing tensile stress, the edge partials of most

dipoles moved away from each other. Beyond a certain arm
distance the attractive force between the two partials was
overcome by the lattice friction upon unloading and the

FIG. 2. In situ HRTEM observations to show the evolution of reversible lattice distortions and dislocation dipoles under tensile
loading. (a) is a HRTEM image taken along [111] before the loading and (b–h) are HRTEM frames obtained from the in situ recorded
digital video while the load is maintained. (b) is a HRTEM image taken along [111] under load at a time point set as zero (the inset
shows corresponding fast-Fourier-filtered image). (c)–(h) are the IFFT images recorded at the time points noted in the figures (see text
for details). The dislocation marked in white serves as a reference point.
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dipoles were destroyed, signifying that the sample entered
the plastic deformation range. Such evolution of the di-
poles results in significant changes to the bright-field TEM
images [Figs. 3(a) and 3(b)], as evidenced by the formation
of numerous Moiré fringe patterns in the loaded specimen.
The in situ digital video of TEM observation showed that
the Moiré fringes sensitively vary with the tensile strains
(see supplementary movie 2 [7]). These Moiré fringes are
associated with different regions with average size of
�15 nm in width and �30 nm in length. The HRTEM
observations showed that the Moiré fringes are nearly
perpendicular to the basic lattice fringes, as can be seen
from two examples of such regions taken along [110] and
[111] [Figs. 3(c) and 3(d)]. Crystal rotations of these
regions relative to the parent grain are 7� to 10� as can
be estimated from the Moiré fringe spacings. Extension of
the partial dislocations of the dipoles during deformation
should be responsible for the lattice rotation. The mecha-
nism is schematically illustrated in Fig. 3(e) where a group
of spreading dislocation dipoles (spreading loops in
three dimension) effectively form disclination dipoles,
similar to that in mechanically milled iron [8]. Thus local
lattice rotation can be realized during tensile straining by
the following three steps: the formation of the nanodistur-
bances, homogenous generation of loops of partial dislo-
cations from the nanodisturbances, and the extension of
these loops and their alignment on successive planes. This
mechanism underlies the highly localized plastic deforma-
tion of Ti2448, and explains the nucleation of nanocrystal-
line grains and even the crystalline-amorphous transition of
the coarse-grained alloy during compression [4].

Because martensitic transformation tends to be sup-
pressed in thin foils [9], the �00 martensite with orthorhom-
bic crystal structure was only found ahead of propagating
cracks during the in situ tensile analyses. The results are
consistent with a previous conclusion that the martensitic
transformation is reversible between the � phase and the

�00 martensite [10], as supported by the reversible change
of the selected-area diffraction (SAD) pattern during cyclic
loading and unloading. The stress-induced �00 martensite,
however, does not have the typical long needle or plate
morphology [10]. Bright-field TEM [Fig. 4(a)] failed to
detect its formation by microstructural characteristics, but
the corresponding SAD pattern [Fig. 4(c)] shows clearly
the contribution from both the parent phase and the �00
martensite. The dark-field TEM image obtained from
g�00 ¼ 110 diffraction spot shows unambiguously the pres-
ence of the martensite [Fig. 4(b)], though it is not clear why
the stress-induced �00 martensite assumes a fine equiaxed
microstructure. Since the needle and plate morphologies
have not been found during the in situ TEM observation,
the possibility that needles or plates are broken by plastic
deformation is excluded. It is likely that the presence
of the nanodisturbances and homogenous dislocation loops
has substantially modified the crystallography of the mar-
tensitic transformation. The fact that stress relieves faster
in thin foils helped the rapid reverse transformation of the
martensite to the � phase upon unloading, as supported by
the change of the SAD pattern from Fig. 4(c) to 4(d).
It is clear from the evidence presented above that the

three reversible mechanisms, local lattice distortions, ho-
mogenous generation of dislocation loops and the martens-
itic transformation between the � phase and the �00
martensite, all contribute to the nonlinear elastic deforma-
tion of the modified Ti2448 alloy containing lower levels
of tin and oxygen (Fig. 1). Considering the evolution of the
in situ microstructures with increasing tensile load, we
conclude that these three mechanisms are triggered in
turn with increasing applied stress (Figs. 2 and 4).
The difference in elastic response of bulk and thin foil

samples is worth noting. The easy stress relief in thin foils
as compared to bulk specimens means a higher load must
be applied during in situ test to trigger the reversible
deformations. In particular, the �00 martensite is much

FIG. 3 (color online). Localized crys-
tal rotations during the in situ tensile test.
(a) and (b) are bright-field TEM images
of the specimen before and after loading,
respectively. The black arrows in (b) in-
dicate the Moiré fringes. (c) and (d) are
HRTEM images after loading, taken
along [110] and [111], respectively; the
white arrows point to the Moiré fringes
which are approximately perpendicular
to the basic lattice fringes. (e) is a sche-
matic illustrating the crystal rotation of a
local volume by separation of dislocation
dipoles on parallel glide planes.
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more difficult to form in thin foils, consistent with previous
experimental results that show single � phase in thin foils
but �þ �00 two phases in bulk specimens [4]. In spite of
this difference, elastic properties of bulk samples still serve
as a good basis for understanding the physical origin of the
multiple reversible mechanisms observed during in situ
tensile experiment.

The elastic instability of cubic crystals is generally
triggered by the elastic softening of C0 ¼ ðC11 � C12Þ=2,
a modulus against tetragonal shear [10–12]. That the mar-
tensitic transformation was triggered at a stress level much
higher than that causing lattice distortions and dislocation
loops (Figs. 2 and 4) suggests that the bcc crystal is
elastically stable at low levels of applied stress, consistent
with the fact that the as-forged bulk alloy has a shear
modulus of �21 GPa [4]. On the other hand, its relatively
low value of bulk modulus (�43 GPa) favors the change of
lattice spacing under applied stress [4]. The combined
effect of these two factors leads to local lattice distortions
of the bcc crystal at the initial stage of in situ loading as
shown in Fig. 2. Such lattice distortions would be much
more significant in Ti2448 due to its much lower bulk
modulus (� 23:9 GPa) and slightly higher shear modulus
(� 22:7 GPa) [4]. The in situ TEM and HRTEM analyses
of Ti2448 alloy are under way.

In summary, we identified reversible nanodisturbances
and homogenously generated dislocation loops before the
triggering of reversible martensitic transformation as the
new mechanisms of nonlinear elastic deformation of modi-
fied Ti2448, a multifunctional titanium alloy. Disclination

dipoles evolved from the dipoles of partial dislocations
produce significant local lattice rotations. These rotated
local volumes become the nuclei of localized nanocrystal-
line bands, rapidly refining the parent grains. These new
reversible deformation mechanisms may guide the design
of novel superelastic alloys. This work also implies that
nanodisturbances as a new deformation mechanism may
operate in a number of nanostructured solids deformed at
high mechanical stresses, as depicted theoretically for
deformed nanocrystalline materials, nanocomposites, and
nanoscale solid films [13].
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FIG. 4. The reversible martensitic transformation ahead of a
crack. (a) and (b) are a pair of bright- and dark-field TEM images
under the in situ loading, showing �00 martensite confirmed by
the corresponding SAD pattern (c). After unloading, the SAD
pattern changes back to that of the single � phase (d).
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