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The deformation behavior as a function of applied strain was studied in a nanostructured Ni-Fe alloy
using the in situ synchrotron diffraction technique. It was found that the plastic deformation process
consists of two stages, undergoing a transition with applied strain. At low strains, the deformation is
mainly accommodated at grain boundaries, while at large strains, the dislocation motion becomes
probable and eventually dominates. In addition, current results revealed that, at small grain sizes, the
0.2% offset criterion cannot be used to define the macroscopic yield strength any more. The present study
also explained the controversial observations in the literature.
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Nanocrystalline materials possess a variety of unique
physical and mechanical properties due to their fine grain
sizes and, therefore, have been the theme of many studies
[1–4]. As far as the deformation mechanism is concerned,
it has been accepted that the deformation mechanism ex-
hibits a transition from dislocation activity to grain bound-
ary sliding at a critical grain size. The critical value is
defined as the breakdown point in the Hall-Petch plot, and
this breakpoint has been calculated to occur at 15–20 nm
for face-centered cubic (fcc) metals [5,6]. To date, the
typical approaches to uncover the nanometals’ deformation
mechanism include calculation of activation volume [7],
TEM characterization [8–10], and computer simulation
[5,6,11–13]. Generally, the activation volume measures
the average volume of dislocation structures involved in
the deformation process. In the case of TEM straining, the
areas examined are usually near a crack tip, where the local
strain is high [14]. Regarding the computer simulation, the
deformation behavior is characterized as a function of
grain size by studying a series of materials with different
grain sizes. In addition, near the critical grain size, the
deformation transition proceeds gradually, and the plastic
deformation is a combination of dislocation and grain
boundary activities. It is obvious that the deformation
behavior at different strains is still poorly understood and
open to discussion, and the reported approaches did not
separate the contribution of each mechanism to plasticity.
The aim of this Letter is to study the dependence of
deformation behavior on applied strains in a nanocrystal-
line Ni-Fe alloy.

In this study, in situ neutron and synchrotron scatterings
were employed to study the deformation behavior of
single-phase fcc coarse-grained Ni and a nanograined
Ni–15 wt % Fe alloy, respectively. Neutron and high-
energy synchrotron scatterings have strong penetration
capabilities and are capable of investigating the deforma-
tion mechanism at the grain size level in bulk specimens.

Today, they have been employed to study the deformation
behavior of nanostructured and large-grained composites
[15,16] and conventional metals [17,18] as well as the
lattice strain distribution within individual dislocation cells
[19].

The Ni–15 wt % Fe alloy was made via electrodeposi-
tion [20]. TEM characterizations showed that the grain size
ranged from 4 to 30 nm, and no columnar grains developed
during the electrodeposition [21]. Based on the measure-
ment of about 1000 grains, the average grain size is about
9 nm, which is below the critical grain size value of about
14 nm for Ni-Fe alloys [22]. Figure 1 presents the stress-
strain curves acquired during the in situ neutron or syn-
chrotron tensile tests. The macroscopic 0.2% offset yield
stresses are 215 and 1475 MPa for Ni and the Ni–15 wt %
Fe alloy, respectively. The nanocrystalline Ni–15 wt % Fe
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FIG. 1. Tensile stress-strain curves of the coarse-grained Ni
and nanograined Ni–15 wt % Fe alloy.
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alloy’s plastic strain is as large as 6.1%, which includes a
5% uniform tensile elongation. Current data are consistent
with our previous reports for the same alloy [4,21]. The
large plasticity enables us to study the evolution of defor-
mation mechanism from small to large strains. For the
coarse-grained Ni, the specimens were loaded beyond the
5% plastic strain.

Figure 2 shows the lattice strains parallel to the loading
direction as a function of applied stress for Ni and the Ni–
15 wt % Fe alloy, where the dotted lines denote the 0.2%
yield strength. The lattice strain "hkl is calculated from the
change in lattice spacing dhkl: "hkl � �dhkl � dhkl0 �=d

hkl
0 ,

where dhkl and dhkl0 are the d spacings at a given applied
stress and a low-load reference point, respectively. It can be
seen that within the elastic regime, in both cases, the lattice
strain increases linearly with increasing the applied stress,

following Hooke’s law. Above the yield stresses, substan-
tial deviations from the elastic linearity occurred due to
plastic anisotropy. In a single-phase material, when plastic
deformation starts, dislocation slips operate first within the
grain sets with the slip system oriented preferentially to the
loading axis, while other grain sets continue to deform
elastically. As a result, the applied load is partitioned to
the grain sets that have not plastically deformed yet. Such
load redistribution results in the lattice strain departure
from the linear evolution [17,18]. In general, the grain
family that has plastically deformed shows a compressive
shift, while those grain sets that have not plastically de-
formed yet exhibit a tensile shift. For the fcc metals, plastic
deformation begins in grains next to the [220] orientation
[17], resulting in that the f220g grain family demonstrated a
compressive shift (upward inflection), as seen in Fig. 2(a).
On the other hand, the [200] orientation is the most com-
pliant and stays elastic the longest. As a result, the f200g
grain family carries more loads after plastic deformation
and, thus, exhibited a tensile shift (downward inflection),
as shown in Fig. 2(a). These observations are consistent
with the reported results for other coarse-grained fcc met-
als [17,18]. However, in the case of the nanocrystalline Ni–
15 wt % Fe alloy, all of the lattice planes exhibited tensile
shifts (downward inflection) after the plastic deformation
occurred, as shown in Fig. 2(b). Current observations in-
dicate that the deformation mechanism changes with the
grain size.

For fcc metals, the [200] and [220] orientations have the
most significant deflections from the linearity so that they
are usually emphasized to study the deformation behavior
[16–18]. In Fig. 3, the lattice strain deviations of the [200]
and [220] orientations from the elastic linearity are plotted
as a function of the normalized applied stress (the applied

0

50

100

150

200

250

300

350

0 500 1000 1500 2000

Lattice strain (10-6)

T
ru

e 
st

re
ss

 (
M

P
a)

111 200
220 311

(a)
upward

 inflection

downward
 inflection

0

500

1000

1500

2000

2500

0 5000 10000 15000

Lattice strain (10-6)

T
ru

e 
st

re
ss

 (
M

P
a)

111 200
220 311

(b)

downward
 inflection

FIG. 2 (color). The lattice strain evolutions along the loading
direction as a function of the applied stress. (a) Coarse-grained
Ni. (b) Nanograined Ni–15 wt % Fe alloy. The dotted lines mark
the 0.2% yield stresses.
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FIG. 3 (color). The deviation of the lattice strains from the
elastic linearity as a function of the normalized stress (applied
stress divided by yield stress).
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stress divided by the yield stress). Apparently, like other
coarse-grained materials, Ni demonstrates a pronounced
deviation prior to the 0.2% yield stress. A close analysis
discloses that the remarkable deviations started at a nor-
malized stress between 0.7 and 0.8. This Ni’s elastic limit is
about 170 MPa, corresponding to a normalized stress of
0.79. Typically, the start point of noticeable deviations in
the lattice strain-true stress curves manifests the onset of
plastic deformation [15–18]. Therefore, these results in-
dicate that, for coarse-grained Ni, the onset of macroscopic
plasticity is consistent with the beginning of microscopic
plastic deformation. However, for the nanocrystalline Ni–
15 wt % Fe alloy, the obvious lattice strain shift from the
linearity started at a stress beyond the 0.2% yield stress.
The calculation found that the lattice strain’s linearity
ended at a plastic strain of 0.5%. That is, the macroscopic
0.2% offset yield criterion does not reflect the beginning of
microscopic deformation and probably cannot be used to
determine the onset of plasticity in nanostructures [23].

Furthermore, Fig. 3 shows that, for the nanograined Ni–
15 wt % Fe alloy, both [200] and [220] orientations dem-
onstrated tensile shifts, which is different from the phe-
nomenon observed in the conventional fcc metals and
cannot be understood by the dislocation slip mechanism.
It is known that, at small grain sizes, the fraction of grain
boundary atoms is significant. Consequently, nanostruc-
tures are usually considered as composites consisting of
crystalline grain cores and either an amorphous grain
boundary ‘‘phase’’ [24] or a crystalline coating [25].
Unlike the load redistribution behavior (between different
crystallographic orientations) in a single-phase material,
for composites, the load redistribution takes place between
different phases. Generally, the hard phase bears greater
loads [15,16]. Thus, the hard phase exhibits a tensile shift,
and the soft phase shows a compressive shift. In the case of
nanostructures’ composite models, at the grain sizes below
critical values, the grain boundary is softer than the grain
core [24,25] so that the grain boundary phase deforms first
when the deformation enters the plastic regime. As a result,
all of the lattice strains measured from the crystalline cores
exhibit tensile shifts, as seen in Figs. 2 and 3. The grain
boundary phase would exhibit a compressive shift. It is
worth mentioning that the grain boundary phase is not an
actual phase in the sense that the grain boundary atoms are
just less ordered than those in grain cores. Therefore, this
phase does not show distinct diffraction peaks in the dif-
fraction patterns. The current results are also supported by
simulation results that, for 5.2 nm Cu, after plastic defor-
mation, the tensile stress developed inside grains, and
compressive stress built up at grain boundaries [13].

It is interesting that in Fig. 3, at the point T (correspond-
ing to a plastic strain of 2.2%), the [220] orientation starts
to deflect toward the compressive shift direction, while the
[200] orientation continues in the tensile shift direction.
This deviation behavior is the same as what has been

observed in the large-grained fcc metals. That is, the load
partitioning takes place between different crystallographic
orientations. This finding suggests that, at large strains, the
dislocations begin to make a dominant contribution to the
plasticity. It is known that, at large strains, further plastic
deformation needs large applied stresses due to the strain
hardening. On the other hand, for nanostructured metals,
the stress accumulated in grain interiors is larger than that
at grain boundaries, and the larger stress builds up in larger
grains [13]. Furthermore, at large strains, the stress con-
centration can develop at triple junctions [25]. A combi-
nation of these three factors can ineluctably facilitate and
enhance the dislocation activities in larger grains. The
current results indicate that, at grain sizes near the critical
value, the dislocation activities would intensify if a larger
plasticity can be realized. This rationale has been verified
by recent studies [26–28]. For instance, numerous dislo-
cations can be found in the cold-rolled nanostructured fcc
metals, where a severe plastic deformation larger than 30%
was introduced by rolling [26]. In addition, recent simula-
tion results suggest that, at the grain size about 10 nm, the
contribution of dislocations to plastic deformation in-
creases with increasing the plastic strain [27,28], while
the grain boundary sliding’s contribution decreases at large
strains [28]. Moreover, the present results also rationalized
a puzzled observation in the literature. For example, in situ
TEM straining results show that, surprisingly, extensive
dislocation activities are still prevalent in 10 nm grains
[10]. The current study suggests that such intensive dis-
location activities may be attributed to the local stress
concentration near the crack tip.

Besides dislocation and grain boundary activities, defor-
mation twinning may also occur during plastic deforma-
tion. However, the twinning is less favorable due to high
unstable twin fault energy [29,30], especially at ambient
temperature and quasistatic strain rates [29]. More impor-
tantly, the deformation twins in the fcc nanometals origi-
nate from the motion of partial dislocations and may not
contribute to macroscopic strains [31]. Furthermore, the
introduction of twins mainly affects the x-ray diffraction
peak’s intensity (i.e., texture) and full width at half maxi-
mum (i.e., internal strain) and does not affect the peak
position (i.e., lattice strain) [27]. As a result, the current
discussion based on the deviation features of lattice strains
is not affected by the existence of deformation twins.

In summary, the in situ neutron and synchrotron diffrac-
tion investigations on the coarse- and nanograined Ni
alloys were conducted. The results show that, at a small
grain size below the critical value, the deformation mecha-
nism depends on the applied strain. At small strains, the
plasticity is predominately accommodated at grain
boundaries. However, at large strains (>2:2%), the dislo-
cations start to play an important role in the plastic de-
formation. Furthermore, current characterization also dis-
closed that, in nanocrystals, the 0.2% offset criterion is no
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longer appropriate for determining the macroscopic yield
strength. Finally, current findings propose a novel defor-
mation scenario, which provided new insights to the de-
formation mechanisms at small grain sizes.
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