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Constant strain rate molecular dynamics simulations of nanocrystalline Al demonstrate that a signifi-
cant amount of dislocations that have nucleated at the grain boundaries, exhibit cross-slip via the Fleischer
mechanism as they propagate through the grain. The grain boundary structure is found to strongly
influence when and where cross-slip occurs, allowing the dislocation to avoid local stress concentrations
that otherwise can act as strong pinning sites for dislocation propagation.
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Cross-slip, in which screw dislocations leave their habit
planes and propagate to another glide plane [1,2], plays a
key role in plasticity. Such a process can decrease internal
stress fields exerted, for example, by dislocation pile-ups,
resulting in the formation of dislocation cell structures [3].
Macroscopically cross-slip reduces the strain hardening
rate with increasing strain, which in bulk single crystals is
associated with stage III hardening [4]. In nanocrystalline
metals, dislocation pile-up formations are however sup-
pressed due to the spatial restrictions associated with the
small grain size. Molecular dynamics simulations per-
formed on nanocrystalline structures have demonstrated
that in the absence of defects within the grain interior in
nanocrystalline metals, grain boundaries (GBs) can act as
both sources and sinks for partial and perfect dislocations
[5–13]. During propagation, dislocations can become tem-
porarily pinned at GB ledge structures and their associated
stress intensities, and upon depinning they propagate fur-
ther on the slip plane in which the dislocation had origi-
nally nucleated [10]. This picture is supported by in situ
x-ray diffraction experiments that can probe the dynamics
of plasticity, demonstrating that no permanent dislocation
networkis accumulated during plastic deformation [14,15].

In this Letter it is shown that dislocation cross-slip plays
an important role in the plastic deformation of fully three-
dimensional Al nanocrystalline samples. In particular, it is
demonstrated that cross-slip provides a mechanism for the
propagation of a perfect dislocation to circumvent stress
intensities in the GBs, allowing the dislocation to deposit
itself in more favorable GB regions such as triple lines, and
GB regions under tensile stress. This observation can ex-
plain the lack of an increase in the flow stress with increas-
ing strain observed in atomistic simulations of bulk
nanocrystalline metals.

For the present work, a nanocrystalline sample contain-
ing 100 grains characterized by a mean grain diameter of
11.5 nm was constructed using the Voronoi tessellation
procedure [16]. The details of the preparation of such fully
three-dimensional GB networks can be found elsewhere
[17]. The sample is strained uniaxially with a constant
strain rate and the Poisson contraction in the lateral direc-
tions is modeled by the standard Parrinello-Rahman baro-

stat [18], an algorithm allowing the size of the simulation
cell to vary in response to the external stress conditions. To
model the interatomic interactions between the Al atoms,
the Al embedded-atom empirical potential of Mishin et al.
[19] is used. This interatomic potential was chosen because
it is known to result in the nucleation of the leading and
trailing partial dislocations at GBs, resulting in the propa-
gation of a perfect dislocation within the timescale of the
molecular dynamics simulation [20]. For analysis at the
atomic level, the medium range order analysis procedure
[21] is used in which atoms are coloured according to their
local symmetry where gray represents face centered cubic
(fcc) atoms, red hexagonal closed packed (hcp) atoms,
green other 12-coordinated atoms and blue non-12-
coordinated atoms. Stress distributions in the GB are vi-
sualized using the local hydrostatic pressure calculation
according to Cormier [22]. For both atomistic visualization
methods, the atomic quantities and corresponding posi-
tions are averaged over 250 fsec to minimize the effect
of thermal noise.

Figure 1 (left axis) displays the resulting stress-strain
curve for the chosen strain rate of 1� 108= sec . Such a
high strain rate is typical for molecular dynamics simula-
tions and results in the observed plasticity mechanisms
being predominantly stress driven with some thermal as-
sistance. However in experiments, which are performed at
significantly lower strain rates, the situation can be quite
the opposite with the rate limiting plasticity mechanism
often being characterized as thermally driven with some
stress assistance. In Fig. 1 an extended elastic-plastic tran-
sition region is seen until a flow stress of approximately
1.5 GPa. Beyond this regime the flow stress decreases with
increasing plastic strain. From inspection of slip traces
derived from a slip vector analysis [23] and detailed atomic
inspection, the dislocation activity was enumerated and is
shown in Fig. 1 (right axis) as the cumulative number of
slipped dislocations as a function of strain. Significant slip
activity (in which dislocations traverse grains) starts at
approximately 4% strain, just before the maximum flow
stress is reached, a result that correlates well with a recent
experimental investigation [24]. The irreversible elastic-
plastic transition region occurring below 4% strain is pre-
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dominantly characterized by dislocation nucleation and
other GB mediated processes. Also shown in Fig. 1 is the
number of these dislocations that cross-slip, demonstrating
a slight increase in percentage of cross-slipped dislocations
with increasing strain. An in-depth analysis of all disloca-
tion activity and its relation to local stress conditions, GB
structure and GB network structure will be published else-
where [25]. In what follows, we present two examples of
dislocations that undergo cross-slip, paying particular at-
tention to the important role of the surrounding GB struc-
ture. To aid visualization of these examples, movies are
provided in the auxiliary material for this letter [26].

Figure 2 displays a region where a leading and trailing
partial dislocation have nucleated at a GB, propagated and
cross-slipped through the grain, and eventually been ab-
sorbed in the surrounding GB network. Some of the grains
that surround the central grain (grain 65) in which the
cross-slipping dislocation exists, are visualized as gray
volumetric regions. The central grain is not shown apart
from the partial dislocation cores and the stacking fault in
between (indicated by non-fcc atoms colored according to
their medium range order classification) just after the lead-
ing partial dislocation has nucleated at GB 65-59 (indi-
cated by the red arrow), and at a time at which the disloca-
tion has already cross-slipped a number of times. We note
that the initial leading partial dislocation segment fluctu-
ated in size for approximately 35 psecs before the nuclea-
tion of the trailing partial and propagation of the resulting
perfect dislocation into the grain. The slip systems popu-
lated by the dislocation as it cross-slipped through the grain
are indicated as transparent yellow surfaces that are bound
by their intersection with the surrounding GBs and the

instantaneous position of the dislocation core. Also shown
is the Thompson tetrahedron [1] that indicates the relevant
slip systems and the Burgers vector, DC, as a white arrow.
Initially a leading and then trailing partial dislocation
nucleates on the (a) plane and approximately 1 psec after
nucleation of the trailing partial, the screw segments of the
perfect dislocation has cross-slipped onto the (b) plane.
Over the next 10 psecs the screw segment of the dislocation
cross-slips alternatively onto planes (a) and (b) as it prop-
agates through the entire grain. This leaves behind a stair
case of edge segments bound by stair rod dislocations [27]
which propagate to the right until they disappear in the
surrounding GB structure (mostly GB 65-21).

Detailed atomic inspection of the dislocation as a func-
tion of time revealed that cross-slip occurs by the leading
partial dislocation first changing its glide plane by the
creation of a stair rod dislocation [27] with which the
trailing partial reacts thereby also changing its glide plane.
Such a process of cross-slip falls under a class of mecha-
nisms commonly referred to as the Fleischer mechanism
[1,28].

FIG. 2 (color online). (a) Snapshot of a dislocation that during
propagation has cross-slipped several times between slip planes
(a) and (b) schematically indicated by the shaded yellow planes.
Only the non-fcc atoms within the central grain are shown to
visualize the dissociated core of the perfect dislocation using the
medium range order classification scheme. (b) Non-fcc atoms of
GBs 65-77 and 65-59 onto which the dislocation deposits itself.
The viewing angle is similar to (a) and the atoms are colored
according to their local hydrostatic pressure as indicated by the
associated linear color bar, where the white line represents the
region onto which the dislocation is deposited.

FIG. 1 (color online). (Left axis) Stress-strain curve for a
constant strain rate of 1� 108= sec . (Right axis) Total cumula-
tive number of dislocations and number of these dislocations that
have cross-slipped as a function of strain for the constant strain
rate simulation and constant load simulation performed at a
uniaxial tensile stress of 1.6 GPa.
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When and where cross-slip occurs may be rationalized
by inspection of Fig. 2(b), which has the same orientation
as Fig. 2(a). In Fig. 2(b) the GB atoms of GBs 65-77 and
65-59 are displayed and colored according to their local
hydrostatic pressure before deposition of the dislocation in
which blue represents atoms in tension and red in com-
pression. The region in which the dislocation segment is
deposited is indicated by a white line. What becomes
evident is that through cross-slip the screw component of
the dislocation chooses a path that avoids the compressive
regions of GB 65-77, allowing the dislocation to deposit its
predominantly edge component into the regions of GB 65-
59 that are under tension. Moreover, it is found that cross-
slip is always initiated at the intersection of the GB with the
dislocation, or very close to this region, indicating that the
strong variations in hydrostatic pressure within the GB
play the crucial role in providing the complex stress state
necessary for cross-slip to occur. Closer temporal analysis
of the dynamics to cross-slip also revealed that attempts to
cross-slip can fail. An example of this is shown schemati-
cally in Fig. 2(b), where the transparent white line indicates
a cross-slip event that retracted after approximately one
psec in favor of continued propagation along the slip plane
indicated by the full white line.

Figure 3 shows another example of a perfect dislocation
undergoing cross-slip, now in grain 86. A similar visual-
ization scheme is used as in Fig. 2. Through Figs. 3(a)–3(c)
we show in more detail the temporal sequence of the
dislocation as it cross-slips through the grain. For the
same orientation as these figures, Fig. 3(d) displays the
non-fcc atoms shaded according to their local hydrostatic
pressure for GB 86-7 and GB 86-80 at a time before
deposition of the dislocation. Inspection of Fig. 3 demon-
strates once again the crucial role of the surrounding GB

structure in determining the final path of the cross-slipping
dislocation. The leading partial dislocation nucleates at the
triple junction, GB 86-13-72, whereas the trailing partial
nucleates in GB 86-13 resulting in a perfect dislocation
with Burgers vector AD [see Fig. 3(a) where the disasso-
ciated dislocation and its corresponding stacking fault are
evident]. This dislocation propagates in plane (c) until one
of the end segments of the leading partial dislocation
encounters a GB region exhibiting strong local compres-
sive hydrostatic pressures [indicated by the black arrow in
Fig. 3(d)]. Here, in this region of the GB, the dislocation
cross-slips onto plane (b). During subsequent propagation
[Figs. 3(b) and 3(c)], the edge segment propagates to the
right and the screw segment double cross-slips back to the
(c) plane resulting in an evolving stair rod structure
[Fig. 3(c)]. Cross-slip therefore allows for the dislocation
to avoid the compressive regions of GB 86-7 with the left
segment of the GB (now on a different (c) plane) deposit-
ing itself along a triple line under tension [indicated by the
red arrow in Fig. 3(d)]. Before complete absorption of the
remaining dislocation structure on the (c) plane, the dis-
location is seen to make three attempts to cross-slip onto
the (b) plane as schematically indicated by the transparent
lines in Fig. 3(d), an example of which is seen in the red
arrowed region of Fig. 3(c). The lifetime of this dislocation
is particularly revealing since it provides a clear example
of a dislocation that is pinned to a region of GB (GB 86-7),
indicated by the back arrow in Fig. 3(d), for approximately
1 psec before depinning via the cross-slip mechanism—
that is, the dislocation is able to pass the pinning region by
double cross-slipping to a parallel slip plane so that it can
continue to propagate through the grain. Close inspection
of the pinning region reveals that the strong variations in
the hydrostatic pressure of this GB region [Fig. 3(d)] are
due to misfit structures accommodating the missorientation
of grains 86 and 7.

Dislocation cross-slip is seldom seen in molecular dy-
namics simulations of single crystal plasticity [29], except
when specifically addressed in specially designed molecu-
lar dynamics studies [30–32]. The present work provides a
first molecular dynamics example of cross-slip occur-
ring in a plastically deforming three-dimensional GB net-
work. The reason that such activity has until now not
been reported in such nanocrystalline structures
[7,8,10,12,13,20,33–37] may be found in one or more of
the following reasons: (i) Past simulations only investi-
gated the onset of dislocation activity. Earlier work on
nanocrystalline Al [10], done using constant stress loading
conditions and the embedded-atom method potential of
Mishin and Farkas [19], involved detailed atomic analysis
only to strains less than 5%. Figure 1 shows that when con-
tinuing such constant stress simulations up to 8.8% strain,
cross-slip is also observed. (ii) Past simulations where
performed under constant stress loading conditions.
Figure 1 shows that cross-slip occurs at a reduced level
for constant load simulations compared to the constant
strain rate simulations. (iii) Past simulations were per-

FIG. 3 (color online). (a)–(c) Three snapshots of a perfect
dislocation that cross-slips twice to avoid a compressive stress
region of the neighboring GB 86-7 shown in (d). The visual-
ization method is similar to that described in Fig. 2. In all figures,
grains 13 and 100 are not shown, and in (a) the triple junction
line at which the perfect dislocation nucleates is displayed as the
associated non-fcc atoms.
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formed at higher strain rates [10–12,34,37,38]. It is known
that in molecular dynamics simulations, the application of
higher strain rates result in higher flow stresses [13] thus
enabling dislocations to propagate athermally through the
stress intensities of the GB as they traverse the grain, i.e.,
avoiding the possibility to cross-slip. The reduced level of
cross-slip observed in the constant load simulation at
1.6 GPa (Fig. 1) have associated strain rates that are
approximately 1 order of magnitude higher compared to
the constant strain rate simulations of 1� 108= sec .
(4) The majority of past simulations were performed for
fcc metals for which the interatomic potential did not allow
the observation of perfect dislocations.

The occurrence of cross-slip, which is classically known
to reduce the strain hardening rate resulting from the dis-
location pile-up mechanism also explains why in nano-
crystalline metals no hardening in simulations is observed
once the flow stress is reached. Former molecular dynam-
ics simulations have suggested that dislocation nucleation,
propagation and absorption change the GB structure. Some
of the stress intensities are relieved upon dislocation nu-
cleation [10,34,39], but many new stress intensities are
built up because of the difficulty in relaxing the GB struc-
ture after dislocation absorption within the time frame of
the simulation [40,41]. Inspection of the stress-strain curve
in Fig. 1 demonstrates that the accumulation of such stress
intensities with increasing strain does not lead to an in-
crease in the flow stress with increasing strain, which can
be expected when dislocations are able to avoid these
regions via cross-slip.

In summary, constant uniaxial strain rate molecular
dynamics simulations of nanocrystalline Al have shown
that a significant amount of dislocations that have
nucleated at the grain boundary, exhibit cross-slip via the
Fleischer mechanism as they propagate through the grain.
Cross-slip is found to be initiated by the stress signature of
the local grain boundary structure, allowing for the dis-
location to pass through the grain along a more favorable
path. In this sense cross-slip can be seen as a mechanism
for dislocations to overcome pinning sites such as grain
boundary ledges and misfit regions, bringing an important
new aspect to the subject of dislocation propagation within
the nanocrystalline environment.
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