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Roles of grain boundaries in improving fracture toughness of ultrafine-grained metals
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In order to improve the fracture toughness in ultrafine-grained metals, we investigate the interactions among
crack tips, dislocations, and grain boundaries in aluminum bicrystal models containing a crack and 〈112〉 tilt
grain boundaries using molecular dynamics simulations. The results of previous computer simulations showed
that grain refinement makes materials brittle if grain boundaries behave as obstacles to dislocation movement.
However, it is actually well known that grain refinement increases fracture toughness of materials. Thus, the role of
grain boundaries as dislocation sources should be essential to elucidate fracture phenomena in ultrafine-grained
metals. A proposed mechanism to express the improved fracture toughness in ultrafine-grained metals is the
disclination shielding effect on the crack tip mechanical field. Disclination shielding can be activated when
two conditions are present. First, a transition of dislocation sources from crack tips to grain boundaries must
occur. Second, the transformation of grain-boundary structure into a neighboring energetically stable boundary
must occur as dislocations are emitted from the grain boundary. The disclination shielding effect becomes more
pronounced as antishielding dislocations are continuously emitted from the grain boundary without dislocation
emissions from crack tips, and then ultrafine-grained metals can sustain large plastic deformation without fracture
with the drastic increase of the mobile dislocation density. Consequently, it can be expected that the disclination
shielding effect can improve the fracture toughness in ultrafine-grained metals.
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I. INTRODUCTION

The strength of crystalline metals is closely related to
their internal structure. For example, for coarse-grained
polycrystalline metals with a grain size larger than 1 μm,
the yield strength increases as the grain size decreases. This
phenomenon is known as the Hall-Petch relation,1,2 where
theoretically the main role of grain boundaries is to act as
obstacles to dislocation movement. However, when the grain
size decreases to less than one micrometer, grain size softening
has been reported.3–11 Because the volume fraction of the
grain-boundary region cannot be neglected as the grain size
decreases to 100 nm, grain-boundary-mediated plasticity, e.g.,
grain-boundary sliding and migration, might soften metals.
These experimental results suggest that the main role of grain
boundaries on the yield stress of crystalline metals changes
according to the grain size.

In addition to the yield stress, fracture toughness has
also been reported as being dependent on grain size for
coarse-grained metals. Hodge et al. performed Charpy impact
tests on coarse-grained metals at various temperatures. Their
results show improved fracture toughness and a decrease of
the ductile-brittle transition temperature (DBTT) with grain
refinement.12 It would be very interesting to investigate the
dependence of fracture toughness on grain size in polycrys-
talline metals with even smaller grain size; however, until
recently it was not easy to obtain metals with submicrometer
grain size in bulk. Ultrafine-grained (UFG) metals with a
grain size of the order of 100 nm can now be produced
in bulk by severe plastic deformation;13–15 hence we can
now perform fracture tests with UFG metals. For UFG iron,
improved fracture toughness at low temperatures as compared

to coarse-grained iron has been reported,16,17 and it has also
been shown that the DBTT of UFG iron is lower than that of
coarse-grained iron.18

A fundamental idea to explain the improved fracture tough-
ness in single crystalline materials is dislocation shielding of
the crack tip caused by the back stress created by dislocations
emitted from the crack tip or dislocation sources around
the crack tip.19–21 In dislocation shielding theory, dislocation
mobility significantly influences both fracture toughness and
the DBTT.22–24 In particular, it becomes hard for the disloca-
tions emitted from the crack tip to glide away from the crack
tip as the temperature decreases, and then it also becomes
suppressed to emit additional dislocations from the crack tip
because of the strong back stress on the crack tip. Finally, the
material becomes brittle, indicating that it will fail in a brittle
mode and no longer deform plastically.

In this paper, we investigate improving the fracture
toughness of UFG metals. Because UFG metals contain a
large number of grain boundaries, it can be easily supposed
that the starting point of a fracture is not a singularity in
intragranular regions but that in grain boundaries. However,
detailed experimental analyses show that the activation en-
ergies estimated by the relationship between the DBTT and
loading speed during four-point bending tests of UFG and
coarse-grained iron are nearly the same, and the activation
energy obtained is also very close to the activation energy for
double kink nucleation along a screw dislocation in iron.18

Therefore, the fracture toughness in polycrystalline metals
with different grain sizes is also governed by dislocation
mobility which does not show a grain size dependence. Based
on dislocation shielding theory, in order to improve the fracture
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toughness with grain refinement, a stronger crack tip shielding
effect is required without reducing the plastic deformation
ability around the crack tip. The obvious difference between
UFG and coarse-grained metals is the volume fraction of grain
boundary regions. Thus, it is very important to investigate roles
of grain boundaries for the plastic deformation by dislocations
in satisfying the above necessary condition for improving the
fracture toughness with grain refinement in polycrystalline
metals.

The dependence of fracture toughness on grain size has been
studied using molecular dynamics and discrete dislocation
dynamics simulations.26,27 In these models, grain boundaries
are basically considered only as obstacles to dislocation
motion. The results of these models show that fracture
toughness decreases with grain refinement. However, this
numerical result is contradicted by the experimental results
that have been reported.12,16,17 This shows that we cannot
explain improved fracture toughness as shown in experiments
if grain boundaries act as only obstacles to dislocation motion.
On the other hand, there are numerous studies observing
and describing dislocation emissions from grain boundaries
in experiments28,29 and atomic simulations;30–34 thus we
can expect that grain boundaries can act as a dislocation
sources. Furthermore, it has been recently reported that a
transformation of the grain-boundary structure with long
periodicity into a neighboring favored boundary can occur
by the emission of intrinsic grain-boundary dislocations from
the grain boundary.35

It is difficult for conventional molecular dynamics simula-
tions to describe the DBT phenomenon, which is driven by a
delicate balance of thermally activated processes as mentioned
previously, with the same time scale in the experiments,
but molecular dynamics simulations have the advantage of
providing detailed continuous atomic-scale information about
defect interactions including grain boundaries that cannot
be easily obtained by experimental work. We think the key
factors to control the improving fracture toughness with grain
refinement at low temperatures are not only the thermally
activated process of the dislocation movement but also the role
of grain boundaries as a dislocation source; therefore, in this
paper, we use molecular dynamics simulations to investigate
the effect of grain boundaries on the fracture toughness of UFG
metals at low temperatures. In order to investigate roles of grain
boundaries in improving fracture toughness, we perform the
interaction simulations involving crack tips, dislocations, and
grain boundaries in two aluminum bicrystal models containing
grain boundaries with different dislocation source abilities
under a condition close to the athermal process. Aluminum
is a suitable model crystal for investigating defect interactions
by using the results of atomic simulations compared with those
of isotropic linear elastic theory because aluminum exhibits a
nearly isotropic elastic property. Finally, based on the com-
bined analyses of atomic simulations and linear elastic theory,
we propose a mechanism to improve low-temperature fracture
toughness considering grain boundary effects in UFG metals.

II. METHODOLOGY

Figure 1(a) shows a schematic of our aluminum bicrystal
model that we use to investigate the influence of grain-

FIG. 1. (Color online) (a) Schematic of the bicrystal model
containing a crack of physical length Lc. The interfaces are tilt grain
boundaries with 〈112〉 tilt axis and the misorientation angle θ is
the sum of θI and θII. (b) and (c) Symmetric �15 expressed by the
combination of B (yellow) and C (pink) structural units in model
A and asymmetric �105 grain-boundary structures expressed by the
combination of B structural units and steps in model B, respectively.
Here light and dark gray (blue) colored atoms indicate that their
nearest neighbor atomic configurations correspond to an fcc structure
and other defects defined using the common neighbor analysis,25

respectively.

boundary structures on the interaction among crack tips,
dislocations, and grain boundaries. The embedded atom
method proposed by Mishin et al. is adopted for simulating
atomic interactions.36 The bicrystal models consist of grains
I and II, and grain I contains a crack with Lc ≈ 20 nm at
the center of the grain. Periodic boundary conditions are
adopted in all directions. In order to make 〈112〉 tilt grain
boundaries between these two grains, grains I and II are
rotated through θI and θII about the [1̄1̄2] tilt axis in clockwise
and counterclockwise directions, respectively. Two models (A
and B) containing different grain boundaries are prepared.
Table I shows the detailed parameters for each model. In order
to maintain the same value of Schmid factor of an active slip
system for dislocations emitted from the crack tip in both
models, we use a fixed θI for both models. For model A, the
grain boundary takes a symmetrical �15 structure by setting
θII = θI. On the other hand, for model B, the grain boundary
takes an asymmetrical structure by setting θII = 17.67◦; then
the grain-boundary misorientation angle θB becomes 56.9◦.
The θB is very close to the symmetrical �105 boundary with
θ�105 = 57.12◦.35 Furthermore, in order to investigate how the

TABLE I. Parameters for bicrystal models containing symmetri-
cal (S) and asymmetrical (A) tilt grain boundaries.

Model θI θII GB Normals GB Structure Crack

A 39.23◦ 39.23◦ (51̄2)I//(15̄2̄)II �15 S Yes
A′ 39.23◦ 39.23◦ (51̄2)I//(15̄2̄)II �15 S No
B 39.23◦ 17.67◦ (51̄2)I//(91,155,32)II �105 A Yes
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crack tip influences the ability of the �15 boundary to emit
dislocations, we also prepare model A′ in which the crack tip
is removed from grain I in model A.

Tensile tests along the z direction are performed for each
model with a strain rate ε̇z of 2×107 1/s. The analysis
temperature is kept at T = 100 K using the velocity scaling
method.37 Lx is controlled to keep the nominal stress zero.38

Ly is fixed during each analysis; thus, all tensile tests are
performed under the plane strain condition.

Figures 1(b) and 1(c) show the symmetrical �15 and
asymmetrical �105 grain-boundary structures in models A
and B, respectively. The symmetrical �15 boundary can be
expressed by the combination of two structural units, B type
and C type,35 and the asymmetrical �105 boundary can be
expressed by a combination of B-type structural units and
defect structures forming steps. The misorientation angle of
�15, θ�15 = 78.46◦, is larger than that of �11 showing a
deep energy cusp, θ�11 = 62.96◦, expressed by the single
structural unit B. Therefore, when a tensile load is applied
to the �15 boundary along the normal direction of the
plane, we observed that dislocations, whose line vectors are
parallel to the tilt axis, are emitted from C-type structural
units and that a transformation of the grain-boundary structure
from �15 to �11 occurs.35 On the other hand, we have
also confirmed that the symmetrical �105 boundary can emit
dislocations, whose line vectors are parallel to the tilt axis, from
A-type structural units under compressive loading, and then
�105 changes its structure to �11. However, it is much harder
for the symmetrical �105 boundary to emit dislocations from
the boundary under tensile loading than the �15 boundary,
and we observed that line vectors of these emitted dislocations
are not parallel to the tilt axis.35

Lx , Ly , Lz, and LI are set to be approximately 90 nm,
1.5 nm, 90 nm, and 45 nm, respectively, and periodic boundary
conditions are used in all directions. When the line direction of
an activating dislocation is not parallel to the tilt axis along the
y direction, it is difficult to generate the dislocation from grain
boundaries because of the geometrical constraint. Thus, it can
be expected that the asymmetrical �105 boundary in model B
acts only as an obstacle to the dislocation motion under tensile
deformation. On the other hand, it can be expected that the
symmetrical �15 boundary in model A acts not only as an
obstacle to dislocation motion, but also as a dislocation source
under tensile deformation. In this paper, we investigate the
roles of grain boundaries in improving the fracture toughness
in UFG metals by comparing the interactions among crack
tips, dislocations, and grain boundaries observed in models A
and B.

III. RESULTS

A. Transition of dislocation sources from crack tip to grain
boundary

Figure 2(a) shows the relationship between the applied
stress σa in the z direction and strain εz for each model. Black
and white circles or squares represent dislocation emissions
from the left crack tip and the upper-left grain boundary,
respectively. For both models A and B, when grain I contains
a crack, the first dislocation is generated from the left crack tip
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FIG. 2. (Color online) (a) Stress-strain curves of model A and
model B containing a crack and model A′ with �15 boundary without
a crack. Black and white circles or squares represent dislocation
emissions from the left crack tip and the upper-left grain boundary,
respectively. 6 and 24 dislocations and 14 and 6 dislocations are
emitted from the left crack tip and the upper-left grain boundary
in model A and model B, respectively. (b)–(d) Translation of the
dislocation source from the crack tip to the grain boundary in
model A. Atomic color represents the rotation angle from the initial
state of each atom taking the fcc structure, �θ . Black colored atoms
represent defect structures. Detailed atomic structures in the white
square in (d) are shown in Fig. 3.

when σa reaches 1.34 GPa, and then σa decreases slightly; i.e.,
elastic strain energy is released by the dislocation emission.
Three dislocations are emitted from the left crack tip in both
models before the first dislocation emission from the grain
boundary in model A, and it can be seen that the required
stress to continue to generate following dislocations from the
left crack tip becomes larger than the previous required stress
for dislocation emission. These results show that the ability of
the crack tip to generate dislocations becomes weaker because
of the back stress of dislocations emitted from the crack tip.
Note that when the second (or third) dislocation is emitted
from the crack tip, the first (or second) dislocation emitted
from the crack tip has already entered the grain boundary in
both models. Thus, when the third dislocation is being emitted
from the left crack tip, the upper-left grain boundary already
contains two extra lattice dislocations. When tensile loading
is further applied to both models after the third dislocation
emission from the left crack tip, the stress-strain curves change
dramatically because of the differences in the grain-boundary
structures in each model.

1. Results for model B

Dislocation emissions from the left crack tip continue
during tensile loading, and σa also continues to increase due to
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the back stress of dislocations emitted from the crack tip shown
in Fig. 2(a). Although many dislocations impinge on the grain
boundary or pile up against the grain boundary, it can be seen
that few dislocations are still emitted from the grain boundary.
This is due to the fact that the Schmid factor is small (only 0.29)
for slip systems for dislocations along a line parallel to the
tilt axis. In addition, the asymmetrical �105 grain-boundary
structure is expected to have only a limited ability to emit
dislocations under tensile loading as mentioned in the previous
section. Thus, when grain boundaries are functioning only as
obstacles to dislocation motion, the applied stress σa continues
to increase because of the strong shielding effect on the crack
tip not to generate dislocations.

2. Results for model A

Model A is expected to have grain boundaries that act
as dislocation sources. As expected, numerous dislocations
are emitted from the upper-left grain boundary after the third
dislocation emission from the left crack tip shown in Fig. 2(a).
Moreover, the crack tip does not emit any dislocations during
dislocation emissions from grain boundaries (εz: 0.025∼0.05),
and therefore a transition of dislocation sources from the crack
tip to the grain boundary occurs.39 Atomic configurations when
the transition occurs are shown in Figs. 2(b)–2(d). Atomic
color represents the rotation angle from the initial state of
each atomic configuration taking the fcc structure, �θ . �θ

is defined using the configurations of the first neighbors.
Black colored atoms represent defect structures defined using
common neighbor analysis.25 Figure 2(b) shows the situation
when the third dislocation emitted from the crack tip moves
toward the grain boundary, and then dislocations are emitted
from the grain boundary into grains I and II alternately as
shown in Figs. 2(c) and 2(d). The enlarged picture in the
white square in Fig. 2(d) is shown in Fig. 3. It can be seen
that the �15 grain-boundary structure transforms into the
�11 structure (expressed by only B-type structural units)
because of dislocation emissions from the C-type structural
units in the �15 boundary. As shown in Fig. 2(d) and
Fig. 3, the crystal orientation after dislocation motions rotates
from the initial orientation, and it can be supposed that
elastic fields corresponding to a disclination dipole40 might
occur after dislocation emissions from the grain boundary.
As a result, σa suddenly decreases as the number of mobile
dislocations increases because of dislocation emissions from
grain boundaries.

From these atomic-scale computational experiments with
models A and B, the influence of grain-boundary behavior
can be clearly seen on the mechanical response of crystalline
metals. Furthermore, it can be expected that the role of
grain boundaries as either obstacles to dislocation motion or
dislocation sources has an effect on the mechanical properties
around the crack tip. In the following sections, we will
investigate the role of grain boundaries on improving the
fracture toughness of UFG metals on the basis of these
atomic-scale computational experiments.

B. Grain-boundary shielding

The inset in Fig. 4 shows the resolved shear stress
distribution τzIxI for the activated slip system of dislocations

5853

Σ11 boundaryΣ15 boundary
before dislocation emissions after dislocation emissions

B C

FIG. 3. (Color online) Change of grain-boundary structures from
�15 to �11 after dislocation emissions from the C structural units
(pink). This atomic structure corresponds to the enlarged picture in the
white box shown in Fig. 2(d). Dark (red) and light gray (blue) colored
atoms indicate that their nearest neighbor atomic configurations
correspond to stacking fault structures and other defects, respectively.
Atoms shown in other colors form an fcc structure.

emitted from the left crack tip in model A. The local shear
stress at a distance of 0.4 nm from the left crack tip is
defined as τL

ck. Figure 4 shows the relationship between τL
ck

and σa until εz reaches 0.025. We have confirmed the same
relationship shown in Fig. 4 for the right crack tip. Before the
first dislocation emission, the absolute value of τL

ck linearly
increases with σa. When τL

ck reaches approximately −1.7 GPa,
the first dislocation is emitted from the left crack tip. Although
σa increases after the first dislocation emission, |τL

ck| cannot
take larger stress values than the value of |τL

ck| required for
the first dislocation emission. Therefore, the critical value
of the local shear stress required for dislocation emissions
from the crack tip is τL

ck,c ≈ −1.7 GPa. Because σa gradually
increases to generate subsequent dislocations from the crack
tip, the potential for plastic deformation around the crack tip
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FIG. 4. (Color online) Relationship between the local resolved
shear stress of the slip system τL

ck at a distance of 0.4 nm from the left
crack tip and the tensile stress σa in model A until εz = 0.025. The
inset figure shows the distribution of resolved shear stress of τzIxI .
Solid circles represent the required stress for dislocation emissions
from the left crack tip.
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FIG. 5. (Color online) Stress fields of σz around the left crack tip
in model A at 0 K. (a) Grain-boundary shielding by the nonequilib-
rium grain boundary containing one EGBD. (b) Equilibrium grain
boundary. (c) Theoretical stress field of a Griffith-Inglis crack under
an applied stress σA according to linear elastic theory.

weakens because of the back stress of dislocations impinging
on the grain boundary.

On the other hand, Figs. 5(a) and 5(b) shows the normal
stress distributions σz around the left crack tip in model A with
and without extrinsic grain-boundary dislocations (EGBDs)
when σa = 0.5 GPa. We can clearly see that EGBDs can
shield the mechanical fields around the crack tip. Hence, it
can be expected that fracture toughness can be improved by
the impinging dislocations at grain boundaries.

Generally, the effect of lattice dislocations on the mechani-
cal field around the crack tip is called dislocation shielding, and
the shielding effect significantly influences both dislocation
emission and cleavage fracture phenomena around the crack
tip. Furthermore, when grain boundaries exist around crack
tips, impinging lattice dislocations at grain boundaries can also
affect the mechanical properties of the crack tip as confirmed
in Figs. 4 and 5, so the effect of EGBDs on the mechanical
field around the crack tip can be called grain-boundary
shielding.17,18 Grain-boundary shielding naturally shows grain
size dependence; thus this phenomenon is very important for
our investigation into the effect of grain boundaries on fracture
phenomenon in UFG metals. Therefore, in the remainder of
this section we examine the validity of the grain-boundary
shielding observed in the atomic simulations in comparison
with the dislocation shielding predicted by linear elastic theory.

First, we estimate the effect of grain-boundary shielding
using linear fracture mechanics. For the dislocation shielding
shown in Fig. 6(a), the local stress intensity factor k around the
crack tip can be calculated by considering lattice dislocations
as follows:41

k = K +
ndislo∑

i

kdislo,i . (1)

Here, K and kdislo,i are stress intensity factors caused by the
applied stress and dislocations, respectively, and ndislo is the
number of dislocations affecting the crack tip mechanical
fields. When dislocation i exists on an atomic plane inclined
θi to the crack plane and takes a distance ri from the crack
tip, kdislo,i can be estimated using linear elastic theory as
follows:19,42

kdislo,i = − 3μbi

2(1 − ν)
√

2πri

cos
θi

2
sin θi . (2)

Here, μ, ν, and bi represent the shear modulus, Poisson’s ratio,
and Burgers vector of dislocation i, respectively. Based on the
dislocation shielding mentioned above and taking into account
the grain-boundary shielding as shown in Fig. 6(b), the local
stress intensity factor k can be expressed as

k = K +
ndislo∑

i

kdislo,i +
ngb∑
i

kgb,i . (3)

Here, kgb,i is the stress intensity factor caused by dislocation
i at a grain boundary and ngb is the number of dislocations
at grain boundaries. When we suppose that the elastic field
caused by dislocation i with bi at a grain boundary shows
the same elastic field caused by dislocations i with bi at an
intragranular region, kgb,i can be easily regarded as k′

gb,i ≡
kdislo,i |r=rgb,i . Here, rgb,i is the distance between the crack tip
and dislocation i at the grain boundary shown in Fig. 6(b).
Because Eq. (2) is available for an isotropic elastic body, the
shear modulus μ and Poisson’s ratio ν represented by the
atomic potential expressing the anisotropic elastic body are
estimated by the Voigt approximation,43 and thereby we can
obtain μ = 29.2 GPa and ν = 0.33. When we consider blt as
the Burgers vector of lattice dislocation, the grain-boundary
shielding effect caused by dislocation lt with blt shown in
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Fig. 5(a) can be estimated by k′
gb,lt

= −0.031 MPa
√

m using
Eq. (2), based on linear elastic theory.

Next, the availability of k′
gb,lt

expressed by Eq. (2) is
confirmed using the results of dislocation emissions from
the crack tip in our atomic-scale computational experiments.
The analysis model shown in Fig. 1(a) is applied to periodic
boundary conditions in all directions, so the crack’s periodicity
array is in the x and z directions. In order to compare the crack
tip stress field appearing in the atomic model and estimated
by the linear elastic theory, Fig. 5(c) shows the Griffith-Inglis
crack tip stress field of σz under an applied stress σA = 0.5
GPa.44 A Griffith-Inglis crack can express the stress field at
a distance r from the crack tip even though r is comparable
to the crack length a. When a is much larger than r , the
Griffith-Inglis crack tip stress field is comparable to the stress
field expressed by the stress intensity factor K . Because the
anisotropic factor calculated by c44/(c11 − c12) is 1.25 for
aluminum (expressed by the atomic potential), the stress fields
in the atomic model expressing the anisotropic elastic body
and in the isotropic elastic body shown in Figs. 5(b) and 5(c)
are in good agreement. Hence, we suppose that the mechanical
field in the vicinity of the crack tip in the atomic model can
be accurately modeled using the stress intensity factor K and
linear elastic theory. The stress intensity factor K considering
the correction factor for cracks arrayed in a row at regular
intervals W can be obtained as follows:45

K = σ
√

πa

(
W

πa
tan

πa

W

)
. (4)

Here, a and W are set to be Lc/2 and Lx , respectively.
Although dislocations are emitted from the crack tip in

atomic simulations in this study, we suppose that dislocations
are emitted from a dislocation source at rs from the crack tip
in order to evaluate kgb,lt using atomic simulations and linear
elastic theory. Generally, a dislocation can be generated from
the dislocation source when a force acting on the dislocation
fd follows the following relation:

fd = fKd + fd2 + fdd′ > ff . (5)

Here, the force direction keeping away from the crack tip
is positive. fKd, fd2 , and fdd′ represent the direct crack-
dislocation force, the self-image force, and the dislocation-
dislocation interaction force, respectively.41 When the resul-
tant force fd becomes larger than the friction force ff , the
dislocation at the dislocation source near the crack tip can
be released. Because the atomic simulation shows a constant
value of τL

ck,c ≈ −1.7 GPa for the dislocation emission from
the crack tip shown in Fig. 4, we can regard ff as a constant in
Eq. (5). For fd2 , it does not depend on the applied stress and
other dislocation positions; hence we can also regard fd2 as a
constant. Thus, we can suppose that the dislocation emission
from the dislocation source near the crack tip occurs when the
value of fKd + fdd′ becomes larger than the constant value of
ff − fd2 .

When we focus on the first and second dislocation
emissions from the dislocation source near the crack tip,
the following equation should hold according the former
discussion:

f 1
Kd = f 2

Kd + f 2
dd′ . (6)

Here, the superscript represents the order of dislocations
emitted from the dislocation source. When the first dislocation
is emitted from the dislocation source, there is no dislocation
around the dislocation source. Therefore, f 1

dd′ becomes zero.
f 2

dd′ can be estimated by −μb2/2π (1 − ν)(rgb − rs) based
on dislocation theory46 when we suppose that the Burgers
vector of impinging dislocations at the grain boundary does
not change from that of the lattice dislocation. fKd can be
calculated by the local stress intensity factor k in Eq. (3),
and therefore, f 1

Kd and f 2
Kd can be evaluated by the crack

tip stress fields expressed by the local stress intensity factors
k1

e = K1
e and k2

e = K2
e + kgb,lt , respectively. Here, K

j
e and k

j
e

are the critical applied stress intensity factor and the critical
local stress intensity factor required for the j th dislocation
emission from the dislocation source. For model A in the
atomic simulations, the first and second dislocations are
emitted when σa reaches σ 1

a = 1.34 GPa and σ 2
a = 1.47 GPa,

respectively; hence it can be estimated that K1
e =

0.248 MPa
√

m and K2
e = 0.272 MPa

√
m using Eq. (4), and

then we can obtain f 1
Kd = 0.48 N/m. Because we can obtain all

the values of the forces and the stress intensity factors, except
for kgb,lt , in order to calculate Eq. (6), we can finally estimate
kgb,lt = −0.029 MPa

√
m when rs = 0.4 nm without Eq. (2).

Because k′
gb,lt

estimated by Eq. (2) and kgb,lt estimated without
Eq. (2) agree well, we consider that the impinging dislocation
at the grain boundary maintains the same stress field as the
lattice dislocation during the atomic simulation, although
the dislocation core structure changes after the dislocation
impinges on the grain boundary. In other words, the component
of the Burgers vector of the impinging dislocation is conserved
inside a local area in the vicinity of the impinged site
of the grain boundary during the atomic simulation under
a condition close to an athermal process. Generally, the
impinging dislocations correspond to EGBDs and there is a
possibility that EGBDs change their structures into IGBDs
with no long-range stress field.47 It is hard for molecular
dynamics methods to reproduce the phenomena because of the
treatable time-scale restriction. However, the accommodation
process, controlled by grain-boundary diffusion, requires
enough annealing time at high temperature and it has been
observed in experiments that an EGBD in nickel changes
its structure into a quasiperiodic network after annealing for
several tens of minutes at over 0.3Tm where Tm is melting
temperature.48 Hence, it is reasonable to suppose that the
stress field caused by impinging dislocations is maintained
during fracture tests at low temperatures in experiments.16,17

Consequently, the effect of grain-boundary shielding on the
crack tip caused by dislocation i at a grain boundary, kgb,i , can
be estimated simply by using Eq. (2).

C. Effect of extrinsic grain-boundary dislocations (EGBDs) on
fracture toughness

When grain boundaries exist around a crack tip and they act
as obstacles against dislocation motion as well as a sink site for
incoming dislocations, both dislocation and grain-boundary
shielding effects occur as shown in Fig. 6(b). In this case,
however, the back stress of these dislocations around the grain
boundary is expected to make it more difficult to continue
further dislocation emission from the crack tip as compared
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FIG. 7. The effect of back stress due to extrinsic grain-boundary
dislocations on the applied stress intensity factor Kj

e required to emit
the j th dislocation from the crack tip as a function of changes in
the distance between the crack tip and EGBDs, rgb. When the j th
dislocation is emitted from the crack tip, the number of extrinsic
grain-boundary dislocations ngb is j − 1. Solid circles represent the
points at which the local kj

e reaches the critical values of Griffith level,
Kgf , namely the points where the crack propagates without dislocation
emission. Thus, solid circles represent the fracture toughness KIC for
rgb.

to when there are no grain boundaries around the crack
tips, as shown in Fig. 6(a). Furthermore, the effect of back
stress against the dislocation emission from the crack tip
becomes more significant as rgb decreases. In this section,
we investigate the effect of grain-boundary shielding on the
fracture toughness of polycrystalline materials.

In order to estimate fracture toughness, we first suppose
a fracture condition for the crack tip in our atomic models,
because the crack never showed cleavage during the atomic
simulations in this study. fcc structures have scarcely been
observed in conjunction with brittle fractures in coarse-grained
metals. However, it has been recently reported that a purely
brittle fracture mode in the absence of dislocations can
occur under tensile loading for Cu nanowhiskers that are
approximately 200 nm in diameter.49 Therefore, for simplicity,
we use the Griffith’s criterion50 with an assumption of a (111)
cleavage plane. The atomic potential used in this study shows
the (111) surface energy γ(111) = 870 mJ/m2, and then the
Griffith’s criterion Kgf can be estimated as 0.39 MPa

√
m:

namely, the cleavage fracture mode will occur if k [as estimated
by Eq. (3)] is larger than Kgf .

Figure 7 shows the relationship between rgb and the applied
stress intensity factor K

j
e required to emit the j th dislocation

from the dislocation source near the crack tip, when only the
grain-boundary shielding effect is considered. In this scenario,
all dislocations emitted from the dislocation source near the
crack tip impinge on the grain boundary without dislocation
pileup against the grain boundary; i.e., all emitted dislocations
form a super-dislocation with the resultant Burgers vector of
these emitted dislocations at the grain boundary. The condition
for the j th dislocation emission can be estimated as f

j

Kd +
f

j

dd′ = f 1
Kd. Because f 1

Kd has already been determined in the

previous section and f
j

dd′ can be calculated using dislocation
theory, we can estimate the value of f

j

Kd required to emit the
j th dislocation. The local intensity factor k

j
e can be calculated

by f
j

Kd, and then K
j
e can be obtained using Eq. (3). Here,

ngb corresponds to j − 1 and kgb,j−1 = kgb,lt is estimated by
Eq. (2). The black circles in Fig. 7 indicate the points where
cleavage fracture begins at the crack tip, i.e., where the value of
k

j
e reaches Kgf; hence, the black circles represent the fracture

toughness KIC for rgb. For example, for rgb = 10 nm, k6
e is

equal to Kgf , so K6
e represents the fracture toughness KIC

for the material considering only the grain-boundary shielding
effect.

Because rgb represents the distance between the crack
tip and EGBDs, we can use rgb to estimate grain size. As
shown in Fig. 7, since grain-boundary shielding does not
occur for j = 1, we can see that K1

e does not show any
dependence on grain size. When j is larger than 2, K

j
e show a

dependence on grain size caused by grain-boundary shielding;
K

j
e increases as the grain size decreases. It can also be seen

that the KIC values plotted in Fig. 7 are always larger than
the Kgf broken line; thus fracture toughness is improved as
a consequence of grain-boundary shielding. Note here that
KIC decreases with decreasing grain size. This is understood
by the calculation result that the grain-boundary shielding
effect only due to EGBDs is very limited because dislocation
emission from the crack tip is hindered by the effect of back
stress of EGBDs. The same dependence on grain size of
KIC has been reported using discrete dislocation dynamics
simulations where grain boundaries are considered as only
acting as obstacles to dislocation motion.27 However, such
results obtained by considering the effects of EGBDs cannot
explain the results observed in actual experiments that show
improved fracture toughness with grain refinement.12,16–18 As
a result, in order to understand the mechanism improving the
fracture toughness with grain refinement, we need to consider
another shielding effect to improve K before k reaches Kgf , in
addition to the dislocation shielding effect kdislo,i and also to the
grain-boundary shielding effect kgb,i . In the following section,
we investigate another shielding effect by paying attention
to the function of grain boundaries as dislocation sources
observed in atomic simulations of model A.

D. Dislocation emissions from grain boundaries

In models A and A′ with and without a crack, 1.5 GPa
and 4.3 GPa are required to emit dislocations from the grain
boundary shown in Fig. 2(a), respectively. This means that in
our simulations, grain boundaries around the crack tip can emit
dislocations 35% easier than grain boundaries not around the
crack tip. In order to investigate the reason why the stresses
required for dislocation emissions from grain boundaries are
so different, we show atomic structures around the upper-left
grain boundaries just before dislocation emission in Fig. 8.
Note that the grain boundary shown in Fig. 8(a) already
contains two lattice dislocations emitted from the crack tip
and the third dislocation is coming into the grain boundary in
model A. We also show the changes of local resolved shear
stresses τL

gb(= τzIIxII ) with strain, and stress-strain curves for

σ A
a and σ A′

a in Fig. 8(c). Light gray (red) and dark gray (blue)
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lines represent local resolved shear stresses τ
L,α
gb and τ

L,β

gb at
the sight of α and β on slip planes of the first dislocations (Db)
from �15 boundaries in models A and A′, respectively. Thick
and thin black lines represent the tensile stresses σa in model
A and model A′, respectively. Both τ

L,α
gb and τ

L,β

gb increase

linearly with nearly the same angle for σ A
a and σ A′

a . Hence,
in order to obtain a critical τ

L,β

gb for the dislocation emission
from the grain boundary in model A′ without any intragranular
dislocation source, σ A′

a should take the larger value 4.3 GPa
as a result. On the other hand, for model A, τ

L,α
gb dramatically

increases when the first and second dislocations emitted from
the crack tip impinge on the grain boundary, then dislocation
Da is first emitted from a C-type structural unit into grain II
when the strain reaches 0.021. The Burgers circuit shown in
Fig. 8(a) reveals that dislocation Da has the Burgers vector of a
perfect lattice dislocation, but the dislocation does not extend
into Shockley partials. As a result, dislocation Da remains
near the grain boundary. We discuss an explanation for this
in the next section. When the third dislocation is approaching
the grain boundary, τ

L,α
gb increases further, then dislocation

Db is emitted from the neighboring C-type structural unit of
dislocation Da. Because dislocation Db enters grain II and
releases more stored elastic energy than dislocation Da, we
consider dislocation Db as the real first dislocation emission
from the grain boundary. The difference between the values of
τL

gb required to emit a dislocation from the grain boundaries in
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FIG. 8. (Color online) Dislocation emission from a �15 grain
boundary in (a) model A and (b) model A′. (c) Stress-strain curves of
models A and A′ under tensile loading.

models A and A′ might be due to the normal stress component’s
dependence on the critical τL

gb to emit a dislocation from the
grain boundary.34 Thus, model A can generate dislocations
from the grain boundary easier than model A′, due to the stress
concentration at the grain boundary caused by dislocations
emitted from the intragranular dislocation source.

Based on the results obtained from our atomic-scale
computational experiments, we can confirm the transition
of dislocation sources from crack tips to grain boundaries.
Crack tips show the first largest stress concentration source, so
dislocations are emitted first from crack tips. However, grain-
boundary shielding caused by these dislocations impinging
on grain boundaries makes it difficult for crack tips to emit
dislocations. On the other hand, local stress fields near grain
boundaries are drastically increased by impinging dislocations
at grain boundaries, and grain boundaries change their equilib-
rium structure into nonequilibrium grain-boundary structures.
As a result, stress concentration fields first shift from crack tips
to grain boundaries by dislocation pileup against grain bound-
aries and impinging dislocations at grain boundaries, and then
nonequilibrium grain boundaries can generate dislocations
at lower applied stresses than equilibrium grain boundaries.
Consequently, the transition of dislocation sources from crack
tips to grain boundaries could be dependent on grain size,
and we can easily obtain the required defect distribution for
dislocation emissions from grain boundaries as the grain size
becomes small.

E. Disclination dipole at grain boundaries

The reason why dislocation Da remains in the vicinity of the
grain boundary shown in Fig. 8(a) is investigated by consider-
ing the stress fields around nonequilibrium grain boundaries.
Figure 9(a) shows the distribution of resolved shear stress τzIIxII

just before the dislocation Da emission from the grain boundary
containing two lattice dislocations in model A. It should be
noted that the atomic configuration is the minimum energy
state obtained by the conjugate gradient method to remove
thermal vibration effects, and the resolved shear stress field

FIG. 9. (Color online) (a) Resolved shear stress field τzIIxII

subtracted from the average shear stress field τzIIxII when a dislocation
Da is ready to be emitted from the grain boundary. The grain boundary
contains two lattice dislocations emitted from the left crack tip.
(b) Resolved shear stress field τzIIxII by linear elastic theory around
the disclination dipole containing two grain-boundary dislocations.
The defect configurations correspond to the atomic model as shown
in (a).
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shown in Fig. 8(a) is subtracted from the average shear stress
τzIIxII for model A. At the �15 boundary, C-type structural
units at regular intervals d contain grain-boundary dislocations
having a component bgb

1 = 2
11 [31̄1]I.35 Here, the subscript I

represents the coordinate system of grain I containing a crack.
When a lattice dislocation with blt = 1

2 [1̄10]I is impinged at
the �15 boundary from grain I, the lattice dislocation can
react with a grain-boundary dislocation with bgb

1 accompanied
by dislocation sliding and climbing along the grain boundary
as follows:

bgb
1 + blt = 1

22
[174]I = bgb

2 . (7)

As a result, only a grain-boundary dislocation with a parallel
component along the grain boundary of bgb

2 = 1
22 [174]I (which

corresponds to the displacement shift complete lattice51 of
the stable �11 boundary consisting of only B-type structural
units) remains, as shown in the left inset in Fig. 9(b).
Based on the lattice defect geometry, the grain-boundary
dislocation array expressed by two semi-infinite walls of
grain-boundary dislocations with bgb

1 can be represented by a
wedge disclination dipole with length 2d and the Frank vector
ω = b

gb
1 /d as shown in the right inset in Fig. 9(b).40 Here, d is

5b
gb
2 .35 Although it could be difficult for crystalline materials

to contain disclinations in stable form in the intragranular
region, recently disclinations have been recognized as typical
defects that can influence the mechanical properties of UFG
metals,52–55 and the stability of disclinations at a grain bound-
ary in bicrystalline nanowires has been studied in computer
simulations.56,57 Figure 9(b) shows the shear stress field of
the superposition of each shear stress field τzIIxII of the wedge
disclination dipole and two grain-boundary dislocations with
bgb

2 calculated using linear elastic theory. The definition of the
atomic color is the same as in Fig. 9(a). Although it is difficult
to express a dislocation climbing along the grain boundary
during the atomic simulations, the stress distributions in the
atomic model and those predicted by linear elastic theory are
nearly the same. When the applied stress increases further,
dislocation Da is emitted from the C-type structural unit
around the negative disclination shown in Fig. 9(a). However,
the stress component τzIIxII ahead of dislocation Da does
not support the dislocation movement, so dislocation Da

remains near the grain boundary as shown in Fig. 8(b) where
τzIIxII − τzIIxII shows negative values. Dislocation Da becomes
a geometrically necessary dislocation58 to accommodate the
strong elastic field caused by disclinations around the grain
boundary. After that, the following dislocation Db emitted from
the neighbor C-type structural unit of dislocation Da can easily
move into grain II due to the accommodation of the elastic field
by dislocation Da; finally, the transition of dislocation sources
from crack tips to grain boundaries can occur.

As dislocation emissions continue to occur from neighbor-
ing C-type structural units shown in Figs. 2(b)–2(d), the �15
grain-boundary structure transforms into the �11 boundary
structure shown in Fig. 3. Then a wedge disclination dipole
with opposite signs is formed at the terminals of the two
semi-infinite walls of the grain-boundary dislocations shown in
Fig. 3. Generally, disclinations exhibit a long-range stress field,
so the stress field could influence the mechanical field around

crack tips. In the next section, we investigate the shielding
effect caused by disclinations formed at a grain boundary.

F. Disclination shielding

In order to investigate the influence of a disclination dipole
near a crack tip on the mechanical field around the crack
tip, we introduce a disclination dipole by changing a part of
the �15 boundary into �11 in model A. The length of a
disclination dipole is defined as adiscli. A positive disclination
is positioned on the active slip plane for dislocations from
the left crack tip. The length adiscli is increased by moving
a negative disclination from the positive disclination because
dislocations continue to be emitted from the grain boundary
away from the first impinged position shown in Figs. 2(b)–2(d).
Figure 10(a) shows the stress field σz for grain-boundary
shielding for ngb = 1, and Figs. 10(b) and 10(c) shows stress
fields of σz for the disclination dipole with adiscli = 3 nm and
6 nm near the crack tip, respectively, under no applied stress.
Although σa = 0, stress fields around the left crack tip with
a disclination dipole show negative values in Figs. 10(b) and
10(c), the same as the grain-boundary shielding in Fig. 10(a).
Hence, we find that grain boundaries can be equipped with a
function of crack-tip shielding caused by a disclination dipole

FIG. 10. (Color online) Disclination shielding and its dependence
on the distance between the disclination dipole, adiscli. Distributions
of σz by (a) grain-boundary shielding, kgb,lt , (b) disclination shielding,
kdiscli with adiscli = 3 nm and (c) kdiscli with adiscli = 6 nm when
the applied stress σa equals zero. (d) The normalized disclination
shielding effect kdiscli/kgb,lt as a function of adiscli. The inset figure
represents the grain-boundary structure by the combination of
structural units B and C, two semi-infinite walls of grain-boundary
dislocations, and disclination dipole.
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if their structures are partly transformed into other structures
by dislocation emissions, and the effect of a disclination
dipole on the mechanical field around the crack tip can be
called disclination shielding or grain-boundary transforma-
tion shielding. It can be seen that the disclination shielding
effect increases with adiscli keeping the Frank vector ω by
comparison with Figs. 10(b) and 10(c). To further quantify
this effect, we compare the average stress values of σ̄ discli

z

for each adiscli and σ̄
gb
z for grain-boundary shielding in the

region S within a radius of 3 nm as shown in Fig. 10(a).
We show the relationship between σ̄ discli

z /σ̄
gb
z and adiscli in

Fig. 10(d). Here, we suppose that the values of σ̄ discli
z /σ̄

gb
z

can be regarded as the normalized stress intensity factor
for disclination shielding kdiscli by kgb,lt for grain-boundary
shielding. It can clearly be seen that the stress intensity factor
kdiscli caused by a disclination dipole increases linearly with
adiscli in Fig. 10(d), and hence, the disclination shielding
effect increases as dislocation emissions from grain boundaries
occur. Thus, taking disclination shielding into account, the
local stress intensity factor k shown in Fig. 6(c) can be
expressed as follows:

k = K +
ndislo∑

i

kdislo,i +
ngb∑
i

kgb,i + kdiscli. (8)

Here, the second term for dislocation shielding contains the
effects of dislocations emitted from grain boundaries.

In order to confirm the disclination effect in our atomic
simulations, Fig. 11 shows changes in the local tensile stress
of σ L

ck(= σz) at a distance of 0.4 nm from the left crack tip in
model A and model B. It should be noted that σ L

ck is normalized
by σa to evaluate the stress concentration of the crack tip, and
σ L

ck/σa is also normalized by σ L
ck/σa|ε=0.015, representing a

state before the first dislocation emission from the crack tip to
compare model A with model B. Normalized values of σ L

ck/σa

of model A and model B show nearly the same change with
strain and we see a decrease in the stress concentration at the
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FIG. 11. (Color online) Normalized left crack tip stress σ L
ck/σa at

a distance of 0.4 nm from the left crack tip. The values of σ L
ck/σa are

also normalized by the values σ L
ck/σa|ε=0.015 when ε = 0.015 in order

to compare values between model A and model B. Solid and open
marks represent dislocation emissions from the left crack tip and the
upper-left grain boundary, respectively.

left crack tip caused by the dislocation and grain-boundary
shielding effects until dislocation emissions from the grain
boundary occur in model A. After dislocation emissions from
grain boundaries in model A, the normalized value of σ L

ck/σa

for model A is less than the value of model B shown in Fig. 11.
This decrease might be due to the disclination shielding effect
caused by the formation of a disclination dipole at the grain
boundaries where dislocations have already been emitted.

IV. DISCUSSION

Based on the results obtained in our atomic-scale compu-
tational experiments, we can now propose a mechanism for
improving the fracture toughness in UFG metals as follows.
At the beginning of the deformation, a crack tip act as the
main dislocation source and can generate many dislocations.
After that, the dislocation and grain-boundary shielding effects
caused by dislocations emitted from the crack tip can improve
the fracture toughness KIC to be greater than Kgf . However,
the stress intensity factor Ke required for dislocation emission
from the crack tip also increases with the number of disloca-
tions around the crack tip, and then it becomes difficult to make
further emission of dislocations from the crack tip. Therefore,
the local stress intensity factor k immediately reaches Kgf ,
and then the crack extension occurs in a brittle manner. Since
the grain-boundary shielding effect is dependent on grain
size in general, KIC should become small as the grain size
becomes small. On the other hand, when grain boundaries
also act as a dislocation source, a switching of dominant
dislocation sources from crack tips to grain boundaries occurs
by two transitions due to the dislocation pileup against grain
boundaries and impinging dislocations at grain boundaries.
One transition is a shift of the highly concentrated stress
field from crack tips to grain boundaries, and the other is
a structural change from a stable grain-boundary structure
to an unstable grain-boundary structure containing EGBDs.
After dislocation emissions from unstable grain boundaries
accompanied by transformation of grain-boundary structure
with long periodicity into the neighboring favored boundary,
a disclination dipole can be formed at grain boundaries. When
emitted dislocations from grain boundaries have the character
of an antishielding effect on the crack tip, the disclination
dipole necessarily induces shielding effect on the crack tip.
Figure 12 shows the local stress intensity factor kdislo,i map
for emitted dislocation i from the grain boundary calculated
by Eq. (16.7) in Ref. 41, which is the general expression of
Eq. (2). We can see that all emitted dislocations gliding into
grain I or grain II have an antishielding effect on the crack
tip. In order to release the elastic strain energy to suppress the
crack extension in a brittle manner, the emitted dislocations
should glide away from the grain boundary where they are
generated and also from the crack tip. Hence, we can expect
that the grain boundary containing the disclination dipole can
be equipped with a function of crack-tip shielding when those
emitted antishielding dislocations glide a long distance.

The obvious difference between the dislocation shielding
and the disclination shielding is whether relative positions
between the crack tip and these lattice defects causing the
(anti)shielding effect change or not under applied load-
ing. Hence, we can presume that the more antishielding
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FIG. 12. (Color online) Local stress intensity factor kdislo,i map
for emitted dislocation i from the grain boundary.

dislocations glide away from grain boundaries where they
are generated, the stronger the disclination shielding effect
becomes. In order to investigate the influence of internal stress
redistribution due to antishielding dislocation glides on the
local stress intensity factor k, we estimate k for two situations
in the multilayer aluminum containing a crack and two EGBDs
emitted from the crack tip shown in Fig. 13 by Eq. (16.7)
in Ref. 41. LI, d, blt, b

gb
1 , b

gb
2 , φ, and the structure of grain

boundary 1 are the same in model A. The first situation shown
in Fig. 13(a) is that all antishielding dislocations emitted from
grain boundary 1 impinge on grain boundaries 2 and 3; hence
k

(1)
total can be calculated as the sum of kgb1 caused by two

EGBDs impinging from the crack tip, kgb2 and kgb3 caused
by the antishielding lattice dislocations at grain boundaries
2 and 3, and kdiscli caused by the finite array of grain-
boundary dislocations with b

gb
1 . The second situation shown in

Fig. 13(b) is that the emitted antishielding dislocations from
grain boundary 1 can transit across grain boundaries 2 and
3 leaving residual grain-boundary dislocations with b

gb
3 at

grain boundary 2 and 3, and impinge on grain boundaries
4 and 5. Hence, k

(2)
total can be calculated as the sum of

kgb1, kgb2, and kgb3 caused by the residual grain-boundary
dislocations with b

gb
3 at grain boundaries 2 and 3, kgb4 and

kgb5 caused by the lattice dislocations at grain boundaries 4
and 5, and kdiscli. Since ϕ is set to 45◦ in order to obtain the
maximum Schmid factor, the magnitude of Burgers vector b

gb
3

of residual grain-boundary dislocations at grain boundaries 4

FIG. 13. Dislocation distributions around the crack tip. All
dislocations are at grain boundaries. Total Burgers vectors in (a)
and (b) are the same, but internal stress distributions around the crack
tip are different. These pictures correspond to the states after six
dislocations are emitted from grain boundary 1.

and 5 is approximately 0.1blt. Figure 14 shows each local
stress intensity factor kgb and kdiscli and total local stress
intensity factor ktotal for two situations. In order to avoid
consideration of grain-boundary dislocation effect with b

gb
2

at grain boundary 1 generated by an antishielding dislocation
emission from the C-type structural unit in grain boundary
1, k is calculated for every two dislocation emissions from
grain boundary 1. In both situations, kgb1 and kdiscli take the
same values, and the shielding effect caused by the disclination
dipole increases as antishielding dislocation emissions from
grain boundary 1 occur. For situation 1, the antishielding effect
caused by emitted dislocations from grain boundary 1 at grain
boundaries 2 and 3 also increases with the number of emitted
dislocations from grain boundary 1. Therefore, although total
local stress intensity factor k

(1)
total shows shielding effect, k

(1)
total

shows a nearly constant value even though the number of
emitted dislocations from grain boundary 1 increases. On the
other hand, for situation 2, the antishielding effect caused
by kgb2 ∼ kgb5 is smaller than kgb2 and kgb3 of situation 1
because of the expansion of the plastic deformation zone by the
antishielding dislocation movement. However, the disclination
dipole at grain boundary 1 does not move away from the crack
tip. Hence, the absolute value of the total local stress intensity
factor k

(2)
total increases as the number of emitted dislocations

from grain boundary 1 increases.
Finally, disclination shielding could decrease k without

further dislocation emissions from the crack tip, and the
effect can improve the fracture toughness in UFG metals.
Furthermore, dislocation sources are switched from crack tips
to grain boundaries, and the density of mobile dislocations
increases dramatically. Therefore, the tendency for plastic
deformation around the crack tip is also improved even at low
temperatures, as compared to the case where grain boundaries
do not emit dislocations at all. This mechanism to increase
the mobile dislocation density by dislocation emission from
grain boundaries implies a decrease of the DBTT with grain
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FIG. 14. (Color online) Local stress intensity factors for
(a) situation 1 and (b) situation 2. ktotal = kgb1 + kgb2 + kgb3 + kgb4 +
kgb5 + kdiscli.

refinement. Thus, in fracture phenomena of UFG metals, it is
very important to consider the roles of grain boundaries, not
only as obstacles against dislocation movement, but also as
dislocation sources. Fracture toughness of UFG metals can be
considered based on the internal stress redistribution caused by
the interaction between mobile lattice dislocations and stable
grain-boundary dislocations.

V. CONCLUSIONS

In order to investigate the roles of grain boundaries in
improving the fracture toughness of UFG metals, as reported
in actual experiments, we perform interaction simulations of
crack tips, dislocations, and grain boundaries in aluminum
bicrystal models using molecular dynamics. Based on the
results of our atomic simulations, the role of grain boundaries
as dislocation sources should be essential to elucidate fracture
phenomena in UFG metals, because grain boundaries that only
function as obstacles to dislocation movement make materials
brittle by dislocation and grain-boundary shielding effects
as the grain size becomes small. A proposed mechanism to
express the improved fracture toughness in UFG metals is
the disclination shielding effect on the crack tip mechanical
field. Disclination shielding can be activated when a transition
of dislocation sources from crack tips to grain boundaries
occurs, and the effect becomes pronounced as anti-shielding
dislocations are continuously emitted from grain boundaries
without dislocation emissions from crack tips. This mechanism
can shield the mechanical field around the crack tip and
obtain plastic deformation by dislocation emissions from grain
boundaries; hence it can be expected that the disclination
shielding effect can improve the fracture toughness in UFG
metals. The proposed mechanism is constructed on the
basis of our atomic simulation results, but the deformation
conditions, e.g., strain rate, are far from the actual experimental
ones. Therefore, we will try to further inspect the possibility
of the proposed disclination shielding at grain boundaries by
the free-end nudged elastic band method;59,60 we will also
attempt the direct measurement of displacement field around
grain boundaries near a crack tip by high-resolution electron
microscopy61,62 and study three-dimensional dislocation con-
figurations around grain boundaries by electron tomography63

in actual UFG metals.
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