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An equilibrium model describing accommodation at epitaxial interfaces of highly dissimilar material sys-
tems is presented. For large lattice mismatches and large interface energies, the material nucleates with its bulk
lattice parameter, mismatch being accommodated by interface dislocations. No threading defects are formed,
contrasting with standard plastic relaxation mechanisms. It is shown that good quality InP can be grown on
SrTiO3 �STO� despite the large mismatch. This opens perspectives for the monolithic integration of InP on
STO/Si templates and for the widening of the application spectrum of heteroepitaxy.
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I. INTRODUCTION

Lattice mismatch is a major limitation of heteroepitaxy: in
a widely shared vision of epitaxial process �designated as
lattice matched epitaxy by Narayan et al.�,1 a mismatched
layer takes the in-plane lattice parameter of the substrate at
the beginning of the growth, thus undergoing an elastic de-
formation. Above a so-called critical thickness, a plastic re-
laxation process occurs during which threading dislocations
are formed in the growing layer.2 This leads to significant
degradation of its structural and electronic properties,
strongly limiting the applicative spectrum of epitaxial tech-
niques. Overcoming this limitation is a key issue of the fu-
ture development of microelectronic and optoelectronic sys-
tems. Integrating III-V semiconductors on silicon could lead
to the association of micro and optoelectronic functionalities
on the same silicon basewafer, to the fabrication of high
mobility III-V channels on Si, and would allow fabricating
III-V/Si templates that would advantageously replace the
size-limited III-V substrates, thus leading to major break-
through in the field of photovoltaics. Heterogeneous integra-
tion techniques, based on substrate bonding, have reached an
advanced degree of maturity. However, these approaches are
limited by their technological complexity, and do not allow
full wafer treatments. Several approaches of monolithic inte-
gration have been investigated. Most of them rely on the use
of thick plastically relaxed buffers,3–5 of so-called compliant
substrates which adapt their lattice parameter to the one of
the layer to be grown,6–8 or on substrate prepatterning
techniques.9 They remain limited by their technological com-
plexity and by the resulting poor quality of the integrated
layers, and are based on the idea that a mismatched material
is inevitably strained on its substrate at the early stages of its
growth.

Several studies have given some theoretical and/or experi-
mental descriptions of so-called “highly dissimilar” epitaxial
systems.10–13 Recently, the possibility of growing good qual-
ity crystalline SrTiO3 �STO� on Si substrates has been
demonstrated.14–16 On this basis, Motorola has published
controversial results on the monolithic fabrication of GaAs
MESFETs on silicon, without clarifying any growth or ma-
terial issue.17–19 More recently, we have given experimental
evidence of the spontaneous compliance of InP/STO�001�

and InP /Gd2O3�111� heterointerfaces.20,21 In this paper, we
propose an equilibrium model that clarifies the origin of the
compliance of highly dissimilar epitaxial systems, and par-
ticularly of the semiconductor/oxide systems. Our approach
accounts for the interface energy and for the existence of a
critical nucleation volume. With the exception of the molecu-
lar dynamics calculations of the interface energy described in
Ref. 22, most of the existing models23–26 neglect these pa-
rameters despite their crucial influence on the growth, par-
ticularly for highly dissimilar material systems. On the basis
of our model, we show how the growth of InP on STO can
be controlled to obtain layers compatible with applicative
requirements.

II. EQUILIBIRUM NUCLEATION MODEL FOR HIGHLY
DISSIMILAR EPITAXIAL SYSTEMS

At the very early stages of epitaxy, on condition that the
chemical potential difference between gas and solid phases is
positive, condensation thermodynamics predict the existence
of a critical nucleation volume Vc above which nuclei formed
at the substrate surface are stable.27 This critical volume is
obtained by maximizing the nucleation free enthalpy �G as a
function of volume �Eq. �1��:

�G = V � �EV − ��� + ��AB − �B� � SAB + �i � Si, �1�

where EV is the elastic energy stored in the deposit per unit
of volume, �AB, �B, and �i are the interface, substrate, and
deposit surface energies, respectively, SAB is the contact sur-
face between deposit A and substrate B, Si is the free surface
of the deposit, and �� is the chemical potential difference
per unit of volume of the deposit between the gas phase and
the solid phase. The growth can either be three-dimension
�3D� or two-dimension �2D�. For the sake of generality, we
consider here 3D islands as spherical caps, defined by their
volume V and their inverse aspect ratio q=d /h, where d and
h are defined in Fig. 1. 2D islands are described as cylindri-
cal platelets with a diameter d and a height h equal to one
monolayer. Maximizing �G leads to following expressions
of the 2D and 3D critical nucleation volumes:
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where a is the monolayer height of the deposit, �c=EV /��,
�B= ��AB−�B� /�i, and L=�i /��. If the island is elastically
strained on the substrate, EV can be written as

EV =
YA

1 − �A
� e2 � R = e � m2 � R . �4�

Where YA and vA are the Young modulus and Poisson ratio of
the deposit, respectively, e is the lattice mismatch strain �e
= �adeposit−asubstrate� /adeposit� and R describes elastic energy
relaxation at the free surfaces of the island. R can be ex-
pressed as R=1−e−2kq, where k=0.082 for spherical caps,
and k=0.072 for cylindrical islands.28 In the case where the
lattice mismatch is accommodated by an array of interfacial
dislocations, �c=0, and �B must be replaced by �B

� =�B

+�dis, where �dis= 1
�i

� �e .b ·
YA·YB

YA·�1+�B�+YB·�1+�A� · � 1
4� ln

Rc

b +0.1��
accounts for the cost of formation of the dislocations, by
units of surface. YB and �B are the Young modulus and Pois-
son ratio of the substrate and b is the Burger vector of the
dislocations. For Lomer-Cottrell dislocations, Rc=2b /e if the

distance between two subsequent dislocations is smaller than
the island height.

During the early stages of the growth, adatoms migrate on
the surface and agglomerate. They form clusters that remain
unstable �they dissociate very quickly� until the smallest
critical nucleation size is reached. Thus, the growth mode
�2D or 3D� and the accommodation pathway �elastic defor-
mation or interface dislocations� are the ones that allow
minimizing the critical nucleation volume. The map plotted
in Fig. 1 illustrates the influence of the lattice mismatch and
of the difference ��=�AB−�B on the growth mode and ac-
commodation pathway. It has been calculated using the
Young moduli and Poisson ratios of SrTiO3 for the substrate
�YB=238 GPa, �B=0.23�,29 of InP for the deposited material
�YA=61 GPa, �A=0.36�,30 a typical deposit surface energy
of 1 J .m−2 and a chemical potential difference ��
=200 meV per III-V atom pair. For each value of �� and e,
four critical nucleation volumes corresponding to the four
possible configurations �2D or 3D, pseudomorphic growth or
interface dislocations� were compared, and the configuration
corresponding to the smallest critical nucleation volume was
selected. Three-dimensional critical volumes were calculated
by minimizing numerically expression �2� as a function of q.

The model proposed above is intended to demonstrate
general trends in heteroepitaxial growth. For this reason, it is
based on several simplifying hypotheses:

The shape of the nuclei is chosen for simplicity �spherical
caps for three-dimensional nuclei, and cylinders for two-
dimensional clusters�. For a real system, the shape of the
nuclei may depend on different parameters, particularly if the
nuclei are facetted. Taking into account such effects is pos-
sible �using the Wulf construction�,31 but requires knowing
the surface energies of all the possibly formed facets, which
is not the case even for very well known materials. More-
over, such a treatment would considerably complicate the
computation without bringing any significant additional
comprehension.

For similar reasons, the surface energy of the nuclei is
considered as uniform in our treatment. The surface energy
has to be considered as the average value of the surface
energies of all possibly formed facets.

Interface dislocations are quite simply described as per-
fect Lomer-Cottrell dislocations. The expression used to es-
timate their cost of formation is only valid if the distance
between two subsequent dislocations is smaller than the
height of the nuclei. This is supposed to be verified for quite
large mismatches �that lead to the formation of dense arrays
of interface dislocations� and for quite elevated interface en-
ergies �that lead to elevated critical nucleus volumes�. More-
over, for very high mismatches �approaching 0.4�, the notion
of discrete dislocation becomes arguable. However, such el-
evated mismatches generally lead to the observation of epi-
taxial relationships that considerably decrease the effective
lattice mismatch �this is in particular the case for the InP/
STO system discussed in the following�.

In the end, for the sake of simplification of the treatment,
the step energies for the two-dimensional nuclei are de-
scribed as the product of the area of their lateral face by a
surface-energy term. In order not to loose in generality, and
on the basis of arguments already discussed above, we have

FIG. 1. �Color online� �a� Map of the critical volume �in nm3,
logarithmic scale�, accommodation pathway and growth mode as a
function of ��=�AB−�B and mismatch strain, calculated using the
Young moduli and Poisson ratios of InP for the deposit and STO for
the substrate. �b� and �c� geometry of 3D and �2D� critical nuclei
considered for the calculation.
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chosen this surface energy equal to that of the top face of the
cylinders.

Figure 1 shows that elevated mismatches and elevated
interface energies �or low substrate surface energies� enhance
accommodation by interface dislocations. Thus, as compared
to the elastic deformation of the deposit, forming an interfa-
cial array of dislocations allows localizing the deformation
field on a much smaller region close to the interface, at the
expense of the formation of interface dangling bonds. Thus,
large lattice mismatches �which increase the cost of the elas-
tic deformation� and large interface energies �which reduce
the cost of breaking interfacial bonds� enhance the formation
of interfacial dislocations. From the point of view of epitaxy,
the possibility of accommodating the lattice mismatch by
forming interface dislocations as soon as critical nuclei are
formed opens important perspectives: the mismatched mate-
rial takes its bulk parameter as soon as the growth begins,
and does not undergo any plastic relaxation mechanism.
Thus, contrasting with systems for which the lattice mis-
match is accommodated by elastic deformation, threading
defect free epitaxial growth can be obtained. However, for
such systems, interface binding is expected to be weaker
than for homogeneous systems. As a consequence, three-
dimensional Vollmer-Weber like growth is enhanced �even if
according to Fig. 1�a�, a fully relaxed two-dimensional
growth can also be achieved�. In the cases where the growth
is initially three-dimensional, two-dimensional layers can be
obtained by a controlled coalescence of the initially formed
islands, but this coalescence process is liable to lead to the
formation of threading defects. This will be discussed in fur-
ther details in the next section and in the conclusion. More-
over, due to the elevated interface energy characteristic of
highly dissimilar epitaxial systems, the most stable interface
configuration is in competition with less stable, but possibly
accessible, parasitic orientations. This is liable to produce
multidomain growth, and in extreme cases, polycrystalline
deposition.

III. EXPERIMENTAL STUDY OF THE InP ÕSrTiO3

SYSTEM

We have studied the growth of InP on SrTiO3�001� �STO�
substrates. STO is a perovskite oxide �lattice parameter of
3.905 Å�. The lattice mismatch between InP and STO ex-
ceeds 50% �the mismatch strain equals 33.4%� for a direct
cube-on-cube heteroepitaxy. The growth, carried out by solid
source molecular beam epitaxy �MBE� was monitored by
reflection high-energy electron diffraction �RHEED�. Before
InP growth, the �001�-oriented STO substrates were etched in
a buffered HF /NH4F solution and carefully rinsed in deion-
ized water. The substrates were then introduced in the MBE
chamber and annealed under ultrahigh vacuum at 800 °C
during 30 min. This treatment leads to the formation of an
atomically flat TiO2 terminated and �2�1�+ �1�2� recon-
structed STO surface, as shown in Fig. 2. Elevated phos-
phorus partial pressures �typically of 10−5 Torr� and elevated
growth rates �typically 1 �m.h−1� are required at the begin-
ning of the growth to ensure InP nucleation on the STO
surface: for low growth rates and low phosphorus partial

pressures, RHEED systematically indicates delays in the InP
nucleation �InP diffraction is observed a few seconds or even
a few minutes after InP growth start�. This is related to the
large mismatch and large interface energy of the InP/STO
system that leads to elevated critical nucleation volumes
�Fig. 1�: elevated �� �i.e., elevated growth rates and phos-
phorus partial pressures� are required to obtain significant
nucleation rates due to the elevated critical nucleation vol-
umes. Figure 3 shows the RHEED patterns observed after
deposition of 3 monolayers of InP �growth rate of
1 �m.h−1, phosphorus partial pressure of 10−5 Torr� at four
different temperatures. All patterns are spotty as soon as the
growth begins, indicating a three-dimensional growth in the
Vollmer-Weber mode. At 350 and 390 °C, InP is principally
�111� oriented on the �001�-oriented STO substrate. The pres-
ence of diffraction rings �particularly at 350 °C, but also at
390 °C� indicates the presence of random parasitic orienta-
tions in addition to the principal �111� InP orientation. At 430
and 480 °C, the RHEED patterns drastically change and cor-
respond to well-ordered �001�-oriented InP. At 480 °C, an
additional set of diffraction spots appears that corresponds to
the presence of twins in InP.32 It has to be noted that when
deposited on an unreconstructed STO surface, InP is �111�-
oriented for all deposition temperature.20 �001�-oriented InP

FIG. 2. �Color online� �a�: RHEED pattern recorded along the
�100� azimuth of the STO surface after thermal treatment at 800 °C
during 30 min. The STO surface presents a clean �2�1�+ �1�2�
surface reconstruction. �b� AFM image of the STO surface after
annealing. The STO surface presents well defined atomic steps. A
cross section of the image is displayed in �c� the average step height
equals �4 Å, very close to the STO lattice parameter �3.905 Å�.
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can only be obtained on �2�1�+ �1�2�-reconstructed STO
surfaces, as detailed in Ref. 33. This brief analysis highlights
the dependence of InP crystal orientation with the growth
conditions, as expected for systems having large mismatches
and large interface energies. It also shows that well oriented
InP islands can be obtained on STO on condition that the
growth conditions are perfectly controlled. Figure 4�a� shows
the evolution of the InP d222 interatomic distance during InP
deposition at 430 °C, as deduced from RHEED. According
to this measurement, InP takes its bulk lattice parameter as
soon as RHEED diffraction can be detected, after deposition
of half a monolayer in the present case. High-resolution
transmission electron microscopy �TEM� was used to char-
acterize the InP/STO interface. The image displayed in Fig.
4�b� was recorded on a sample containing a 200 nm thick InP
layer grown using the two-step method described in the fol-
lowing �first 4 nm of InP deposited at 430 °C at a growth
rate of 1 �m.h−1, and rest of the layer deposited at 480 °C�.
The interface is abrupt, and TEM electron diffraction pattern
�not shown here� confirms that InP is �001�-oriented and pre-
sents its bulk lattice parameter. Moreover, InP aligns its �110�
in-plane directions with the �100� in-plane directions of the
STO substrate. At the growth temperature of the first 4 nm of
InP and taking into account the thermal expansion coeffi-
cients for InP �Ref. 34� and STO,35 a direct cube-on-cube
epitaxial relationship between InP and STO would lead to a
lattice mismatch of 50.02%. Most of this mismatch is accom-
modated by forming the abovementioned epitaxial relation-
ship �which corresponds to a 45° in-plane rotation of the InP
lattice with respect to the substrate�. The residual mismatch
�at 430 °C� equals 6.09%. A filtered Fourier-transform im-
age of the interface is presented in the inset of Fig. 4�c�. This
image has been built by selecting the 200 STO and the 220
InP in plane reflections, so that only the lattice planes per-
pendicular to the interface are imaged. Regularly spaced lo-
calized lattice discontinuities can clearly be seen at the inter-
face. These discontinuities correspond to the projections of
the edge component of the Burger vector of geometric inter-
face dislocations along the �200	 STO in-plane direction. In

average, one discontinuity is detected every 16.4 
200� STO
planes �alternation of 16 and 17 
220� STO plane spacing
between two subsequent discontinuities�. The lattice mis-
match accommodated by these geometric interface disloca-
tions equals 6.09% and equals the effective lattice mismatch
between InP and STO. As a consequence, the onset of the
abovementioned epitaxial relationship, combined with the
formation of an array of geometric interface dislocations ac-
commodates the entire lattice mismatch between InP and
STO. It has to be noted that similar effects have already been
described for gold grain boundaries.36 This accommodation
pathway strongly contrasts with the one observed for stan-
dard III-V or IV-IV semiconductors, for which an initial elas-
tic deformation of the lattice occurs, followed by a plastic
relaxation process leading to the formation of large densities

FIG. 3. RHEED patterns recorded after deposition of three
monolayers of InP on STO under various temperatures. The InP 222
reflection �circled in the pattern recorded at 430 °C� was used to
measure the evolution of the 222 interatomic distance at the early
stages of InP growth �Fig. 4�a��.

FIG. 4. �Color online� �a� Evolution of the 222 interatomic dis-
tance during the early stages of InP growth on STO �as deduced
from RHEED�. �b� High-resolution TEM cross-sectional view of an
InP layer grown on STO. �c� Filtered Fourier-transform image of
the heterointerface, obtained by selecting the STO 200 and InP 220
reflections �planes perpendicular to the interface�.
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of threading dislocations. Such a plastic relaxation mecha-
nism does not occur during the growth of InP on STO, due to
the fact that InP takes its bulk lattice parameter as soon as
growth begins.

These experimental observations correspond to the theo-
retical prediction presented in Sec. II: the InP/STO system
presents an elevated mismatch of more than 6% �considering
the 45° rotated epitaxial relationship� and a large chemical
heterogeneity �mostly related to the difference in crystal
structure between both materials�. For such systems, our
model predicts a Vollmer-Weber three-dimensional nucle-
ation and a misfit accommodation by interface dislocations,
formed as soon as the material nucleates on the substrate.
This matches our experimental observations. Such an accom-
modation pathway presents interesting features. In particular,
there is no direct relationship between mismatch and density
of threading defects, due to the fact that the growing material
takes its bulk lattice parameter as soon as growth begins and
does not undergo any plastic relaxation process. However,
InP contains a large density of microtwins. A detailed discus-
sion on the origin of these microtwins is beyond the topic of
the present study and has been proposed elsewhere.37 InP
growth is initially three-dimensional and two-dimensional
layers are formed by island coalescence. If the free surfaces
of these islands present facets containing 
111� planes, mi-
crotwin formation is enhanced during the coalescence step.
These twins recombine quickly with each other at the early
stages of the growth, so that their density decreases increas-
ing the deposited thickness. The microtwin density equals a
few 1011 cm−2 at the InP/STO interface, and decreases down
to a few 107 cm−2 for an InP thickness of 1 �m.

An InAsP/InP quantum well structure was grown on a
STO�001� substrate in a two step growth. The first 4 nm of
InP were deposited at 430 °C at a growth rate of 1 �m.h−1

and under a phosphorus partial pressure of 10−5 Torr. This
leads to the formation of �001�-oriented InP islands and al-
lows minimizing the twin density, according to the RHEED
images displayed in Fig. 3. 1 �m of InP were then deposited
at 480 °C. At the beginning of this second growth step, the
InP islands formed during the first step coalesce to form a
two-dimensional thin film. In the well referenced case where
quantum dots are formed in the Stranski-Krastanov growth
mode, such coalescence is well known as leading to the for-
mation of defects in the coalesced layer. The origin of these
defects is related to the fact that the coalescing islands are
still partly strained when then coalesce. The differences in
the relaxation rate of two neighboring islands, combined
with the residual strain in the material, lead to the formation
of defects and to a strong roughening of the growth front. In
contrast here, the coalescing islands have their bulk lattice
parameter and are not deformed. As a consequence, two coa-
lescing islands have the same in- and out-of-plane lattice
parameters. However, even if none of our structural analyses
of the coalesced InP layers has revealed defects specifically
related to this coalescence process, one can expect that
threading defects are formed during coalescence: there is a
priori no lateral registry between the interface dislocation
arrays of two coalescing islands. As a consequence, when
coalescence occurs, interface dislocations must glide in the
interface plane to join one with another and form a continu-

ous network. This is only possible if the interface plane is an
easy gliding plane, which is a priori not the case. Thus,
additional threading dislocation segments are probably
formed during coalescence, due to the lack of translational
registry between the interface dislocation networks of two
neighboring islands. Solutions are proposed in the conclu-
sion to circumvent this difficulty.

An InAsP quantum well was grown on the 1 �m thick
coalesced InP layer, and embedded in a 50-nm-thick InP
layer. The RHEED pattern presented in Fig. 5�a� was re-
corded after deposition of 500 nm on InP at 480 °C. It pre-
sents streaky lines and a bright times four reconstruction,
indicating a complete coalescence of the initially formed is-
lands and the recovery of a perfectly flat growth front. The
room-temperature photoluminescence spectrum of the quan-
tum well is presented in Fig. 5�b�. Its full width at half maxi-
mum is 39 meV; equivalent to that of an equivalent quantum
well grown on a native InP substrate. This result attests of
the good optical quality of the heterostructure.

IV. CONCLUSION

It appears to be profitable to take advantage of the large
lattice mismatch and the chemical heterogeneity between
two crystalline materials to enhance the formation of inter-
face dislocations at the very early stages of the growth, when
the material nucleates. In this configuration, the growing ma-
terial takes its bulk lattice parameter as soon as growth be-
gins and does not undergo any plastic relaxation mechanism
that degrades its structural and electronic properties. Our ex-
perimental results concerning the InP/STO system open the

FIG. 5. �Color online� �a� RHEED pattern recorded on InP �100�
azimuth after the deposition of 500 nm of InP. �b� Room-
temperature photoluminescence spectrum of an InAsP/InP quantum
well grown on STO�001�.
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way to the monolithic integration of InP on silicon using
STO/Si crystalline buffers. They show that the spontaneous
tendency of this “weakly bound” system to enhance crystal-
line disorder can be managed, that a controlled coalescence
of the initially formed three-dimensional islands can be
achieved, and that good optical quality can be obtained de-
spite the very large lattice mismatch. Some of our prelimi-
nary studies indicate that the GaAs/STO system exhibit simi-
lar behavior, showing that lattice mismatch has no direct
influence on the growth and structural properties of highly
dissimilar epitaxial systems. The issue of the formation of
defects during the coalescence step due to the lack in lateral
registry between the dislocation networks of two neighboring
islands has to be addressed. A first solution consists in reduc-
ing the density of such defects by reducing the density of
islands formed before the coalescence step. Such a solution
could be compatible with the fabrication of micron-sized op-
toelectronic devices such as microdisk based lasers. Another
solution consists in enhancing a two-dimensional step-flow
growth of the semiconductor on the oxide template. In such a
case, the interface dislocation array will be progressively
formed during the formation of the first InP monolayer38 and
the oxide surface will be entirely covered without any coa-
lescence process. A two-dimensional growth mode can be
promoted by increasing the wetting during the initial stages
of the growth �use of surfactants, increase in the substrate

surface energy by treating the substrate surface before
growth…�. Even if the growth is initially three dimensional,
the formation of coalescence defects can be avoided by ob-
taining the coalescence at the very early stages of the growth,
when the initially formed 3D islands are very small: if the
average lateral size of the islands is smaller than the average
distance between two subsequent dislocations �approxi-
mately 3.5 nm in the InP/STO case� when coalescence oc-
curs, the array of interface dislocations will be formed once
the STO surface is entirely covered by InP. This should allow
circumventing the problem of the formation of defects dur-
ing the coalescence. To obtain such a situation, the density of
initially formed InP islands must be increased by reducing
the adatom diffusion length �increase in the growth rate and
phosphorus partial pressure, for example�, and by enhancing
the wetting.
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