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The effects of Er defects on the structure and energetics of LiNbO3 are determined using electronic-structure
calculations at the level of density-functional theory combined with thermodynamic calculations. It is found
that under both Li2O-rich and Nb2O5-rich conditions, Er3+ sits on the Li site and is displaced along the uniaxial
direction of the hexagonal structure toward the vacant cation site. The charge compensation mechanism is
predicted to be lithium vacancies under Nb2O5-rich conditions, consistent with a previous conjecture; charge
compensation is predicted to be by Er3+ on a Nb site under Li2O-rich conditions. It is also found that low
concentration of lithium vacancies could significantly affect the defect chemistry: when a Li-poor congruent
sample is converted to the stoichiometric, there may be a negligible concentration of Er on Nb sites. The
diffusivity and average diffusion distance under annealing of defects are also discussed.
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I. INTRODUCTION

LiNbO3 is an versatile material due to its ferroelectric,
piezoelectric, photorefractive, and electro-optical properties
with applications in modulators, wavelength filters, second-
harmonic generators, and nonvolatile memories.1,2 During
the past decades, there have been a number of studies of
Er-doped LiNbO3 �Refs. 3–8� for optical lasers, optical am-
plifiers, and integrated optical circuits.9–12 Furthermore, Er3+

ions have been employed as a probe to investigate the struc-
ture of domain walls and defect/domain-wall
interactions.13–15 Various experimental techniques, including
electron-spin resonance,4 x-ray standing-wave �XSW� analy-
sis ,16,17 Rutherford backscattering,18 extended x-ray absorp-
tion fine structure �EXAFS�,19 and ion-beam channeling,20

have been employed to investigate the site selectivity of Er3+.
Moreover, several optical and magnetic-resonance spectros-
copy studies3,6,21–23 have been used to determine the local
environments and configurations around the ErLi

.. sites. While
some of these studies used congruent LiNbO3 samples grown
by the Czochralski method,24,25 others used stoichiometric
LiNbO3 produced through vapor transport equilibration
�VTE� �Refs. 26–28� from congruent samples. The influence
of the sample stoichiometry on the site selectivity and distri-
bution is unknown, which makes the comparison between
experiments on samples from different synthesis technique
problematic. In addition to understanding how the Er3+ ions
are incorporated into the structure, an understanding of the
associated charge compensation mechanisms is also neces-
sary.

Atomic-level simulations29 at 0 K using an empirical po-
tential predicted the dominant defect to be ErLi

.. compensated
by ErNb� . However, at room temperature, the simulations pre-
dicted that Er3+ ions occupy the Nb site, compensated by
NbLi

. . ... It is not clear how such a small temperature change
�300 K=0.026 eV� could cause such a qualitative change in
the dominant crystal defect. The experimental and theoretical

results thus indicate that the charge compensation mecha-
nism for Er in LiNbO3 is still not well understood.

In the present study, electronic-structure calculations at
the level of density-functional theory �DFT� combined with
thermodynamic calculations are employed to determine the
defect site selectivity of Er3+ in LiNbO3 and the correspond-
ing charge compensation mechanisms under various condi-
tions. In particular, the defect formation energies �DFEs� of
various possible single defects are calculated. The depen-
dence of the DFEs on the position of the Fermi level is
established. The formation energies of defect clusters are
then predicted based on the sum of the DFEs of isolated
point defects. The association energies, resulting from the
elastic and electrostatic interactions among the constituents
of a defect cluster, are explicitly determined by simulating
entire defect clusters in one supercell. The dominant defect
complexes are predicted based on their stability under differ-
ent conditions and the simulation results are assessed in the
context of the current experimental understanding.

II. METHODOLOGY

A. DFT calculations

The DFT �Refs. 30 and 31� calculations are carried out in
the Vienna ab initio Simulation Package �VASP� �Refs. 32 and
33� at the level of the generalized gradient approximation
�GGA�. The projected augmented wave �PAW� method34 is
used to achieve maximum accuracy35 while maintaining the
flexibility of the pseudopotential approach.36 The cutoff en-
ergy for the plane-wave basis set is chosen to be 400 eV
based on convergence tests.37 The system size is 2�2�2
unit cells �each of 30 atoms�, which for perfect LiNbO3 con-
tains 240 atoms and 1440 electrons; periodic boundary con-
ditions are applied in all three dimensions. The integration
over the Brillouin zone uses a 4�4�2 Monkhorst-Pack38

k-point mesh. This mesh is chosen because the length of the
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uniaxial c axis is approximately twice that of the a axis. The
structure is optimized to within an error of 0.01 eV.

The Li 2s1, Nb 4p64d45s1, and O 2s22p4 valence elec-
trons are treated explicitly. The electronic structure of Er is
�Xe� 4f126s2. Due to the localized nature of 4f electrons,39,40

the frozen-core approximation41,42 is used. In VASP, 11 of 12
f electrons are treated as the frozen core, with only a single f
electron treated as a valence electron.43 In addition, the 6s2

and 5p6 are also treated as valence electrons, resulting in a
total of nine Er valence electrons.

The localized nature of 4f electrons results in strong cor-
relation effects. In general, mean-field theories, such as the
local-density approximation �LDA� and GGA, cannot accu-
rately describe the strong correlations of d and f
electrons.43–45 Therefore, in addressing this problem, either
high level theory or a correction to LDA or GGA, such as
DFT+U approach,46,47 is required. In this work, both the
GGA and GGA+U methods have been used. The effect of
the +U term on defect energetics is assessed.

B. DFE

The supercell method48–50 is used to calculate the defect
formation energies of both isolated defects and defect clus-
ters. The DFE of a defect or defects, denoted as �, with
charge state q is defined as51

�Ef��,q,T,P� = Etotal��,q� − Etotal�perfect�

+ �
i

ni�i − q��F + Ev + �V� , �1�

where � is the defect type, q is the charge of the defect�s�, T
is temperature, and P is partial pressure of oxygen.
Etotal�� ,q� is the total energy obtained from DFT calculation
of a supercell with the defect�s�; Etotal�perfect� is the total
energy of the supercell without any defects. ni is the number
of ions of species i that have been added to or removed from
the supercell when the defects are created; �i is the chemical
potential of element i. �F is the Fermi level with respect to
the valence-band maximum �VBM� in the bulk single crys-
tal. Ev is the VBM of the bulk system. �V is the difference in
the electrostatic potentials between the defected and undefec-
ted systems.51

In principle, the free energy rather than the total energy
should be used in Eq. �1� for the calculation of the DFEs.
However, the total internal energy of a supercell calculated
with DFT corresponds to the Helmholtz free energy at zero
temperature, neglecting zero-point vibrations.52 These calcu-
lations thus neglect the contributions from the vibrational
entropy; fortunately, experimental and theoretical results for
entropies of point defects typically fall between 0 and 10k,
where k is the Boltzmann constant.51 Detailed analyses by
Kohan et al.53 for ZnO and by He et al.54 for TiO2 concluded
that entropic effects can be neglected. Consequently, the ne-
glect of the entropy term here will not qualitatively change
our conclusions.

C. Thermodynamic framework

The same methodology for the chemical potential is used
here as in our previous study55 of intrinsic defects. The

chemical potential of each element has to satisfy the con-
straint that LiNbO3 be stable against decomposition to me-
tallic Li or Nb and to decomposition to the constituent ox-
ides: Li2O and Nb2O5. Experimentally, the oxygen chemical
potential can be changed through the temperature and/or
oxygen partial pressure. There are two limits on the oxygen
chemical potential in LiNbO3, corresponding to extremely
oxidizing conditions or extremely reducing conditions. These
constraints would actually result in unrealistically high and
low oxygen partial pressures, respectively, with the physi-
cally attainable range of partial pressures being much nar-
rower.

Bringing all of the stability criteria together, we con-
structed the ternary chemical-potential map shown in Fig. 1,
where the points in chemical-potential space should be ana-
lyzed in a manner analogous to that for the composition in a
conventional ternary phase diagram.56 The details of the con-
struction procedure of this map can be found in our previous
study,55 along with a full explanation of each point and line.
Two scenarios are most relevant. Under Li2O-rich condi-
tions, for which Li2O is the reference state, the composition-
weighted sum of the lithium and oxygen chemical potentials
is equal to the total energy of Li2O, which is line AD in Fig.
1. Nb2O5-rich conditions, for which Nb2O5 is the reference
state, correspond to the line BC in Fig. 1.

A physical manifestation of Li2O-rich conditions is the
conversion of congruent samples to nearly stoichiometric
LiNbO3 using VTE, which takes place in a Li2O vapor.26–28

Nb2O5-rich conditions correspond to growth under a Nb2O5
vapor or, more generally, the condition that the constitutive
sum of chemical-potential value of Nb and O are close to
that of Nb2O5. Congruent LiNbO3 is grown by the Czochral-
ski process in air rather than in Nb2O5 vapor. However,
based on structural analysis, the local bonding environments

FIG. 1. �Color online� Stability range of chemical potentials �in
eV� of the elements in LiNbO3. The region enclosed by points A, D,
and PLi-Nb satisfies the condition that the material does not decom-
pose into Li2O, while the region enclosed by points B, C, PO-Li, and
PO-Nb satisfies the condition that the material does not decompose
into Nb2O5. The intersection of these two regions defines the ther-
modynamically allowable range of chemical potentials. This stabil-
ity region is thus defined by the shaded quadrilateral enclosed by
the points A, B, C, and D. Line AD represents using Li2O as refer-
ence state; line BC represents using Nb2O5 as reference. The oxy-
gen partial pressure range �in atm� is that for room temperature.
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of Nb and O in LiNbO3 are very similar to that in Nb2O5.
Therefore, it is assumed here that the congruent melting con-
dition can be analyzed as if it were grown under Nb2O5-rich
conditions, i.e., for the Nb2O5 reference state.

The chemical potential of Er is an important unknown
quantity that determines absolute values for defect energies.
Possible choices for the reference state include the pure
metal and the binary oxide. Here, the chemical potential of
Er in LiNbO3 is assumed to be the same as that in Er2O3,
which has a very similar bonding environment to that of Er
in LiNbO3. In particular, Er2O3 has a bixbyite structure with
space group Ia3.57,58 The Er ions in Er2O3 are all six-
coordinated, with two different crystallographic positions.
The average length of the bond is calculated to be 2.266 Å
using DFT-GGA. In LiNbO3, Er ions are also six-
coordinated and have average Er-O bond lengths of
2.243 Å.55

All of the defect structures discussed in the literature and
considered here involve two Er ions. Thus, since its value
affects all formation energies equally, the value of the chemi-
cal potential of Er is irrelevant for determining the relative
stability of these defect structures.

III. DFES OF ER IN LiNbO3

The current paper focuses on the following four extrinsic
defect clusters that have been discussed in the literature:
2ErLi

.. +4VLi� =2�ErLi
.. +2VLi� �, ErLi

.. +ErNb� , 2ErLi
.. +NbLi

. . .., and
2NbLi

. . ..+4VLi� +2ErNb� .2,29 Two completely separated ErLi
..

+2VLi� clusters are considered because this approach allows
all of the defect clusters to be analyzed independently of the
chemical potential of the Er.

While the above defect structures are written in terms of
fully charged constituent defects, partially charged and
charge-neutral defects are also possible.51 For example,
many experiments on TiO2 have concluded that as the oxy-
gen partial pressure decreases from moderately reducing to
extremely reducing conditions, there is a transition from a
fully charged oxygen vacancy to a singly charged oxygen
vacancy or triply charged titanium interstitial.54 Thus, before
characterizing the defect clusters, it is important to analyze
the individual defects with various charge states. The follow-
ing sections will discuss the results obtained for individual
defects of various charges, followed by the defect clusters.
For the defect clusters, the constraint of charge neutrality
leads to the simplification of not having to consider the ef-
fects of the location of the Fermi energy.55

A. Single defects

Here, simulations of single isolated defects in the 2�2
�2 supercell are analyzed, which corresponds to the situa-
tion of the charge-compensating defects being far from both
the Er defect and each other. The DFEs of ErLi and ErNb
defects with various charge states in LiNbO3 have been cal-
culated using Eq. �1�. The influence of the Fermi energy on
the stability of each individual defect is considered. The ref-
erence zero of the Fermi energy is assigned to be the VBM
of the perfect structure; the highest Fermi energy thus corre-

sponds to the conduction-band minimum �CBM�, which for
GGA is 3.5 eV, close to the experimental value of 3.78 eV
for the band gap.59,60 A Fermi energy at the center of the gap
corresponds to the pure system, while p-type and n-type cor-
respond to Fermi energies closer to the valence and the con-
duction bands, respectively.61 As the Fermi level could shift
in the presence of impurities and defects, two extreme cases
correspond to � f =0 and � f =3.5 are discussed.

The dependence of DFEs on the Fermi level is shown in
Fig. 2 using Nb2O5 �the BC line in Fig. 1� as the reference
state. At each value of the Fermi level, Fig. 2 includes only
the charge state with the lowest DFE of each individual de-
fect. The slopes of the lines in Fig. 2 represent the charge
states of the defects �see Eq. �1��. As the Fermi energy in-
creases, the thermodynamically stable charge of the ErLi de-
creases. ErLi

.. has a lower energy than its singly charged coun-
terpart ErLi

.. for most of the range of Fermi level, while ErNb�
has the lowest DFE throughout the entire range. The partial
densities of states of Li, Nb, O, and Er for ErLi

.. and ErNb� have
been also generated and given in Fig. 3. No significant effect

(b)

(a)

FIG. 2. �Color online� Defect formation energies of the lowest-
energy charge state of ErLi and ErNb as a function of Fermi energy;
the lowest-energy charge state is given in each case. The Fermi
energy ranges from EF=0 �left� at the VBM to EF=3.5 eV at the
conduction-band minimum �right�. �a� using Nb2O5 as reference
state. �b� using Li2O as reference state.
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of Er on the partial density of state �PDOS� of lithium, nio-
bium, and oxygen is observed. From Fig. 3, it can be seen
that there is a greater overlap in the PDOS of the ErNb and O
ions compared with ErNb� and O, indicating stronger covalent
bonding.

In the unit cell of LiNbO3, six closed-packed planes are
stacked.2 The cations lie in the oxygen octahedral in repeat-
ing sequence: Li, Nb, vacant site, Li Nb, vacant site….2

Within a single plane of cations, there is an ordered arrange-
ment of Li ions, Nb ions, and vacant sites. For ErLi

.. , the DFT
calculations show that the Er is shifted along �0001� toward
the vacant site by �0.17 Å. The observation by Gog et al.
using XSW spectroscopy16,17 showed the Er to be in a posi-
tion near a Li site, but displaced normal to the basal plane by
0.46 Å.16 This difference between the experimental mea-
surement and calculated value for the displacement may
have several origins. First, the experiments were performed
using congruent LiNbO3, while the simulations were carried
out for stoichiometric material. Second, the experiments
measured the near-surface region where Er is incorporated
through diffusion, while the calculations are for the bulk.

Both the composition and surface effects could cause a
change in the position of the Er ions. Third, the difference
may be also due to the limitation of the current calculation
method, which simulates the defects in a finite-size supercell
and assumes that the defect concentration is in the dilute
limit. For partial charged defects, ErLi

. and ErLi
x , the displace-

ments are 0.14 and 0.08 Å, respectively. By comparison, the
DFT calculations for ErNb� yield a displacement of only
�0.02 Å toward the vacant site. The displacements for ErNb�
and ErNb

x are less than 0.005 Å.
These results are readily understood in terms of the elec-

trostatic and elastic interactions within the system. Thus,
when Er substitutes on a Li site, the repulsive electrostatic
interaction between Nb and Er is greater than that between
Nb and Li and thus forces the Er toward the vacancy. The
ionic radii of Li+, Nb5+, and Er3+ are 0.76, 0.64, and 0.89 Å,
respectively.62 Therefore, the larger size of the Er ion also
tends to push it closer to the vacanct site thus both interac-
tions push the Er toward the vacant site. By contrast, when
Er substitutes on a Nb site, the smaller Er charge leads to
weaker repulsion from the Li, thus tending to move the Er
ion away from the vacant site. However, the larger ionic radii
will again push the Er toward the vacant site. The electro-
static and elastic interactions thus tend to counteract each
other, resulting in only a small net displacement.

B. Defect complexes

The energies of neutral defect complexes are first deter-
mined from the formation energies of the individual defects
�Table I�. As mentioned above, because these defects are
charge neutral, their energies are independent of the location
of the Fermi level. However, the DFEs of the clusters do
depend on the choice of reference state. From Fig. 4, it can
be seen that the formation energies of the ErLi

.. +ErNb� and
2ErLi

.. +NbLi
. . .. clusters are independent of the reference state.

This is because within LiNbO3, the sum of chemical poten-
tials of Li and Nb is constant for any given value of the
chemical potential for oxygen. By contrast, the DFEs of the
2ErLi

.. +4VLi� and 2ErNb� +4VLi� +2NbLi
. . .. clusters do depend on

the reference state of chemical potential.
The calculations show that the formation energy for

2ErLi
.. +4VLi� is negative for the Nb2O5 reference state. This

(b)

(a)

FIG. 3. �Color online� �a� PDOS for ErLi
.. ; �b� PDOS for ErNb� .

The absolute values of the number of the DOS in the two figures
have been rescaled to make the comparison easier.

TABLE I. Defect formation energies for defect reactions under
different reference states. The chemical potential of Er is assumed
to be the same as the value in Er2O3. These values are calculated
based on the single defect energy without considering association
effects.

Defect reaction fully charged

DFE
�eV�

Li2O Nb2O5

2ErLi
.. +4VLi� 8.369 −4.607

ErLi
.. +ErNb� 1.939 1.939

2ErLi
.. +NbLi

. . .. 4.274 4.274

2ErNb� +4VLi� +2NbLi
. . .. 13.039 0.064
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result is similar to the previously studied intrinsic NbLi
. . ..

+4VLi� cluster, which also showed a negative DFE, indicating
that these defect clusters will spontaneously form under
these conditions. Negative formation energies lead to the ap-
parent contradiction that their concentration should increase
indefinitely, a physically unreasonable result. The resolution
is that the calculation was performed in the dilute limit and
that it can safely be presumed that the DFEs will increase
with increasing concentration such that the concentration of
the defect clusters remains bounded and the system remains
stable. Under Nb2O5-rich conditions, the 2ErNb� +4VLi�
+2NbLi

. . .. cluster has a very small positive formation energy
and might thus be expected to also be observed. The calcu-
lations also predict that for the Li2O reference state, ErLi

..

+ErNb� has the lowest DFE. However, the DFE is positive,
which indicates energy is required to create the defects under
conditions such as VTE. Based on the thermodynamic calcu-
lation, the concentration of such defects at room temperature
is very low. This point is discussed in detail Sec. IV �iv�.

To this point, the calculations have assumed that the indi-
vidual defects that form a defect cluster are infinitely far
away from each other; that is, there are no interactions be-
tween them. However, due to the charge and elastic interac-
tions induced by the differences in ionic radii, defect asso-
ciation can be expected to change the DFEs. Here, the case
of ErLi

.. +2VLi� is analyzed. While there are an almost innu-
merable number of possible different compensating struc-
tures, it is only necessary to analyze the limiting case of
association, in which some of the compensating vacancies
are in the first-neighbor shell while all of the others are far
from the Er defect. Cases in which vacancies lie in the sec-
ond or third shell or beyond can be assumed to have lower
association energies. There are six Li sites in the first nearest-
neighbor �FNN� shell around the Er-occupied Li site, as in-
dicated in Fig. 5. The arrangement of the Li vacancies can
conveniently be divided into three categories:

�i� A0: No lithium vacancies in the FNN shell;
�ii� A1: One lithium vacancy in the FNN shell;

�iii� A2: Two lithium vacancies in the FNN shell.
In the A0 structure, there is no association of the vacan-

cies; this is the case analyzed above and found to have nega-
tive formation energy for the Nb2O5 reference state. For A1,
there are two distinct configurations for one lithium vacancy
sitting around the Er site. The lithium vacancy could lie
above the Er ion �4, 5, or 6 in Fig. 5� or below the Er ion �1,
2, or 3 in Fig. 5�. For the A2 case, there are C6

2=15 possible
configurations of vacancies. However, due to the threefold
rotational symmetry around the ErLi

.. , only four of these con-
figurations are crystallographically distinct. The four differ-
ent arrangements are 1–2, 1–4, 4–5, and 2–5 in Fig. 5.

As illustrated in Fig. 6, the energy of the A1 structure is
lower than for the A0 structure, while the energy of the A2
structures are lower yet by 0.068 eV/defect �i.e., −0.204 eV
for the total cluster�. These results indicate an attractive in-
teraction between ErLi

.. and VLi� , which is consistent with the
conjecture of Dierolf et al.8 that ErLi

.. is compensated by a VLi�
close to ErLi

.. .
Since this association energy is relatively small, it might

be supposed that the structure of a defect cluster could fluc-
tuate dynamically among various symmetry equivalent con-

FIG. 4. �Color online� Formation energies of Er-related defect
clusters under Li2O-rich conditions �blue� and Nb2O5-rich condi-
tions �red�.

FIG. 5. �Color online� Possible lithium vacancy positions in the
FNN around Er sitting on lithium site. The oxygen sublattice is not
shown.

FIG. 6. Defect formation energy for ErLi
.. +2VLi� shows the ef-

fects of association of the lithium vacancies around ErLi
.. site.
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figurations. However, our DFT calculations show that the
migration barrier for the diffusion of a lithium vacancy be-
tween the first nearest neighbor in the lithium sublattice is
1.63 eV, which is consistent with the experimental values of
1.55 eV �Ref. 63� and 1.62 eV �Ref. 64� for the ionic con-
ductivity. These values of activation energies indicate that
the transitions among configurations are relatively difficult.
However, a lithium vacancy can still move a considerable
distance during long-time annealing. For example, experi-
mentally stoichiometric LiNbO3 has been annealed at
250 °C for 5 h.8 It is assumed that the vibration energy h�0
is equal to the thermal energy kBT.65 The jump distance be-
tween first nearest neighbors is 3.771 Å. Under such condi-
tion, the diffusivity of lithium vacancy is calculated to be
3.08�10−18 cm2 /s, which compares reasonably well to pre-
vious estimates of 5.97�10−16 cm2 /s �Mehta et al.63� and
4.46�10−17 cm2 /s �Halstead64�. The average diffusion dis-
tance can then be calculated using the following equation:

x = 	6Dt , �2�

where x is the average diffusion distance, D is the diffusivity,
and t is the diffusion time. Using the above value of diffu-
sivity, the average diffusion distances are 8.7 nm �this work�,
80.3 nm �Mehta et al.63�, and 21.9 nm �Halstead64�. The av-
erage diffusion distance in the order of tens of nanometers
indicates the lithium vacancy can still travel and change the
configurations of the defect complex. The calculation is in
agreement with the experimental observation that the relative
peak emission intensities are modified by the annealing of
the sample.8

C. Effect of electron localization: GGA+U

To this point, the calculations have been carried out
within GGA. To investigate the electron localization and cor-
relation effects, the GGA+U approach is also used for which
reasonable values for the U and J parameters are needed. In
particular, Dudarev’s approach46 has been used, in which
only the difference between U and J is meaningful. Unfortu-
nately, no parameters have been determined for Er in either
LiNbO3 or Er2O3. However, there are several sets of param-
eters available for Er in GaN or in ErxGa1−xN.66,67 For Er in
GaN using the density functional based tight-banding �DFT-
TB� method,66 U−J=10.3 eV was used. However, it is
known that the DFT-TB method yields higher estimates for
U and J than does regular DFT.66 For ErxGa1−xN using
LSDA+U,67 U=8.6 eV and J=0.75 eV has been used.
Since there are no accepted values for U and J for LiNbO3,
we have explored a range in order to map out the possible
magnitude of the effects of electron localization: �i� U−J
=4 eV; �ii� U−J=7.85 eV,67 and �iii� U−J=10.3 eV.66 Al-
though none of these parameters may actually be the best
physical representation of electron localization for Er in
LiNbO3, they do span the range of reasonable values and
should thus enable us to assess the importance of the local-
ization of electrons on its effects on the defect energetics.
Because the GGA+U has to be used for both the reference
state Er2O3 and for Er in LiNbO3, its effects on Er2O3 are
discussed first, followed by its effects of Er in LiNbO3.

For Er2O3, the band gap calculated using pure GGA is
4.37 eV, which is about 13% less than the experimental value
of �5 eV.68 This agreement can be considered to be good
because it is well known that for many systems, GGA fails to
predict the band gap of a material with partially filled d or f
orbital.43–45 There is no significant change in the band gap or
electronic density of states for any of the parameter sets for
U-J, which indicates that the Er is reasonably described by
GGA �Fig. 7�.

For Er in LiNbO3, the representative case of ErLi
.. +2VLi� is

chosen to illustrate the effects of +U, in which the associa-
tion effect is also considered. For U−J=4 eV, U−J
=7.85 eV, and U−J=10.3 eV, the DFE increases by
0.067eV/defect, 0.102 eV/defect, and 0.072 eV/defect, re-
spectively. Thus the stability order predicted from the GGA
calculations is correct and the energy values can be consid-
ered reliable to within �0.1 eV/defect. We thus conclude
that electron localization as captured by the +U term has no
significant effect on either the electronic structure or the de-
fect energetics for these systems.

IV. RELATIONS TO EXPERIMENTS

The principle conclusions of this work are that �i� the Er
dopant sits on the Li sites, �ii� various slightly different mi-
crostructural configurations of Er sites exist,8 and �iii� charge
compensation is provided by Li vacancies for Li2O-rich con-
ditions or �iv� by Er on Nb sites under Nb2O5-rich condi-
tions. We briefly examine the experimental evidence relevant
to each of these predictions.

�i� XSW studies16,17 found that Er occupies a Li site with
C3 point symmetry, but that it is shifted from the ferroelec-
tric Li position by 0.46 Å along the uniaxial direction of the
hexagonal structure. Electron spin resonance �ESR� �Ref. 4�
identified a single site for Er3+ ions, but could not distinguish
whether it is Li site or Nb site. Rutherford backscattering18

and EXAFS �Ref. 19� also yielded Er3+ substituting for Li
ions, while ion-beam channeling20 indicated that Er may oc-
cupy both Li and Nb sites. The DFT calculations predicted

FIG. 7. �Color online� Electronic density of States of Er2O3

calculated using GGA and GGA+U. The parameters U−J=4 eV,
U−J=7.85 eV, and U−J=10.3 eV are considered.
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that Er primarily sits on the Li site under both Li2O-rich and
Nb2O5-rich conditions, but with different concentrations
based on the difference values of the DFEs. The site is pre-
dicted to be shifted along the −Z direction by 0.17 Å. This is
consistent with the experimental data measured using XSW
and EXAFS which show Er occupies the Li site and moves
along −Z direction. However, the magnitude of the displace-
ment is quite different. Possible reasons for this are discussed
in Sec. III A. The case of Er site on both Li and Nb sites,
which are relevant to ion-beam channeling, is discussed in
�iv�.

�ii� Optical and magnetic-resonance spectroscopy re-
vealed multiple slightly different sites for the Er ion.8,69 Bau-
mann et al. using XSW and optical spectroscopy6 found that
there are four energetically distinguishable sites for Er, re-
sulting from different local environments. Gill et al.3,22 using
total site selective spectroscopy reported six different sites.
Furthermore, Dierolf and Sandmann,8 by combining excita-
tion emission spectroscopy �CEES� as well as absorption,
emission, and Raman spectroscopy, found a large number�
	11� of different Er3+ sites. Moreover, the results of Dierolf
and Sandmann8 suggested that the charge compensation can
be classified into two categories: a first close compensation
which influences the local symmetry of the Er defect and a
secondary compensation probably somewhat further away
which influences the local electric field along the z axis. The
inclusion of a second more distant charge-compensating Li
vacancy further increases the number of potential sites as
well. These different arrangements are associated with differ-
ent local and distant charge compensation species. A2 ar-
rangements �see Sec. III B� are considered as the first cat-
egory while A1 and A0 fall into the second category. The
experimental structure analysis supports there being many
slightly different sites for Er3+. When considering only
lithium vacancies around the Er3+ site, seven different con-
figurations could be identified using DFT calculations. If the
presence of impurities, niobium antisites, Er-Er cluster, or
even domain walls were to be considered, the number of
different Er3+ site would be considerably larger. The optical
spectroscopy measurements show that the relative number of
differently charged compensated Er ions depends on the sto-
ichiometry of the sample. While in congruent samples, the
more perturbed A2-type arrangements dominate; in stoichio-
metric samples, the less perturbed arrangements are more
prominent. Furthermore, under domain inversion at room
temperature during which the charge-compensating defects
are immobile, drastic changes are observed for some defect
configurations and no changes are observed for others. In
particular, the majority defect configuration in stoichiometric
samples remains unchanged �aside from a small spectral
shift�. For this reason, it is likely that this defect has distant
charge compensation as described by configuration A0.

�iii� A consensus as to the precise nature of the charge
compensation mechanism for ErLi

.. has not yet been achieved.
It has been reported by Gill et al.22 that the site redistribution
associated with an increase in Er concentration is very simi-
lar to that associated with an increase in Li deficiency, which
indicates that ErLi

.. is compensated by lithium vacancies.8,70

This is based on the fact that for congruent LiNbO3, lithium
vacancies already exist in the material.55,71 Therefore, it is

much easier for Er3+ to occupy a vacant site. The DFT cal-
culations predicted that under Nb2O5-rich conditions, which
includes ambient temperature and oxygen partial pressure,
the dominant defects are ErLi

.. compensated by VLi� based on
the formation energies, which provides theoretical support to
this conjecture. It could also explain the observation that
increasing the Er concentration tends to increase the Li defi-
ciency in the crystal.

�iv� No direct observation for ErNb� has been reported, al-
though ion-beam channeling indicates that Er may occupy a
Nb site20 and electron paramagnetic resonance �EPR� indi-
cates Er sits on both Li and Nb sites.72 This absence may be
partially due to the methods to incorporate the Er ions into
the crystal. The Er3+ doping is often achieved during Czo-
chralski growth or diffusion doping,6 the latter involving the
diffusion of Er ions into congruent LiNbO3. It has been re-
ported that the diffusion of Er3+ is through the Li
sublattice.73,74 The diffusion of Nb was also found to be
much slower than that of lithium vacancies.73,75,76 Therefore,
it is probably much easier for an Er ion to move into a Li
sublattice and stay there rather than to push Nb ions off their
lattice sites during these kinetic processes; this would make
the incorporation of Er on a Nb site difficult.

Furthermore, both Czochralski growth and diffusion dop-
ing predetermine the dominant defects to Er on Li site com-
pensated by lithium vacancies. These existing defects can be
expected to play a significant role when the sample is con-
verted to the stoichiometric composition using VTE under
Li2O-rich conditions. Taking nearly stoichiometric
Li0.498Nb0.5+xO3, for example, after VTE process, the concen-
tration of lithium vacancy is still 0.4%. If we assume that the
lithium vacancies are primarily compensated by ErLi

.. , 0.2%
of ErLi

.. would be required. The system would thus be equiva-
lent to 0.2 mol % Er:LiNbO3. Since the concentration of
ErLi

.. and ErNb� is a constant, the concentration ErNb� of can be
calculated using

�ErLi
•• ��ErNb� � = exp�− �Gf/kT� , �3�

where, �Gf is the defect formation energy, k is the Boltz-
mann constant, and T is the temperature in Kelvin. At room
temperature, the concentration of ErNb� is estimated to be
9.7�10−26, which is �23 orders of magnitude smaller than
ErLi

.. . Increasing the temperature will increase the concentra-
tion of ErNb� , such that at 800 K, the concentration of ErNb� is
calculated to be 1.01�10−5. However, this is still 2 orders of
magnitude smaller than the concentration of ErLi

.. . Thus, com-
pared to the concentration of ErLi

.. , the ErNb� concentration is
negligible. These calculations indicate that even a small
lithium vacancy concentration could significantly affect the
defect chemistry of the system. Furthermore, it may provide
an explanation of why the Er on Nb site has not been ob-
served.

V. CONCLUSIONS

First principles calculations have been used to character-
ize the structure and energetics of Er defects and defect clus-
ters in LiNbO3. The formation energies of various types of
defects have been calculated and the dominant defects,
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which are those with the lowest DFEs, have been determined
for both Li2O-rich and Nb2O5-rich conditions. It was found
that under both conditions Er primarily sits on the Li site,
which is consistent with the experimental site selective spec-
troscopy measurements. Furthermore, several slightly differ-
ent microstructural environments of the Er3+ ions have been
analyzed based on arrangements of ErLi

.. with other point de-
fects.

The charge compensation mechanism has been predicted
to be lithium vacancies under Nb2O5-rich conditions and
Er3+ on a niobium site under Li2O-rich conditions, which is
consistent with an earlier conjecture, although there has been
no direct observation of ErNb� . The method to incorporate Er
into LiNbO3 using Czochralski growth or diffusion doping is
considered to be the reason, as these processes predetermine

the dominant defects to be Er on Li site compensated by
lithium vacancies. Small amount of lithium vacancies �0.4%�
could significantly affect the defect chemistry when the
sample is converted to stoichiometric composition using
VTE under Li2O-rich conditions, which leads to a negligible
concentration of Er on Nb site.
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