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Film stress and microstructure evolution during the growth of a Ni bicrystal film are investigated by
molecular dynamics simulations. The nominal surface orientation of the growing film was �111� and the grain
boundaries are �79 symmetrical tilt grain boundaries. The growth mode is layer by layer; two-dimensional
�2D� islands nucleate on the surface, grow, and coalesce into complete layers. Grain-boundary migration near
the free surface is observed as boundaries are dragged by step edges of growing 2D islands. Simulations show
that the film stress-thickness product is compressive and oscillatory with a period that is approximately equal
to one monolayer. Adatoms are observed to incorporate into grain boundaries and exert compressive strain on
neighboring grains. Theoretical modeling demonstrates incorporated atoms are a primary source of the ob-
served compressive stress during growth and gives predictions in very good agreement with simulation results.
The oscillatory stress-thickness product is shown to be related to atoms diffusing into the grain boundary from
the surface and out of the grain boundary onto the surface.
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I. INTRODUCTION

Morphology evolution during Volmer-Weber �VW�
growth exhibits three distinct regimes: at the early stage,
isolated islands nucleate and grow. During the intermediate
stage, growing islands impinge on each other and form grain
boundaries �or fill channels, if islands are amorphous instead
of crystalline�. In the final stage of growth, a continuous
polycrystalline �or amorphous� film thickens. In situ wafer
curvature experiments1 measure substrate curvature during
growth and, from this, calculate the film stress-thickness
product or the film stress; such experiments show that the
film stress evolves in a similar manner for many different
materials undergoing VW growth.2–10 At the early stage �is-
land nucleation/growth�, compressive film stresses are ob-
served. As islands impinge upon each other, film stress be-
comes tensile. When the film becomes continuous, the film
stress can be either tensile or compressive depending on
atomic mobility. Tensile stress is commonly observed when
atomic mobility is low,2–4 whereas it is compressive when
the mobility is high.5–8 During the final stage of VW growth,
film stress changes are observed during growth interrupt ex-
periments wherein deposition is temporarily stopped and
then resumed. For high-mobility materials, growth interrup-
tion leads to the formation of large tensile stresses �or at
least, compressive stress relaxation�. When growth is re-
sumed, the film stress thickness quickly returns to the level
present before growth interrupt. For low-mobility materials,
growth interrupt has less influence on film stress. In this

paper, we focus on understanding stress generation mecha-
nisms for high-mobility materials.

There have been a number of mechanisms proposed to
explain these experimental observations. The effect of sur-
face stress on an island in mechanical equilibrium with the
substrate was proposed to explain the compressive film stress
generated during isolated island growth.11,12 Other arguments
invoke a combination of Laplace pressure and islands con-
strained to remain bound to the underlying substrate as a
mechanism for compressive stress evolution.13 The mecha-
nism driving tensile film stress evolution during island im-
pingement is generally well explained by the Hoffmann-Nix
model14,15 and models motivated by Hoffmann-Nix,16 which
propose that island impingement replaces high-energy sur-
faces with a low-energy grain boundary resulting in the for-
mation of tensile stress. Recent atomistic simulations results
of island coalescence stress suggested that the Hoffmann-Nix
model overestimates the spontaneous coalescence gap and
therefore significantly overestimates the island coalescence
stresses.17 On the other hand, mechanisms driving film stress
evolution during the final stage of VW growth �when con-
tinuous polycrystalline films thicken� are not as well under-
stood. Several mechanisms have been proposed. One model
advances that as polycrystalline films thicken, grains size
increases and therefore the lattice parameter of film atoms
inside grains should expand �reduction in grain-boundary
capillarity�. However, because the film is bound to the sub-
strate, the lattice parameter of the film cannot expand freely
introducing compressive stresses.13,18 This model is promis-
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ing for both the initial and final stages of VW growth. How-
ever, there exists no direct evidence demonstrating that the
lattice parameter of a film is locked during growth. In addi-
tion, this model cannot explain the observed tensile relax-
ation during growth interrupt. Another model considers the
surface stress decreases due to the presence of a high density
of surface defects such as surface steps, adatoms, etc.9,19,20

Though this model can explain growth stress generation and
tensile relaxation during interrupt, recent atomistic calcula-
tions suggest that effects of these surface defects on surface
stress are too small compared with magnitudes observed in
experiments.21

Chason et al.22 proposed a model for stress evolution
based on adatoms diffusing in and out of grain boundaries
during growth and interrupt, respectively. In this model, the
direction of adatom diffusion is determined by differences in
chemical potential between the film surface and grain bound-
aries. During growth, an atomic flux makes the chemical
potential of the growing surface higher than grain boundaries
�high density of adatoms or defects�, which is the driving
force for surface adatoms to diffuse into grain boundaries. As
adatoms diffuse into grain boundaries, they compress the
grains on both sides of the boundary, yielding an overall
compressive film stress. During growth interrupt, the sur-
faces heal, leading to a lower chemical potential on the sur-
face than in the grain boundaries which causes atoms to dif-
fuse back out from the grain boundaries onto the film
surface, relieving the compressive film stress. This model
can also explain tensile film stress during the late stage of
VW growth for low-mobility materials by considering the
competition between tensile stress generation �grain-
boundary formation� and compressive stress generation
�atomic diffusion between grain boundaries and growth
surface�.23 However, this model depends upon grain-
boundary diffusion, which, until recently,24 was considered
too slow compared with the time scale for stress relaxation in
experiments.25 Thus, another model assuming negligible
grain-boundary diffusion has been proposed.26 Nevertheless,
mechanisms leading to compressive film stress generation
during the final stage of VW growth of high-mobility mate-
rials are still unclear.

In our previous Letter,27 we discussed the relation be-
tween adatoms inserting inside grain boundaries and thin-
film stress. In this paper, we consider the mechanism for
compressive stress generation in much more detail, in order
to develop a deeper theoretical foundation. This is important,
given the controversy in the literature on the origins of the
development of compressive stress during film growth and
should aid in devising experiments that can confirm �or con-
tradict� theory. We also present observations of grain-
boundary migration driven by the advancement of surface
steps during film deposition. In the next section, we describe
the simulation methods employed. This is followed by a dis-
cussion of grain-boundary migration due to film growth.
Then, we present data for the evolution of the stress-
thickness product during simulated deposition. To elucidate
the source of compressive film stress the average displace-
ment field of the film and atomistic configuration of grain
boundary after deposition are presented. After we make the
quantitative connection between excess grain-boundary den-

sity and mean stress, we discuss in detail the driving forces
for adatom insertion into grain boundaries, the nature of dis-
crepancies between experiment and theory, and stress relax-
ation kinetics.

II. SIMULATION METHODS

To simulate growth of a polycrystalline film, we deposited
adatoms at random locations on the surface of a Ni bicrystal
film. The surface was intersected by two �79�111� symmet-
ric tilt grain boundaries with misorientation �=33.99 �as
shown in Fig. 1�; periodic boundary conditions were applied
along X and Y directions. Note that the system dimension in
Z was 18 nm but only part of this is rendered in Fig. 1.28 We
ran molecular dynamics at constant temperature �T=0.5Tm of
Ni that is, T=782.5 K� prior to deposition to relax the sys-
tem; all subsequent deposition simulations were run under
these same conditions but the thermostat algorithm was not
applied to the atom currently being deposited. The interac-
tion between the Ni atoms was simulated using the Voter-
Chen-type embedded atom method potential.29,30 Three
deposition simulations were performed: these are distin-
guished from one another by the grain size simulated, L, and
the effective deposition rate �the inverse of the time between
successive deposition events, �t�. The first simulation with
L=5.5 nm and �t=25 ps is system A; the second simulation
with L=11 nm and �t=50 ps is system B; the third simu-
lation with L=11 nm and �t=12 ps is system C. Note that
the first and third deposition simulations �i.e., systems A and
C� had the same deposition flux. For the 5.5 nm grain-size
case �system A�, the total deposited film thickness tf was
three monolayers �ML�, while for the 11 nm cases �systems
B and C� the total deposited film thickness tf was two mono-
layers. Our original Letter27 only considered system B.

The stress-thickness product was obtained from simula-
tions via a method described in Refs. 11 and 12. We calcu-
lated the difference in the average force in X across a series
of imaginary cutting planes normal along X before and after
deposition. That is, ��xxh= �Fx−Fx

0� /Ly, where ��xxh is the
change in stress-thickness product compared with the initial
continuous film �an absolute value of stress-thickness prod-
uct cannot be given since we do not begin with a singular,
pristine, clean substrate surface before deposition�, Fx�Fx

0� is
the force in X after �before� deposition and Ly is the simula-
tion cell width along Y.

III. SURFACE MORPHOLOGIES AND GRAIN-
BOUNDARIES MIGRATION

Figure 1 shows surface morphology evolution of systems
B and C. In Fig. 1, atoms are shaded according to their
centrosymmetry parameter31 and only atoms with centrosym-
metry greater than 6.0 are displayed �centrosymmetry equals
zero for atoms in an ideal, bulk FCC environment; larger
centrosymmetry parameter values indicate more significant
deviations from the ideal, bulk environment�. Atoms at grain
boundaries are colored dark gray while atoms on the surface
are light gray. From Fig. 1 it can be observed that growth is
layer by layer, which is due to significant atomic mobility on
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the �111� surface at the high simulation temperature. By
comparing Figs. 1�a� and 1�b� it can be seen that the surface
for system B is smoother �i.e., smaller step density� than
system C because higher deposition rate in the latter system
means adatoms have less time to sample the surface before
the next adatom arrives. As such, the probability for new
two-dimensional �2D� islands and steps to nucleate is higher
for increased deposition rate. Examination of Figs. 1�a� and
1�b� also shows that grain boundaries near the surface mi-
grate. As 2D-surface islands grow, island step edges drag
grain boundaries near the surface along with advancing step
edges. This observation is similar to what was seen experi-
mentally by Ling et al.32 and it shows a possible mechanism
for grain growth during polycrystalline film growth.

In our model, steps drag grain boundaries along with their
advance because a surface 2D island with a grain boundary
cutting through it has higher energy than an island with grain
boundary cutting through the island edges �i.e., it is energeti-
cally favorable for islands to remain “single-crystal”�. Thus,
grain boundaries are attracted to step edges and repelled by
step interiors; as a result, boundaries try to remain physically
near island-step edges and, as islands grow, grain boundaries
are dragged with advancing steps. However, there is also an
energetic penalty from bending initially straight grain bound-
aries. This is proportional to the boundary curvature and so
its magnitude, especially local to the surface, may become
significant for the degree of bending observed in simulations.
It should be noted that, during deposition, kinetic effects in
conjunction with the penalty for boundary bending can over-

ride thermodynamic effects such that we sometimes observe
islands with grain boundaries cutting through them.

IV. STRESS EVOLUTION

Figure 2 shows the change in stress-thickness product
��xxh as a function of deposited film thickness tf for systems
A, B, and C. Though there are oscillations in the stress-
thickness curves for all three simulations, the stress thickness

FIG. 1. Images of the atomic structure of the simulation cell during deposition simulations on L=11 nm grain systems for varying
coverage. Only surface atoms �colored in light gray� and grain-boundary atoms �dark gray� are presented �a� relaxation time �t=50 ps
�system B�; �b� relaxation time �t=12 ps �system C�. Axes below show the coordinate system of the simulations.

FIG. 2. �Color online� The change in film stress-thickness prod-
uct ��xxh with respect to the deposited film thickness tf. This figure
is Fig. 2 in Ref. 27.
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is negative �i.e., compressive film stress�; this is consistent
with wafer curvature experiment results for high-mobility
materials. Further examination of the stress-thickness curves
shows oscillations have a periodicity roughly equal to one
monolayer; as discussed further below, this is related to the
layer-by-layer growth mode in our simulations. To compare
the magnitude of the compressive film stress obtained in the
present study with experiments, the incremental film stress
�the derivative of the stress-thickness curve� �xx

inc, can be
written approximately as �xx

inc����xxh�tf =2.0 ML�
−��xxh�tf =1.0 ML�� /�tf. Using this approximate incre-

mental stress for all three simulations we find �xx
inc�

−3.14 GPa in system A, �xx
inc�−3.23 GPa in system B, and

�xx
inc�−3.11 GPa in system C. Comparing systems B and C,

we see that slower deposition rates yield larger compressive
stresses, which is consistent with experimental observations.
Incremental film stress observed in the present study
�−3 GPa� is much larger than observed in experiments �less
than −1 GPa�. We attribute this to differences in surface
growth morphologies between our simulations and real ex-
periments and address this further below.

To elucidate the source of compressive film stress, the
average displacement field of film atoms between tf =0.09
and tf =0 ML was calculated. Results are shown for system B
in Fig. 3 wherein one can see that both grains are under
compression near the surface. The grain boundary on the
right of Fig. 3 exerts significant compressive strain on neigh-
boring grains, while the grain boundary on the left exerts a
relatively smaller compressive strain. Effects of strain are
mainly localized to atomic layers near the free surface. The
displacement field suggests the possibility that adatoms in-
corporating into grain boundaries produce compression ob-
served in Figs. 2 and 3. To address this, atomistic configura-
tions of the subsurface atomic layer of the right grain
boundary shown in Figs. 1�a� and 3 are shown in Fig. 4.
White atoms show the configuration at tf =0 ML while gray
atoms show tf =0.09 ML. Figure 4 shows that extra atoms are
inside the grain boundary �extra atoms—atoms not part of
the perfect crystal—are highlighted by circles and ovals�.
Furthermore, the displacement of atoms outside the grain
boundary clearly demonstrates both grains are subjected to
compressive strain due to the incorporation of these extra
atoms.

V. GRAIN-BOUNDARY ATOM INCORPORATION

To quantitatively assess atom incorporation into grain
boundaries, the number of atoms along the thickness of the
film was computed by counting the number of atoms per
�111� atomic layer, N, as a function of depth from the sur-
face, D. Figures 5�a�–5�c� show results of these analyses for
all three simulation conditions at different tf; in all figures
the distribution at tf =0 ML, N0�D�, is also plotted for com-
parison. Note that D=0 corresponds to the free-surface po-
sition; growing surface-layer atoms are excluded from this
analysis. Figures 5�a�–5�c� show that near the surface there
are excess atoms compared with the perfect crystal �i.e., prior
to deposition�. This is further evidence of adatom incorpora-
tion into grain boundaries since we almost never observe
bulk self-interstitials in our simulations. By comparing dis-
tributions between tf =0.64 and 0.85 ML in Figs. 5�b� and
5�c� and between tf =0.14 and 0.72 ML in Fig. 5�a�, one can
see that the number of atoms incorporated into grain bound-
aries decreases. That is, during deposition some atoms that
have incorporated into grain boundaries escape back to the
surface. By comparing these figures with Fig. 2 it can be
seen that stress thickness becomes less compressive when the
number of extra atoms incorporated within grain boundaries
decreases. Figures 5�a�–5�c� show the penetration depth of
the extra atoms is about 10 Å for system A, while extra

FIG. 3. The average displacement field of atoms in a tf =0.09
ML film relative to that at tf =0 ML. Each vector represents the
average atomic displacement within a cell of size 4�Ly �4 Å3 �Ly

is the cell length along Y�. Two arrows, below, highlight the grain-
boundaries locations.

FIG. 4. A view of the atom positions �along Z� one layer below
the surface in the vicinity of the grain boundary shown on the right
in Fig. 3; atoms are rendered for tf =0 ML �white� and tf =0.09 ML
�gray�. Regions with extra atoms are highlighted with black circles
and ovals.
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atoms penetrate 25 Å for system B and 20 Å for system C.
It is worth noting that significant compressive stress is ob-
served though extra atoms only penetrate into grain bound-
aries to a relatively small depth.

For a given tf, we compute the total number of extra at-
oms incorporated into grain boundaries by integrating the
difference between N�D� and N0�D�; that is, NX=�D�N�D�
−N0�D��, where NX is the total number of extra atoms inside
the film. As mentioned above, bulk self-interstitials are rarely
observed in our simulations so we attribute all NX atoms to
grain-boundary incorporation. Figure 6 shows NX as a func-
tion of tf for all three simulations. This figure shows that NX
gradually increases though oscillations are observed, empha-
sizing that incorporated atoms sometimes migrate back to the
surface. By comparing Figs. 2 and 6 one can note an appar-
ent inverse relation between ��xxh and NX. We explore this
further in the following section.

VI. RELATION BETWEEN STRESS EVOLUTION AND
ATOM INCORPORATION

The simulation data above show that there is an inverse
correlation between ��xxh and NX. The stress associated
with the extra atoms inside the grain boundaries can be ap-
proximated as

�xx � − E
a − d

L + d
NX� �a2

4

2hLy
	 , �1�

where E is the elastic �Young’s� modulus, d is the “width” of
the grain boundary, L is the grain size, a is the diameter of an
atom, and Ly is the simulation cell size in the Y direction.
Note that d is related to the free volume of a grain boundary
via v=Lyhd and therefore is a characteristic of the grain-
boundary type; simulations and experiments routinely show
that d is a fraction of a. In Eq. �1�, �a−d� / �L+d� is the strain
that would result from insertion of a complete monolayer of
adatoms in each grain boundary. The term inside the bracket

FIG. 5. Distribution of the number of atoms N along the thick-
ness of the film for systems A, B, and C with respect to depth from
the free-surface D. Note D=0 refers to the free surface. �a� system
A with tf =0, 0.14, and 0.72 ML; �b� system B with tf =0, 0.64, and
0.89 ML; �c� system C with tf =0, 0.64, and 0.89 ML. Figure 5�b� is
modified from Fig. 3a in Ref. 27.

FIG. 6. �Color online� Number of extra atoms inside the film
�i.e., at the grain boundaries� NX vs deposited film thickness tf for
all three simulations. This figure is Fig. 3b in Ref. 27.
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on the right hand side is the fraction of grain-boundary area
occupied by one incorporated atom. Thus, the part of the
expression to the right of E in Eq. �1� is approximately the
strain produced in the film associated with inserting a frac-
tional monolayer of adatoms in each grain boundary. Assum-
ing L�d, we can simplify this equation as

�xx � − E

a
1 −
d

a
�

L
NX
 �a2

8hLy
� . �2�

Thus, we have the stress-thickness product

�xxh � − E

�a3
1 −
d

a
�

4LxLy
NX. �3�

Note that 2L=Lx, where Lx is the simulation cell length along
the X direction. In Eq. �3� the parameter ���1−d /a�� /4 is the
same as the geometrical parameter 	 in the grain-boundary
insertion model.22 Thus, we can interpret 	 as a parameter
that is inversely related to the free volume of a grain bound-
ary. Smaller grain boundary free volume means smaller
width d and therefore higher 	. From Eq. �3� it can be seen
that the stress-thickness product is a linear function of NX
with slope −E�a3�1−d /a� /4LxLy. In addition, for a given
grain-size L the slope will be the same regardless of deposi-
tion rate. Conversely, for a given NX, smaller grain sizes will
yield larger compressive film stresses. Figure 7 shows the
stress-thickness product as a function of NX from simula-
tions. Consistent with the prediction in Eq. �3�, the stress-
thickness product is a linear function of NX. Similarly, data
for systems B and C show that deposition rate does not
affect the slope whereas smaller grain size in system A �L
=5.5 nm� gives a larger slope than systems B and C �L
=11 nm�.

Equation �3� can be further simplified by introducing the
quantity 
X=NX /LxLy, which has the physical meaning of the
density of extra atoms per unit film-surface area. Therefore
Eq. �3� can be rewritten as

�xxh � − E
�a3

4

1 −

d

a
�
X. �4�

This shows that the stress-thickness product should be a lin-
ear function of 
X, regardless of grain size and deposition
rate. To verify this prediction, we plot the stress-thickness
product ��xxh as a function of 
X for the three simulations in
Fig. 8 from which it can be seen that data from all three
simulations collapse onto a single line verifying the predic-
tion in Eq. �4�.

We further explore quantitative effects of atom incorpora-
tion by solving Eq. �4� using relevant system parameters.
From separate atomistic simulations, our model gives a
=2.51 Å and E=191.6 GPa. To estimate �1−d /a�, we need
the grain boundary-width d obtained from the grain-
boundary free volume v=dLyh. To compute v, we compare
the volume at zero pressure for a system containing grain
boundaries �but no free surfaces� to the volume of the same
number of atoms but in an ideal bulk face-centered cubic
�FCC� crystal. In this fashion, d obtained is 0.31 Å. With
these quantities, the theoretical model predicts a slope for
data in Fig. 8 of −2099 GPa-Å3; this compares to a best-fit
slope for data in Fig. 8 of −1817 GPa-Å3. The prediction of
the theoretical model is 16% greater than the best fit to data;
given the simplistic approximations made for the strain act-
ing on the grains, this is very good agreement. Thus, we have
found a quantitative connection between extra atoms incor-
porated into grain boundaries and the development of signifi-
cant compressive film stress evolution.

VII. DISCUSSION

We return to the oscillatory behavior in the number of
extra atoms incorporated at grain boundaries, NX �i.e., extra
atoms entering and exiting grain boundaries�. This behavior
is directly related to the oscillatory feature of the stress-
thickness product so it is of interest to more thoroughly un-
derstand why atoms that diffused from the surface into the
grain boundary periodically escape from the grain bound-

FIG. 7. �Color online� ��xxh vs NX for all three simulations. FIG. 8. �Color online� ��xxh vs the density of extra atoms in-
side the film 
X for all three simulations. This figure is Fig. 4 in Ref.
27.
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aries and go back to the surface. We can understand this
phenomenon by considering the chemical potentials of the
grain boundary and the surface. More specifically, we con-
sider the chemical potential for atoms on the edge of a 2D
island on the surface �i, which can be written as �assuming a
circular island�

�i = �i
0 +

�i

R
, �5�

where �i
0 is the chemical potential of atoms on a flat surface,

�i is the surface energy of the edge of the 2D island,  is the
atomic volume, and R is the island radius. The chemical
potential expression in Eq. �5� is for surface under thermal
equilibrium. However, since the temperature of our simula-
tion is very high, it is easy for the system to reach equilib-
rium configurations and therefore Eq. �5� is a reasonable ap-
proximation. From this it can be seen that the chemical
potential of atoms in a 2D island decreases as the island
grows. The chemical potential of extra atoms in a grain
boundary can be written as

�gb = �gb
0 − �xx = �gb

0 + E

�a3
1 −
d

a
�

8LLyh
NX, �6�

where �gb
0 is the chemical potential of atoms inside the grain

boundary without straining neighboring grains and  refers
to the atomic volume of the extra atom. We can see �gb
increases with NX. Note that �i

0��gb
0 is often satisfied be-

cause atoms at the surface have fewer neighbors than inside
grain boundaries.

Consider, for example, the earliest stage of deposition
when the islands on the surface are very small �initially
single adatoms�. In this case, the chemical potential of island
atoms will be very large and likely much larger than atoms at
the grain boundary, i.e., �i��gb. Therefore, adatoms will
diffuse into grain boundaries. However, as NX increases �gb
also increases due to increasing strain energy. As the size of
the 2D islands on the surface grow, �i gets smaller �in fact, if
islands impinge upon one another and atoms attach to the
edges of holes in the nearly continuous surface layer, �i
��i

0 since R is effectively negative�. Thus, at some point,
when enough adatoms enter the boundary and/or the island
grows large enough, the situation reverses and �i��gb, such
that atoms will diffuse from the grain boundary back to the
surface and attach to surface islands. The chemical potential
on the surface is a minimum when the surface layer is nearly
complete �assuming layer-by-layer growth�. This means that
the number of atoms in the grain boundary and the compres-
sive stress in the grains should be a minimum near integer
values of tf. This is consistent with the observed minima in
the Nx oscillations in Fig. 6 that occurs when atomic layers
are nearly full �integer values of tf�.

The incremental film stress �xx
inc measured in the present

simulations is at least three times larger than those measured
in physical deposition experiments. This discrepancy may be
related to the idealized surface morphologies in the simula-

tions. To demonstrate this, take the derivative of both sides
of Eq. �4� with respect to film thickness. This yields an ex-
pression for the incremental film stress �xx

inc

�xx
inc =

d�xxh

dtf
= − E

�a3

4

1 −

d

a
�d
X

dtf
. �7�

Thus incremental film stress is directly proportional to the
rate of incorporation of extra atoms into grain boundaries
d
X /dtf. Any effects due to grain size and deposition rate are
captured by d
X /dtf; therefore, this expression should be
suitable for any growth condition. Surface steps are a sink
for surface adatoms. Thus higher surface-step density means
adatoms are less likely to find grain boundaries before being
“trapped” by a step. This means a lower rate of incorporation
and smaller incremental film stress as was seen upon com-
paring systems B and C in Figs. 1 and 6. Comparison of
system B and C morphologies can be extended to more re-
alistic polycrystalline film growth. In this case, the surface
has a much higher step density �e.g., a “wedding cake”
morphology�33 than seen in the simulations. Thus, it is much
less likely that adatoms will find a grain boundary before
attaching to a step under more realistic growth conditions.
The resulting smaller rate of incorporation gives significantly
lower incremental film stress in experiments.

In the literature associated with the development of re-
sidual stress in thin films, a distinction has been drawn be-
tween two generic types of stress evolution behavior. Low
adatom mobility film growth results only in the development
of tensile stress,2–4 with no stress relaxation during growth
interrupts. High adatom mobility film growth results in the
development of compressive stress in the fully coalesced
film �after the initial net tension due to coalescence�,5–8 with
relaxation of the compression observed during interrupts. For
example, Fe grown at room temperature in ultrahigh vacuum
exhibits low-mobility behavior, while Fe grown at 300 °C
exhibits high-mobility behavior.18 Within the context of the
Chason model22 and our simulations, low mobility implies
conditions of deposition rate and temperature where grain-
boundary diffusion is suppressed and where limited surface
diffusion leads to significant increases in the surface step
density. Both effects reduce incorporation of excess atoms in
grain boundaries, preventing the development of compres-
sive stress under these conditions. In the simulations reported
here, the enormous deposition rates used in molecular dy-
namics are offset by the elevated deposition temperature, so
that the Ni films grow under high mobility conditions as
demonstrated by the ability of the surface to remain rela-
tively smooth after deposition.

If adatom incorporation into grain boundaries is indeed
the operative mechanism during polycrystalline film growth,
then it should also play a role during compressive stress re-
laxation during growth interrupt experiments. During steady
state compressive stress evolution in VW growth, each layer
of deposited material should have a steady state density of
incorporated atoms 
X. Though local variations in 
X may
exist across the surface �e.g., for different types of grain
boundaries�, the average 
X should directly correspond to the
observed incremental compressive stress. According to the
mechanism proposed by Chason et al., compressive film
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stress relaxation during growth interrupt is due to extra at-
oms at grain boundaries diffusing back to the surface and
thereby relaxing compressive stress acting on neighboring
grains.22 A primary criticism of this mechanism is that grain-
boundary diffusion is not fast enough to explain the time
scale of relaxation observed in experiments. In order to ex-
plore this with atomic scale simulations, an appropriate start-
ing state and time scale must be considered. The appropriate
starting state for a growth interrupt simulation is one where
grain boundaries are populated, all along the film thickness,
with a steady state 
X, corresponding to the steady state com-
pressive stress. This is different from current simulations
where a significant percentage of the grain-boundary area is
unoccupied �unstrained�. Furthermore, though relaxation is
observed on a time scale that is considered “fast” to experi-
ments �seconds to minutes�, it is sufficiently slow to greatly
challenge time scale constraints for molecular dynamics
simulations. We verified these notions by performing relax-
ation �or interrupt� simulations on system A for several dif-
ferent tf �i.e., magnitudes of 
X and compressive stress� with
relaxation time up to 10 ns and saw no notable change in the
system. Though current resources permit us to study an order
of magnitude longer simulation time, we refrain due to an
improper starting state. Instead we consider Figs. 5�a�–5�c�,
which show extra atoms diffuse 20–30 Å into grain bound-
aries during simulations of order tens of ns. Also, data in Fig.
8 demonstrate that modest decreases in 
X produce signifi-
cant reduction in compressive stress; thus, it must be ac-
knowledged that some portion of the incorporated atoms
may remain in grain boundaries after compressive relaxation
is complete. Further insight can be obtained by considering
recent calculations demonstrating that the formation energy
for self-interstitials at metal grain boundaries is significantly
reduced from bulk values such that, in many cases, it is less
than the formation energy for a single atom on the
surface.24,34 If a source of interstitials exists �say, from sur-
face deposition onto a growing grain boundary�, then the
energy calculations in Refs. 24 and 34 highlight that an equi-
librium composition of “thermal interstitials” may exist in
grain boundaries, after deposition is halted and any relax-
ation is complete. Data in Refs. 24 and 34 also illustrate how
self-interstitials at grain boundaries exhibit fairly large diffu-
sivities including complex multiple atom �i.e., collective�
jump mechanisms. Thus, these calculations might provide
guidance for understanding atomic migration along grain
boundaries during growth interrupt. Because the grain
boundary is populated with incorporated atoms prior to in-
terrupt, collective diffusion mechanisms may be operative
and provide rapid atomic depletion over long segments of the
grain boundary. Depletion need not be complete, though, so

these same collective atomic transport mechanisms provide
for rapid repopulation of the grain boundary �and, therefore,
resumption of stress level� upon continuation of growth.

Finally, recently there was a continuum model of the
stress and island shape evolution during Volmer-Weber
growth processes.35 Almost all parameters used in this
model, including the parameters required for the cohesive
law employed,36 can be obtained from separate atomistic
scale calculations.17,34 This opens a new door of bridging
atomistic scale simulations and continuum level modeling
and can provide valuable insights of the nature of stress evo-
lution during Volmer-Weber growth.

VIII. CONCLUSION

We performed molecular dynamics simulations of the
deposition of Ni atoms onto the surface of a Ni bicrystal
containing a pair of �79 symmetric tilt grain boundaries. We
observed grain-boundary migration near the free surface and
this motion was coupled to the advance of step edges/growth
of 2D-surface islands. This new mechanism for grain growth
during polycrystalline film growth is supported by recent ex-
perimental observations �Ling et al.32�. Consistent with ex-
periments that measure in situ film growth stress, the stress-
thickness product was compressive in all simulations.
However, unlike in experiments where the stress-thickness
product decreases monotonically during postcontinuous film
growth, the simulation showed superimposed oscillations in
the stress-thickness product with a period that was roughly
equal to one monolayer. This discrepancy was shown to be
associated with the near perfect layer-by-layer growth in our
simulations, as compared to in polycrystalline film growth
experiments, where step density is much higher. Compres-
sive stress in the simulations was shown to be the result of
the incorporation of “extra” atoms into grain boundaries dur-
ing growth. Guided by simulation observations, we formu-
lated a theoretical model in which the stress-thickness prod-
uct is a linear function of 
X, the density of extra atoms
incorporated. Our study confirms the grain-boundary inser-
tion mechanism proposed by Chason et al. and provides ad-
ditional insight into how the structure of a grain boundary—
via its free volume—influences stress generated from atom
incorporation. We also highlighted related calculations in
Refs. 24 and 34 that indicate collective diffusive mechanisms
may provide for rapid atomic depletion and repopulation of
grain boundaries during growth interrupt and resumption.
Thus, strong evidence is presented that extra atoms incorpo-
rating into grain boundaries is a primary mechanism leading
to compressive film stress evolution during continuous poly-
crystalline film growth.
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