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We study the properties of �Al,In�N layers and �Al,In�N/GaN heterostructures grown on 6H-SiC�0001� by
plasma-assisted molecular beam epitaxy. The �Al,In�N films are deposited on a GaN buffer layer. A growth
temperature of 500 °C and above results in low In contents which give rise to cracks due to the large tensile
strain experienced from the underlying GaN buffer layer. In addition, these layers exhibit strong phase sepa-
ration leading to inhomogeneous In composition and rough surfaces. In contrast, samples with homogeneous
and well-controlled In-contents between 10%–30% are reproducibly obtained in the temperature range of
250–350 °C. Surprisingly, nominally lattice-matched layers with an In content of 17%–18% also exhibit
cracks. Symmetric �−2� x-ray diffraction scans and reciprocal space maps reveal the presence of a strain
gradient in these layers despite the apparently lattice-matched conditions. Transmission electron microscopy
indicates that these cracks are the result of tensile stresses induced by crystallite coalescence and grain-
boundary formation. This mechanism can be counteracted by augmenting the adatom mobility through increas-
ing the growth temperature and the N flux. However, phase separation sets an upper limit on the growth
temperature and a moderate increase to 350–400 °C is sufficient to obtain crack-free and homogeneous
�Al,In�N layers. The results of our growth experiments lead to a phase diagram which shows the optimum
growth window for �Al,In�N layers. By choosing the growth conditions within this window, we are able to
obtain crack-free Al0.82In0.18N /GaN multilayers with abrupt interfaces.
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I. INTRODUCTION

Nitride-based materials have become the cornerstone for
the production of light emitting diodes �LEDs� and laser di-
odes emitting in the blue-violet wavelength range. These de-
vices are based on heterostructures made of �In,Ga�N and
�Al,Ga�N compounds. The large lattice mismatch between
�In,Ga�N and �Al,Ga�N inevitably lead to the formation of
defects at the interfaces between the different compounds.
Defects have a detrimental impact on the electrical and op-
tical properties of the materials. The situation is worsened by
the lack of commercially available single-crystal nitride sub-
strates. In addition, careful strain management is needed in
order to avoid strain related effects and crack formation. In-
terestingly, epitaxial �Al,In�N films containing 18% In are
lattice matched to GaN. Despite this highly desirable prop-
erty there exist only a few reports on the growth of this
material system. The reason is that the large miscibility gap
between AlN and InN makes the growth of this ternary com-
pound very difficult. It is well-known that �In,Ga�N is prone
to spinodal decomposition due to the large miscibility gap
between InN and GaN.1 This tendency is even more pro-
nounced for �Al,In�N. In fact, it has been predicted2 that in
the group InN–GaN, AlN–GaN, and AlN–InN the largest
miscibility gap occurs for �Al,In�N.

Recently, using metal-organic chemical vapor deposition
�MOCVD�, successful growth of both crack-free Bragg re-
flectors of high reflectance and fully epitaxially grown mi-
crocavities with a Q factor of 800 have been demonstrated
by Carlin and Dorsaz and coworkers.3–6 It should be noted
that Bragg reflectors based on other nitride compounds such
as �Al,Ga�N are notoriously difficult to synthesize due to
crack formation caused by the strain accumulation that is

induced by the large lattice mismatch between the materials.
An immediate application of lattice matched and therefore
crack-free Al0.82In0.18N /GaN Bragg reflectors would be to
enhance the light extraction of short-wavelength LEDs by
introducing a resonant-cavity structure into the LEDs. It has
been predicted that �Al,In�N/GaN heterostructures possess
very favorable properties for field-effect transistors �FETs�.7
A number of groups have grown �Al,In�N/GaN FET struc-
tures employing MOCVD �Refs. 8 and 9� and plasma-
assisted molecular beam epitaxy �PAMBE�.10 �Al,In�N has
also been grown by sputtering techniques.11,12 However, to
this date, there are no comprehensive reports focused on the
details of the growth of �Al,In�N layers and heterostructures.

In this work, we present a study on the growth and
properties of �Al,In�N layers grown by PAMBE on
6H-SiC�0001�. The corresponding PAMBE growth condi-
tions for AlN and InN are very different. High-quality AlN
layers are obtained at a high growth temperature
��800 °C� and under Al-stable conditions.13 For In-face
InN, a low growth temperature is required since InN decom-
poses at 500–550 °C.14 In addition, In-stable growth condi-
tions lead to layers containing metallic In inclusions.14 Based
on the results of our �Al,In�N growth experiments, we could
construct a phase diagram from which we identified an opti-
mum growth window for �Al,In�N. Using the growth condi-
tions derived from this growth window we were able to grow
smooth and crack-free �Al,In�N layers with a homogeneous
In content. Choosing the same optimum conditions we also
synthesized Al0.82In0.18N /GaN multilayers.

A combination of transmission electron microscopy
�TEM�, x-ray diffraction �XRD�, atomic force microscopy
�AFM�, and differential interference-contrast �DIC� optical
microscopy revealed that crack formation can occur in spite
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of apparently lattice-matched conditions. The cause of this
crack formation is crystallite coalescence and grain-boundary
formation as proposed by Nix and Clemens.15

II. EXPERIMENT

The growth experiments were conducted in a custom-built
three-chamber molecular beam epitaxy �MBE� system made
by Createc™. The system is equipped with solid source ef-
fusion cells for Al, Ga, and In, a water-cooled rf nitrogen
plasma source �SVTA™� for producing active N, and a re-
flectance high-energy electron diffraction �RHEED� gun op-
erated at 20 keV for monitoring the growth front. The system
has a base pressure of 5�10−11 Torr. We use 6N N2 gas as
a precursor which is further purified to 5 ppb by a getter
filter. All samples are continuously rotated during growth.

Conducting n-type �10−3 � cm� 6H-SiC�0001� epi-ready
wafers �produced by Cree™ and polished by NovaSiC™�
are used as substrates. The mounting procedure is performed
in ambient and therefore suboxides form on the SiC surface.
These suboxides are effectively removed by an in situ Ga-
polishing or Ga flash-off procedure.16 It is well-known that
the bare SiC surface prior to the Ga flash-off procedure pro-
duces a 1�1 RHEED pattern. An abrupt transition from the
1�1 RHEED pattern to a sharp 3�1 RHEED pattern is
observed once the surface is free of suboxides. This 3�1
RHEED pattern occurs at 720 °C and corresponds to a Si-
induced surface reconstruction.17 The transition was used as
an in situ temperature calibration of the substrate tempera-
ture before each individual growth run. Occasionally, as in-
dependent calibration methods, the temperature is calibrated
by pyrometry and visual observation of the melting point of
Al �660 °C�. In the latter case, the Al is deposited at a
growth temperature which is below its melting point. The Al
layer grows in a crystalline manner and thus it gives rise to a
distinct transmission RHEED pattern. The temperature is in-
creased and once it reaches the melting point of Al the film
melts and the RHEED pattern disappears reflecting the amor-
phous state of the Al melt. The same procedure has been
performed with In, which melts at 157 °C, thus serving as a
low-temperature calibration point.

GaN buffer layers were grown on 6H-SiC substrates at
750 °C under Ga-stable conditions which yield excellent re-
sults in terms of surface morphology, crystal quality, and
electrical and optical properties.16,18–20 Using these Ga-stable
conditions, the desorption and the absorption of Ga on the
growing surface balance each other thereby forming a Ga
bilayer on the surface. The bilayer is stable under steady-
state conditions and promotes the mobility of the Ga adatoms
yielding very smooth films. The operating power of the ni-
trogen plasma source was 300 W and the N2 flux was set to
1 cubic centimeter per minute at standard temperature and
pressure �sccm�. These conditions gave a GaN growth rate of
400–450 nm/h. All samples have a buffer layer thickness of
200–225 nm. A streaky 1�1 RHEED pattern during the en-
tire GaN growth run evidenced two-dimensional growth and
a smooth surface. The structural properties of these GaN
buffer layers are described in detail in Ref. 21.

A Zeiss Axiotech™ DIC optical microscope with a maxi-
mum magnification of 1000� and fitted with a charge

coupled device camera was used to determine the presence
of droplets or remnants of droplets �“footprints”�, crystal-
lites, and cracks on the sample surface. AFM scans were
performed with a Veeco Dimension 3100™ atomic force mi-
croscope. The instrument was operated in tapping mode with
a Si cantilever. All AFM measurements were done under
ambient conditions. XRD measurements were performed
with a Philips X’Pert PRO™ four-circle triple-axis diffracto-
meter equipped with a CuK�1

��=0.154 056 2 nm� source in
the focus of a multilayer x-ray mirror and a Ge�022� hybrid
monochromator. Symmetric �-2� XRD measurements for
the �Al,In�N�0002� reflection were used to determine the In
content and the film thickness. We used XRD reciprocal
space maps �RSM� to determine the strain state of the
samples. The polar and azimuthal orientational spread �tilt
and twist� was examined by recording x-ray rocking curves
across the symmetric �0002� reflection and in skew geometry

across the �101̄2� reflection, respectively. A JEOL 3010™
TEM microscope operating at 300 kV was used to obtain the
TEM micrographs. Electron energy-loss spectroscopy
�EELS� gave information about the layers’ local composi-
tion. For reflectance measurements, a Filmetrics F20™ re-
flectometer was employed.

III. RESULTS

A. Nucleation and growth front

All �Al,In�N layers nucleated two-dimensionally on the
GaN buffer layer as evidenced by an initially streaky
RHEED pattern. The layers were grown under N-rich condi-
tions. After 2–3 min of growth �layer thickness=10 nm� a
transition from a perfectly streaky RHEED pattern to a pat-
tern with streaks having an undulated shape �modulated
streaks�, as shown in Fig. 1, occurred. From this point on, the
RHEED pattern remained essentially unchanged throughout
the growth. At the end of a growth run, the pattern was
usually slightly faceted with a facet angle of not more than
5°.

B. High temperature range—type I cracks

The employed growth parameters and the results of our
growth experiments are summarized in Fig. 2 which shows
the MBE phase diagram deduced from 100–500 nm thick
�Al,In�N layers with an In content varying between 10%–
30% grown at a rate of 200 nm/h �higher growth rates �400
nm/h� shifts the entire phase diagram rigidly upwards, but
gave generally poorer results�. Homogeneous and crack-free
samples were obtained only by choosing the growth param-
eters from the shaded area, as detailed below.

[1120]

(a) (b)

[1100]

FIG. 1. �Color online� Representative RHEED pattern observed
for �Al,In�N layers after 2–3 min of N-rich growth on GaN.
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The onset of phase separation lies in the 400–500 °C
region. All layers were grown on a GaN buffer layer. At a
temperature higher than 500 °C, the segregated InN starts to
decompose leaving In droplets on the surface. It becomes
increasingly more difficult to reach an In content of 17%–
18% which is required for lattice-matched conditions. Prac-
tically no In is incorporated at a temperature of 600 °C or
above. The low In content leads to crack formation �type 1
cracks� due to the tensile strain that the layer experiences
from the underlying GaN buffer layer. It should be noted that
�In,Ga�N layers of excellent quality were grown by our
group at this growth temperature �600 °C�.22

Figure 3 shows a DIC optical micrograph of a 160 nm
thick �Al,In�N sample grown at 660 °C under extremely
N-rich conditions �N flux=3 sccm�. In droplets of varying
size can be observed despite the extremely N-rich growth
conditions. Following the discussion above, these In droplets
are the result of phase-segregated InN that has decomposed.
The epitaxial film has thus a very low In content �Fig. 4� and
is therefore under a high tensile strain due to the GaN buffer.
This is the reason for the massive crack formation that is
observed in Fig. 3.

Figure 4 shows an �-2� XRD scan for the �Al,In�N�0002�
reflection of the sample which was grown at 660 °C. A weak
and broad Al0.92In0.08N reflection can be observed. The low
In-content layer experiences a large tensile strain from the
underlying GaN buffer layer. The result is a massive crack
formation as observed in Fig. 3. We can also see a crystalline
In-related reflection �−1.32° relative to SiC�0006�� which is
the consequence of phase segregation �Fig. 3�. The cause of
this In reflection is that temperature is high enough to de-
compose InN but not high enough to desorb the remaining In
residing on the surface. Under ambient conditions, In is crys-
talline and therefore gives rise to an In-related XRD reflec-
tion.

A cross-sectional TEM micrograph of a sample grown at
600 °C is shown in Fig. 5. Phase separation can be observed
in the form of 0.5–0.6 �m wide In-rich polycrystalline rem-
nants of In droplets.

The region between the droplets has a low and laterally
very inhomogeneous In content �6%–14%�, as revealed by
EELS measurements.

C. Low-temperature range—type 2 cracks

In order to avoid type 1 cracks and droplets, we drasti-
cally lowered the growth temperature down to 300–375 °C.
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FIG. 2. MBE phase diagram of 100–500 nm thick �Al,In�N
layers. The In content is 10%–30% in all regions except in the type
1 crack region which has an In content of 	8% region and in the
region where metallic In inclusions are observed. All layers were
grown on a GaN buffer layer under N-rich conditions. Homoge-
neous and crack-free samples were obtained only by choosing
growth conditions from the shaded area.
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FIG. 3. �Color online� DIC optical micrograph of a sample
grown at 660 °C under extremely N-rich conditions on a GaN
buffer layer. In droplets of varying size and a network of cracks are
visible.
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FIG. 5. Cross-sectional TEM micrograph of a sample grown at
600 °C. Large In-rich polycrystalline In-droplet remnants are ob-
served. The layer between the droplets has a low and very inhomo-
geneous In content.
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This action inhibits phase separation and increases the In
content in the �Al,In�N layers. As mentioned, the effect of
the low In-content in the samples grown at high temperatures
is that the underlying GaN buffer layer induces a high tensile
strain in the low In-content �Al,In�N layer. The high tensile
strain leads to crack formation.

Our samples grown in the 300–375 °C range have an In
content between 11% and 27%. The low growth temperature
allows a good control of the In incorporation and we there-
fore reproducibly obtain the desired In content of 18% re-
quired for lattice matching.

Figure 6 shows DIC optical micrographs of the surfaces
of three samples grown at 375 °C �a� and 300 °C ��b� and
�c��. We used a N flux of 2.0 sccm for all samples which are
140–200 nm thick. The In content is 26.6% in �a� and 18.5
and 17.5%, respectively, in �b� and �c�. The sample in �a�
should be under a strong compressive strain whereas the
samples in �b� and �c� should be very close to lattice-matched
conditions. We see that the surface morphology is similar in
all cases. A dense network of hairline cracks and less dense
large cracks are visible in all samples. We also observe re-
gions where the epitaxial film has detached completely from
the substrate surface. These very thin free standing regions
give rise to the optical interference fringes visible particu-
larly well in �a�.

Essentially, all films grown under similar low-temperature
conditions as the samples shown in Fig. 6 and with the In
content of 18% exhibit cracks. This is very surprising be-
cause layers under a slight compressive strain �0.20�xIn
�0.18� or under lattice-matched conditions �xIn=0.18�
should in principle not show any cracks. For this reason we
denote this type of cracks as type 2 cracks emphasizing that
their origin is different from that of the type 1 cracks. Note
that, as described earlier, the RHEED pattern remains essen-
tially unchanged after the first 2–3 min of growth. This indi-
cates that the cracks form during the earliest phase of the
growth run.

Figure 7 shows an �-2� XRD measurement across the
�Al,In�N�0002� reflection that is typical for all low-
temperature grown samples. The gray curve in Fig. 7�a� rep-
resents the experimental data from a 126 nm thick
Al0.73In0.27N layer and the black curve represents a fit to the
experimental data. We see that we can fit both the peak po-
sitions and the widths correctly. The simulated interference
fringes, though, have an intensity that is too low. We see also

that the shape of the simulated curve is different. An accept-
able fit can only be achieved by including a strain gradient
�Fig. 7�b��. Here, we assume that the layer is experiencing a
progressively larger tensile strain evolving 20 nm into the
layer from the GaN /Al0.73In0.27N interface. At a first glance,
this is expected since an In content of 27% yields an in-plane
lattice constant a that is larger than that of GaN and therefore
the layer relaxes. However, the same behavior is observed
even for samples that have the desired In content of 17%–
18% which is required for the layers to be lattice matched to
GaN. It should be emphasized that for these apparently
lattice-matched samples we have to assume that the strain
gradient is evolving from a strain-free lattice-matched state
at the GaN/�Al,In�N interface to a gradually larger tensile
strain. This is a seemingly paradoxical assumption because
there is, at first glance, no reason for a layer that is lattice
matched to the buffer layer to be under tensile strain. Nev-
ertheless, the RSM displayed in Fig. 8 unambiguously shows
that this is indeed the case.

Figure 8 depicts a RSM obtained from a 170 nm thick
�Al,In�N layer with an In content of 17%. It is therefore
nearly lattice matched to GaN. The contour plot shows that
there are two reflections related to the �Al,In�N layer. One of
these reflections �coherent �Al,In�N in Fig. 8� is on the same
horizontal position �white dashed line in Fig. 8� as that re-
lated to the GaN buffer layer. Because a shift in the horizon-
tal position in a RSM corresponds to a shift of the in-plane
lattice constant a we can conclude that the part of the
�Al,In�N layer closest to the GaN buffer layer has the same a
as GaN. It is thus coherent to the underlying GaN buffer
layer. The second reflection �strained �Al,In�N in Fig. 8� lies
to the left of the GaN reflection which means that the a value
is larger than that of GaN. We can immediately compare the

(a) (b) (c)

25 µm25 µm25 µm

FIG. 6. �Color online� DIC optical micrographs of the surfaces
of three samples grown at �a� 375 °C and ��b� and �c�� 300 °C. The
In contents are 26.6% in �a� and 18.5 and 17.5% in �b� and �c�,
respectively. A network of cracks is clearly visible for all samples.
Regions where the epitaxial film has completely detached from the
substrate surface give rise to the optical interference fringes visible
particularly well in �a�.
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in- a and out-of-plane c lattice constants for the two �Al,In�N
reflections because a vertical shift in a RSM directly corre-
sponds to a shift of c. The in- and out-of-plane lattice con-
stants are related through Poisson’s relations and Vegard’s
law. The results calculated from these relations should be
fairly consistent with the results from the RSM. However,
when using Vegard’s law, both with and without bowing,23

and Poisson’s relations, a large discrepancy is found when
compared to the results from the RSM.

We examined our low-temperature grown samples by
TEM in order to better understand the apparently contradict-
ing XRD results. Figure 9 shows a cross-sectional TEM mi-
crograph of a 145 nm thick Al0.79In0.21N sample grown at
300 °C with an N flux of 2.0 sccm. No phase separation can
be observed. In addition, EELS measurements, an example
of which is shown in Fig. 10, show that In has been incor-
porated homogeneously in the layer. TEM micrographs taken

with g=11̄00 as shown in Fig. 11 reveal that the layer ex-
hibits columnar growth as in the case of the high-temperature
sample. However, here the width of the columns is much
smaller ��20 nm�. Skew geometry XRD measurements re-
veal that the columns have a small tilt but a large twist �2°�.
High-resolution TEM micrographs of samples with an In
content of 16%–18% show, as expected, that no misfit dislo-
cations exist at the �Al,In�N/GaN interface. Despite of this
indication for lattice matching, the layer exhibits cracks as
indicated by the black arrows in Fig. 9.

Based on the results from the XRD and TEM measure-
ments, it will be shown in the following that the formation of

type 2 cracks can be explained by tensile stresses induced by
crystallite coalescence and grain-boundary formation as pro-
posed by Nix and Clemens.15

The low growth temperature and the high N flux results in
a nanocolumnar growth of �Al,In�N �Fig. 12�a��. These
�20 nm wide crystallites/columns have a small tilt but a
considerable twist of �2°. Columns with an In content of
16%–18% initially grow coherently �aGaN=a�Al,In�N� on the
GaN buffer layer. This means that there are no misfit dislo-
cations at the GaN/�Al,In�N interface, as demonstrated by
TEM. As the growth progresses, the column surfaces spon-
taneously start “snapping” together �Fig. 12�b�� thereby forc-
ing the columns to coalesce and to form �0001� tilt grain
boundaries. This occurs since the free energy of the formed
grain boundaries is lower than the free energy needed for
sustaining free column surfaces.

Following Nix and Clemens,15 the average tensile stress

avg generated by the coalescence process can be estimated
by


avg = ��1 + �

1 − �
�Y

�2�sv − �gb�
a

	1/2

, �1�

where Y, �, and a represent Young’s modulus, Poisson’s ra-
tio, and crystallite size �as shown in Fig. 12�a��, respectively.
The free energy of the crystallites surface and the grain
boundaries are denoted by �sv and �gb, respectively.

FIG. 8. �Color online� Reciprocal space map of a 170 nm thick
Al0.83In0.17N layer grown at 300 °C with a N flux of 2 sccm. Indi-
cated are the reflections corresponding to the SiC substrate, the
GaN buffer layer, and the coherent and strained Al0.83In0.17N.
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FIG. 9. Cross-sectional TEM micrograph of a 145 nm thick
Al0.793In0.207N sample grown at 300 °C with a N flux of 2.0 sccm.
The black arrows indicate cracks in the layer.
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FIG. 10. EELS spectrum of a 145 nm thick Al0.793In0.207N
sample grown at 300 °C with a N flux of 2.0 sccm.

FIG. 11. Cross-sectional TEM micrograph with g=11̄00 of a
145 nm thick Al0.83In0.17N sample grown at 350 °C with a N flux
of 2.0 sccm. The diffraction conditions are chosen to be sensitive to
dislocations with edge character.
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A column, which coalesces with surrounding columns,
faces a largely biaxial stress acting in the growth plane. This
situation is analogous to the in-plane stress due to epitaxial
growth of mismatched layers. In this case, the Poisson ratio
is given by

� = −
�




= 2
C13

C33
, �2�

and the Young modulus by

Y = C11 + C12 − 2
C13

2

C33
. �3�

Here, � and 
 denote the out-of-plane and in-plane
strain components and the Cij are components of the stiffness
tensor. Using the stiffness constants for AlN calculated in
Ref. 24, we arrive at �=0.368 and Y =511 GPa.

To the best of our knowledge, values for the surface and
grain-boundary energies are not available for AlN or InN.

For GaN, however, the surface energy of the �101̄0� prism
plane �the side face of the columns� has been calculated to be
1.76 J /m2.25 Furthermore, the energy of �0001� tilt grain
boundaries in GaN has been calculated in Ref. 26. For small
angles, the computed energies �gb have been shown to follow
isotropic elasticity theory:

�gb = E0����R�/b�coth��R�/b� − ln�2 sinh��R�/b��� ,

�4�

with E0=3.55 J /m2 and R=0.6b, where b is the magnitude
of the Burgers vector.26 For a tilt angle � equal to the mea-
sured twist between the columns �i.e., �=2°�, this equation
predicts �gb=0.375 J /m2. Finally, the crystallite and/or col-
umn dimension is 2a=40 nm as revealed by TEM.

Using Eq. �1� and the values given above, we obtain

avg=13.2 GPa. This considerable stress is comparable to
the in-plane stress 

 experienced by a thin AlN epitaxial
layer grown on GaN �

 =Y
 =12.6 GPa�. Note that AlN,

when exceeding a thickness of about 20 nm, cracks when
grown on GaN.

The coalescence process thus causes a gradual buildup of
elastic tensile strain in the growing columns despite the fact
that they are lattice matched or nearly lattice matched to
GaN. This gradual change of the lattice constants is what we
observe in our XRD measurements. The tensile strain can be
relaxed only if a sufficient number of adatoms is reaching the
grain boundaries. However, at the employed low temperature
and high N flux, the adatom mobility is low and the incom-
ing atoms are incorporated very close to their arrival point.
The tensile strain increases and at a certain thickness it be-
comes so high that the layer cracks.

D. Growth of crack-free (Al,In)N layers

The tensile stresses resulting from the crystallite coales-
cence process can be relaxed through incorporation of addi-
tional adatoms at the grain boundaries that are forming.
Therefore, the surface diffusion length of the arriving atoms
must be large enough to allow the atoms to reach the grain
boundaries. This can be achieved by increasing the growth
temperature, decreasing the N flux, and decreasing the
growth rate. These actions are, however, limited to a very
narrow window since an increase of the adatom mobility
promotes phase separation. Indeed, samples exhibit phase
separation and InN crystallite formation already at a growth
temperature as low as 450 °C. The metal-rich growth condi-
tions that are commonly used for the growth of many nitrides
to increase the adatom mobility cannot be used here because
they give rise to metal inclusions in the layer and, eventually,
they lead to a transition to polycrystalline growth. We ob-
tained homogeneous and crack-free layers with a thickness
of 600 nm by using the growth conditions from the shaded
area in Fig. 2 �using a growth rate of �200 nm /h�.

Figure 13 shows a DIC optical micrograph from the sur-
face of a crack-free 600 nm thick Al0.8In0.2N sample grown
at 400 °C with an N flux of 1 sccm. An �-2� XRD scan of
this sample is shown in Fig. 14. We achieve a good agree-
ment between simulation and experimental data without in-
cluding a strain gradient. Figure 15 displays the correspond-
ing RSM for this sample. The contour plot shows that there
is only one reflection related to the �Al,In�N film in contrast
to the two �Al,In�N peaks visible in the RSM obtained from

GaN
a

GaN
a

gb gbgb

(a)

(b)

6H-SiC substrate

6H-SiC substrate

(Al,In)N

(Al,In)N

FIG. 12. Crystallite coalescence and grain-boundary formation
process �after Ref. 15�. The initial stages of the growth is shown in
�a�. Here, the �Al,In�N crystallites and/or columns grow separately
on the GaN buffer layer. In �b� crystallite coalescence has occurred
forming a continuous film which is under tensile strain.

25 µm

FIG. 13. �Color online� DIC optical micrograph of a 600 nm
thick sample grown under growth conditions chosen from the
shaded area of Fig. 2. No cracks can be observed.
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the sample grown under nonoptimized conditions �Fig. 8�. In
Fig. 15 the Al0.8In0.2N reflection lies to the left of the GaN
reflection �marked by the white dashed line in the figure�
which means that a of this �Al,In�N layer is larger than that
of GaN. This is consistent with the In content of 20% which
is 3% more than the 17% required for obtaining lattice-
matched conditions.

IV. GROWTH OF (Al,In)N/GaN MULTILAYERS

A. Growth conditions

We were able to grow lattice-matched and therefore
crack-free Al0.82In0.18N /GaN multilayers by employing
growth conditions found in the shaded region in Fig. 2. As
mentioned, these growth conditions correspond to the opti-
mum growth conditions for our �Al,In�N layers. The
Al0.82In0.18N layers were grown at 400 °C with a N flux of 1
sccm yielding N-rich growth conditions with a growth rate of
��Al,In�N=200 nm /h. The Al and In shutters were closed and
the growth temperature was ramped to 650 °C prior to the
growth of the GaN layers. The N flux was kept at 1 sccm

which in this case gave Ga-stable growth conditions with a
growth rate of �GaN=400 nm /h. At the end of the GaN lay-
ers the growth temperature was again ramped down to
400 °C before the start of the next Al0.82In0.18N layer.

A RHEED pattern indicating shallow �	5°� facets on the
growth front was observed during the growth of the
Al0.82In0.18N layers. The facet-related RHEED pattern disap-
peared during the growth of the GaN layers indicating a
smoothening of the surface. The surface was exposed to the
plasma during the temperature ramping which took 5–6 min
in each direction �400→650 °C and 650→400 °C� but this
did not degrade the RHEED pattern.

B. Surface, interface, and structural properties

Figure 16�a� shows a DIC optical micrograph of the sur-
face of a 11 period Al0.82In0.18 /GaN multilayer. No cracks
can be observed. In Fig. 16�b� an AFM micrograph over a
1�1 �m2 area of the same sample is shown. The small
bright dots interspersed over the surface are the individual
columns. No atomic steps can be observed. The peak-to-
valley and the root-mean-square �rms� roughnesses are 5.2
and 0.53 nm, respectively. These values are independent of
the scan size and evidence a statistically smooth surface that
is fully acceptable for optical applications.

An �-2� XRD scan across the GaN�0002� reflection of
this sample is shown in Fig. 17. A large number of clearly
resolved satellites are observed indicating a well defined pe-
riodicity and abrupt interfaces. By measuring the angular
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FIG. 14. XRD �-2� scan across the GaN�0002� reflection of the
sample shown in Fig. 13. No strain gradient was needed to fit �black
line� the experimental data �gray line�.

FIG. 15. �Color online� Reciprocal space map of the sample
shown in Fig. 13. Indicated are the reflections corresponding to the
SiC substrate, the GaN buffer layer, and the Al0.8In0.2N film.

1 µm

5 nm

(b)

20 µm

(a)

FIG. 16. �Color online� �a� DIC optical micrograph of the sur-
face of a sample consisting of 11 periods of Al0.82In0.18N /GaN. No
cracks are observed. �b� AFM micrograph of the surface of this
sample. The small bright dots interspersed over the surface are the
individual columns. Peak-to-valley and rms roughnesses are 5.2 and
0.53 nm, respectively.
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FIG. 17. XRD �-2� scan across the GaN�0002� reflection of the
sample of Fig. 16. A large number of clearly resolved satellites are
observed indicating a well defined periodicity and abrupt interfaces.
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separation �� between the satellites we can determine the
period P through

P =
�

2�� cos �B
, �5�

where the � is the wavelength of the x-rays �0.154,056,2 nm�
and �B is the Bragg angle for GaN �17.2860°�. An average
��=0.049 gives a period of 94 nm.

Homogeneous and abrupt interfaces are directly visual-
ized in Fig. 18 which shows a cross-sectional TEM bright-
field micrograph of a six period Al0.82In0.18N /GaN Bragg
reflector.

C. Optical properties

The individual GaN and �Al,In�N layer thicknesses of the
6 and 11 period samples have been chosen to correspond to
the � /4 thicknesses of Bragg reflectors with stop bands at
550 and 450 nm, respectively. Reflectance measurements of
these samples reveal a stop band situated very close to the
desired wavelengths, but also peak reflectances as low as
0.28 for six periods and 0.38 for 11 periods. These values are
significantly lower than those expected from simulations,
yielding a theoretical reflectance of 0.38 and 0.75, respec-
tively.

Since the structures exhibit smooth surfaces �Fig. 16� and
abrupt interfaces �Fig. 18�, interface roughness cannot be re-
sponsible for these low reflectances. We speculate that the
growth conditions, while providing smooth, microscopically
homogeneous, and crack-free structures, give rise to the for-
mation of a large number of point defects and/or a preferen-
tial incorporation of In at structural defects on submicro-
scopic scales �particularly at the grain boundaries� resulting
in strong residual absorption and scattering.

Transmittance measurements carried out for the present
structures remained inconclusive due to the absorption of
doped SiC substrates in the visible spectral range. Thus, the
transmittance measurements have to be done using structures

grown on truly transparent substrates. Furthermore, attempts
to detect a possible agglomeration of In using EELS were
unsuccessful; the layers appear to be homogeneous down to
the smallest length scale accessible to us �100 nm�.

V. CONCLUSION

One of the advantages with PAMBE compared to other
epitaxial growth techniques is the possibility to impose ki-
netic restrictions by lowering the growth temperature while
sustaining a high quality of the grown layers. Growth at
400 °C with gas-source MBE or MOCVD is virtually im-
possible because of the extremely low cracking efficiency of
ammonia at this low temperature. For example, the growth of
both In- and N-phase InN is dominated by PAMBE since this
binary requires a relatively low growth temperature.

It was therefore expected at the beginning of this �Al,In�N
growth study that PAMBE would be the preferred growth
method. However, as we have seen in the course of this
work, the low adatom mobility at the low growth tempera-
tures employed gave rise to crystallite coalescence and grain-
boundary formation. This effect introduces a tensile stress in
Al0.82In0.18N films despite the fact that Al0.82In0.18N is lattice
matched to GaN. The tensile stress increases with the layer
thickness and at a certain thickness the stress becomes so
high that the layer cracks. The stress can be relaxed by in-
creasing the adatom mobility which can be achieved by in-
creasing the growth temperature, decreasing the N flux, and
decreasing the growth rate. All these proposed actions are
limited to a very narrow range since an increase of the ada-
tom mobility promotes phase separation. Phase separation
and InN crystallite formation was seen in samples grown at a
temperature as low as 450 °C.

Based on our growth experiments we have constructed a
phase diagram which helped us identify a very narrow but
viable growth window for growing crack-free �Al,In�N lay-
ers. A growth temperature of 400 °C yielded homogeneous
and crack-free films with smooth surfaces. These conditions
were employed to grow lattice-matched Al0.82In0.18N /GaN
multilayers which were crack free and exhibited smooth sur-
face morphologies and abrupt interfaces. The observed re-
flectance of 0.4 is much lower than the expected reflectance
of �0.7. The cause for this finding might be residual absorp-
tion by point defects and/or scattering by In rich regions on a
submicroscopic scale. Further work is required to determine
the actual origin of this phenomenon and to identify possible
remedies.
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