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The interactions between edge dislocations and grain boundaries—dislocation pileup, dislocation absorption,
and dislocation transmission—are studied by performing quasicontinuum simulations. The �112� asymmetrical
tilt grain boundaries with different misorientation angles are used. The atomic configurations and stress fields
of equilibrium and nonequilibrium asymmetrical grain boundaries are investigated in detail by comparison
with analytical models. The influence of the grain boundary structure on the stress concentration due to
dislocation pileup and the accommodation of extrinsic dislocations in the grain boundaries are also examined
by using low- and high-angle grain boundaries. The critical forces on the dislocation in small-angle tilt grain
boundaries for it to eject from the boundaries are evaluated by atomic simulations, and the results are compared
with dislocation theory. It is also found that the rearrangement of the grain boundary dislocations with local
grain boundary sliding in the local region, where the extrinsic dislocation is absorbed, is the characteristic
accommodation mechanism of low-angle asymmetrical grain boundaries. The effects of the interaction be-
tween dislocations and grain boundaries on the mechanical properties of coarse-grained metals with dislocation
sources in their grain and on those of nanocrystalline metals without sources in their grain are also discussed.
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I. INTRODUCTIONS

Plastic deformation of polycrystalline metals at nonel-
evated temperatures occurs mainly due to the motion of dis-
locations. Therefore, the macroscopic mechanical properties
of these metals are strongly governed by the presence of
obstacles in the path of dislocation motion. The strongest
obstacle must be a grain boundary—the interface between
two crystal grains with different crystal orientations. In
coarse-grained metals, the influence of the grain boundary on
the mechanical properties can be described by the Hall-Petch
relationship:1,2 a plot of the yield stress �y against d−1/2 pro-
duces a constant slope ky. Generally, the Hall-Petch slope ky
could be a material-dependent value; however, it has been
reported that ky varies in the same material due to differences
in the grain boundary structure.3 On the other hand, as the
grain size decreases to 100 nm, the plot of �y against d−1/2

deviates from the original Hall-Petch slope, and the deforma-
tion flow stress exhibits a strong dependence on the tempera-
ture and strain rate.4,5 In such nanocrystalline metals,6 it is
difficult to maintain dislocation sources and form dislocation
cells or subgrains in nanograins; therefore, it can be pre-
sumed that the grain boundary becomes an important dislo-
cation source and sink. Consequently, in order to understand
the mechanical properties of polycrystalline metals, it is very
important to elucidate the phenomenon of the interaction be-
tween dislocations and the grain boundary—dislocation
pileup, dislocation absorption, and dislocation transmission.

A large number of investigative studies have been per-
formed on the interaction between dislocations and the grain
boundary by using analytical models7,8 for the accommoda-
tion of extrinsic dislocations in the grain boundary and trans-
mission electron microscopy observations9 of actual materi-
als. However, these methods are inadequate for determining
these interactions in detail. Previous studies either do not

consider the influence of the detailed grain boundary struc-
ture on the extrinsic dislocations in the delocalization10 and
dissociation11 models or treat only the grain boundaries ex-
pressed by the grain boundary dislocations in the incorpora-
tion model.12 The latter type of studies could not obtain a
series of high-resolution images on the atomic scale during
the interactions between dislocations and the grain boundary
or the accommodation of the extrinsic dislocations. Atomic
simulation is one of the powerful tools that can overcome the
shortcomings of the above-mentioned studies. This is be-
cause it can be used to directly treat the individual lattice
defects in a hypothetical material which are expressed by an
atomic potential. Accordingly, the relationship between the
internal structure and the mechanical properties of a material
can be explicitly examined by performing atomic simula-
tions. The effectiveness of this method has been confirmed
by important studies on the deformation mechanism and me-
chanical properties of nanocrystalline metals that contain a
large number of lattice defects.13–16 The relationship between
dislocations and the grain boundary has also been studied by
performing atomic simulations.17–20 However, it is notewor-
thy that an isolated dislocation exhibits long-range stress
fields, i.e., the stresses are inversely proportional to the dis-
tance from the dislocation core.21 Hence, we require a large-
scale atomic model to circumvent the artificial effect due to
the boundary condition on the dislocation motion.

The quasicontinuum �QC� method, first proposed by Tad-
mor et al.,22 is a concurrent multiscale method that couples
atomistic and continuum descriptions. Therefore, this method
can efficiently simulate the interaction between defect struc-
tures by expressing regions distant from the lattice defects as
continuum fields.23–25 Further, the QC method has an advan-
tage in that the anisotropic elasticity and nonlinear elastic
properties can be expressed equivalently in different descrip-
tion regions. This is because the constitutive rule in the con-

PHYSICAL REVIEW B 75, 144108 �2007�

1098-0121/2007/75�14�/144108�11� ©2007 The American Physical Society144108-1

http://dx.doi.org/10.1103/PhysRevB.75.144108


tinuum description is expressed by using the same atomic
potential as that adopted in the atomistic description. The
problem with the QC method lies in the manner in which the
seamless coupling between the atomistic and continuum re-
gions can be expressed; this is because nonphysical forces
appear at the interface of the two regions due to the different
descriptions used to calculate the potential energy for each
region.26 However, we have determined a method to elimi-
nate the nonphysical forces in the case of homogeneous
strain fields by introducing a buffer layer between the two
regions.27

When an edge dislocation is absorbed by a grain bound-
ary whose normal direction is perpendicular to the disloca-
tion line, a geometrical misfit that corresponds to the magni-
tude of the Burgers vector of the edge dislocation is
necessarily generated; consequently, a volume change occurs
toward the grain boundary plane. In the case of screw dislo-
cation, however, this type of volume change does not
occur.19 Hence, it would be very interesting to investigate the
accommodation mechanism of incoming edge dislocations in
grain boundaries. In this study, we investigate the detailed
interaction mechanism between edge dislocations and asym-
metrical tilt grain boundaries by using our improved QC
simulations. We use four �112� asymmetrical tilt grain
boundaries with different misorientation angles in order to
investigate the influence of the asymmetrical grain boundary
structures on the accommodation of extrinsic grain boundary
dislocations �EGBDs�. We also compare the results obtained
in the atomic simulations, e.g., the grain boundary structures
and the critical force on the dislocation in the grain boundary
for it to eject from the boundary, with the dislocation
theory.21 Finally, on the basis of our results, we discuss the
effect of the grain boundary structure on the unique mechani-
cal properties of nanocrystalline metals.

II. METHODOLOGY

A. Analysis models

Figure 1 shows the schematic of the analysis model. The
embedded atom method for aluminum developed by Mishin
et al.28 is used. The fault energies estimated using the inter-

atomic potentials are the same as the energies obtained from
experimental data and ab initio calculations, e.g., the stack-
ing fault energy. The analysis model comprises two crystal
grains—A and B—and a crack is introduced as the disloca-
tion source in grain A. The region near the dislocation slip
plane in grain A and that near the grain boundary between
grains A and B exhibit full atomistic resolution, i.e., they
contain nonlocal atoms,26 as indicated by the white regions
in Fig. 1. On the other hand, the regions distant from the slip
plane or the grain boundary are divided into finite elements.
Therefore, the mechanics of atoms in an element of this re-
gion should conform to the positions of the node atoms, i.e.,
local atoms26 should be present. In order to eliminate the
nonphysical forces that appear at the coupling interface, we
introduce buffer layers, i.e., quasi nonlocal atoms,27 between
the atomistic and continuum regions. The light, medium, and
dark gray atoms in the enlarged pictures in Fig. 1 represent
the nonlocal, local, and quasinonlocal atoms, respectively.

In order to generate edge dislocations from the crack in
grain A under shear deformation �ZY, the crystal orientations
along the xA, yA, and zA directions of grain A are set to �1̄1̄2�,
�1̄10�, and �111�, respectively. The crystal orientation along

the xB direction of grain B is also set to �1̄1̄2�. Therefore, the
grain boundary structure in this model is controlled by the
rotational angle � around the X direction. Periodic boundary
conditions are adopted along the X and Z directions; hence,
the grain boundaries have infinite structural periodicity and
belong to the family of the �112� asymmetrical tilt grain
boundary. Four analysis models with different misorientation
angles—13°, 29.5°, 63.0°, and 89.3°—are prepared. These
angles are carefully selected in order to ensure that almost no
residual strain �ZZ

R remains in grains A and B; �ZZ
R �0.04%.

These models are numbered from 1 to 4; for example,
“model 1” denotes the first model.

For each model, the dimensions along the X, Y, and Z
directions are approximately 24, 200, and 55 nm, respec-
tively. The distance between the crack tip and the grain
boundary is approximately 40 nm. The sum of the nonlocal,
local, and quasinonlocal atoms in each model is approxi-
mately 1.5�106. If the analysis model uses only nonlocal
atoms, the total number of atoms is approximately 16�106.
Consequently, the number of degrees of freedom in this QC
model is one-tenth that in a full atomistic model.

B. Analysis conditions

We apply the Delaunay triangulation to the finite element
mesh. In order to simulate the interactions between the in-
coming dislocations and the tilt grain boundaries, the shear
strain increment ��ZY is repeatedly applied to the analysis
models. The energy of the analysis model for each ��ZY is
minimized by the conjugate gradient method; no thermally
activated process is considered in this study. The value of
��ZY is 0.002. Under the shear deformation, the
Z-directional displacement of the surface nodes along the Y
direction is fixed. The local atomic structure is distinguished
by using the common neighbor analysis method.29

III. RESULTS

First, we investigate the effect of the coupling interfaces
in the QC method with the quasinonlocal atoms on the inho-

FIG. 1. Atomic configuration of the analysis model comprising
two grains—A and B. The misorientation angle � is set to 13.0°.
Magnified images in the vicinity of the �a� crack tip and �b� grain
boundary. Light, medium, and dark gray atoms represent “nonlo-
cal,” “local,” and “quasinonlocal” atoms, respectively. Dimensions
along the X, Y, and Z directions are approximately 24, 55, and
200 nm, respectively.
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mogeneous strain fields. Figure 2�a� shows the shear stress
�ZY around the grain boundary in model 1 expressed by full
atomistic resolution. Localized inhomogeneous stress fields
can be observed around the grain boundary. Figure 2�b�
shows the distributions of the shear stress �ZY in the square
region shown in Fig. 2�a� in the full atomistic model and the
QC model, respectively. The inset corresponds to the case
where the full range of the shear stress is applied, and it is
evident that almost the same shear stress distributions can be
obtained in the QC model. The four solid lines in Fig. 2�b�
represent the coupling interfaces between nonlocal/
quasinonlocal and quasinonlocal/local regions, respectively.
The remarkable gaps in the shear stress at the coupling in-
terface cannot be confirmed. The differences between the
shear stress around the grain boundary and the grain bound-
ary energy in the QC model and the full atomistic model are
approximately 4 MPa and less than 0.5% of the energy of the
full atomistic model, respectively. Consequently, we can con-
clude that the effect of the coupling interface in this QC
method on inhomogeneous strain fields is very small, and we
can perform QC simulations without introducing a fatal error
into the results obtained in this study.

A. Asymmetrical tilt grain boundary structures

Figure 3 shows the atomic configurations and arrange-
ments of the grain boundary dislocations in the vicinity of

the grain boundaries in the relaxation state. The white, red
�dark gray�, and blue �black� circles represent the atoms in
the local fcc, hcp, and defect structures, respectively. The
grain boundary structures in models 1 and 2 are completely
expressed, while the structure in model 3 is partially ex-
pressed by two sets of edge dislocations, as shown in Figs.
3�a�–3�c�. On the other hand, as shown in Fig. 3�d�, it is
difficult to depict the structure in the case of model 4, which
has a high angle, by dislocations. It should be noted that the
relaxed grain boundary structures in this study are obtained
by energy minimization, i.e., at T=0 K. Hence, it is possible
that the structures descend to a metastable state that is distant
from the state of the thermal equilibrium grain boundary. As
will be mentioned subsequently, the grain boundary energies
in this study are approximately 5–7 % higher than those of
the grain boundaries for which the atomic configurations at
0 K are obtained after relaxation at a finite temperature T
=300 K with smaller models by molecular dynamics simu-
lations. Moreover, the arrangements of grain boundary dislo-
cations in this study and obtained after relaxation at the finite
temperature do not show remarkable differences. Accord-
ingly, it could be reasonable to study the mechanism of in-
teraction between dislocations and grain boundaries by using
the relaxed grain boundary structures obtained by the QC
simulations.

Analytically, two sets of uniformly spaced edge disloca-
tions are required to construct an asymmetrical low-angle tilt

FIG. 2. �Color online� Distributions of the shear stress �ZY in the
vicinity of the grain boundary expressed by the full atomistic reso-
lution and the quasicontinuum methods in model 1. �a� Atomic
configurations in the full atomistic model, and �b� shear stress in the
square region shown in Fig. 2�a�.

FIG. 3. �Color online� Asymmetrical tilt grain boundary struc-
tures of two �112� atomic planes in different analysis models. �a�
Model 1, �=13.0°; �b� model 2, �=29.5°; �c� model 3, �=63.0°;
and �d� model 4, �=89.3°. Open, red �dark gray�, and blue �black�
circles represent atoms in the local fcc, hcp, and defect environ-
ments, respectively. Two sets of grain boundary dislocations shown
in green �dark gray� and magenta �light gray� can be observed in the
low-angle tilt grain boundaries. Solid lines represent the actual
asymmetrical grain boundary planes, and red �dark gray� broken
lines represent the symmetrical grain boundary planes. Black thin
broken lines in atomic configurations indicate the slip planes of the
incoming dislocations from the crack tip. �d� Schematic of the tilt
grain boundary composed of two sets of uniformly spaced edge
dislocations D1 and D2.
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grain boundary,30 as shown in Fig. 3�e�. The Burgers vectors
of these grain boundary dislocations—b1 and b2—are per-
pendicular to each other. The dislocations that accommodate
the geometrical misfits between two grains with different
crystal orientations are referred to as intrinsic grain boundary
dislocations �IGBDs�. A grain boundary that comprises only
IGBDs has no long-range stress fields. The spacings along
the boundary of two dislocation sets are calculated by the
following equations:30

D1 =
b1

� sin 	
, D2 =

b2

� cos 	
. �1�

In this study, the magnitudes of b1 and b2 in the �112� asym-
metrical tilt grain boundaries are �2/2a0 and �3/3a0, respec-
tively. The average spacing between the two dislocation sets
in the atomic structures and the analytical spacing calculated
by Eq. �1� are listed in Table I. The analytical values are
shown in parentheses. In the case of the low-angle grain
boundary, D1 and D2 obtained by using the atomic and ana-
lytical models have almost the same values; therefore, the
grain boundaries in our atomic model comprise only IGBDs.

Figure 4�a� shows the distribution of the shear stress �ZY
in the vicinity of the grain boundary in model 2; no long-
range stress fields are observed. On the other hand, in the
case of the grain boundary with an extra edge dislocation
with b1, the EGBD and long-range stress fields can be ob-
served, as shown in Fig. 4�b�. No external force is applied to

either model. Hence, it can be considered that the former and
latter images correspond to the equilibrium and nonequilib-
rium grain boundaries, respectively. Most grain boundaries
in atomic simulations, e.g., the initial grain boundary struc-
ture in nanocrystalline metals prepared by using the Voronoi
construction to determine individual grain spaces,16,31 can be
estimated to be the equilibrium grain boundary. However, the
actual grain boundary in nanocrystalline metals produced by
severe plastic deformations with insufficient annealing could
contain a large number of EGBDs.32 Therefore, we should
carefully treat the grain boundary structure in the atomic
simulation to investigate the distinctive mechanical proper-
ties of nanocrystalline metals.4,5

The values of 	−90° in Table I represent the deviation
angle of the actual grain boundary plane from the symmetri-
cal grain boundary plane. The analytical deviation angles in
models 1, 2, and 3 are 6.5°, 15°, and 31.5°, respectively. On
the other hand, as shown in Fig. 3, edge dislocations �green
lines� are arranged along the symmetrical plane �red broken
lines�, and the deviation angles in the atomic models are 7°,
14°, and 32°, which are very close to the analytical values.
Hence, the edge dislocations along the symmetrical plane
that corresponds to the energetic stable sites of the edge dis-
location array primarily accommodate the misfit by different
crystal orientations of grains A and B. In this study, these
dislocations are referred to as primary IGBDs. On the other
hand, the edge dislocations shown in magenta �light gray�
accommodate the gaps between the actual and symmetrical
grain boundary planes. We refer to these dislocations as sec-
ondary IGBDs and they can also be broadly referred to as
displacement shift complete33 �DSC� dislocations.

The grain boundary energies EGB and grain boundary vol-
umes VGB for each model are also listed in Table I. In this
study, the grain boundary volume is defined as �i=1

N �Vi

−V0� /AGB. Here, Vi represents the atomic free volume of the
ith atom in the region containing the grain boundary, V0, the
atomic free volume in the fcc structure; and AGB, the grain
boundary area. Consequently, the grain boundary volume
corresponds to the values of the thickness increment at the
interface due to the existence of the grain boundary. It can be
observed that VGB increases with �; however, EGB does not
exhibit a clear dependence on �. In the �112� tilt grain
boundary, the 
11 grain boundary appears when �=63.96°.
Hence, the symmetrical structure in the grain boundary in
model 3 is in a stable state, 
11, and the value of EGB in
model 3 is the lowest among the models investigated in this
study.

B. Dislocation–grain boundary interactions

Table II lists the number of dislocations in the pileup and
those absorbed by the grain boundary under shear deforma-
tion. The arrows on the right represent the dislocation trans-
mission into grain B. Model 1� will be discussed in the next
section. Figures 5�a�–5�d� show the final atomic configura-
tions in each model under shear deformation in this study.
Figures 5�e�–5�h� show a series of atomic configurations in
model 2 under �ZY. In order to help understand the defect
structures, the atoms in the local fcc structure are not shown

TABLE I. Asymmetrical grain boundary properties. The values
in parentheses are analytically estimated.

Model 1 Model 2 Model 3 Model 4

� 13.0° 29.5° 63.0° 89.3°

	−90° 7° �6.5° � 14° �15° � 32° �31.5° �
D1 �nm� 1.25 �1.27� 0.59 �0.57� �0.31�
D2 �nm� 10.05 �9.07� 1.82 �1.78� �0.41�
EGB �mJ/m2� 431 552 427 476

VGB �nm� 0.028 0.035 0.035 0.042

FIG. 4. �Color online� Distributions of shear stress �ZY around
the tilt grain boundary in model 2 under no external applied stress.
�a� The tilt grain boundary is composed of only IGBDs, as shown in
Fig. 3�b�—equilibrium grain boundary. �b� Tilt grain boundary with
the same misorientation angle of model 2 but containing an
EGBD—nonequilibrium grain boundary. The detailed atomic con-
figuration of the grain boundary with one EGBD is almost the same
as that shown in Fig. 9�b�.
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in Fig. 5. The atoms in the local hcp and defect structures are
shown in brown �dark gray� and gray �light gray�, respec-
tively. The defect atoms in the grain boundaries are shown as
transparent circles. The dislocations from the crack tip are
numbered in order. The distributions of �ZY are also shown in
each background. The black lines show the coupling inter-
face between the atomistic and continuum regions in grain B,
and the seamless distribution of �ZY can be observed.

The stress concentration in front of the crack tip increases
with �ZY, as shown in Fig. 5�e�. Further, it is evident that the
first dislocations originate from the crack tip when �ZY
reaches 0.012 in all the models, as shown in Table II. All first
dislocations are absorbed by the grain boundaries. The num-
ber of dislocations in the pileup increases with �ZY. Further,
the stress concentration ahead of the dislocation pileup can
be observed as shown in Figs. 5�f�–5�h�. Finally, the dislo-

cation transmission occurs in model 1 when �ZY reaches
0.024 and the grain boundary absorbs another incoming dis-
location, as shown in Fig. 5�a�. Similarly, the dislocation
transmission occurs in model 2 when �ZY reaches 0.034 and
two incoming dislocations are absorbed by the grain bound-
ary, as shown in Fig. 5�b�. In the cases of models 3 and 4, the
major operative slip system in the fcc structure cannot be
activated in grain B; the 	311
�110� slip system is present in
grain B in model 3. It should be noted that a geometrical
restriction is imposed along the direction of the dislocation
line due to the X-directional periodic boundary condition.

C. Stress concentration due to dislocation pileup

In order to investigate the influence of dislocation pileup
on the stress concentration, Fig. 6�a� shows a plot of the
macroscopic shear stress �ZY

I against �ZY in region I: −30
�Y �50 nm �shown in inset�. Figure 6�b� shows a plot of
the microscopic shear stress �ZY

II against �ZY in region II: 0
�Y �5 nm and −2.5�Z�2.5 nm. As shown in Fig. 6�a�, in
all the models, �ZY

I increases linearly with �ZY before the
generation of the first dislocation. The slopes are almost the
same for each model because the anisotropy factor—
2C44/ �C11−C12�—is very close to the one �approximately
1.25� for the adopted atomic potential. The plastic deforma-
tion begins to be dominant after the first dislocations origi-
nate from the crack tip; the slopes of �ZY

I decrease in com-
parison with the slope under elastic deformation. The
microscopic shear stress �ZY

II in region II in front of the dis-
location pileup is in good agreement with �ZY

I until �ZY
=0.012. However, a drastic increase in �ZY

II can be observed
in all the models when the first dislocations are absorbed by
the grain boundaries. It is also clearly observed that the in-
crement rate of �II is larger than that of �I due to the dislo-
cation pileup, and the increment rate of �II does not exhibit a
strong dependence on the grain boundary structures.

In order to investigate the influence of the number of dis-
locations in the pileup on the stress concentration, the atomic
displacements in the crack tip are fixed to control the number
of dislocations originating from the crack tip during energy
minimization after �ZY =0.016 in model 1. We refer to the
simulation performed under this condition as model 1�. In
this model, the third dislocation cannot originate from the
crack tip under a large shear deformation, as shown in Table
II; one dislocation is present in the pileup and another is
absorbed by the grain boundary. Hence, in this model, the
elastic deformation is once again dominant after �ZY =0.016;

TABLE II. Number of dislocations in the pileup �left� and dislocations absorbed by the grain boundary �right�. Right arrows represent the
dislocation transition to the neighboring grain.

�ZY 0.012 0.014 0.016 0.018 0.020 0.022 0.024 0.026 0.028 0.030 0.032 0.034 0.036 0.038

Model 1 0,1 0,1 1,1 2,1 3,1 3,1 3 ,1→
Model 1� 0,1 0,1 1,1 1,1 1,1 1,1 1,1 1,1 1,1 1,1 1,1 1,1 1,1 1,1

Model 2 0,1 1,1 1,1 2,1 3,1 3,1 4,1 4,1 4,2 5,2 5,2 5 ,2→
Model 3 0,1 0,1 1,1 2,1 3,1 3,1 4,1 3,2 4,2 5,2 5,2 6 ,2→
Model 4 0,1 0,1 1,1 2,1 3,1 3,1 4,1 5,1 4,2 5,2 5,2 6,2 7,2

FIG. 5. �Color online� Interactions between lattice edge disloca-
tions from the crack tip and asymmetrical tilt grain boundaries un-
der shear deformation. �a� Model 1, �=13.0°, �ZY =0.024; �b�
model 2, �=29.5°, �ZY =0.034; �c� model 3, �=63.0°, �ZY =0.034;
and �d� model 4, �=89.3°, �ZY =0.036. �e�–�h� Model 2, �ZY

=0.010, 0.012, 0.020, and 0.028, respectively. Atoms in the local
hcp and defect environments are shown in brown �dark gray� and
gray �light gray�, respectively. Defect atoms in the grain boundary
regions are shown as transparent atoms.
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therefore, �ZY
I increases linearly with �ZY, as shown in Fig.

6�a�. In order to examine this effect in greater detail, we
consider the local shear stress �zByB

III in the region of five
Burgers vectors in front of the first dislocation absorbed in
the grain boundary �region III� in models 1 and 1�, as shown
in Fig. 6�b�. Here, �zByB

III is estimated for the material coordi-
nate system in grain B. In the linear dislocation theory, the
stress �1 at the head of the pileup is n times the applied stress
�: �1=n�.21 In model 1�, the local stress �zByB

III increases lin-
early with �ZY, as shown in Fig. 6�b�; this is because the
number of dislocations in the pileup is only 1 for a large
value of �ZY. On the other hand, in model 1, the number of
dislocations in the pileup increases with �ZY; hence, �zByB

III

increases nonlinearly. For the shear strain �ZY =0.020 and
0.022, the number of dislocations in the pileup is 3 in model
1 and 1 in model 1�. Therefore, the stress increment between
�ZY =0.020 and 0.022 in model 1, ��zByB, can be estimated to

be three times larger than that in model 1�. The ratio of the
stress increments in model 1 to those in model 1� in this

study can be calculated as ���zByB
III,1� /��ZY

I,1�� / ���zByB
III,1 /��ZY

I,1�; its
value is approximately 3.8. Therefore, these results of the
atomistic simulations are in relatively good agreement with
those of the linear dislocation theory for a small-angle grain
boundary. Consequently, the transmission of the plastic de-
formation in model 1 occurs under a lower macroscopic
shear stress, �ZY

I , than that of model 1� due to the dislocation
pileup. This result is strongly related to the grain-size depen-
dence of the strength in polycrystalline metals.

D. Force on the outgoing edge dislocation

In this section, the critical glide force fc on the edge dis-
location for it to eject from the tilt grain boundaries in mod-
els 1 and 2 is estimated by the following three methods. In
the first method, the force fc

QC is directly calculated by using
the stress field near the dislocation that will be ejected in the
QC simulations. In the second method, the critical force fc

dis

is evaluated by using the dislocation theory to consider it as
the resultant of the force due to dislocations in the pileup and
that due to the applied stress. The tilt grain boundaries in
models 1 and 2 are completely expressed by the dislocations
as shown in Figs. 3�a� and 3�b�; therefore, in the third
method, the critical force fc

GB on the dislocation in a finite
array of edge dislocations for it to eject from the array is
estimated by the dislocation theory. We also discuss the ex-
pression capacity of the dislocation theory in comparison to
the critical force fc obtained by different methods in order to
represent the structure of dense dislocations in the
nanometer-scale range, e.g., the tilt grain boundary.

First, fc
QC is evaluated as the force due to the average

shear stress �zByB
II just before the dislocation ejection. �zByB

II is
the microscopic shear stress estimated for the material coor-
dinate system of grain B in region II. �zByB

II is 697 and
811 MPa when �ZY =0.022 in model 1 and �ZY =0.032 in
model 2, respectively. Thus fc,1

QC in model 1 and fc,2
QC in model

2 can be obtained as follows:

fc,1
QC = 0.199 N/m, fc,2

QC = 0.232 N/m.

Here, the ratio of fc,1
QC to fc,2

QC—fc,2
QC/ fc,1

QC—is approximately
1.17.

Next, fc
dis is calculated as the resultant of the force fpil due

to the dislocation pileup and the force fAP due to the applied
stress. In dislocation theory, the interaction force on two
edge dislocations on the same slip plane with parallel Bur-
gers vectors b can be expressed as �b2 /2
�1−��x.21 Here, �
is the shear modulus; �, Poisson’s ratio; and x, the spacing
between two dislocations. One dislocation lies in the grain
boundary and the other lies in the pileup. The following ma-
terial parameters are adopted for aluminum: �=30 GPa, �
=0.3, and b=0.286 nm. Three and five dislocations are piled
up when �ZY =0.022 in model 1 and �ZY =0.032 in model 2;
in addition, the spacing x is 3.6, 9.5, and 19.9 nm in model 1,
and 3.1, 7.9, 13.3, 20.2, and 27.9 nm in model 2, respec-
tively. Thus, the resolved forces f1

pil and f2
pil along the slip

direction in grain B are estimated as 0.237 N/m in model 1

FIG. 6. �Color online� Relationship between shear stress and
shear strain �ZY. �a� Macroscopic shear stress is estimated by using
the average shear stress �ZY in regions including the grain boundary:
−30�Y �50 nm. �b� Local shear stress is estimated by using �ZY in
the stress concentration region produced by the dislocation pileup:
0�Y �5 nm and −2.5�Z�2.5 nm. “+” represents the local shear
stress �zByB in the region of the five Burgers vectors in front of the
extrinsic grain boundary dislocation in model 1.
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and 0.297 N/m in model 2, respectively. On the other hand,
the force fAP due to the applied stress is calculated by the
following equation:21

fk = − �ijk�i� jlbl. �2�

Here, �, �, and b are the unit vector of the dislocation line
sense, the stress tensor on the glide plane, and the Burgers
vector of the dislocation, respectively. The slip system of the
outgoing edge dislocation from the grain boundary in models
1 and 2 is the same; therefore, �= �1,0 ,0� and b
=a /�2�0,cos � ,−sin ��. � is the misorientation angle of the
grain boundary. The macroscopic shear stress �ZY

I just before
the dislocation ejection, as shown in Fig. 6�a�, is adopted as
�; �ZY

I =247 MPa when �ZY =0.022 in model 1 and �ZY
I

=358 MPa when �ZY =0.032 in model 2. Then, fAP can be
obtained as follows: f1

AP=0.064 N/m in model 1 and f2
AP

=0.053 N/m in model 2. As a result, we can obtain the re-
sultant fc

dis in model 1 and model 2 as follows.

fc,1
dis = 0.301 N/m, fc,2

dis = 0.350 N/m.

Although fc
dis has a larger value than fc

QC, it is found that the
ratio fc,2

dis / fc,1
dis is approximately 1.16 and is almost equivalent

to the corresponding ratio for fc
QC. Consequently, the glide

force fc
QC on the dislocation just before its ejection from the

small-angle tilt grain boundary can be estimated as the force
fc

dis due to the dislocation pileup. Moreover, the applied
stress estimated by using the dislocation theory and the criti-
cal force fc exhibits a dependence on the grain boundary
structure.

When the grain boundary structures in models 1 and 2 are
regarded as a finite array of edge dislocations at regular in-
tervals h, as shown in Fig. 7, the force on the middle edge
dislocation in this finite array can be obtained according to
dislocation theory by the following equation:34

fc
GB =

�b2

2
�1 − ��
2�

n=1

N
x�x2 − n2h2�
�x2 + n2h2�2 �3�

when N=M in Fig. 7. Here, we do not consider the effect of
the secondary IGBDs. As shown in Table I, h=1.25 nm for
model 1 and h=0.59 nm for model 2. Assuming that the total
length of the array of dislocations d is the Z-directional
length of the simulation cell, N=M =20 for model 1 and N
=M =43 for model 2. Figure 7 shows the force on the middle
dislocations obtained by Eq. �3�, and the force fc

GB required
to eject the middle dislocation from the grain boundary can
be estimated as follows:

fc,1
GB = 0.463 N/m, fc,2

GB = 1.010 N/m.

The values of fc
GB are considerably larger than those of

fc
QC and fc

dis, and the ratio fc,2
GB/ fc,1

GB is evaluated to be approxi-
mately 2.18. Hence, fc

GB exhibits greater sensitivity to GBD
density than the others. One of the causes of this discrepancy
could be the effect of the dislocation core. A recently mo-
lecular dynamics simulation has revealed that the effect of
dislocation core on the strain field appears when the crystal
radius is smaller than 2 nm for aluminum.35 In the tilt grain
boundary obtained in these simulations, h is smaller than
2 nm for both models; hence, the structure of the dislocation
core cannot be ignored at the boundaries. Consequently, it
could be difficult to represent the actual elastic field created
by the dense array of edge dislocations, e.g., small-angle tilt
grain boundary, by using the dislocation theory without con-
sidering the dislocation core effect.

E. Accommodation mechanisms of extrinsic dislocations in tile
grain boundaries

In order to elucidate the accommodation of EGBDs in the
grain boundaries, Figs. 8–11 show a series of atomic con-
figurations in the vicinity of the grain boundaries where the
incoming dislocations are absorbed. We have only shown
atoms that belong to the two atomic planes of 	112
 along
the X direction in the initial configuration. The colors used to
represent the atoms are the same as those used in Fig. 4. The
solid lines represent the Burgers circuits and slip plane of the
incoming dislocations. In model 1, one vacancy and one pri-
mary IGBD are found in the Burgers circuit, as shown in Fig.
8. If one atom is located at the vacant site, one primary
IGBD is introduced in the Burgers circuit, as shown in Fig.
4�a�. No secondary IGBD is observed near the slip plane;
hence, the grain boundary around the slip plane can be con-
sidered to be symmetrical. In model 2, as shown in Fig. 9�a�,
three primary IGBDs and one secondary IGBD are found in
the Burgers circuit. Hence, the effect of the secondary IGBD
on the accommodation of EGBDs can be investigated by
comparing the results of these two models.

When �ZY reaches 0.012 in model 1, the incoming dislo-
cation is absorbed in the site between the vacancy and IGBD
A1-1

I as the EGBD A1-1
E , as shown in Fig. 8�b�. Subsequent

dislocations from the crack tip pile up behind A1-1
E with an

increase in �ZY, as shown in Fig. 5. Finally, A1-1
E is ejected

from the grain boundary when �ZY =0.024 and the next in-
coming dislocation is absorbed as A1-2

E at the same site, as

FIG. 7. Force on the middle edge dislocation in a finite array of
edge dislocations. Thick lines represent the force in the finite array
and the thin lines represent the interaction force between the paral-
lel dislocations with parallel Burgers vectors.
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shown in Fig. 8�c�. Consequently, the grain boundary can
accommodate only one EGBD on the slip plane of the in-
coming dislocations.

In the equilibrium state in model 2, as shown in Fig. 9�a�,
IGBD A2-2

I already exists on the slip plane of the incoming
dislocation; therefore, it can be easily estimated that the first
incoming dislocation will pile up behind A2-2

I , as in the case
of model 1. However, the first incoming dislocation does not
pile up but is absorbed by the grain boundary as A2-1

E , as
shown in Fig. 9�b�. This is due to the sliding of the secondary
IGBD B2-1

I along the grain boundary and the ejection of the
atomic group, which corresponds to the magnitude of the
Burgers vector of the incoming edge dislocation in the red
�dark gray� box, from its atomic plane. Consequently, dislo-
cations A2-2

I , A2-3
I , and A2-1

E change their atomic planes; the
dislocation climb-up and climb-down occur without the dif-
fusion process. Furthermore, the symmetrical part of the
grain boundary composed of A2-2

I and A2-3
I migrates to the

left due to the sliding of B2-1
I ; this can be considered as a

DSC dislocation. As �ZY increases, the incoming dislocations
pile up behind B2-1

I . When �ZY reaches 0.028, B2-1
I slides

once again along the direction of the arrow, as shown in Fig.
9�b�, and simultaneously, the second incoming dislocation is
absorbed as A2-2

E with a climb-up due to the sliding of B2-1
I .

There is no secondary IGBD in the upper region of the slip
plane, as shown in Fig. 9�c�; therefore, no accommodation of
the EGBDs occurs in the grain boundary and the incoming

dislocations pile up behind A2-1
E . Finally, A2-1

E is ejected from
the grain boundary by the dislocation pileup when �ZY
reaches 0.034. It is noteworthy that the secondary IGBD,
B2-1

I , does not slide alone under the macroscopic shear stress
�ZY of 200–400 MPa in this study. Hence, the stress-assisted
sliding along the grain boundary plane of the secondary
IGBD with the absorption of the incoming dislocations could
strongly affect the accommodation of EGBDs.

Next, we investigate models 3 and 4 with high-angle grain
boundaries: these models cannot completely express the
structure by dislocation arrays. In model 3, as shown in Figs.
4�c� and 10�a�, the grain boundary structure comprises the
periodic structure of 
11 and disorders. When the first in-
coming dislocation enters the disordered part of the grain
boundary, as shown in Fig. 10�b�, the geometrical misfit due
to the incoming dislocation can be accommodated in the lo-
cal region by the dislocation sliding of B3-1

I and the rotation
of atomic groups in the boxes. The second incoming dislo-
cation is also accommodated by the local rotation of the
atomic groups as shown in Fig. 10�c�, when �ZY =0.026.
Consequently, in the case of model 3, the geometrical misfits
due to the EGBDs are accommodated not only by the sliding
of the secondary IGBD but also by the local rotation of the
atomic groups in the disordered region where the change in
the free atomic volume occurs more easily than in the region
composed of the edge dislocations. In the case of model 4,
the grain boundary plane of grain B is the stable 	111

atomic plane. Hence, no significant accommodation of the

FIG. 8. �Color online� Atomic configurations of the tilt grain boundary in model 1 under shear deformation: �ZY= �a� 0.002, �b� 0.012,
and �c� 0.024.

FIG. 9. �Color online� Atomic configurations of the tilt grain boundary in model 2 under shear deformation: �ZY= �a� 0.002, �b� 0.012,
and �c� 0.028. The distributions of �ZY in the vicinity of the grain boundaries of �a� and �b� after the removal of �ZY are shown in Fig. 4.
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misfit in the local region along the grain boundary can be
observed by tracking the atomic groups represented by the
solid boxes. Further, it can be observed that the structure of
the grain boundary becomes more disordered due to the ab-
sorption of the incoming dislocations, as shown in Fig. 11.
The grain boundary sliding can be clearly observed because
the grain boundary plane in model 4 is not wavy but straight.
Consequently, it can be found that the accommodation
mechanism of EGBDs strongly depends on the local grain
boundary structure and the arrangements of GBDs.

IV. DISCUSSION

Although the slopes of the plots of �ZY
II against �ZY are the

same for each model before �ZY reaches 0.010, the incre-
ments in �ZY

II between 0.010 and 0.012 differ, as shown in
Fig. 6�b�—288, 311, 338, and 223 MPa for models 1, 2, 3,
and 4, respectively. The stress increment due to the EGBDs
is influenced by their accommodation mechanism. However,
it should be noted that the rate of increment of �ZY

II from the
first to second dislocation absorption in each model does not
show a remarkable dependence on the grain boundary struc-
ture. The rate, in fact, is governed by the elastic interactions
between dislocations. Here, we consider a situation where
the dislocation pileup occurs in one grain and the neighbor-
ing grain contains a Frank-Read �FR� source21 near the grain
boundary between these two grains. The critical stress �c

FR

for the FR source to be active can be obtained as �b / l. l is
the length of the segment of the dislocation whose ends are
pinned. If the critical stress �c to eject a dislocation from the
grain boundary is assumed to be approximately 800 MPa, as
obtained in this study, the minimum lc to operate the FR
source under the same stress is approximately 10 nm. In the
case where the neighboring grain contains an FR source with
l greater than lc, the transmission of plastic deformation oc-
curs by the activation of the FR source due to the dislocation
pileup without the emission of a dislocation from the grain
boundary. Hence, it can be considered that the number of
dislocations in the pileup is primarily related to the grain-size
dependence of the material length in coarse grained metals.
The mechanism of the Hall-Petch relationship can be well
described by the pileup model in dislocation theory. On the
other hand, in the case where l is shorter than lc, the situation
could intensity since with the grain size decreasing to na-
nometer order, plastic deformation is transmitted by the ejec-
tion of a dislocation from the grain boundary. The impor-
tance of this phenomenon is that the critical stress �c
fundamentally shows a dependence on the grain boundary
structure, and its value cannot be estimated simply by the
dislocation theory. As a result, in nanocrystalline metals, the
effect of the grain boundary characteristics on the macro-
scopic mechanical properties should not be ignored, and it
can be confirmed that atomic simulations play an important
role in elucidating the mechanical properties of such materi-
als.

FIG. 10. �Color online� Atomic configurations of the tilt grain boundary in model 3 under shear deformation: �ZY= �a� 0.002, �b� 0.012,
and �c� 0.026.

FIG. 11. �Color online� Atomic configurations of the tilt grain boundary in model 4 under shear deformation: �ZY= �a� 0.002, �b� 0.012,
and �c� 0.028.
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The analysis models used in this study do not possess
grain boundary triple junctions. A triple junction could act as
the source of grain boundary dislocation with the same Bur-
gers vector as that of the secondary IGBD. If the triple junc-
tion exists near the upper part of the incoming slip plane in
model 2, as shown in Fig. 9�c�, and the grain boundary dis-
locations are generated from the triple junction, the grain
boundary could accommodate more EGBDs without using
diffusion processes. Since the volume fraction of the triple
junction increases as the grain size reaches the nanometer
range, the absorption power of the incoming dislocations
presumably exhibits grain-size dependence. This grain-size
dependence could be one of the reasons for the distinctive
mechanical properties of nanocrystalline metals.4,5 Further-
more, the grain boundary edge dislocations are densely ar-
ranged along the grain boundary by the accommodation of
EGBDs, as shown in Fig. 9�c�. Therefore, the local misori-
entation angle increases. This rearrangement of the grain
boundary dislocations implies that grain rotation occurs eas-
ily in nanocrystalline metals.36,37

V. CONCLUSIONS

The interactions between the �112� asymmetrical tilt grain
boundaries and edge dislocations are efficiently simulated by
using the QC method, and the accommodation mechanisms
of extrinsic dislocations in the grain boundaries are dis-
cussed. Four types of equilibrium grain boundaries with dif-
ferent misorientation angles are considered. The results ob-
tained in this study are follows. �i� The rate of stress
concentration increment due to the dislocation pileup does
not show a remarkable dependence on the grain boundary
structure when the accommodation of EGBDs occurs in a
localized region. �ii� The critical force on a dislocation for it
to eject from the small-angle tilt grain boundary is examined
by using atomic models and dislocation theory, and its de-
pendence on the grain boundary structure is also discussed.

�iii� The accommodation mechanism of the extrinsic disloca-
tions strongly depends on the local grain boundary struc-
tures. In particular, the rearrangement of the grain boundary
dislocations due to the sliding of the secondary IGBDs along
the grain boundary plane in the local region where the ab-
sorption of the extrinsic dislocation occurs could be one of
the characteristic accommodation processes of the asym-
metrical tilt grain boundary. Based on the above-mentioned
results, the effects of the interaction between dislocations
and grain boundaries on the mechanical properties of coarse-
grained metals with dislocation sources in their grain and on
nanocrystalline metals without these sources in their grain
are also considered.

Although static simulations at 0 K are adopted in this
study, the motions of a dislocation and grain boundary ex-
hibit dynamic and thermal effects, e.g., the influence of the
velocity of dislocation on its stacking fault width,38 and the
transition of grain boundary deformation modes at various
temperatures.39 Hence, it is very important to investigate the
thermal effect on the mechanism of interaction between dis-
locations and grain boundaries. Moreover, it would also be
interesting to investigate the influence of the stacking fault
energy on the interaction mechanism. However, these effects
are beyond the framework of this paper and will be studied
in future work.
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