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Kinetic Monte Carlo simulations are performed to study the evolution of interfaces in a model alloy system
whose parameters are chosen so as to reproduce the main features of the Cu-Ni system, in particular the
asymmetry of diffusion coefficients. Recently, Erdélyi et al. �Phys. Rev. Lett. 89, 165901 �2002�� have shown
that, in alloy systems forming ideal solid solutions, a large asymmetry can lead to the unexpected transient
sharpening of interfaces that were initially flat and diffuse. In the present work we first remove two simplifi-
cations made by these authors and we study the consequences on the sharpening and broadening of interfaces
during the annealing of a multilayered sample. First, in our diffusion model, atoms migrate by vacancy-assisted
jumps instead of direct atom exchanges. Second, we investigate the effect of the initial roughness of interfaces
on their evolution during annealing. In addition, we also study the influence of the short-range order that arises
from a nonideal solid solution, since the Cu-Ni phase diagram displays a miscibility gap at low temperatures.
While we observe that the transient sharpening phenomenon can still take place with a vacancy mechanism in
alloys with large diffusional asymmetries, we find that the sharpening amplitude is reduced when short-range
order is present and even suppressed when interfaces are initially rough. In the latter case, the in-plane
wavelength of the roughness plays a determinant role and we identify a crossover from sharpening to broad-
ening when this wavelength exceeds a threshold value. The practical implications of these effects are
discussed.
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I. INTRODUCTION

While atomic diffusion in solid-state alloys is a relatively
mature field, microstructural evolutions in concentrated al-
loys may nevertheless be nontrivial since they involve a very
large number of atomic jump frequencies, which often de-
pend quite sensitively on the chemical nature of the migrat-
ing atom and of its local atomic environment. In particular,
in an A-B binary alloy system, diffusion coefficients are of-
ten asymmetric in the sense that one species diffuses faster
than the other, as demonstrated by Kirkendall and co-
workers in their seminal experiment.1 Moreover, the atomic
jump frequencies for one species may significantly vary with
the local composition, leading to composition dependent dif-
fusion coefficients. Erdélyi and co-workers2–4 have recently
shown that this composition dependence can lead to unex-
pected and counterintuitive evolutions. They showed, using
deterministic kinetic modeling and kinetic Monte Carlo
�KMC� simulations, that in an ideal A-B system, this compo-
sition dependence can lead to a transient sharpening of A /B
planar interfaces that were initially diffuse. This is particu-
larly remarkable since at long times the system has to reach
a homogeneous state, as dictated by thermodynamics forces,
which are reduced here to configurational entropy. Such a
transient interface sharpening in a miscible alloy has been
evidenced experimentally in Mo/V multilayers by x-ray
diffraction,5 where a short annealing at 953 K reduced the
interfacial thicknesses from about 1.5 nm initially to 0.8 nm.

The same authors proposed that this effect could be of prac-
tical interest since sharp interfaces are highly desirable in
many layered structures, including multilayers for x-ray mir-
rors and for quantum electronic devices.

In the models used by Erdélyi and co-workers,2–4 diffu-
sion proceeds by direct exchange of atoms, and it is thus
characterized by one diffusion coefficient D. In an A1−cBc
homogeneous alloy, these authors assume that the composi-
tion dependence of this diffusion coefficient follows D�c�
=D�0� exp�mc�, where the parameter m characterizes the de-
gree of the asymmetry of the diffusion coefficient. At the
atomic scale, using a broken bond model,3,6 this asymmetry
can also be expressed in terms of the difference between the
strength of the A-A and B-B pairwise interaction energies,
m=−Z��AA−�BB� /kT, where Z is the coordination number for
the first nearest-neighbor shell. According to the simulation
results obtained by Erdélyi and co-workers for binary alloy
systems with large asymmetry, choosing for instance diffu-
sion to decrease as the local B concentration increases, i.e.,
m�0, the sharpening effect is due to the fact that the tail of
the initial B composition profile, having a local composition
that is almost pure A, dissolves rapidly in this A-rich phase
before any intermixing can take place near the center of the
composition profile. This rapid dissolution of the tail of the B
composition profile leads to a shift of the interface position
and to an increase of the composition gradient, i.e., to inter-
face sharpening. However, this tail dissolution, which pro-
ceeds through a layer-by-layer mode, progressively increases
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the B concentration in the A-rich region, and thus reduces the
effect of the diffusion asymmetry. Eventually, the sharpening
reaches a maximum and interfaces begin to broaden, leading
to the complete mixing of the A-rich and B-rich regions.

The conclusions reached by Erdélyi and co-workers, how-
ever, are potentially affected by the simplifications made in
the models used for the simulations, and in the physical situ-
ations they considered. In this work, we focus on the
Cu-Ni alloy, for which specific information on atomic jump
frequencies is available, and we relax three important con-
straints used by Erdélyi and co-workers. First, we consider
here models where atomic diffusion proceeds by vacancy
jumps, since this is the correct mechanism for nearly all
practical situations, and in particular for Cu-Ni. As a result,
one needs now to define two diffusion coefficients, and thus
two asymmetry parameters, a first one related to the compo-
sition dependence of the vacancy formation energy, and a
second one related to the composition dependence of the
vacancy migration energy. For a given alloy system, these
asymmetries can be assessed by calculating the difference in
formation and migration energies of the vacancy in the pure
phases, �Ef and �Em, respectively. At the vicinity of an in-
terface the composition varies strongly over short distances,
and thus vacancy diffusion paths can be significantly affected
by these two asymmetries, leading to microstructural evolu-
tions that may differ from those obtained with a direct atom-
exchange mechanism. For instance, in previous studies on
the coarsening of precipitates in a binary alloy during ther-
mal annealing,7,8 KMC simulations revealed that the above
asymmetries can change the main coarsening mechanism
from evaporation-condensation to coagulation during the
early stages of the coarsening, and that would change the
time evolution of the composition of the precipitates. Recent
experiments on Al-Ag and Al-Zn systems, studied by coher-
ent x-ray scattering, through analysis of the fluctuations of
speckle intensity, support the idea that diffusion asymmetry
can change the dominant coarsening mechanism.9 We note
that in the simplified diffusion model used for the above
simulation studies,7,8�Ef and �Em were related to one an-
other, and thus that this model had only one independent
asymmetry parameter. In this study, we will develop an ex-
tension of this diffusion model such that �Ef and �Em are
independent.

In the context of the present work, it is important to note
that in most metallic binary alloys, the values of both �Em

and �Ef terms are not small compared to the vacancy forma-
tion and migration energies. We choose the Cu-Ni system to
illustrate the effects of vacancy mechanism and of diffusion
asymmetry on interfacial evolutions. For that system, recent
compilation of experimental data for pure Cu and pure Ni
gives ECu

f =1.28±0.05 eV, ENi
f =1.79±0.05 eV, ECu

m

�0.70±0.02 eV, and ENi
m =1.04±0.04 eV and thus �Ef

=−0.5±0.1 eV and �Em=−0.34±0.06 eV.10 This corre-
sponds to a marked asymmetry of the atomic mobilities, i.e.,
a Ni solute atom diffuses much faster in Cu than a solute Cu
does in Ni, and the Ni diffusion in a Cu-rich region increases
significantly as the Cu concentration of that region increases.
In addition, Cu and Ni crystals both form face-centered-
cubic �fcc� lattices, and the two elements possess a small
lattice mismatch, �a /a�0.025, so that we have neglected

stress effects on diffusion in the present study. Finally, this
system is close to an ideal mixture, with a complete misci-
bility in the solid state at temperatures exceeding 628 K,
which is the top of the miscibility gap.11–13 A small modifi-
cation of the model parameters will allow us to turn off the
tendency for phase separation in our simulations, so as to
study its impact on interfacial evolutions. We will show here
that the short-range order �SRO� that results from the ten-
dency for phase separation has a direct effect on interfacial
evolution, a point that was not considered in the works pub-
lished so far by Erdélyi et al.4

A third limitation in Erdélyi and co-workers studies is that
interfaces are assumed to be planar �i.e., with no in-plane
roughness�. One advantage of that assumption is that there is
no loss of information when the full three-dimensional com-
position field is projected onto the normal of a multilayered
structure to obtain a one-dimensional composition profile.
The drawback, however, is that the interfacial roughness is
null and is assumed to remain so during annealing. This may
be a significant limitation to the practical application of in-
terface sharpening since most multilayers display some
amount of roughness in their as-grown state. From a charac-
terization standpoint, common techniques only provide a
one-dimensional profile, and thus yield an apparent width of
the interface. This apparent width or diffuseness, however,
contains contributions from the true diffuseness as well as
from the roughness of the interface. Advanced techniques
make it possible to extract separately these two
quantities.14–17 This distinction is important since we will
show here that rough interfaces can develop evolutions far
different from those observed for flat �planar� interfaces. In
particular, we find that, keeping constant the initial amplitude
of the roughness, if one follows the evolution of the interface
through a one-dimensional composition profile, the sharpen-
ing effect during annealing is suppressed as the wavelength
of the roughness increases, and even disappears above a
threshold wavelength.

The paper is organized as follows. In Sec. II A, we intro-
duce the atomistic model used to calculate the vacancy jump
frequencies; two sets of parameters are considered, the first
one approximates the Cu-Ni system by an ideal solid solu-
tion, while the second includes the small and positive heat of
mixing of that alloy system. In Sec. II B, we perform KMC
simulations in equilibrium Cu-Ni solid solutions, in order to
measure the composition dependence of the Cu and Ni dif-
fusion coefficients. We then use KMC simulations to assess
the evolution of Cu/Ni �111� interfaces that, initially, are
sharp and flat in Sec. III A, diffuse and flat in Sec. III B, and
sharp but sinusoidally rough in Sec. III C.

II. MODEL

A. Diffusion model with vacancy mechanism

Energetics. We consider a A-B binary alloy with a highly
diluted vacancy �V� concentration on a rigid lattice with an
fcc structure �the number of first neighbors Z=12�. The en-
ergetics is based on an Ising-like model that depends on two
terms:
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�=�AA+�BB−2�AB, where �ij terms represent pair interac-
tions between i and j atoms and, � is an effective pair inter-
action between atoms. For fcc structures, it is small beyond
first neighbors,18 and we restrict ourselves to first nearest-
neighbor interactions here. � is directly related to the bulk
phase diagram of the system considered. Its sign gives the
tendency towards ordering ���0� or towards phase separa-
tion ���0�. For the Cu-Ni system, we use �=−0.022 eV to
obtain a critical temperature for phase separation of Tc
=625 K, at c=0.5, in order to reproduce the experimental
value Tc

exp=628 K, for a Ni concentration of c=0.67.11–13

u=�AA−�BB, which accounts for the difference in vacancy
formation energies �Ef =−Zu /2 in the two pure phases. The
system being highly diluted with respect to vacancies, u does
not affect the equilibrium phase diagram. Its sign gives the
tendency of the vacancy to occupy A-rich regions �u�0� or
B-rich regions �u�0�. For A=Cu and B=Ni, we use u
=0.0633 eV, leading to a difference in vacancy formation
energies �Ef =−0.38 eV, a value close to the experimental
one.

Kinetics. Diffusion occurs via vacancy �V� jumps toward
nearest-neighbor X atoms, where X equals A or B. Atom-
vacancy exchange frequencies are calculated using rate
theory with a constant attempt frequency �=1014 s−1. We
first consider a model where the activation energy EVX for
these jumps is derived from the broken bond model previ-
ously described in Refs. 6, 7, and 22 and corresponds to the
energy required to move an X atom from its initial stable site
to the XV saddle point. Notice that in this model, hereafter
referred to as model I, the contribution of the jumping atom
to the saddle-point configuration energy is taken as a con-
stant. EI

VX writes

EI
VA = E2

A − nA
A� + u

2
,

EI
VB = E2

B − nB
B� − u

2
, �1�

where nA
X and nB

X are the number of A and B nearest neigh-
bors of the atom X to be exchanged with the vacancy V. The
term E2

X is the activation energy for a vacancy exchange with
a X solute atom. The vacancy migration energy E0

X in a pure
matrix depends directly on E2

X, � and u in this model. The
difference in vacancy migration energy between the two pure
elements writes �Em=E0

A−E0
B=E2

A−E2
B+2�Ef�Z−1� /Z. Be-

cause of this constraint between �Em and �Ef, if one
chooses values for E2

X and �Ef that correspond to Cu-Ni,
�Em is overestimated by more than 50%, as seen in Fig. 1.
Model I is therefore not well suited to reproduce simulta-
neously �Ef and �Em for the Cu-Ni system. To address this
deficiency, and better reproduce self- and solute diffusion
data for the Cu-Ni system, one needs to make E0

X and E2
X

independent. This can be achieved by using a modified
model, hereafter denoted as model II, where the saddle-point
energy now depends on the local chemical environment.
Consider first the exchange of an A atom with a vacancy. In
order to satisfy detailed balance, the simplest extension of
model I that includes an environment dependence in the con-

tribution of the migrating atom to the saddle-point energy
takes the form

EII
VA = K0 + K1�nA

A + nA
V� − nA

A� + u

2
, �2�

where nA
V is the number of A nearest neighbors of the va-

cancy, excluding the migrating A, and K0 and K1 are con-
stants. The value of these constants are determined by im-
posing that the activation energies for solute and solvent
diffusion are E2

A and E0
A, respectively.

The extension of the above procedure to the migration of
B atoms is straightforward. Activation energies for XV ex-
changes in this model II can be expressed in the following
compact form:

EII
VA = EI

VA +
nA

A + nA
V

2�Z − 1��E0
A − E2

A + �Z − 1�
� + u

2
	,

EII
VB = EI

VB +
nB

B + nB
V

2�Z − 1��E0
B − E2

B + �Z − 1�
� − u

2
	 . �3�

The parameters of this model II are fitted to two of the five
activation energies for the vacancy-atom exchanges in infi-
nitely dilute Cu-Ni alloys:21 the parameters E0

X and E2
X are

set to the values calculated by Adams et al.,19 who used
interatomic potentials based on the embedded atom method.
The remaining three frequencies are given in Table I from
model II and compared to the EAM energies. The agreement
between model II and Adams’ data is much better than that
between model I and Adams’ data.

Finally, we will consider in this work another set of pa-
rameters to study the role of the phase-separation tendency
on kinetics. This second set of parameters describes a
Cu-Ni-like system that does not present any miscibility gap.

FIG. 1. �Color online� Activation energies from ��� model I
�Eq. �1��, from �•� model II �Eq. �3� with �=−0.022 eV�, and from
��� EAM calculations �Ref. 19� for the five �’s frequencies. In the
usual notation �Refs. 20 and 21�, �0 is the solvent atom-vacancy
exchange frequency, �2 is the frequency of solute-vacancy ex-
changes, �1 is the frequency of atom-vacancy exchanges that do not
dissociate the solute-vacancy pair, �3 is the frequency of an atom-
vacancy exchange that dissociates the solute-vacancy pair, and �4 is
the frequency of an atom-vacancy exchange that associates the sol-
ute and the vacancy.
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Practically, this is achieved by setting �=0, and keeping un-
changed all other parameters, u, E0

X, and E2
X. In Table I, we

report the values of the corresponding five jump frequencies
with this second set of parameters. For the sake of clarity, we
will hereafter denote as CuNi� the system with
�=−0.022 eV, and CuNi0 the one with �=0.

B. Diffusion asymmetry in Cu-Ni

In this section we measure diffusion coefficients in equi-
librium Cu1−cNic solid solutions, in particular in concentrated
alloys, for the two sets of parameters for the diffusion model
II introduced above. Starting first with dilute alloys, i.e., for
c→0 and c→1, one can use the classical theory of atomic
diffusion that provides us with analytical expressions for
self-diffusion and solute diffusion coefficients.20,21 Let us
simply recall that the diffusion coefficient of an isolated sol-
ute atom B �c→0� is calculated to be

DB*
A = a2�2cv

�4

�3
f2, �4�

where all �’s are defined in Fig. 1, cv is the vacancy concen-
tration in the A matrix, and f2 is the correlation factor be-
tween successive solute-vacancy exchanges

f2 =
�1 + �33.5F��4/�0�

�1 + �2 + �33.5F��4/�0�
, �5�

where F is a polynomial function of �4 /�0.21 Formula �4�
gives also the thermal self-diffusion coefficient of an A tracer
atom when setting all �’s equal to �0:

DA*
A = a2�0cvf0, �6�

where the geometric correlation factor f0= �1+3.5F�1�� / �2
+3.5F�1��=0.7815 for fcc crystal.

It is worth noting that in order to assess the mobility
asymmetry ln�DB*

A /DA*
B � between pure A and pure B regions

of a A /B multilayer, one has to take into account the fact
that, in Eq. �4�, the vacancy concentration is a function of the
local composition. Assuming that the vacancy concentration
has reached its equilibrium value, the magnitude of this con-
tribution to the atomic mobility asymmetry is given by
exp��Ef /kT�.

Turning now to concentrated alloys, we employ KMC
simulations with a residence time algorithm to calculate dif-
fusion coefficients for our diffusion model.22,23 We use the
activation energies from Eq. �3� and the two alloy systems
introduced in Sec. II A, CuNi� and CuNi0. To calculate the
tracer diffusion coefficients, we label every A or B atom and
first compute the time-dependent diffusion coefficient
DX*�t�= 
�R2�t��X* /6�t, where �R denotes the displacement
of the X atoms and 
�X* stands for the average over the X
=A or B tagged atoms. The tracer diffusion coefficient DX* is
recovered at large time. A face-centered-cubic crystal of size
512 sites with periodic boundary conditions is large enough
to calculate the quantities of interest. The initial condition
consists of a disordered alloy where the number of A and B is
fixed by the concentration c considered. Only one vacancy is
introduced in the crystal and the diffusion coefficients are
therefore calculated at constant vacancy concentration cv
=1.9	10−3.

In Fig. 2�a�, we report the diffusion coefficients DNi* and
DCu* versus the Ni concentration c for two different tempera-
tures T=650 K and T=1000 K. By first examining the dilute
cases, it is important to note that DNi*

Cu is greater that DCu*
Ni by

about one order of magnitude at T=650 K and by a factor
�4 at T=1000 K. Additionally, the two parametrizations
used for Cu-Ni give similar solute diffusion coefficients for
the range of temperature considered. In concentrated alloys,
the difference between CuNi� and CuNi0 systems is very
small at T=1000 K. The tracer diffusion coefficients atoms
for both parametrizations follow relatively closely an expo-
nential dependence with c at this high temperature. From
Fig. 2�a�, the diffusion coefficients can be written:

DX*�c� � DX*�0��DX*�1�/DX*�0��c, �7�

where X=Cu or Ni, and c refers to the Ni concentration. This
behavior suggests that, at this high temperature, the vacancy
migration energy is given by a linear combination of the
migration energies for the pure elements, weighted by the
concentrations. At lower temperature, however, the tracer
diffusion coefficients for the CuNi� model deviate signifi-
cantly from an exponential dependence, as seen on Fig. 2�a�

TABLE I. Activation energies from model II �Eq. �3�� compared
to the EAM activations energies from Ref. 19 for vacancy jumps
near the impurity �see Fig. 1 for the �’s definition�. To simplify the
table, additional terms �E


X, �E�
X have been defined as follows:

�E

A= �E0

A−E2
A+ �Z−1���+u� /2� / �2Z−2�, �E


B= �E0
B−E2

B+ �Z−1�
	��−u� /2� / �2Z−2�, �E�

A= �E0
A−E2

A��Z−2� / �Z−1�, and �E�
B= �E0

B

−E2
B��Z−2� / �Z−1�. The differences in formation energies �Ef and

in migration energies �Em are also reported. A=Cu and B=Ni.

Cu solvent and Ni impurity

Jump EII
VX CuNi0 CuNi� EAM �Ref. 19�

�0 E0
A 0.69 0.69 0.69

�1 E2
A−�E�

A 0.71 0.71 0.66

�2 E2
B 0.83 0.83 0.83

�3 E0
A+�E


A 0.68 0.69 0.69

�4 E0
A+ ��+u� /2+�E


A 0.71 0.71 0.73

�4 /�3 ��+u� /2 0.03 0.02 0.04

Ni solvent and Cu impurity

Jump EII
VX CuNi0 CuNi� EAM �Ref. 19�

�0 E0
B 1.10 1.10 1.10

�1 E2
B−�E�

B 1.08 1.08 1.14

�2 E2
A 0.90 0.90 0.90

�3 E0
B+�E


B 1.10 1.11 1.09

�4 E0
B+ ��−u� /2+�E


B 1.07 1.07 1.04

�4 /�3 ��−u� /2 −0.03 −0.04 −0.05

�Ef −Zu /2 −0.38 −0.38 −0.384

�Em E0
A−E0

B −0.41 −0.41 −0.41
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for T=650 K. Since the deviation is much smaller for the
CuNi0 system, and since it is suppressed as temperature in-
creases, we conclude that the deviation is due to the thermo-
dynamics of the system, i.e., to the presence of short range
order.

Figure 2�b� gives an estimation of the equilibrium va-
cancy concentration cv in these alloys as a function of c, as
obtained from the mean-field expression of the vacancy for-
mation energy Ev

f :

Ev
f �c� � cEv,Ni

f + �1 − c�Ev,Cu
f + Zc�1 − c��/2. �8�

As expected from Eq. �8�, on a log-linear plot �see Fig. 2�b��,
the vacancy concentration displays a linear dependence with
c, with a small negative curvature for the CuNi� model, and
no curvature for the CuNi0 model. In the case of a coherent
Cu/Ni multilayer, the equilibrium vacancy concentration in
the Cu layers will exceed that of the Ni layers by about two
and three orders of magnitude for T=1000 K and T=650 K,
respectively.

In summary, for a Cu/Ni multilayer, the diffusion coeffi-
cients calculated at constant cv combined with the effect of
the formation energy on cv lead to a strong mobility asym-
metry, DNi*

Cu /DCu*
Ni �3	102 at T=1000 K and �104 at T

=650 K. These ratios are almost the same for the two mod-
els, CuNi� and CuNi0. The tendency for phase separation in
the CuNi� model alloy, however, affects the composition de-
pendence of the diffusion coefficients in concentrated alloys,
particularly at low temperature, where short-range order be-
comes more and more significant.

III. INTERDIFFUSION IN Cu/Ni MULTILAYERS

A. Evolution of sharp and flat interfaces

In Fig. 3 we report the KMC Ni concentration profiles at
different stages of the interdiffusion from the annealing of a
Cu/Ni multilayer presenting initially sharp interfaces that are
also flat, i.e., with no roughness, for the CuNi� model alloy.
The simulation box contains 1283 sites in the fcc structure
with periodic boundary conditions. The annealing tempera-
ture is T=650 K. The initial concentration profile is a sym-

FIG. 2. �Color online� Composition dependence of the diffusion
coefficients in a Cu1−cNic solid solution at T=650 K and T
=1000 K. �a� the coefficients for tracers Ni* and Cu* are calculated
from KMC simulations using the activation model of Eq. �3� with
�•� the CuNi� parameters and ��� the CuNi0 ones �see text in Sec.
II A� at constant vacancy concentration cv=1.9	10−3. The expo-
nential dependences of Eq. �7� are represented by thin lines. �b�
Composition dependence of the vacancy concentration cv estimated
from Eq. �8� for both CuNi� and CuNi0 systems.

FIG. 3. �Color online� Instantaneous Ni concentration profiles
and microstructures from initial sharp �111� interfaces in Cu/Ni
multilayers for the CuNi� model alloy with Lm=128 planes and
annealed at T=650 K. Note that Tc�625 K for that alloy. The
KMC profiles �•� are obtained at different times t=0, 20, 130, and
740 s. For comparison �thin dotted line�, one profile from KMC
simulations of an ideal CuNi0 multilayer �Tc=0 K� is reported at
t=56 s. Below, the Ni atom positions in �111� plane intersecting the
multilayer are shown in CuNi� at t=740 s and in CuNi0 at t=56 s.
The grey scale color is used to indicate the number of Ni neighbors
of each Ni atom.
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metric Ni/Cu multilayer of modulation length Lm equal to
128 �111� atomic planes with two �111� sharp interfaces and
one vacancy V, corresponding to a vacancy concentration
4.77	10−7.

As seen in Fig. 3, the interface broadens with time, but the
center of the interface shifts to the Ni-rich region. Such an
effect is indeed expected from the diffusion asymmetry
present in this model alloy. Indeed, the vacancy is mainly
found in the Cu-rich region and the Ni atoms that diffuse
towards the Cu regions come essentially from Ni-vacancy
exchanges at the interfaces. We note that, while this shift
resembles the one that would be produced by a Kirkendall
effect �markers at the initial interface position would now be
in the Cu-rich region, i.e., in the region of the fast diffusers�,
its origin is fundamentally different since vacancies are
treated as conserved species in the simulations, thus prevent-
ing the establishment of permanent vacancy flux. The inter-
facial shift in our simulations is a direct consequence of the
composition dependence of the atomic diffusion coefficients.
As the annealing proceeds, the Ni concentration of the ini-
tially pure Cu region increases, while the Cu concentration
of the Ni-rich region remains null. As seen from Fig. 3, the
kinetic paths for the CuNi0 and CuNi� alloys are different. If
one uses the average Ni concentration �cNi

Cu� inside the Cu
region as a measure of the degree of advancement of the
reaction, interfaces in the CuNi� display more broadening:
after 740 s cNi

Cu has reached a value of about 0.28 and the
Ni/Cu interfaces are largely spread over more than 20 �111�
planes at T=650 K. On the other hand, in the CuNi0

multilayer, for the same concentration cNi
Cu�0.28, the inter-

face width is only 4 �111� planes.
In Fig. 3 we report the instantaneous Ni atom positions in

one �111� plane that intersects the interfaces. From these
snapshots, one can observe clear differences in interface
morphology. Not only is the interface broader for the CuNi�,
it also appears to have developed some roughness. Since the
CuNi� and the CuNi0 multilayers differ only by the value of
the phase-separation term �, we conclude that the tendency
toward phase separation tends to broaden and roughen inter-
faces in systems having large diffusion asymmetries.

To analyze in more details the effect of short-range order
�SRO� on the interface broadening, we calculate for the
CuNi� alloy the average interface width l� estimated as l�

=d111/max�cp+1−cp� �where cp is the instantaneous concen-
tration in plane p and d111 is the �111� interplane distance� as
a function of time in Fig. 4 and as a function of the Ni
concentration at the center of the Cu region �cNi

Cu� in Fig. 5.
Also reported in Figs. 4 and 5 is the interface width l0 ob-
tained from the KMC simulations of CuNi0.

Figure 4 illustrates how interdiffusion is affected by short-
range order. In absence of phase separation tendency �i.e., for
l0�, one can observe from Fig. 4�a� a persistent layer-by-layer
dissolution mode. Indeed, the main variation of concentra-
tion is found in the interface plane while the composition in
other planes vary slowly. This leads to an oscillatory behav-
ior of l0 on top of the average increase of l0 due to interfacial
broadening. Note that for T=650 K and after 20 Ni layer
dissolution in the Cu matrix, the amplitude of l0 oscillations
is still approximately conserved and the period of these os-

cillations roughly scales with �t. On the contrary, for CuNi�

at the same temperature, one notices in Fig. 4�b� that the
amplitude of the periodic oscillations of l� decreases rapidly.
In this case, the concentration variation is not localized in the
interface plane only, and dissolution occurs simultaneously
in adjacent planes. This is consistent with the visual obser-
vation of the buildup of interfacial roughness. We conclude
that short-range order, through the development of interfacial
roughness, suppresses the layer-by-layer character of the in-
terdiffusion reaction.

Let us now comment the curves shown in Fig. 5 �semilog
plots� where two different annealing temperatures are con-
sidered, 650 and 1000 K�. All curves start with l=d111 and
using this representation of the kinetics �l� versus the Ni
concentration cNi

Cu�, the interface widths start to increase be-
fore Ni atoms can reach the center of the Cu region �l� in-
creases while cNi

Cu is still equal to zero�. Furthermore, ln�l��
and ln�l0� obey a linear increase with the Ni concentration
cNi

Cu with a slope m�T� that depends on the temperature. The

FIG. 4. �Color online� KMC interdiffusion in symmetrical �111�
multilayer with initial sharp interfaces at T=650 K and Lm=128
planes �a� for CuNi0 and �b� for CuNi�. On the left axes, the inter-
face width l �thick lines, in number of �111� interplane� is plotted
versus the square root of time. On the right axes, the evolution of Ni
concentrations cp per plane p parallel to the initial flat interface
�dotted lines� are reported. cNi

Cu �thick light grey� is the Ni concen-
tration at the plane located at the center of the initial Cu region.
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temperature dependence of m�T�, however, exhibits opposite
behaviors for l� and l0. The slope m�T� decreases when T
decreases for l0. This indicates that at lower temperatures,
the interface broadening proceeds more slowly that the Ni
enrichment of the Cu-rich region. On contrary, for l�, a de-
crease of the annealing temperature leads to an increase of
the slope m�T�. The phase-separation tendency thus favors
interfacial broadening over chemical mixing.

B. Evolution of diffuse and flat interfaces

To investigate the possible sharpening of Cu/Ni inter-
faces, following Erdélyi et al.,3 we now construct a
multilayer comprised of pure Cu and Ni regions separated by
interfaces whose composition varies linearly, here over eight
planes �see Fig. 6�a��. Interdiffusion begins by the dissolu-
tion of the tail of the Ni-composition profile into the initially
pure Cu region, while almost no Cu atom is found to diffuse
into the initially pure Ni region. This asymmetric interdiffu-
sion leads to a sharpening of the interface concentration pro-
file as shown in Fig. 6�a�. This sharpening is very similar to
the one observed by Erdélyi et al. with a direct exchange
mechanism. In a second stage, the Ni-pure regions start to
dissolve into the Cu-rich regions, thus contributing further to
the shift of the interface. This second stage produces a broad-
ening of the interface. As a result, l� goes through a mini-
mum, �3 d111 for the simulation parameters used in Fig.
6�b�.

We now examine the effect of SRO on the sharpening.
For this purpose, we follow the minimum interface width
�denoted l�

min and l0
min� reached during the interdiffusion for

various annealing temperatures. In Fig. 7�a�, we report the
temperature dependence of these minimum widths. We also
report the equilibrium CuNi� interface widths lequil �below
the critical temperature Tc=625 K� and the minimum inter-
face width lsym

min obtained in absence of diffusion asymmetry.
For that purpose we used a new set of parameters such that
�=−0.022 eV, with E0

A=E0
B, E2

A=E2
B, and u=0 giving a zero

value of the diffusion asymmetry term ln�DB*
A /DA*

B �. For this
system, although there is no asymmetry in diffusion coeffi-
cient, the interface width also reaches a minimum transient
value lsym

min before relaxing towards lequil, because of the non-
zero value of �.

Figure 7�a� shows that l0
min and l�

min decrease similarly
with temperature. One can notice, however, that l0

min is about
one plane lower than l�

min. Again, this illustrates the influence
of short-range order. The later produces some interfacial
roughness, which then reduces the sharpening effect. We
now compare the transient minimum widths with the equi-
librium ones. Indeed, Erdelyi et al.4 indicated recently that if
the diffusion asymmetry is large enough, the interface could
be even sharper than its equilibrium value, for a relatively
strong phase-separation system. This is indeed what we ob-
serve for our present model alloys, as seen from Fig. 7�a�.
Below �550 K, however, l�

min appears to increase with de-
creasing temperatures, which is possibly due to a larger and
larger driving force for phase separation. This latter result
shows that the coupling between the phase separation and
large diffusion asymmetry is not straightforward. Indeed,
since both driving forces tend to sharpen the initial interface

FIG. 5. �Color online� Interface width l versus the Ni concen-
tration cNi

Cu measured at the center of the initial Cu region. Calcula-
tions are obtained from KMC simulations performed at T=650 K
and 1000 K with initial sharp �111� interfaces. l� and l0 represent
the interface widths for the CuNi� and CuNi0 alloys, respectively.

FIG. 6. �Color online� KMC simulations from symmetrical
�111� multilayer �Lm=128 planes� with initial diffuse interfaces
�l��t=0��8d111� for the CuNi� model alloy at T=650 K: �a� instan-
taneous Ni concentration profiles �b� interface width l� �solid line,
in number of �111� planes� versus the square root of time. For
comparison the l� evolution obtained from sharp interface is replot-
ted �dotted line�.
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�both lsym
min and l0

min are lower than eight planes in Fig. 7�a��,
one could have expected l�

min values lower than l0
min. The

observation that lsym
min � l�

min� l0
min shows that these sharpening

effects are not simply additive. At low temperature the l�
min

curve becomes close to the lsym
min one �see Fig. 7�a��, while at

high temperature l�
min and l0

min display similar behaviors �see
Fig. 7�b��.

In Fig. 7�b�, we replot the data from Fig. 7�a� for l�
min and

l0
min but now using the mobility asymmetry ln�DB*

A /DA*
B � for

the abscissa. The two vertical lines indicate the mobility
asymmetry for T=1000 K and for T=Tc. In absence of phase
separation, i.e., �=0 in the activation energies, we recover
qualitatively the trend obtained from the 1D mean-field
model �1D KMF� used by Erdélyi et al.3 the sharpening in-
creases with the mobility asymmetry �l0

min decreases with

ln�DB*
A /DA*

B ��. However, we notice that the 1D KMF model
used in Ref. 3 with one effective asymmetry parameter is not
suitable for predicting quantitatively the dependence of l0

min

with ln�DB*
A /DA*

B �. Figure 7�b� suggests in fact a modification
of the 1D KMF model to obtain a quantitative agreement
with our 3D KMC data. The idea is to introduce a second
effective parameter �denoted K here� that will shift the 1D

FIG. 8. �Color online� �a� KMC Ni concentration profiles for
CuNi� at T=650 K, at different stages of the kinetics. The initial
interface is a sinusoid of wavelength �1=64�3/2a and of amplitude
A=4d111. In �b� for CuNi� and in �c� for CuNi0, interface widths �in
number of �111� planes� are given as a function of the square root
of time �t, for different initial wavelengths �n=�1 /n but for the
same amplitude A=4d111. The curves obtained from sharp �111�
interfaces are also reported for comparison.

FIG. 7. �Color online� Minimum interface widths �•� l�
min for

CuNi� and ��� l0
min for CuNi0 alloy �in the number of �111� planes�

reached during the KMC sharpening of initial diffuse interfaces
�l��t=0�= l0�t=0��8d111� versus �a� the annealing temperature and
�b� the diffusion asymmetry ln�DB*

A /DA*
B �. In �a� the equilibrium

interface width ��� lequil is calculated for the CuNi� model alloy
and ��� lsym

min corresponds to the minimum transient width obtained
for an alloy having the same phase-separation tendency but no dif-
fusion asymmetry �see text�. In �b� the l0

min obtained from the one-
dimensional kinetic mean-field model �1D KMF� is reported �dotted
curve� before and �+� after the modification of this model discussed
in the text.

J.-M. ROUSSEL AND P. BELLON PHYSICAL REVIEW B 73, 085403 �2006�

085403-8



KMF curve to the left. Recall that in the 1D KMF model
ln�DB*

A /DA*
B �=Zu /kT. From a purely phenomenological

viewpoint, one could replace Zu /kT by Zu /kT+K. As seen in
Fig. 7�b�, an excellent agreement is obtained for K=−2.1. As
discussed in the Appendix, this second effective asymmetry
parameter is equivalent to introducing a dependence of the
attempt frequencies with the local environment, which can
also been seen as the effect of the mobility asymmetry on
correlation factors. Despite the fact that this approach is
purely phenomenological, it is interesting to see that a modi-
fied kinetic mean-field model based on a direct atom ex-
change mechanism, with two effective asymmetry param-
eters, can reproduce quantitatively �at least when �=0� the
interface sharpening process observed with a more sophisti-
cated approach, i.e., 3D kinetic Monte Carlo simulations
with a vacancy mechanism.

C. Evolution of sharp but rough interfaces

In this section, we follow the evolution of interfaces that
are sharp but rough. For ease of analysis, we use one-
dimensional sinusoidal sharp interfaces, with a wave vector
along a 
110� direction perpendicular to the �111� direction
of the interface. The initial interface height at position r
= �rx ,ry�� �111� and at time t=0 is given, in units of d111, as

h�r,0� = 
h�r,0�� + A sin�2

�n
rx	 , �9�

where the x axis is along the in-plane �112̄� direction,

h�r ,0�� is the initial average height of the interface consid-
ered �the brackets denote an average over all possible r�, and
A and �n are the initial amplitude and wavelength of the
sinusoid, respectively. An example of such an interface is
shown in the inset of Fig. 8�a� where Ni atoms from one
interface are drawn for A=4d111 and �n=�1=64�3/2a. Note

that the terraces end with �11̄0� steps. The composition pro-
files of these interfaces, obtained by averaging the composi-
tion in successive �111� planes, display an apparent diffuse-
ness, as seen in Fig. 8�a� for time t=0. No apparent
sharpening is observed for this interface during annealing at
T=650 K. The apparent width of the interface increases mo-
notonously with time, and the interface position shifts to the
Ni-rich region.

To provide a quantitative analysis of this phenomenon, we
report in Figs. 8�b� and 8�c� the time dependence of the
interface widths l� and l0 for different initial wavelengths
�n=�1 /n values. These figures demonstrate the strong role
played by the initial wavelength. For large wavelengths �e.g.,
�1�, l� and l0�6d111 initially, and these widths increase con-
tinuously with time, in a manner similar to the one observed
for a sharp �111� interface in Sec. III A. For small wave-
lengths, on the other hand, one observes an interface sharp-
ening analogous to the one seen for interfaces that are ini-
tially diffuse but flat in Sec. III B. The threshold wavelength
�c above which there is no interface sharpening can be
bracketed. At T=650 K, for A=4d111, we obtained �8��c
��4 and �4��c��2 for CuNi� and CuNi0, respectively. Ad-
ditional simulations with different system sizes could be used

to further refine the determination of �c, if necessary.
From Figs. 8�b� and 8�c�, it is also interesting to note that

below �c, the sharpening is followed by an interface broad-
ening analogous to the one observed for an initial �111�
sharp interface. In other words, for symmetrical A /B multi-
layers that have the same average interface orientation and
the same quantity of A and B atoms per �111� layers, the
interface broadening at long time becomes independent of
the initial interface roughness. This point suggests that two
distinct mechanisms take place simultaneously: the first
mechanism, which depends on the wavelength, tends to flat-
ten the initial sinusoidal profile, while the second mechanism
induces a broadening of the interfaces. In order to test this
assumption, we need to separate and quantify the roughness
and the diffuseness of the interfaces. For this purpose, we
calculate the height-to-height correlation function G�R , t�:

G�R,t� = 
�h�r + R,t� − h�r,t��2�1/2, �10�

where the vector R= �Rx ,Ry�� �111� corresponds to the in-
plane component of the vector separating the interfacial at-
oms located at r+R and at r. Before calculating G�R , t� we
first perform a coarse graining of the initial fcc lattice into a
simple cubic lattice; the coarse-grained lattice �CGL� con-
tains one-fourth of the fcc sites and each CGL site belongs to
the Ni-rich phase if the number of Ni first and second neigh-
bors in the fcc lattice is greater than 9 �corresponding to a Ni
local concentration greater than 0.5�. The Ni-rich phase is
identified as the largest connected set of such sites. Interfa-
cial CGL sites in the Ni-rich phase are those which have at
least one CGL first neighbor in the opposite phase. Finally
since the sinusoidal perturbation considered in Eq. �9� is
along the x axis, the G�R , t� function is averaged over all R
having the same Rx component. In Fig. 9, starting from sinu-
soidal interfaces with �n=�4 for the CuNi0 system, we plot a
sequence of instantaneous configurations and the corre-
sponding G2�R , t� �semilog plots�. In Fig. 9�a�, the initial
G2�R ,0� is given by a cosine function, with a period of �4.
In Figs. 9�b� and 9�c�, during the sharpening regime �i.e.,
during the l0 decrease in Fig. 8�c��, one can observe both the
shift and the flattening of the interfaces. A signature of this
latter phenomenon in the G2�R , t� plots is the decrease of the
amplitude of the cosine. Two additional observations can
made from the G2�R , t� plots: first, the initial wavelength is
conserved during the interface flattening, and second the av-
erage value of the G2�R , t� function increases with time. Fi-
nally in Fig. 9�d�, which corresponds in Fig. 9�c� to the time
where l0 starts to increase, interfaces appear to be flat and
diffuse, and the G2�R , t� is nearly constant. It is observed
that, at longer times, this constant value increases with time
�not shown here�.

We now propose a simple model to analyze quantitatively
these kinetic evolutions. We assume that the time evolution
of the interface shape can be decomposed into two terms:

h�x,t� =
A�t�

2
1 + sin�2

�n
x	� + B�t���x� , �11�

where A�t� gives the amplitude of the sinusoid. It decreases
with time and corresponds to flattening of the interface. Note
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that the previous observations indicate that A�t� is likely to
be a function of �n. B�t�, on the other hand, represents the
amplitude of the diffuseness, and it is expected to increase
with time and to be independent of �n. ��x� is an uncorre-
lated random variable that has a configurational average

��x��=1/2 with ��x�� �0:1�. The average interface height
is 
h�x , t��= �A�t�+B�t�� /2 and the square of the interface
width defined as

��t�2 = 
h�x,t�2� − 
h�x,t��2 =
A�t�2

8
+

B�t�2

12
, �12�

since we assume that the two contributions in the right-hand
side of Eq. �11� are uncorrelated. Finally, using the definition
of Eq. �10�, the square of the height-to-height correlation
function G�X , t�2= 
�h�x+X , t�−h�x , t��2� writes

G�X,t�2 =
A�t�2

4
1 − cos�2

�n
X	� +

B�t�2

6
. �13�

From Eq. �13�, it is interesting to note that one can extract
both A�t� and B�t� amplitudes by evaluating the G�X , t�2

function for two different values of X. Indeed, for X=�n, one

obtains the diffuseness of the interface B�t�2=6G��n , t�2, and
then, by evaluating the correlation function at X=�n /2, one
deduces the sinusoid amplitude A�t�2=2�G��n /2 , t�2

−G��n , t�2�.
A first consistency test for the present analysis, and in

particular for the assumption that the two contributions in
Eq. �11� are uncorrelated, is performed by comparing the
time evolution of the G��n , t�2 functions for various initial
wavelengths and amplitudes. Since we model interfaces that
are initially sharp, we expect that B�0�=0 in all cases, and
that the time evolution of B�t� should be the same for all
A�0� and �n. This is indeed what is observed in Fig. 10 for
A�0�=4d111. This evolution, furthermore, is very similar to
the one found for the initially sharp and flat interface consid-
ered in Sec. III A. For A�0�=16d111, we observe some de-
pendence of the evolution of B�t� with the wavelength. These
deviations, however, remain small in comparison to the large
A�t� values.

We now use Eqs. �11� and �13� to study the decrease of
amplitude A�t� as a function of time, initial amplitude, and
initial wavelength. In Figs. 11�a� and 11�b�, we report calcu-
lations of the G��n /2 , t�2−G��n , t�2 function, which is pro-

FIG. 9. �Color online� Sequence of microstructures �Ni atoms from one �111� plane only� and height difference correlation function
G2�R , t� at different stage of the kinetics: �ti=0 in �a�, 4 in �b�, 6 in �c�, and 8 in �d� from a CuNi0 multilayer with wavelength �4 amplitude
A=4d111 and T=650 K.
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portional to A�t�2, for the CuNi0 and CuNi� systems, respec-
tively. Clearly, the decrease of A�t� with time is well
described by an exponential decay. Moreover, we find that
the corresponding relaxation times � increase with the value
of the initial wavelength, in agreement with the observation
made from Fig. 8.

It is useful to recall that, in the case of systems possessing
interfaces at equilibrium, Mullins24 predicted that perturba-
tions of the interface position would relax exponentially in
time. Furthermore, the relaxation time constant is predicted
to depend on the wavelength through a power law, ���n


,
where the exponent 
 takes a value characteristic of the re-
laxation mechanism. Viscous relaxation leads to 
=1,
evaporation condensation to 
=2, bulk diffusion to 
=3,
and surface diffusion to 
=4. Even though we are monitor-
ing here the amplitude of perturbations of interfaces that are
not stable, the relaxation of A�t� appears to be fast compared
to the dissolution kinetics, and this relaxation kinetics may
thus contain some useful information on the mechanisms in-
volved. For the CuNi� system, an average apparent exponent
of 
�1.8 is obtained. This is not too different from 2, the
exponent expected for stable interfaces whose relaxation is
controlled by evaporation-condensation. We also note that at
T=650 K, the system is only slightly above its critical tem-
perature, which increases the transient stability of A /B inter-
faces. The parallel between the two exponents, 1.8 and 2,
appears to be physically relevant since, for the alloys and
parameters used here, we expect the relaxation to proceed by
the detachment of Ni atoms from interfacial steps and step
edges, followed by their fast diffusion into the Cu-rich re-
gions of the multilayer. Further work is required to determine
whether the relaxation time � is independent the initial am-
plitude, as expected in the case of relaxation of equilibrium
interfaces. For CuNi0 system, the time constant � appears to
be independent of the initial amplitude, with a value 

�1.2, or 
�1.1 if one excludes the data for �1. It was
expected that a different exponent could be observed for this

system, since the probability for Ni atoms detachment from
interfacial sites is not controlled at all by internal energy gain
or loss, but solely by configurational entropy and kinetics. In
fact, as the wavelength of the perturbation decreases, for a
fixed amplitude A�0�, the number of interfacial steps in-
creases linearly with �n. More works is needed to establish
whether this simple explanation is indeed at the origin of the
apparent exponent close to 1 for the CuNi0 system.

FIG. 10. �Color online� Height difference correlation functions
G2��n , t� versus time from sinusoidal interfaces having different
initial wavelengths �n, same initial amplitude A=4d111, at T
=650 K, for the CuNi0 model alloy. The G2��n , t� functions are
compared to the square of the interface width �2�	2� calculated
from the KMC simulations of CuNi0 multilayers with initial flat and
sharp interfaces.

FIG. 11. �Color online� Height difference correlation functions
G2��n , t� and G2��n /2 , t�−G2��n , t� versus time �semilog plots�
from different sinusoidal interfaces: n=2�� , � �, n=4�� , • �, and n
=8�� , � � at T=650 K and from the same initial amplitude A
=16d111 for �a� CuNi0 and �b� CuNi� multilayers. In �c� the relax-
ation times � �s� are plotted as a function of the initial wavelength
from two initial amplitudes A=4d111��� and A=16d111�•�.
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Based on the above results, we now introduce a simple
kinetic model to analyze the competition between the expo-
nential smoothening identified in the previous paragraph and
the broadening due the intermixing of the Cu and Ni atoms.
These two contributions correspond to the kinetic evolution
of the terms A�t�2 /8 and B�t�2 /12 in Eq. �12�. In the case of
a broadening due to the random migration of atoms, B�t�2

should increase linearly with time. The results obtained in
Sec. III A, where we consider interfaces that were initially
perfectly sharp and flat, i.e., A�0�=B�0�=0, are broadly con-
sistent with this behavior. Indeed, for the CuNi� system, the
interface width l� increases roughly linearly with the square
root of time. For the CuNi0 system, the agreement is less
satisfactory, but the main trend is preserved. We can thus
propose that, for initially sharp but rough interfaces, the ki-
netic evolution of the total interface width ��t�2 follows:

��t�2 = C0A�0�2exp�−
t

�
	 + C1� t

�1
	 , �14�

where the relaxation time �=C�n

, whereas the relaxation

time �1 is a constant independent of �n and C, C1, C2 are
constants. Simple algebra shows that, for ��t�2 to reach a
minimum, the following inequality has to be satisfied:

C0

C1

�1

�
A�0�2 � 1. �15�

There is therefore a maximum wavelength of the initial
roughness �c, above which no sharpening will take place:

�c = C0

C1

�1

C
A�0�2�1/


. �16�

This simple model thus indicates that the existence of a
maximum wavelength for the apparent sharpening of inter-
faces results from the competition between a wavelength-
dependent smoothening and wavelength-independent broad-
ening. Similarly, Eq. �15� predicts that, for a given
wavelength, there is a minimum initial roughness amplitude
for the apparent sharpening to take place. The results ob-
tained in Sec. III A, where A2�0�=0, and Sec. III C, where
A2�0��0, are certainly compatible with this conclusion.

IV. CONCLUSIONS

In this paper we investigate the kinetics of interdiffusion
in Cu/Ni multilayers by using kinetic Monte Carlo simula-
tions with a diffusion model based on a atom-vacancy ex-
change mechanism. Activation energies for the vacancy-
atom exchanges are adjusted in order to reproduce
quantitatively the five jump frequencies that control the self-
and solute diffusion coefficients for Ni and Cu tracer atoms.
In this fitting procedure, the activation barriers calculated by
Adams et al.19 with an EAM interatomic potential serve as a
reference. This parametrization produces a strong mobility
asymmetry, DNi*

Cu
�DCu*

Ni , as expected from the large differ-
ences in vacancy migration and vacancy formation energies,
�Em and �Ef. Additionally, to investigate the influence of
short-range order on the interdiffusion, we have used two

sets of parameters, which have the same kinetics parameters
but differ by the value of the ordering energy parameter �. In
one set, CuNi0, �=0 and it corresponds therefore to an alloy
system forming an ideal solid solution, whereas in the sec-
ond set, CuNi�, � is set to a negative value that results in an
system with a small phase-separation tendency, with a criti-
cal temperature Tc�625 K, close to the experimental one.
The main results obtained in this work are the following:

�i� By performing KMC simulations on equilibrium
Cu-Ni solid solutions, we measure the composition depen-
dence of tracer diffusion coefficients. We show that marked
deviations from a simple exponential dependence with com-
position appear at low temperature in the CuNi� system.

�ii� We study the kinetics of interdiffusion after the an-
nealing, above Tc, of �111� Cu/Ni symmetrical multilayers
with interfaces that are initially sharp and flat. We observe an
interface shift, with Ni atoms filling up the Cu region, as
expected from the works by Erdélyi and co-workers
works.2–4 Then we study the role of the phase-separation
tendency ��� on the interface broadening. For the same
amount of Ni atoms having diffused in the Cu region, the
interface width can be much larger in presence of short-range
order. For the same diffusion asymmetry, interfaces broaden
more in an alloy system that displays phase separation at low
temperature.

�iii� In Sec. III B, we study diffuse but flat �111� inter-
faces, and we observe a transient interface sharpening in our
model Cu-Ni systems, for annealing temperatures of 650 and
1000 K. These results confirm that the sharpening effect,
which was first observed using an atom-atom exchange
mechanism, can still be obtained with an atom-vacancy ex-
change model, as infered by Erdélyi et al.3 We measure the
minimum width reached by the interfaces and we show that
the phase-separation tendency reduces the amplitude of the
interface sharpening effect, due to the formation of interfa-
cial roughness. We also compare the interface width obtained
from our vacancy model with that predicted by the one-
dimensional effective atom exchange model of Erdélyi et al.3

We show that, in the case of an ideal solid solution, a simple,
phenomenological extension of the kinetic mean-field model
is sufficient to reproduce quantitatively the minimum widths
obtained here with KMC simulations.

�iv� In Sec. III C we study the evolution of interfaces that
are sharp but sinusoidally rough. If analyzed by a one-
dimensional profile, this sinusoidal roughness contributes to
the apparent diffuseness of the interfaces, in addition to their
true diffuseness. We demonstrate that this apparent diffuse-
ness, in contrast to the true diffuseness of the interface, may
not display any transient sharpening. Indeed, we identify the
existence of a threshold wavelength for the initial roughness,
above which the apparent diffuseness of the interfaces will
never decrease during annealing. This threshold wavelength
is observed to increase when short-range order is present,
i.e., for the CuNi� system. In order to quantify and analyze
the kinetics of the interfacial evolution, we calculate the
height-to-height correlation function of the interfaces. We
demonstrate that the evaluation of this correlation function
for different separation distances makes it possible to sepa-
rate the diffuseness of the interface from its roughness. The
amplitude of the roughness decreases exponentially with
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time, with a relaxation time that displays a power-law depen-
dence with the wavelength of the roughness. For small wave-
length the relaxation time becomes smaller and smaller. The
characteristic time for the buildup of the diffuseness of the
interface, on the other hand, is independent of the initial
wavelength of a sharp and sinusoidal profile. This simple
analysis suggests therefore that there is a crossover wave-
length �c, in agreement with the KMC results: for roughness
with wavelength less than �c, an apparent sharpening of the
interface can take place, whereas for roughness with wave-
length greater than �c no transient sharpening will take place.
Besides the interest in understanding the competition be-
tween interfacial smoothening and interfacial broadening,
this result points to a limitation to the annealing method
proposed by Erdélyi et al.5 to sharpen interfaces in miscible
alloy systems. We hope that the present results will stimulate
experimental studies aimed at investigating the influence of
the wavelength and the amplitude of the initial roughness on
the phenomenon of transient interfacial sharpening.
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APPENDIX: EXTENSION OF THE 1D MEAN-FIELD
MODEL

In practice and using for instance the formalism of Ref. 4,
the slight modification suggested in this work means that the
usual mean-field jump frequency �i,i+1 for an effective ex-
change between an A atom in plane i and a B one in plane
i+1 can be rewritten as follows:

�i,i+1 = �i,i+1exp�Ei,i+1

kT
	 , �A1�

where the effective attempt frequency �i,i+1 now depends on
the chemical environment and on the new parameter K:

�i,i+1 = exp�zv�ci−1 + ci + ci+1 + ci+2� + zl�ci + ci+1��K/2Z .
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