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We observed that the relaxation mechanism of the epitaxial strain is dramatically dependent on the chemical
ordering within theL10 structure in FePd(Pt) thin films. In disordered or weakly ordered layers, the relaxation
takes place though perfect1

2f101g dislocations, whereas well-ordered films relax through the partial 1 /6f112g
Shockley dislocations, piled-up within microtwins, with a huge impact on both the morphology and the
magnetic properties of the film. We show that the antiphase boundary energy is the key factor preventing the
propagation of perfect dislocations in ordered alloys.
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I. INTRODUCTION

Because of their extremely high technological impor-
tance, strain relaxation processes in thin epitaxial layers are
widely studied. We focus here on the case of bidimensionnal
growth, where strain relaxation occurs through the introduc-
tion of misfit dislocations. Such dislocations appear only
above a given critical thickness, when the elastic energy ac-
cumulated within the layer is high enough to pay for their
formation.1 Depending on various parameters such as the
crystalline structure of the layer,2 the lattice mismatch with
the substrate, the temperature of growth, the presence of
threading dislocations in the substrate or in the buffer layer,
the involved dislocations may be perfect or partial ones, iso-
lated or piled up within extended defects.

In the specific case of chemically ordered alloys, the
chemical order affects the energy cost associated with the
propagation of the dislocations,2 with a large effect on the
plasticity and other mechanical properties. Here, we focus on
thin films of chemically ordered magnetic alloys, such as
FePd(FePt) grown on Pd(Pt) (001) substrates. Such alloys
are seen as likely candidates for future high recording den-
sity magnetic media due to the large magnetocrystalline an-
isotropy associated with chemical ordering within the Au-
Cu(I) type structuresL10d phase. We recently demonstrated
that extended strain relaxation defects, namely, microtwins
formed by the pileup of partial dislocations, are at the origin
of a large magnetic coercivity, by providing pinning sites for
the magnetic domain walls.3

The microtwins form through the pileup of 1/6f112g par-
tial Shockley dislocations. The first partial dislocation glides
from the surface of the film to the FePd/Pd(respectively,
FePt/Pt) interface in order to make the film relax. Once one
has appeared, the following ones preferably glide on adjacent
{111} planes so as to reduce the total stacking fault energy,
thereby leading to the formation of the microtwins. We re-
cently observed that the large repulsion between dislocation
cores inside the microtwins controls the relaxation process
and leads to an unusual dependence of the strain upon layer
thickness, with a slow and almost linear relaxation curve. In

addition, a peculiar surface morphology is observed, with
surface “steps”(up to 3 nm high) along thek110l directions.
These steps correspond to the emergence of the microtwin at
the layer surface and are easily observed by near field
microscopies.4

However, we discovered that the microtwins are observed
only when the growth process leads to a high degree of
uniaxial chemical ordering within theL10 phase. Indeed, by
playing with relevant parameters of the growth process, it is
possible to grow chemically disordered thin layers of the
same equiatomic FePd(FePt) alloys. Then, the relaxation
takes place through the introduction of isolated perfect dis-
locations, thereby leading to dramatically different layer
morphologies and magnetic properties. In this paper, we pro-
pose to describe, through experimental observations and
modeling, the origin of the selection of a given relaxation
process.

II. CHEMICAL ORDER, STRAIN, AND GROWTH
PROCESS

Let us remind the reader that chemical ordering within the
L10 phase corresponds to the formation of a stacking of
chemically pure Fe and Pd(resp. Pt) (001) atomic planes
defining two sublattices I and II. The perfectly ordered FePd
alloy exhibits a quadratic structure(ac=0.372 nm; aa,b
=0.385 nm) with c along[001], leading to a lattice mismatch
f sfordered=1%d on the fcc Pd buffer layersaPd=0.389 nmd.
The chemically disordered alloy has a fcc structure5

[sadisordered=0.380 nmd, and an higher mismatch with respect
to the Pd(001) substrate:fdisordered=2.4%. For FePt on Pt
buffer layersaPt=0.3916 nmd], the corresponding data from
Ref. 6 are (aa,b ordered=0.386 nm and ac=0.37=6 nm,
fordered=1.5%). The lattice parameter for the disordered alloy
is estimated according toadisordered=sacaa

2d1/3=0.3826 nm
and the mismatchfdisordered=2.3%. The amount of chemical
ordering of the equiatomic alloy is described by the long-
range order parameterSwhere concentrations of Fe atoms on
sites I or II are CFe

I =s1+Sd /2 and CFe
II =s1−Sd /2. Hence,S
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ranges from 0 for a disordered alloy to 1 for a perfectly
ordered alloy.Smay be estimated from the ratio of integrated
intensities of the superlattice(001) and (003) peaks to the
fundamental(002) and (004) ones from x-ray diffraction
measurements.7 Experimentally, well ordered alloyssS
=0.8d may be prepared through codeposition7,8 of both Fe
and Pd(Pt) by molecular beam epitaxy at an high enough
temperatures600–750 Kd on Pd(Pt) (001) substrates, while
a chemically disordered film is obtained for growth at room
temperature. Partial chemical order may be obtained at inter-
mediate growth temperatures. A detailed description of the
growth process has been provided previously.7,9

In the following, to be able to separate the effect of the
growth temperature from other parameters, we also rely on a
specific growth process, where theL10 stacking is artificially
obtained by alternated deposition of pure Fe and Pd(or Pt)
monoatomic planes. Such films, grown at room temperature,
exhibit a negligible(FePd,S,0.1) or significant (FePt, S
,0.5) long-range order.10 It is likely that this difference is
associated with the higher surface mobility of the Pd atoms
(with respect to Pt) that leads to more layer mixing during
the layer by layer growth process, and finally to a lower
chemical order.

III. RESULTS

We determined the evolution of the in-plane lattice pa-
rameter during the codeposition of FePd on Pd substrate by

measuring the distance between 01 and 01¯ rods on the Re-
flection high energy electron diffraction(RHEED) pattern
(Fig. 1). Three growth temperatures were used, leading to
different long-range order parameters as determinedex situ
by x-ray diffraction: Tgrowth=295 K sS=0d; Tgrowth=490 K
sS=0.15d; and Tgrowth=570 K, sS=0.8d. As the unstrained
lattice parameter of the alloy depends on the amount of
chemical ordering, we observe these different lattice mis-
matches on RHEED curves. For thick FePd films(thicker
than 80 nm), the complete relaxation is close to 2.4% in
disordered films and to 0.9% in well-ordered films. Partially
ordered layers have relaxed of 1.4%; this value is in between
the values reached for ordered and disordered layers.

The approximately linear shape of the relaxation curve of
the ordered layer grown at 573 K can be ascribed to the
repulsion between dislocation cores inside microtwins. As
detailed elsewhere,4 once a microtwin is formed, the pileup
of a new dislocation within the same defect is allowed only
when the thickness has increased enough so as to provide a
new stable position for an additional dislocation. Modeling
demonstrated that this leads indeed to a relaxation constant
rate. Conversely, in the case of growth at 300 and 473 K, we
do not observe such linear relaxation curves, but ones exhib-
iting more common shapes that could be fitted with a model
derived from the well-known Matthews equation.1,11 This
suggests the absence of microtwinning within these films. In
order to check this last assumption, we observed the surface3

of the different samples byex situAFM (atomic force mi-
croscopy). Indeed, the intersection of the microtwins with
the (001) plane corresponding to the free surface of the thin
layer leads to the appearance of easily detectable steps along
k110l directions.4 On the two samples grown at 300 K(dis-
ordered one) and 470 K(partially ordered one), we do not
observe such straight steps. The strain relaxation process ac-
tive here has been determined by high-resolution transmis-
sion electron microscopy(HRTEM). In section images[Fig.
2(a)] obtained on weakly ordered layers, we do not observe
microtwins but 1

2f101g perfect dislocations within the FePd
layer, close to the FePd/Pd interface. These dislocations ex-
hibiting an in-plane component of the Burgers vector con-
tribute to the strain relaxation. So, as suggested by RHEED
and AFM measurements, the relaxation takes place by mi-
crotwinning only in well chemically ordered films[Fig.
2(b)], whereas the perfect dislocations are the only strain

FIG. 1. FePd surface in-plane lattice parameter relaxation
fsaFePdssurfaced−aPdd /aPdg measured during growth at various tem-

peratures between 01 and 01¯rods on the RHEED diagram. A fit of
the curves is given following Ref. 1 for growths at 295 and 490 K,
and linear for the growth at 570 K.

FIG. 2. HRTEM images of[110] cross-sections on FePd
samples(a) Tgrowth=470 K: we just observe12k110l perfect disloca-
tions lines;(b) Tgrowth=620 K microtwins appear parallel to{111}
planes, and we also observe a few perfect dislocations.
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relaxation defects in chemically disordered films.
The same link between chemical order and the strain re-

laxation process is observed in FePt/Pt films: microtwins are
observed3 by AFM in films grown at 750 K that are chemi-
cally well orderedsS=0.8d whereas the images do not show
any microtwin in disordered alloy co-deposited at 300 K.

As we relied on the growth temperature to induce differ-
ent states of chemical orders, the occurrence of two relax-
ation mechanisms could be attributed to the effect of differ-
ent temperatures on dislocations mobility and/or nucleation.
However, we can rule out the role of temperature in FePt as
well-ordered thin films can be grown at room temperature.
Indeed, chemically ordered FePt thin films are obtained at
room temperature by atomic layer by atomic layer growth
sS=0.5d: Microtwins are then observed on AFM images(Fig.
3). FePd films grown by a similar layer-by-layer at 300 K
exhibit a low chemical ordersS=0.1d. Consistently, these
films do not exhibit microtwins.

Moreover, the different misfitf in the case of ordered and
disordered alloys seems not to be the cause of the different
relaxation mechanisms: Ordered FePd layers grown on a Pt
buffer with a higher misfitsf =1.5%d also exhibit microtwins
(not shown here).

1 /2f101g perfect dislocations do not have to nucleate in
the FePd and FePt layers as there are already such numerous
threading dislocations due to the relaxation of the Pd buffer
on the MgO substrate. A high density of these dislocations
was observed by HRTEM. Moreover, on scanning funneling
microscopy images of the Pd buffer layer8 these dislocations
were observed as screws at the Pd surface(up to
103 screws/mm2). Nucleation barriers might thus not limit
the relaxation of the film via 1/2f101g perfect dislocations,
as they just have to propagate and not to nucleate. Concern-
ing partial dislocations, they may appear by nucleation or by

dissociation of the perfect one’s in theirs11̄1d gliding plane,
i.e., a threading perfect dislocation 1/2f101g may be decom-

posed in two partial dislocations, 1/6f112g and 1/6f21̄1g.
The first one being pure edge at the interface will be efficient
for the relaxation process. This suggests that, within chemi-

cally ordered thin films, the relaxation by partial Shockley
dislocations has to be linked with a lower slip energy cost for
these dislocations compared to perfect dislocations.

IV. CHEMICAL ORDER AND ENERGY COST OF
DISLOCATIONS

Here we first explain how chemical ordering can have a
large influence on the energy cost of dislocations. We will
next propose a quantitative estimation of the effect.

In the case of aL10 ordered structure with the quadraticc
axis along[001], the propagation of a12f101g perfect dislo-
cation creates an antiphase boundary(APB) along the{111)
gliding plane within the ordered structure.2 Indeed, on both
sides of the glide plane of such a dislocation, pure Fe and
Pd(Pt) planes are out of phase. We have to take into account
an extra APB energy for the propagation of these perfect
dislocations in the case of well-ordered films. A rough evalu-
ation of this APB energy can be done in the following way:
We attribute a bounding energyJ to FeuFe or PduPd
homocoordination and −J to heterocoordination FeuPd
nearest neighbor pairs. An estimate ofJ may be obtained
from the order-disorder transition temperatureTc within the
Ising model:12 KBTc,1.74J.

SinceTc is close to 900 K for the equiatomic alloy, we
find a rough approximation forJ:J<4.5310−2 eV. As the
creation of an APB along a{111} plane breaks one FeuPd
heterocoordination bond(there are seven heterocoordination
bounds on such an APB compared to eight in a perfectly
ordered structure), we can evaluate the APB energy cost at
2J per atom of the APB. The atoms density being 4/sa2

3Î3d on {111} planes, the APB energy formed by 1/2f101g
dislocations may be written as:g111

APB=4/sa23Î3d2J
<0.2 J/m2.

This assessment is made under the hypothesis that the
APB crosses a perfectlyL10 ordered structure. In fact, the
short-range order might be incomplete,[for instance for
layer-by-layer grown films where the long-range order pa-
rameter is lower than 0.5]. So, the obtained values0.2 J/m2d
might be seen as the maximum one reached byg111

APB.
Concerning 1/6f112g partial dislocations, the total stack-

ing fault energyg111
partial should take into account the modifi-

cation of both the positions of the atoms and of their chemi-
cal environment along the gliding plane. These are
commonly2 seen as the sum of two independent terms:
g111

partial=g111
stacking+g111

chemical. For the structural partg111
stacking, we

take an average of the stacking fault energy13,14in fcc Pd and
Fe. This yieldsg111

stacking<0.16 J/m2. Then, the chemical part
of the total stacking fault turns out to be negligible: A careful
study of the partial dislocation glide plane shows that the
number of FeuPd bounds remains unchangedsNFeuPd=8d
in the case of a 1/6f112g dislocation within a chemically
ordered structure, with thec axis along[001]. As a result, we
neglectg111

chemical, andg111
partial<0.16 J/m2, approximately inde-

pendent from the chemical order.
Next, we can compare the forces exerted on perfect and

partial dislocations in ordered and disordered FePd alloys.
We consider a dislocation lying at the FePd/Pd interface

FIG. 3. Ex situ AFM image obtained on a 40 nm FePt films
capped with 1.5 nm Pt: layer-by-layer growth atTgrowth=300 K sS
=0.45d. Microtwins appear on the surface as long lines alongk110l.
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with a threading arm crossing the film up to the surface. The
force exerted on this threading arm(supposed to remain par-
allel to itself) corresponds to the energy to propagate the
dislocation of a unit length. The total energy of the disloca-
tion per length unitUtot is the sum of the self-energy density
Uself,

15 of the interaction energy of the dislocation with the
stressed filmUint, and of the energy of the faulted areaUfault
created along the glide plane.

These energy densities can be written

Uself =
mb2s1 − n cos2 bd

4ps1 − nd
lnSah

b
D ,

Uint = − 2m
1 + n

1 − n
fhb3 sinsbdcossfd,

Ufault = hg111/sinswd,

whereh is the depth of the dislocation beneath the free sur-
face,n the Poisson’s ratio,m the shear modulus,b the modu-
lus of the Burgers vector. The glide system is defined by the
angleb between the Burgers vector and the dislocation line
andw is the angle between the glide plane and the surface of
the epilayer.a is the core parameter; it is linked to these
constants and to the core energy of the dislocation.16 a can
be taken equal to 1 for both perfect and partial dislocations,
varying a between the 0.6 and 4 extreme possible values
leading to negligible changes in the energy curves.f is the
misfit between the buffer layer and the epilayer. For the tilted
{111} glide planew=54.7°,b=90° for the partials disloca-
tion and b=60° for perfect dislocations.g111 is the fault
energy density, i.e.,g111

partial for partials dislocation org111
APB for

perfect ones.
We calculatedUtotshd as a function of the FePd thickness

for the next cases(Fig. 4):
• Perfect dislocations embedded in disordered alloysS

=0d i.e., without APB energy.
• Perfect dislocations embedded in ordered alloysS=1d

with APB energy.

• Partial dislocations with stacking fault energy.
The critical thickness for the propagation of a type of dislo-
cation occurs whenUtotshcd=0.

The influence of the extra energy due to APB is striking:
In ordered films, the critical thickness for 1/6f112g partial
dislocationsshc,12 nmd is lower than for 1

2f101g perfect
dislocations shc,17 nmd but, in disordered films,hc
s 1

2f101gd falls to 4 nm, reversing the preferred strain relax-
ation defect. Hence, the propagation of partial dislocations is
favored at the beginning of the growth within chemically
ordered layers.

The critical thicknesshc for dislocations propagation
can be systematically calculated as a function of the tensile
strain f: It gives hc=fbs1−n3cos2 bdg / f8ps1+nd
3sf − fcdsinb coswglnsahc/bd, with fc=s1−nd / s1+nd
3smb sinb coswd and g=gpartial or gAPB. Figure 5 shows
this critical thickness in a perfectly ordered FePd layer for
both types of dislocations. It clearly shows that forf .0.9%,
partial dislocations propagate before perfect dislocations.
That is the case for well-ordered alloys in whichf =1%.

This applies for the very first(isolated) partial disloca-
tions. Once the first ones have nucleated and propagated, the
relaxation might continue by the nucleation of new partials
close to the former ones. This differs from the case we con-
sidered in Fig. 4, our calculation providing the energy cost of
a lonely dislocation. Actually, the following partial disloca-
tions glide along the preexisting gliding plane,4 thus sparing
theg111

stackingstacking fault energy. The stacking fault energy is
as usual2 assumed to be equal to twice the twinning fault
energy. Hence, whatever the number of partial dislocations
piled up within the microtwin, the fault energy associated
with the microtwin does not increase. This clearly reduces
the energy cost of these new partial dislocations(Fig. 5), and
explains why, the microtwins being formed, adding new par-
tial dislocation to the preexisting defects(rather than forming
perfect ones) is the favored process even for thick layers of
alloy.

FIG. 4. Energy per unit length for dislocations buried at the
FePd/Pd interface, supposing a tensile lattice strainf =0.01 in
FePd: (line) isolated 1/6[112] partial dislocations(first partial);
(dots) 1

2f101g perfect dislocations, neglecting the APB energy(i.e.,
supposingS=0) or taking the APB energy into account(supposing
S=1). The critical thicknesses for strain relaxationhc are indicated
for both types of dislocations in the case of a perfectly FePd ordered
alloy sS=1d: hc=12 nm for partial dislocations andhc=17 nm for
perfect dislocations.

FIG. 5. Calculated critical thickness for the propagation of iso-
lated 1/6[112] partial dislocations and12f101g perfect dislocations as
a function of the tensile strain in a perfectly ordered FePd layer
sS=1d. We took into account the APB and stacking fault energy
associated with both kinds of dislocations. The critical thickness is
smaller for partial dislocations than for perfect ones forf .0.9%
(we find againhc=12 nm for 1% initial tensile strain).The critical
thickness for partial dislocations in microtwins(without stacking
fault energy) is much below the values obtained for isolated
dislocations.
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V. CONCLUSION

The influence of the chemical ordering on the selection of
the mechanism for the relaxation of the epitaxial strain in
FePd alloys proved to be determinant: The epitaxial strain is
relaxed via microtwins within chemically ordered films and
in chemically disordered ones via the introduction of perfect
1/2f101g dislocations at the buffer/layer interface. Indeed,
1/2f101g dislocations introduce an extra chemical stacking
fault energy within the chemically orderedL10 structure,
thereby favoring partial dislocations in well-ordered layers.
As partial dislocations piled up within extended defects, this
leads to the formation of microtwins with dramatic conse-
quences on the morphology of the thin layer. This may be the
instance of such an effect within metallic systems.

Two comments seems now worthy of interest. First, it has
been recently demonstrated that these structural defects pro-
vide pinning sites for the magnetic domain walls within FePt
thin films, and are then at the origin of an exceptionally large
coercitive field.3 As chemically ordered alloys may be used
within the next generations of high recording density mag-
netic media, the link we demonstrate here between structural
defects and chemical order should be taken into account.
Next, within the description we propose, the extra-stacking
fault for 1/2 [101] dislocations depends primarily on the
short-range chemical order. As the magnetocrystalline aniso-
tropy depends on the same parameter,17 it may not be pos-
sible to adjust this anisotropy independently of the structural
defects occurring within thin layers of chemically ordered
alloys.
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