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Interdiffusion and reaction of metals: The influence and relaxation of mismatch-induced stress

F. Hartung and G. Schmitz*
Institut für Materialphysik, Universia¨t Göttingen, Hospitalstr. 3-7, 37073 Go¨ttingen, Germany

~Received 22 March 2001; published 6 December 2001!

The early interdiffusion stages in epitaxially grown Ag/Au and Cu/Au reaction couples are investigated by
high-resolution andZ-contrast electron microscopy. While the interdiffusion in the lattice-matched system
Ag/Au follows Fick’s diffusion laws from the very beginning, a complex two-stage reaction is observed in the
lattice-mismatched Cu/Au samples. A fast diffusion at the beginning of the heat treatment produces a planar
zone of lattice defects along the interface, which release most of the induced stress. This first reaction stage
stops after reaching a diffusion length of about 15 nm. Subsequent interdiffusion takes place by a recrystalli-
zation mechanism comprising heterogeneous nucleation of new grains and diffusion-induced grain boundary
migration. During this second reaction stage, discontinuous composition profiles are determined, evidencing
stress release at high-angle grain boundaries. The recrystallization mechanism also dominates the formation of
ordered intermetallics at lower reaction temperatures.

DOI: 10.1103/PhysRevB.64.245418 PACS number~s!: 66.30.Ny, 66.30.Pa, 68.37.Lp, 68.55.Ac
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I. INTRODUCTION

Motivated by important applications in data storage a
magnetic sensoric, stability and potential reactions of me
lic multilayers are a long-term interest of material physi
With continuous downscaling of the devices, the earliest
fusion stages deserve particular attention. Very steep com
sition gradients establish a situation far from equilibrium,
that phenomena beyond the near-to-equilibrium physics
Fick’s laws may develop. In early work, this question w
addressed by the introduction of nonlinear diffusi
equations1,2 taking into account gradient energy and cont
butions of elastic strain to the free energy. More recen
Larché and Cahn3,4 discussed the influcence of reactio
induced stress in more detail, and Stephenson5 includes plas-
tic relaxation in continuum models, which were successfu
applied to the interdiffusion of amorphous Ni/Zr layers.6

The mentioned studies assume that a planar geomet
preserved during all interdiffusion stages and, furthermo
vacancy equilibrium is maintained. Our experimental stu
demonstrates that this assumption may not be justified in
case of crystalline materials because of the coherency
straint and microstructure of the metallic films. We inves
gate the interdiffusion of two fcc metals Cu and Au at te
peratures that exclude the formation of any intermeta
compound. At first, this seems to be a very simple situati
but the reaction turns out to be complex, since these
metals are distinguished by a substantial lattice misma
The microscopic mechanisms of stress relaxation and ato
transport are determined by high-resolution electron micr
copy ~HREM! and Z-contrast electron microscopy of cros
sectional specimens. In order to identify the reasons for
observed microstructural transformation and to test the r
ability of the applied analysis methods, the results are
rectly compared to those obtained at Ag/Au, where no de
tions from Fick’s laws are expected as the mismatch
negligible and the mobilities of both species Ag and Au a
very similar.7

II. EXPERIMENT

Ag/Au and Cu/Au reaction samples were produced by
beam sputtering. After suitable heat treatments, cross
0163-1829/2001/64~24!/245418~13!/$20.00 64 2454
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tional specimens of the reaction zone were prepared and
vestigated by transmission electron microscopy~TEM!. Con-
ventional bright-field and high-resolution phase contr
imaging were performed to obtain direct information on t
microstructural development. To achieve also spatially
solved chemical information, dark-field images were tak
under high-angle hollow-cone dark-field~HCDF! illumina-
tion. In addition, macroscopic measurements by x-ray d
fractometry~XRD!, secondary neutral particle spectromet
~SNMS!, and differential scanning calorimetry~DSC! were
performed. Since these methods average over a larger s
men volume, they complement the microscopic measu
ments by an improved statistics.

A. Specimen preparation

To facilitate correct orienting of the specimens f
HREM, single-crystalline substrates of Cu or Ag were us
for thin-film deposition. Furthermore, single-crystalline su
strates favor a coarse-grained microstructure of the met
films with two preferred orientation relations across the
terfaces. The substrates were cut by spark erosion, mech
cally ground, and electrolytically or chemically polished
remove any mechanical damage. In addition, they w
cleaned inside the deposition chamber using a 600 eV
beam immediately before coating. The background press
of the chamber was better than 1026 mbar. Metallic thin
films were deposited on water-cooled substrates with a de
sition rate of 10–20 nm/min. Switching between cleani
and deposition and between different targets was done wi
a second to avoid any contamination. With SNMS, no imp
rities were detected at the interfaces, although the met
can detect material in the ppm range.

For TEM and SNMS, layer structures were produc
comprising two to five single layers, each 60–150 nm
thickness. Further samples were deposited on glass
strates to eliminate the strong x-ray signal of the meta
substrates. For DSC measurements, multilayers with 25
50 nm single-layer thickness were deposited on glass s
strates coated by a sodium metaphosphate film,8 which could
be solved in water to obtain unsupported multilayer samp
©2001 The American Physical Society18-1
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To protect the thin films during cross sectional prepa
tion, a further Cu substrate was glued onto the depos
films and subsequently these packages cut to small disk
0.5 mm thickness. Heat treatments at the microscopy sp
mens were performed in this intermediate preparation st
Using a salt bath furnace, annealing times of a few seco
could be realized. The disks were ground to 0.10 mm dur
the further preparation steps so that regions of direct con
to the salt bath were reliably removed. Thinning of the spe
mens to electron transparency followed establish
procedures9 by dimple grinding and ion milling.

Thin-film specimens for the SNMS analysis and XR
were always covered by a final Au layer. In addition th
were wrapped into a thin Au foil before immersing into th
heated salt bath to prevent surface reactions.

B. Chemical imaging by hollow-cone illumination

In most cases, the interpretation of electron microgra
in terms of local composition is not possible, since dynam
cal diffraction effects mask the desired mass contrast. H
ever, the disturbing coherent contrast phenomena are sig
cantly suppressed, if a hollow cone illumination10 is used to
produce high-angle HCDF images. We demonstrated in
vious work11 that under suitable illumination conditions th
image contrast of thisZ-contrast method is well approxi
mated by an incoherent multiscattering model, so that a lo
chemical analysis becomes possible by an evaluation of
age intensities. Provided sufficient specimen quality, the s
tial resolution of the method ranges down to about 1 nm
the chemical accuracy to a few at. % if calibration points
known composition are used in the analyzed area.

For the chemical analysis in this work, we followed th
experimental procedure described previously.11 The neces-
sary scattering parametersl, b, andg defined in that publi-
cation are adapted to intensity data of pure Cu, Ag, and
Numerical data are given in Table I. Compared to our pre
ous work,11 values for Cu and Au are redetermined to im
prove the description over an extended range of scatte
angles.

As the quantitative evaluation of HCDF images is n
well established yet, we studied at first the interdiffusion
Ag/Au films, for which we did not expect deviations from
Fick’s laws, to confirm the feasibility of the analysis and th
addressed the more complex case of Cu/Au.

III. CHARACTERIZATION
OF THE AS-DEPOSITED STATE

In the case of Ag/Au the lattice mismatchh5(aAg
2aAu)/aAu amounts to only 0.2%, which favors a cohere

TABLE I. Model parameter to describe the high-angle scatter
cross section.

Cu Ag Au

l/@nm# b g l/@nm# b g l/@nm# b g
6.0 58 0.87 5.5 40 0.90 4.8 25 0.91
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interface between both metals. In Fig. 1, a cross section
specimen in the as-prepared state is shown. The lateral
of the grains exceeds 150 nm. Inside the layers, twins
found in high number density, which is explained by the lo
stacking fault energy of 20 mJ/m2 and 40 mJ/m2 in Ag and
Au, respectively.12 From the parallel alignment of the cohe
ent twin boundaries in different layers epitaxial growth, f
voring a direct transition between both lattices, is quite o
vious. Epitaxial growth was further proved by textu
measurements showing a very sharp texture of the depo
layers in agreement with the orientation of the substrate.13

In the case of Cu/Au, we face a very different situatio
With about 12%, the lattice mismatch is so pronounced t
epitaxial growth seems not to be very likely. Neverthele
we do observe a strong texture in the deposited layers,
responding to the orientation of the Cu substrates. Epita
growth in this layer system was also reported previousl14

By microscopy, we observe a coarse-grained microstruc
similar to that of the Ag/Au specimens. Using HREM, tw
dominating interface types are identified as presented in
2. A direct transition with almost no misorientation betwe
both fcc lattices~a! and the twin relation~b!. To release the
coherency stress misfit dislocations are introduced if
layer thickness exceeds a certain critical one. As the ela
energy of a homogeneously strained volume scales with
square of the misfit while that of the misfit dislocation ne
work scales only linearly, this critical thickness decreas
with increasing lattice mismatch. For a mismatch of 9%
ranges already down to about one lattice constant.15 Thus,
regarding the thickness of the layers under consideration,
density of misfit dislocations should correspond to the na
ral lattice mismatch; i.e., their theoretical spacing amounts
only 2 nm, so that individual dislocation cores are hard

g

FIG. 1. Cross-sectional image of an Ag/Au multilayer. Fiv
single layers, each 150 nm in thickness, were deposited on a
substrate. The parallel line contrasts originate from lattice twins
addition, irradiation defects caused by ion milling are visible
black dots. The HCDF image reproduced in the inset was recor
at a thick specimen area (t.20 nm), where Ag appears brighte
than Au. The contrasts of lattice twins and irradiation defects
remarkably suppressed.
8-2
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identified. For example, the Burgers circuit sketched in m
crograph~a! indicates already two additional$111% layers on
the Cu side terminated by complete lattice dislocations w
Burgers vectorsa/2(011), but the exact localization of th
dislocations inside the circuit remains difficult. Beside the
dislocations, we usually observe in the case~a! a slight mis-
orientation. Both lattices are rotated to each other by 2° –
around â 011& axis.

In the twin case~b!, the structural interface appears to
broadened to a width of 1 nm. In the micrographs, this wi
remained constant, when specimen areas of different
thickness were imaged. Thus, an artifact caused by a
alignement of the interface can be ruled out. Two layers
increased defect density, marked in Fig. 2~b! by a pair of
dashed lines, appear with a blurred fringe contrast. They
separated by a zone of more perfect lattice order. Altho
no individual dislocations can be localized in the micr
graph, this observation allows the conclusion that part of
misfit dislocations glide or climb out of the geometric inte
face plane. When an extended region of the interface
evaluated, a periodic variation of the fringe contrast alo
the interface becomes obvious, indicated by dotted line
the figure. The oscillation length amounts to 2 nm, in go
agreement with the theoretical dislocation spacing. This
riodicity allows to consider the observed interphase bou
aries similar to high-angle grain boundaries in homogene
materials, which consist usually of building units repea
periodically along the interface. If the coincidence site latt
~CSL! classification of homophase grain boundaries is g
eralized to heterophase boundaries, the observed inte
types may be classified asS51 andS53.

The geometric definition of the CSL is only useful if th

FIG. 2. HREM of the interface between Cu and Au layer,~a!
direct lattice transitionS51, ~b! twin relationS53.
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two lattice parameters exactly match the ratio of two sm
integers. To overcome this difficulty, Pirouz and co-worke
suggested to measure the agreement between two diffe
crystals by the amount of overlap in the reciprocal space.16 A
sphere of radiusr is defined around each reciprocal lattic
point and the overlapping volumes between the sphere
both lattices are added within a restricted region of the
ciprocal space defined by the radiusR @see Fig. 3~a!#. This
way, each interface is assigned a certain degree
overlap—in other words, a certain degree of atomic mat
ing. We calculated the overlap for different orientation re
tions between Cu and Au, and indeed it is found thatS51
and S53 boundaries are distinguished by the best latt
matching as demonstrated in Fig. 3~b! for a twist around the
@011# axis.

Beside the structural characterization of the prepared
terfaces, also their chemical properties are of interest.
aforementioned hollow-cone illumination enables a spatia
resolved analysis such that both interface types can be c
acterized independently. Figure 4 shows composition profi
determined normal to the interfaces. The broader struct
width of the twin boundary is reflected by a slightly in
creased intermixing. However, the difference is only min
Roughly, the depth of initial solution amounts to 2 nm
both cases, which is slightly larger than found b
Gladyszewski17 in Cu/Au layer systems or typically found b
atomprobe tomography in similar metallic reactio
couples.18–20 Regarding the resolution limit of HCDF imag
ing, about 1 nm, and potential misorientation or roughnes
the interface, this discrepancy may not be significant.

To understand the interdiffusion reactions presented la

FIG. 3. Lattice coincidence in reciprocal space:~a! definition of
the overlap criterion,~b! degree of lattice coincidence between C
and Au lattices twisted around a@011# axis (r 50.2/aAu ,R
54/aAu).
8-3
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it is important to realize that the overwhelming fraction
the interphase boundary in our specimens consists of
two interface types. In both cases, the adjacent lattices h
at least one set of densely packed$111% planes in common. In
the case of Cu/Au, about every eighth of these plane
terminated by a dislocation close to the interface to acco
modate the difference in the lattice parameters.

IV. MACROSCOPIC ANALYSIS OF INTERDIFFUSION

To obtain an overview on the specimen behavior and
determine suitable temperatures, the interdiffusion of b
reaction couples was investigated by neutral secondary
ticle spectrometry. Compared to ordinary secondary-
mass spectrometry, the sputtered secondary particles ar
ditionally ionized by a laser beam. In this way, a reliab
analysis gets possible even for species, for which the ion
tion probability during sputtering is rather low.

Isothermal heat treatments were interrupted several ti
to perform a depth profiling. As an example, Fig. 5 sho
composition profiles, which were obtained during the anne
ing of a Au60 nm/Cu60 nm/Au60 nmtriple layer deposited on a
Cu single crystal. These measurements are presented an
cussed in detail elsewhere.13 In the present context it is suf
ficient to study the depth profiles in a very simple mann
working out a remarkable difference between the Ag/Au a

FIG. 4. Composition profiles determined by HCDF imaging
as-prepared Cu/Au interfaces. To reduce local fluctuations, for e
interface type data obtained at six different positions were avera

FIG. 5. Compositional depth profiles of a Au/Cu/Au/Cu spe
men obtained by SNMS during annealing at 430°C. Arrows poin
the reaction break between 2 and 10 s annealing time.
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Cu/Au samples. For that, we plot the change of the p
compositions determined at the middle of the various lay
versus the annealing time as presented in Fig. 6. Since
probably influenced by the free surface, we disregard the
top layer. Dashed lines indicate the behavior expected
volume diffusion according to Fick’s laws.

In the case of Ag/Au annealed at 350°C@Fig. 6~a!#, the
peak compositions change monotonously. At later stages
kinetics corresponds to ordinary volume diffusion. The fa
mixing in the early stages is explained by grain bound
diffusion ~dashed line!.13 Using the local chemical analysi
provided by HCDF imaging, the boundary effect can
separated by determining composition profiles far from a
grain boundary. Profiles of this kind, determined normal
the layer interface, are shown in Fig. 7. From the very b
ginning, they agree with the solution

c~x,t !5
c0

2
erfcS x

2ADt
D ~1!

of the diffusion equation, as indicated in the figure by so
lines. If the initial mixing of the as-deposited state is tak
into account by a suitable time shift, a diffusion coefficie
of 8310220m2/s is determined at 350°C, which agrees ve
well with an extrapolation of the available literature data f
the interdiffusion coefficient.21,22,23,24We do not observe any
hints at further effects, such as the formation of ordered
terface phases described in previous work.25 The agreement
of the result with literature data demonstrates the reliabi

t
ch
d.

t

FIG. 6. Variation of peak compositions in the center of the la
ers. ~a! Ag/Au at 350°C, single-layer thickness 100 nm and~b!
Cu/Au at 430°C, single-layer thickness 60 nm.
8-4
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INTERDIFFUSION AND REACTION OF METALS: THE . . . PHYSICAL REVIEW B 64 245418
of our chemical analysis method; thus we also expect relia
results in the case of Cu/Au, where the scattering contra
even more pronounced.

The data of similar experiments with Cu/Au demonstr
a very different behavior; see Fig. 6~b!. Again, a fast inter-
diffusion ~I! takes place at the beginning, which leads to
solution of 2–3 at. % Cu inside the Au layers. However, t
first reaction stops already after 2 s of annealing. A further
development~II ! is only noticed after a resting period o
about 12 s. This way, the Cu/Au data indicate a two-s
reaction mechanism.

Another remarkable behavior of the Cu/Au system is o
served by x-ray diffractometry. As both components poss
a very different lattice parameter, the composition of the
nary alloy may be deduced from the diffraction angle o
given set of lattice planes. In Fig. 8, x-ray spectra are rep
duced as obtained during the annealing of
(Au60 nm/Cu60 nm)n multilayer. Only the angle range con
taining the~111! peaks of Au and Cu is shown. As expecte
the reflections of both pure components are found in
as-deposited state. We would expect these reflection
broaden because of the continuous composition profiles
tablished by interdiffusion and finally to meet into a cent
new reflection, corresponding to the completely intermix
alloy. The experimental spectra, however, develop sev

FIG. 7. Microscopic composition profiles determined by HCD
imaging at the interface between Ag/Au. To reduce the influenc
local fluctuations, the profiles shown here are averaged over
individual measurements.

FIG. 8. X-ray spectra of a Cu/Au multilayer obtained inu-2u
geometry during annealing at 430°C~Co Ka radiation: l
50.1791 nm).
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intermediate maxima, which indicate the formation of r
gions of different preferred compositions inside the diffusi
zone. This result is even more striking considering that
diffusion temperature was chosen significantly above
highest-order transition to prevent the formation of any
dered intermetallic phase. Indeed, the absence of ord
phases is confirmed by the absence of superlattice reflec
in the XRD spectra and electron diffraction patterns.

V. MICROSCOPIC ANALYSIS OF THE INTERDIFFUSION
IN CU ÕAU

The aforementioned experiments indicate that the inter
fusion of Cu/Au proceeds in two subsequent reaction ste
However, only microscopic investigations can prove this h
pothesis and reveal the underlying mechanism on the ato
scale.

A. Mechanism of the first reaction stage

In Fig. 9, a Cu/Au reaction couple deposited onto a
substrate is shown after 5 s annealing at 430°C. The chose
aging time falls well into the regime of the proposed fir
reaction stage. If the annealed specimen is compared t
as-deposited one~BF and HCDF images of the initial stag
have been published previously26!, platelike defects, appear
ing as needles in the two-dimensional~2D! projection, have
developed at the interface, which becomes particular clea

of
ix

FIG. 9. BF cross section image of a Cu/Au/Cu~s.c.! specimen
after 5 s annealing at 430°C. Interface types at mark~A! S3, at~B!
S1. A nucleus of a new grain formed already at~C!. The dotted line
emphasizes a small angle grain boundary across the Au layer.
aging was performed under two beam condition to optimize
contrast of structural defects.
8-5
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the twin type boundary, where the defects are oriented
allel to the common$111% plane set@see interface at~A! in
the figure#. The image at the top shows a part of such
defect zone at increased magnification. The defects are fo
inside a band along the original interface with a homo
neous thickness of 17 nm.

By compositional analysis based on HCDF images, i
demonstrated that the formation of the observed defect
indeed related to an intermixing of both components. Data
the analysis are shown in Fig. 10. The scattering points
resent measurements at different lateral positions along
interface. On the average, however, a well-defined cont
ous profile across the defect band is obtained. The positio
the structural defects relative to the diffusion profile is in
cated by dashed lines. Obviously, they are introduced w
the intermixing exceeds about 10 at. % at the Au and the
side as well.

The atomistic structure of the observed defects is elu
dated by high-resolution microscopy. Figure 11~a! shows a
phase contrast image of a twin-type interface after 5 s h
treatment at 430°C. The adjacent lattices appear reflecte
the common (111̄) plane, so that both lattices can be sep
rated easily as shown by the white line. The needlelike
fects noticed in the conventional bright-field images cor
spond to spikes of Cu lattice orientation growing into the
crystal. This way, the original planar interface becomes
tremely rough.

How is this lattice transformation achieved? To answ
this question the fringe contrast was analyzed in detail
comparison to electron optical simulations performed w
established simulation software.27 Technical details of this
procedure are described elsewhere.13 The essential result
explaining the reaction mechanism are illustrated by th
enlarged details shown in the lower part of Fig. 11.

At the needle’s tip, we notice an inserted densely pac
plane, which ends in a Frank-type prismatic dislocationb

5@111̄#a/3, as is demonstrated in Fig. 11~b!. Because of the
additional lattice plane, the stacking sequence is loc
transformed into that of the related twin, which is shown
Fig. 11~c!. By comparison with simulated HRTEM images
different structure models, it is proved that the addition
plane is bounded by a prismatic dislocation; no further rel
ation by another Shockley partial, transforming the ses
prismatic dislocation into a glissile one, is found. In the fi

FIG. 10. Composition profile at a Cu/Au interface after anne
ing 430°C/5 s determined by HCDF imaging.
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ure, part of a simulated image showing the best matchin
the experimental one is inserted.

Towards the Cu side, the needles grow in thickness, wh
means on the atomic scale that further lattice planes
‘‘switched’’ into the stacking sequence of the Cu crystal,
shown in Fig. 11~d!. This is achieved by conservative motio
of Shockley partials with Burgers vectorsb15@112#a/6 or
b25@21̄1#a/6, which are able to glide on the common (111)̄
plane. Also, further additional lattice planes are inserted
the described climb mechanism to accommodate the dif
ence of the lattice constants.

In the case of aS51 boundary, the introduction of addi
tional lattice planes is observed in the same manner. T
habit plane is chosen randomly out of the existing four p
sibilities. However, as in this case no rotation of the lattice
required, the defects show a much weaker-contrast~see Fig.
9! interface at~B!. Beside partials, which are necessary
restore the previous stacking sequence at inserted pla
now complete lattice dislocations contribute also to the
laxation of the misfit stress.

B. Mechanism of second reaction stage

Surprisingly, the described semicoherent reaction sho
no development with further annealing. We observe the
fect band as well as the diffusion profiles between 3 s,
shortest time which could be realized in the experiment, a
15 s with a comparable width, which leads to the conclus
that this first reaction step proceeds very fast initially, b
ceases when a reaction layer thickness of 15–20 nm

-

FIG. 11. ~a! phase contrast image of structural defects formed
a Cu/Au interface by 5 s annealing at 430°C. The adjacent lattic
are oriented in twin relation. Both lattices are imaged in~011! zone
axis orientation, defocus chosen close to Scherzer focus.~b!–~d!
several details observed along one needlelike structure. Loca
as indicated in~a!. A noise filter was applied to improve the repro
duction.
8-6
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INTERDIFFUSION AND REACTION OF METALS: THE . . . PHYSICAL REVIEW B 64 245418
reached. Instead, a second process dominates the inter
sion process after about 15 s annealing. It is seen to be
tialized already after 5 s annealing in the micrograph of Fig
9. At the position marked~C!, a grain of only 30–50 nm size
is observed, which extends somewhat into the Cu lattice
has not developed the needlelike defect structure at
boundary. As grains of this size are not observed in the
deposited stage, obviously a new grain has nucleated
triple point, where previously a small-angle grain bounda
met the interface.

Further stages of this process are shown in Fig. 12, wh
BF images~a!,~c! are compared to the corresponding HCD
images~b!,~d!. Again, chemical transport related to the stru
tural transformation is detected. In Figs. 12~a! and 12~b!, a
new grain nucleated at the interface. Without doubt, the
mation of the new grain is related to a transport of Au in
the Cu lattice.

Figures 12~c! and 12~d! show a specimen after 10 s a
nealing. At this intermediate reaction stage, the new
formed grains are organized in clusters, heterogeneously
tributed along the interface as seen at the right and left s
of the figures. Large-angle grain boundaries are found
high density inside the clusters. Outside, the planar interf
still exists, revealing defect bands formed by the first, se
coherent reaction mechanism. Overviews representing la
interface regions after different annealing times are rep
duced in Fig. 13. The early interdiffusion stages of Cu/
are by no means understood as a planar layer reaction.
becomes particularly clear by the extremely rough interfa
and surfaces induced by heterogeneous nucleation and t
port during 20 s annealing.

Two important aspects of the identified recrystallizati
mechanism must be emphasized.~i! In HCDF images like
those of Fig. 12, discontinuous composition profiles are
ticed across the grain boundaries. This becomes particu
clear at the positions marked by arrows. Probably, mos
the other boundaries are not aligned parallel to the opt
axis, so that apparently continuous profiles result as an
fact of image projection. Therefore, we conclude that disc

FIG. 12. BF ~a!, ~c! and HCDF ~b!, ~d! images of a Cu/Au
reaction couple after annealing at 430°C for 5 s~a!, ~b! and 10 s~c!,
~d!.
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tinuous composition steps at the grain boundaries are lik
to represent the general case rather than the exceptional

~ii ! The observed second reaction step is not sufficien
described as diffusion-induced grain boundary migrat
~DIGM!. Instead, we observe nucleation ofnewgrain orien-
tations which is particularly obvious inside the Cu substrat
where the single crystal is split into many grains of differe
orientation. Thus, we observe a recrystallization process
decreases the grain size—as opposed to conventional re
tallization; here, an initially single-crystalline or coars
grained microstructure is transformed into a nanocrystal
one.

VI. DISCUSSION

The presented experimental study yields clear evide
that the early interdiffusion of the lattice-mismatched met
Cu and Au proceeds by two subsequent reaction stage
sketched in Fig. 14. In the first, semicoherent stage~a!, the
epitaxial orientation relationship is preserved. Relaxation
diffusion-induced strain and, in the case of the twin-ty
boundary, the required rotation of the lattice is achieved
climb and glide of dislocations. The second, incoherent re
tion stage~b! is characterized by nucleation of new grai
and migration of high-angle grain boundaries.

A. Semicoherent reaction stage

Several features of the planar diffusion zone establis
during the first reaction stage are quite remarkable. The m
sured composition profiles develop symmetrically betwe
Cu and Au, and no Kirkendall voids are observed, althou
bulk diffusion data7 predict a higher diffusion rate inside th
Au layer with Cu being the more mobile species. This m
indicate that the vacancy density is far from equilibrium
this early reaction stage, which is distinguished by high co
position gradients and diffusion lengths much smaller th
the typical distance between efficient vacancy sinks.

Furthermore, the profiles vary continuously across
composition range, which is only understood if most of t
diffusion-induced stress relaxes by the observed struct

FIG. 13. Cross section images of a Cu/Au/Cu~s.c.! specimen
after different annealing times.
8-7
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F. HARTUNG AND G. SCHMITZ PHYSICAL REVIEW B64 245418
defects. This is clarified by the following quantitative co
sideration: Let us assume for the moment an Au layer tha
rigidly attached to the Cu substrate, such that no relaxa
occurs along the lateral directions (x andy axes!. As a con-
sequence, the chemically induced variation of the lattice
rameter is counteracted by a dilatational stress28

sxx5syy5
E

12n
hcCu, ~2!

which adds the elastic contribution

e5
E

12n
Vh2cCu

2 ~3!

to the system’s free energy density. In these equations,E, n,
h, and V represent Young’s modulus, Poisson’s ratio, t
misfit parameterh5(aCu2aAu)/aAu , and the atomic vol-
ume of Au, respectively. Thus, the interdiffusion potent
] f /]c must be modified by an elastic correction, which lea
to the transport equation

j z52
DcCu~12cCu!

kT S ]2f

]cCu
2

1
2Vh2E

12n D ]cCu

]z
~4!

52DS 11
cCu~12cCu!

kT

2Vh2E

12n D ]cCu

]z
, ~5!

where the second term inside the brackets on the right-h
side accounts for the stress effect. The case of a Cu lay
formulated analogously; only the sign of the stress must
inverted and the material parameters adapted. Integrating
~5! with appropriate elastic constants29 EAu50.70
31011 N/m2, nAu50.428, ECu51.131011 N/m2, and nCu
50.356, composition profiles are obtained as shown by

FIG. 14. Two stages of interdiffusion in Cu/Au:~a! semicoher-
ent reaction by volume diffusion,~b! discontinuous reaction by re
crystallization and grain boundary migration.
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solid line ~constrained! in Fig. 10. Because of the pro
nounced lattice mismatch, an elastically stabilized miscibi
gap is predicted, extending from 20 to 80 at. % Cu. Simi
discontinuities in the composition profile are also predic
in the more sophisticated analysis by Stephenson.5 See, for
example, the simulated profiles in recent work on interdif
sion of amorphous Ni/Zr.6

In contrast, in none of our experimental data do we o
serve any indication of such a compositional gap. Inste
the nanoanalysis always yields profiles in agreement with
conventional thick-film solution of Fick’s laws, as indicate
by the solid line ~relaxed! in Fig. 10. Obviously, before
reaching the elastic solubility limit of 20 at. % on either sid
of the profile, misfit dislocations move out of the interfac
thereby reducing the stress efficiently. Based on the nano
lytical data, we determine the critical composition for stru
tural relaxation to about 10 at. % Cu and Au at the Au-ri
and Cu-rich sides of the diffusion zone, respectively~see the
boundaries of the defect band in Fig. 10!. For this composi-
tion, a stress of 1.5 GPa is calculated with Eq.~2!. This value
exceeds the typical shear stresssc5(1024–1025)E of
single-crystalline metals30 already by two orders of magni
tude, which indicates that stress levels required to induce
predicted miscibility gap are hardly achieved.

Most surprisingly, after a few seconds of annealing,
semicoherent reaction retards in a way that cannot be
plained by ordinary parabolic growth. Either diffusion
induced stress or a nonequilibrium density of vacancies m
be made responsible for this behavior. However, accordin
the presented estimates, the stress is probably not suffic
to explain such a drastic change of diffusion behavior like
complete stop of the reaction. Furthermore, neglecting re
ation, which would only decrease the elastic backstress,
expense of elastic energy scales proportional to the diffus
width, as does the gain of chemical energy, so that the e
tence of a limiting thickness cannot be understood by ela
effects.

Therefore, the observed retardation is very likely caus
by a decrease of the vacancy density within the first f
seconds of annealing. Further evidence for the important
of vacancies is seen in the different diffusion widths o
served at the interface between the single-crystalline s
strate and a deposited layer and that between two depo
layers, as presented in Fig. 10 of a previous publicatio11

Although not directly influenced by grain boundary diffu
sion, the latter diffusion zone is observed to be twice as th
as the former one, which is presumably due to an ini
supersaturation of vacancies or their faster equilibration
side the deposited, polycrystalline layers.

To explain such a vacancy depletion we considered
annealing of nonequilibrium vacancies introduced dur
film deposition. However, it is doubtful whether the initia
supersaturation could be sufficient to yield an apparent re
tion stop. Therefore, it is suggested that in addition the se
coherent diffusion mechanism itself provides an effect
sink, which annihilates vacancies inside the diffusion zo
This is justified by the following model calculation.

As revealed by HREM, climb of prismatic dislocation
provides the dominant plastic relaxation mechanism. Dis
8-8
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INTERDIFFUSION AND REACTION OF METALS: THE . . . PHYSICAL REVIEW B 64 245418
cations which climb towards the Au side generate vacanc
those climbing towards the Cu side annihilate them. If th
two processes are not balanced, a total loss of vacancies
appear. For the sake of simplicity, we assume a simple c
lattice with a microstructure similar to that sketched in F
14~a!, but the set of common lattice planes aligned norma
the interface. Consider the limiting case of complete rel
ation in which the lattice mismatch along thex axis is im-
mediately accommodated by climb of dislocations. In t
case, we expect for the numberM of planes stacked along th
x axis

M ~cCu!5
L

aAu~12hcCu!
, ~6!

if the lattice parameter of the alloy follows Vegard’s law,
reasonable approximation to the behavior of disorde
CuAu alloys.31

Remarkably, this relation is by no means linear with
spect to the composition, which has an important con
quence to the vacancy balance. Regarding the variation
local composition

]M

]cCu
5

Lh

aAu~12hcCu!
2

, ~7!

it is obvious that insertion and removal of lattice planes p
ceeds asymmetrically on the Au and Cu sides, respective
variation of M within a slab of thicknessnz changes the
number of vacancies by

dNVac5
Lnz

aAu
2 ~12hcCu!

2

]M

]cCu
dcCu, ~8!

causing a change of the local vacancy fraction:

dcVac5 dNVac

aAu
3 ~12hcCu!

3

L2nz
~9!

5
aAu~12hcCu!

L

]M

]cCu
dcCu ~10!

5
h

12hcCu
dcCu. ~11!

If the composition profile develops symmetrically in th
sense thatdc/dtuc52dc/dtu12c , more vacancies are ann
hilated on the Cu side than produced on the Au side.
determine the behavior also in the case of asymmetric ato
mobilities, we have to solve the diffusion problem inside
bilayer specimen of double-layer thicknessw. The outer
boundaries are assumed to be impermeable, which co
sponds to a multilayer, where the flux of all species vanish
the middle of the layers, as required by the specimen’s s
metry. Independent site exchanges of Cu-Vac and Au-
pairs are considered, which results in the ansatz for the
ticle flux,
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S j Cu

j Vac

j Au

D 5S 2DCu8 cVac DCu8 cCu 0

DCu8 cVac 2DCu8 cCu2DAu8 cAu DAu8 cVac

0 DAu8 cAu 2DAu8 cVac

D
3

]

]zS CCu

CVac

CAu

D , ~12!

and the evolution of the atomic densities

dCCu

dt
52

]

]z
j Cu ~13!

dCAu

dt
52

]

]z
j Au ~14!

dCVac

dt
52

]

]z
j Vac1

h

12hcCu
S cCu

]

]z
j Au2cAu

]

]z
j CuD .

~15!

In these equations, capital lettersCi denote concentration
per volume, whereas small lettersci denote atomic fractions
The second term on the right-hand side of Eq.~15!, account-
ing for vacancy production and annihilation, was deriv
from Eq.~11! obeyingcCu'CCu/(CCu1CAu). The diffusivi-
ties DCu8 5DCu/cVac

(eq) and DAu8 5DAu /cVac
(eq) may vary with

composition, depending on the system under considera
In order to limit the computing time, the initial vacancy fra
tion is chosen toc051025, which is artificially high com-
pared to the experimental value.

In Fig. 15, two examples of model calculations are p
sented. For the example~a!, DCu5DAu5D5const is as-
sumed. At the very beginning of the reaction~atomic diffu-
sion length 1024w), a vacancy supersaturation is st
evolving on the Au side, but subsequently the annihilation
vacancies on the Cu side dominates the reaction, and
overall vacancy depletion results. In calculation~b!, DCu
5D(11100cAu) andDAu5D(1110cAu) is assumed, which
resembles the behavior of AuCu expected from bulk dif
sion data; compared to pure Cu, the bulk diffusion in pure
is much faster, and, furthermore, Cu atoms are more mo
than Au atoms.7 In this case, at first a vacancy supersatu
tion develops at the Cu side because of the difference in
atomic mobilities. However, similar to the former examp
the reaction zone is depleted of vacancies in later sta
Similar calculations were performed for several oth
choices of the relative diffusivities. In all cases the vacan
density is finally controlled by the predominant annihilatio
on the Cu side.

Certainly, the real situation is more complex than assum
in our simplified model. Vacancy densities deviating fro
equilibrium themselves will produce an osmotic climb for
to dislocations,32 which counteracts the elastic climb forc
Eventually, the prismatic dislocations follow the interdiffu
sion with a certain delay, so that our assumption of instan
neous and complete stress relaxation is only a crude
8-9
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F. HARTUNG AND G. SCHMITZ PHYSICAL REVIEW B64 245418
approximation. In addition, other neutral vacancy sinks
sources, like glissile edge dislocations or grain boundar
are neglected, and the initial vacancy density is overe
mated. But despite these limitations, at least the existenc
a significant driving force for vacancy annihilation, induc
by the coherency constraint, can be inferred. In this way,
calculations support the hypothesis that the reaction sto
caused by vacancy depletion. In consequence, the reacti
not directly affected by the induced stress but indirectly
the stress-induced nonequilibrium of point defects.

B. Incoherent reaction stage

As the coherent reaction slows down after very short
nealing, an effective reduction of the system’s free energ
only possible by a second mechanism. New grains are nu
ated at the interface, introducing high-angle grain bou
aries, which allow to restore the vacancy equilibrium and
relax induced stress. As concluded from HCDF images,
previously continuous diffusion zone splits into homog
neous regions of different composition. This interpretation

FIG. 15. Model calculation of vacancy density during the sem
coherent reaction stage. The reaction time is characterized by
diffusion length of the atomic transport.w denotes the thickness o
the sample; the interface is located atz5w/2. The initial vacancy
fractionc0 was chosen to 1025. ~a! Equal mobility of the species in
both phases,~b! faster diffusion inside the Au layer, with Cu bein
the more mobile element.
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further supported by the x-ray diffractograms presented
Fig. 8. Using Vegard’s law to interpret the position of th
intensity maxima, the preferred compositions of new
formed grains are inferred as shown in Fig. 16. At about
s annealing, a first generation of grains nucleates at b
sides of the interface, having a composition difference
about 20 at. % to the surrounding pure Cu and Au. Af
further annealing for 30 s, a second generation of gra
forms, showing roughly the same composition difference
their surrounding, comprised of grains of the first generati
Later, the grains of the first generation disappear while th
of the second generation continuously equalize their com
sition to merge finally to the average composition of t
specimen. It should be pointed out that the number and
absolute values of the observed compositions 20, 43, 69,
82 at. % Au are incompatible with the ordered compoun
known in the system at lower temperatures. This reveals
the described behavior is controlled by kinetic rather th
thermodynamic factors.

Regarding the considerable chemical driving force p
vided by the chemically abrupt interface, a nucleation p
cess with a clear incubation period and heterogeneous nu
ation sites is surprising. By calorimetry, the mixing enthal
of equal amounts of Cu and Au is determined to 5.3 kJ/m
Hence, assuming a regular solution, the chemical driv
force to form the observed grains with a composition of
at. % is estimated tof v57.431025 kJ/m3. If a specific
interface energy ofg5600 mJ/m2 is assumed, a typica
value of large-angle grain boundaries in Cu, the diamete
a nucleus is predicted to

d5
4s

f v
53 nm. ~16!

This value is indeed too small to explain the observed h
erogeneous nucleation and the average grain size of the
served grains in the recrystallized regions. However, by a
ogy to DIGM, where the question of the appropriate drivi
force was already addressed by careful experiments,33 it is
suggested that not the total gain of chemical energy, but o
the contribution of the strain field and structural defects m
be considered to drive the microstructural transformation

-
he

FIG. 16. Dominant compositions inside the reaction zone
derived from the peak intensities of the x-ray spectra in Fig. 8.
8-10
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In this case, the size of a nucleus may be estimated
comparing~i! a stressed rectangular volumed3d32d con-
taining a continuous composition variation of diffusio
length 2d with ~ii ! two relaxed grains at both sides of th
interface with a different but homogeneous composition;
the schematic composition profiles in Fig. 17~a!. To avoid
complex geometric factors, we assume a linear composi
profile and cubic grains of edge sized. The elastic energy in
case~i! is determined by

Eelast52d2
E

12n
h2E

0

d

nc~z!2dz ~17!

52d2
E

12n
h2E

0

d1

4 S 12
z

dD 2

dz ~18!

5
d3

6

E

12n
h2, ~19!

where we made use of Eq.~3!. This has to be compared t
the energy of the grain boundaries in case~ii !:

EGB512d2g. ~20!

Thus, the nucleus size is determined by

]

]d S 12d2g2
1

6

E

12n
h2d3D50, ~21!

which yields

d548
g~12n!

Eh2
. ~22!

Inserting average material constantsg50.6 J/m2, E50.9
31011 N/m2, and n50.39, the size of a critical grain i
predicted to'15 nm. In this calculation, plastic relaxatio

FIG. 17. Schematic composition profile through the diffusi
zone~a! and stored energy of the stressed case~b!.
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has been neglected. Relaxation would reduce the quadr
composition dependence of the stored energy to a linear
as soon asnc exceeds the observed elastic limit of about
at. %; see the dotted line in Fig. 17~b!. Thus, as indicated by
the area below the energy curve in the figure, the total d
ing force might be decreased to one-half. Consequentl
nucleus size of a few tens of nm is quite realistic and
agreement to the early grains observed in the microgra
~see, e.g., Fig. 9!. Furthermore, it makes clear that the ons
of the second reaction step is only possible after an incu
tion period of 10 s, during which the necessary driving for
is built up by interdiffusion throughout a depth of 15–20 nm

By the nucleation of grains, mobile high-angle gra
boundaries are introduced into the formerly epitaxial co
figuration. This is reflected by very fast reaction rates a
low activation energies seen by calorimetry. In Fig. 18, th
mograms of the reaction are presented, obtained with sev
different heating rates. During the first heating of fresh
prepared specimens, the interdiffusion gives rise to the e
thermic heat marked by~A!. The endothermic peak~B!,
which becomes particularly clear during a second heating
the already mixed samples, is due to disordering above
order transition temperature. The mixing peak~A! shifts to-
wards higher temperatures with increasing heating r
which allows one to determine the activation energy of
reaction using the method of Kissinger.34 A value of Eact
51.18 eV is found,13 which is significantly smaller than the
'2 eV determined for volume diffusion in massive Cu
Au,35,36 but closer to the 0.87 and 1.09 eV measured
grain boundary diffusion in both metals.37,38

Obviously, beside the relaxation of stress and vaca
density, the grain boundaries provide transport paths al
which Cu and Au can intermix quickly. A complete transfo
mation of the volume is achieved by the migration of the
boundaries~DIGM!, so that the boundary mobility become
the dominating factor to control the kinetics. Regarding t
boundary migration mechanism, the second interdiffus
stage develops quite similarly to the intermixing observed
nanocrystalline Pb/AgPd layers~Ref. 39! and Ag/Pd layers
~Refs. 40 and 41!, where grain boundaries existed from th
beginning. However, in our epitaxial specimens the react

FIG. 18. DSC measurement of the reaction of a Au/
multilayer ~50-nm single-layer width!. First heating is shown by
solid lines, second heating by dashed lines. The shift of the exot
mic peak~a! with heating rate is emphasized by a dotted line.
8-11
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F. HARTUNG AND G. SCHMITZ PHYSICAL REVIEW B64 245418
requires an additional important step, which consists of p
ducing the necessary transport paths to accelerate the k
ics. This has an important consequence to the design of
fusion barriers, where it is an accepted rule to avoid gr
boundaries. In the case of lattice-mismatched systems
may not be sufficient.

It is remarkable that already in 1983 den Broederet al.42

compared the interdiffusion in the reactive systems Cu
and Au/Al, where the respective lattice mismatch is qu
similar to that of the Cu/Au and Ag/Au studied here. Th
noticed migration of grain boundaries only in Cu/Al, b
could not work out a clear reason for the difference betw
both systems. From the present study, it is suggested tha
lattice mismatch between the reacting materials is the imp
tant factor.

It was already pointed out that the preferred compositi
observed in the reaction zone are not stabilized thermo
namically but result from kinetics. It seems clear that t
composition inside the newly formed grains is determined
the balance between the grain boundary migration velo
and the transport of atoms through the grain boundar43

However, it is striking that the composition difference b
tween the pure materials and grains of first generation on
one hand and that between grains of first and second gen
tions on the other hand are almost identical, although in
latter case the grain boundary diffusion should be alre
significantly slowed down since part of the driving force
already released. The close correspondence between
composition difference and the elastic solubility limit
about 20 at. % predicted by Eq.~5! suggests that these tw
phenomena are somehow related, but no clear relation c
be worked out yet.

C. Consequences to the formation of ordered compounds

Besides the DSC measurements, all data presented s
refer to the interdiffusion of Cu and Au at temperatures t
exclude the formation of ordered compounds. However,
two-stage reaction mechanism identified here is also ef
tive at lower temperatures, where the ordered compou
Cu3Au, CuAu, and CuAu3 may form. Studying the isother
mal reactions at 230°C and 350°C by TEM and XRD, w
observe a similar microstructural development, character
by the initial planar defect zone and the ‘‘inverse’’ recryst
lization mechanism.13 Remarkably, the maximum width o
the defect zone developed at 230°C amounts to 15 nm
most identical to the width determined at 430°C, which co
firms the existence of a maximum diffusion length in the fi
reaction step. Only the time scale must be adjusted to
reduced atomic mobility. The incubation period of the se
ond reaction step is determined to.1 min and.220 min
at 350°C and 230°C, respectively. Thus, the influence of
phase formation on the mixing kinetics seems to be ne
gible.

This behavior can be elucidated by the thermograms
Fig. 18. The exothermic peak A is related to mixing and
endothermic peak B to disordering. Comparing the peak
eas, it is quite obvious that the ordering enthalpy amount
at most one-third of the mixing enthalpy,nHmix540.4 J/g
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and nHorder513.6 J/g~see also data by Sundmanet al.44!.
Thus, the dominating driving force to the reaction is due
mixing, while the lattice order provides only a minor contr
bution. Furthermore, comparing the mixing and disorder
peaks of first heating with 80°C/min, it is seen that at the e
of the heating run intermixing is almost completed, where
ordering is significantly suppressed. Obviously, instead
being concomitant, mixing and ordering are subsequent p
cesses, where the major gain of free energy is alre
achieved by the first mixing reaction. Thus, it is not surpr
ing that a very similar structural transformation is observ
above and below the ordering transition temperature.

Tu and Berry45 studied the interreaction of Cu/Au thi
films by x-ray diffractometry and Borders46 by Rutherford
backscattering. Both experimental techniques do not prov
lateral information on the required scale of 10–100 nm. F
thermore, the existence of ordered reaction products was
explicitly proved e.g., by superlattice reflections, but on
concluded from the composition of the reaction zone. Ow
to insufficient lateral information, both studies could on
assume the formation of planar product layers. Our mic
scopic investigation, however, demonstrates that this
sumption is not valid. As the RBS analysis of Borders av
aged laterally on regions of different reaction progress,
observed a continuous transition instead of different plate
in composition profiles normal to the interface. From refle
tion intensities in their x-ray spectra Tu and Berry derived
reaction kinetics linear in time, which they claim to b
caused by a kinetic barrier at the interface between orde
and disordered phases. Beside the limitation that their d
analysis relies on a persistent layer geometry, our res
demonstrate that the overwhelming part of the intermix
reaction proceeds without ordering. Thus, deviation fro
parabolic growth must be explained by the required nuc
ation, grain boundary transport and migration, and the v
complicated morphology of the reaction zone. As these f
tors are effective above the order transition temperature
well as below, no dramatic change in the mixing kinetics
seen between these two temperature regimes, in contra
tion to the assumption of Tu and Berry.

VII. CONCLUSIONS

The atomistic mechanisms of interdiffusion in metal
thin films have been investigated by microscopic structu
and chemical analysis. Comparing the results of latti
matched Au/Ag and lattice-mismatched Au/Cu, the study
focused on the influence and relaxation of reaction indu
misfit. In the case of Cu and Au, distinguished by a lar
lattice mismatch of 12%, the early interdiffusion stages d
velop in a more complex fashion than expected from Fic
laws.

~i! In spite of the considerable mismatch, epitaxial grow
is observed in sputter-deposited Cu and Au layers. Two p
ferred orientation relations dominate, corresponding to aS
51 andS53 orientation relationship for homophase boun
aries.

~ii ! At these two interface types, interdiffusion proceeds
two subsequent steps. During the first, semicoherent reac
8-12
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stage, the relaxation of mismatch stress and the required
tice rotation is achieved by climb and glide of dislocation
The reaction stops after reaching a temperature-indepen
diffusion length of about 17 nm. It is suggested that this s
is due to a vacancy depletion caused by dislocation cli
inside the reaction zone. The onset of the second, incohe
stage is found after a temperature-dependent incubation
riod.

~iii ! During the second reaction stage, recrystallization
the reaction zone takes place. Instead of continuous diffu
profiles, discontinuous composition steps at the bounda
and preferred compositions inside the grains are obser
The atomic transport proceeds by grain boundary diffus
and migration. Because of heterogeneous nucleation
transport, the initial planar geometry is destroyed. The s
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of the nucleated grains and the necessary incubation time
be modeled by considering simply the elastic contribution
the free energy as the driving force for microstructural tra
formations.

~iv! Owing to the low ordering enthalpies of the com
pounds in AuCu, the interdiffusion is hardly influenced
the formation of ordered compounds. Above and below
critical temperatures for ordering, identical microstructu
mechanisms are identified.
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