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Electronic structure and thermodynamics of defects in NiAl3
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We present first-principles calculations of the structural and electronic properties of orthorhombic NiAl3,
including the intrinsic point defects. The energies obtained from these calculations are employed in a statistical
mechanics model to investigate the role of NiAl3 in the Ni-Al phase diagram. Our calculations show that the
preferred constituent defect mechanisms for NiAl3 off stoichiometry are the 8d Ni antisites on the Ni-rich side
and Ni vacancies on the Al-rich side. The calculated free energy is in agreement with the observation that
NiAl 3 is a stoichiometric compound.
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I. INTRODUCTION

Intermetallics such as Ni-Al have emerged as a promis
class of materials that may be developed for use in ha
environments containing corrosive gases and operatin
high temperatures and large stresses. Of primary importa
when attempting to engineer the properties of intermetal
is an understanding of the equilibrium and metastable ph
and their ranges of stability with respect to composition a
temperature. A detailed understanding of the phase diag
at and about stoichiometry is necessary if one wishes to
ceed further. Such a direction has and continues to be
tively pursued at both the experimental and theoretical l
els. In the case of Ni-Al alloys, the emphasis has been on
Ni-rich and orderedB2 ~bcc! compounds. The Al-rich Ni-Al
alloys, on the other hand, have received little attention
part due to their low melting temperatures and the difficult
associated with their synthesis. The Al-rich phases, howe
represent an integral part of the Ni-Al phase diagram a
studying these systems contributes to our fundamental un
standing of the role they play in the Ni-Al phase diagram a
to possible technological contributions. The Al-rich side
this system possesses two ordered phases: NiAl3 which
forms in a complex 16-atom orthorhombic primitive cell a
Ni2Al3. In this paper, we will concentrate on the former. T
ability for a phase to remain stable at concentrations aw
from stoichiometry implies that a coexistence of intrins
point defects—antisites and vacancies—within the system
energetically favorable. Therefore, a thorough understand
of the NiAl3 system and its role in the Ni-Al phase diagra
must begin with an investigation of the pure system and
intrinsic point defects. There are several factors which w
be seen to be important to the energetics of defect format
0163-1829/2001/64~14!/144107~8!/$20.00 64 1441
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One is that Al has a larger elemental volume than does
and accommodating Al’s larger size is sometimes energ
cally costly. Another factor is that Ni and Al like to bond an
those defects which act to increase the number of Al-Ni ne
neighbor pairs tend to be energetically favorable. In additi
lattice relaxations around the defects may be energetic
significant.

Since both Ni and Al are fcc and NiAl is bcc like, th
NiAl 3 system naively might be expected to form in a stru
ture closely related to a decorated fcc or bcc lattice; howe
this is not the case. Instead, it forms in the cementite C3
(DO11) structure, which is a primitive orthorhombic struc
ture with 16 atoms (oP16) in the unit cell. The system has
low melting temperature of around 854 °C and is unsta
away from stoichiometry. Experimental work on this mat
rial is relatively rare, although the density of states of h
been measured using AlKL23V and Ni LMM Auger
spectroscopy and valence-band x-ray photoemiss
spectroscopy1,2 ~XPS!, and x-ray-absorption fine structur
~XAFS! above the NiK edge.3 Electronic structure calcula
tions have been done4,5 employing the reported lattice pa
rameters for the structure but these did not estimate the
of formation. Calculations pertaining to the Ni-Al syste
have also been done where NiAl3 has been represented b
the fcc-based Cu3Au, cP4 (L12)structure6,7 since the small
size and high symmetry of this structure render it compu
tionally more tractable. According to our calculated heats
formation, the correct NiAl3 structure is favored by about 0.
eV/atom (20.46 vs20.26 eV/atom) over the Cu3Au struc-
ture, a significant difference.

First-principles calculations allow us to probe the ele
tronic structure of defects in NiAl3 and provide, to a certain
degree, information about the role of NiAl3 in the Ni-Al
©2001 The American Physical Society07-1
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phase diagram. To better describe such a role requires a
modynamic approach that allows these defects to coexis
the system. This is implemented here via a statistical m
chanical method that utilizes information about the energ
ics obtained from first-principles pseudopotential calcu
tions of those intrinsic point defects.

II. FIRST-PRINCIPLES CALCULATIONS

The oP16 (DO11) structure has three inequivalent site
Ni 4c, Al 4c, and Al 8d with internal parameters not dete
mined by symmetry. NiAl3, therefore, has six simple intrin
sic defects: vacancies on the Ni and two Al sites, two
antisites~on the Al 4c and 8d sites!, and an Al antisite on the
Ni site. Also, a thorough examination of the NiAl3 structure

reveals sites in the interstitial region close to (0,0,1
2 ) that are,

based on the calculations and on size effect analysis, au
cious for Ni but not for Al. The actual calculated position
such a Ni interstitial is slightly off of the 4b site appropriate
to the symmetry of this structure: this position was chosen
searching for a site that could accommodate an intersti
~We do not consider an Al interstitial because Al too large
be accommodated at this site.!

The first-principles calculations use an iterative plan
wave pseudopotential8 method. An important issue whe
dealing with such methods is the construction of transfera
pseudopotentials that perform well in various alloy enviro
ments. In Appendix A, we discuss the generation of trans
able Ni and Al pseudopotentials. The idea is to recognize
pseudopotentials are approximations to all-electron calc
tions. By exploiting the arbitrariness inherent in pseudo
tentials, the pseudopotentials can be optimized so as to
produce all-electron results as well as possible. Procee
along these lines, Appendix A provides evidence of the tra
ferability of the Ni and Al pseudopotentials by comparin
results with all-electron calculations for various simple
loys.

To calculate defects using first-principles methods t
utilize periodic boundary conditions, it is often necessary
use supercells. In principle, the cell should be chosen la
enough so that the interactions felt by the defect due to
images in neighboring cells are negligible. For methods t
utilize plane waves, the size of the cell is also dictated by
cutoff energy. Ni, being one of the more difficult 3d transi-
tion elements, requires a large energy cutoff that restricts
size of the system that can be treated. For most of the ato
defect calculations in NiAl3 discussed in this paper, we re
stricted the system to the primitive~16-atom! cell; for a few
test cases, the~Ni-rich! Ni 8d antisite and the~Al-rich! Ni
vacancy, we used 32- and 64-atom supercells. The resu
energy changes in the calculated energies of the defects~the
parameters«8d

Al and«v
Ni) were approximately 0.01–0.015 eV

and the change on going to the 64-atom cell from the
atom one for the Ni 8d antisite was less than 0.006 eV. Th
changes in the relaxations of the nearest-neighbor she
atoms compared to the 16-atom cell were less than 0.02
Other defects that we expect~based on our calculations! to
have a larger size dependence are much higher in en
even with reasonable estimates of the increased relaxa
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Thus, these defects are not expected to play a major rol
the thermodynamics and we have limited our considera
to the small cell.

For exchange correlation, the parametrization of Vos
Wilk, and Nusair9 was used. For theoP16 structure of
NiAl 3, 64 specialk points10 were used in the irreducible
Brillouin zone. For vacancies and impurities on the 4c and
8d sites, this number increased to 128 and 256 spe
points, respectively, because of the lowered symmetry.
each of the defect calculations presented here, full struct
relaxations of the volume and all internal parameters w
done.

A. Pure NiAl 3

Both the lattice constants and the internal coordinates
the different species of atoms, Table I, were determin
variationally and the agreement with experiment11 is very
good. The heat of formation is calculated to beDH5
20.46 eV/atom. Although less in magnitude than the cal
latedDH for the more Ni-rich compounds, it is stable again
a two-phase mixture of these and pure Al.

The calculated density of states~DOS! is given in Fig. 1.

TABLE I. Experimental~Ref. 11! and calculated internal struc
tural parameters for NiAl3. The experimental~calculated! lattice
parameters area512.300 ~12.309! a.u., b513.707 ~13.717! a.u.,
andc58.951~8.957! a.u.

Experimental Optimized

Atom type x y z x y z

Ni 20.131 1
4 0.945 20.130 1

4 0.944
Al (4c) 0.011 1

4 0.415 0.007 1
4 0.417

Al (8d) 0.174 0.053 0.856 0.171 0.055 0.86

FIG. 1. Density of states for the pure NiAl3 phase and for the
two systems with the Ni antisite defects. Note the increased in
sity and broadening of the high-energy shoulders close to the F
level for the defect calculations resulting from an increase in
Ni-Ni interactions.
7-2
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ELECTRONIC STRUCTURE AND THERMODYNAMICS OF . . . PHYSICAL REVIEW B 64 144107
The width of the high density of states peak is of the orde
the width associated with an isolated Ni atom in aluminu
The shoulder closer to the Fermi level is associated w
Ni-Ni d electron interactions. The observed XPS valen
band spectra1,2 shows the narrow and sharp 3d Ni bands
peaking around23.0 eV, in agreement with our calcula
tions. The shoulder in the DOS nearer the Fermi level is a
prominent in the experiment, although its position varie1,2

depending on the experiment.

B. Defects in fcc Al

The formation energy of a vacancy in fcc Al was calc
lated previously,8 DHv510.66 eV~the plus sign indicating
that it is energetically unfavorable!. In the present paper, a N
impurity in Al has a calculatedDH f520.94 eV~relative to
spin-polarized Ni!. This heat is substantial and binding, i
dicative of the fact that defects that increase the numbe
Ni-Al nearest-neighbor pairs will benefit energetically fro
the Ni-Al bonding. If the energetics of higher concentratio
of Ni in Al can be modeled as a sum of the single-impur
heats, i.e., assuming the Ni defects do not interact, the
x50.25, the heat of formation of the resulting ‘‘NiAl3’’
would be20.24 eV/atom, compared to the calculated~fcc!
Cu3Au value of20.26 eV/atom. This close agreement su
gests that even at high densities, the~direct and indirect!
interactions among Ni atoms are small. As noted abo
however, the oP16 structure has a larger heat of
20.46 eV/atom, so that Ni is insoluble in Al and a tw
phase regime of Al and NiAl3 wins out for dilute Ni concen-
trations.

C. Defect heats atTÄ0

Calculated defect heats~Gibbs free energies atT50) are
shown in Fig. 2, where they are plotted as a function of
effective alloy concentration. Comparison of the relative e
ergetics of different defects can meaningfully be done
comparing the energies associated with different defect
some chosen alloy composition, assuming that defect-de
interactions are small. Note that all the defects, except thed
Ni antisite, cost energy; i.e., they lie above the heat of
stoichiometric compound.

Figure 2 also illustrates the importance of including t
heats of competing phases. Stability of a system off stoic
ometry is possible only if there is at least one defect tha
energetically more favorable than a two-phase mixture.
noted above, the heat of formation of the 8d Ni antisite is
more bound than that of the idealoP16 structure. This does
not mean that this defect system will form; rather, compe
tion with other phases must be considered. The position
the tie line relative to the antisiteDG indicates that the 8d Ni
antisite is unstable~at T50) relative to a two-phase mixtur
of NiAl 3 and Ni2Al3.

D. Size effects in Al-rich defects

The only two Al-rich defects are Al antisites and Ni v
cancies. Of the two, Ni vacancies are stabler, as seen in
2. Size effects play a significant role: the Ni bond length
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about 13% smaller (33% in atomic volume! than Al. The
Ni-Al bond lengths are shorter in length than the Al-A
bonds in fcc Al, so that creation of an Al antisite, i.e., th
replacement of the smaller Ni atom by a larger Al atom
results in a situation that is energetically unfavorable unl
the ~antisite! Al-Al bond lengths are allowed to increase
This process is clearly occurring in Fig. 3 where the t

FIG. 2. Calculated heats of formation~Gibbs energies! at T
50 NiAl3 with various defects. The squares represent the res
of the first-principles calculations at the concentration due to
introduction of the defect into the calculational cell, and the so
lines are tie lines representing two-phase mixtures atT50 of Al
and NiAl3 (x,0.25) and of NiAl3 and Ni2Al3 (x.0.25). The dot-
ted lines represent the concentration dependence of the system
a particular defect, assuming interactions among defects are n
gible. Note that the Ni 8d antisites and Ni vacancies are preferre
over the other defects; however, all defects except the Ni 8d antisite
have a smalleruDHu than the ideal system.

FIG. 3. Ni and Al neighbors as seen by the Al atom sitting on
Ni site in the pureoP16 structure~top! and after structural relax-
ation ~bottom!. The dashed vertical line represents the Al-Al di
tance in the elemental solid. Notice the outward movement in
first shell of neighbors, and the lack of movement in the seco
shell of neighbors, indicating a significant screening of the def
by the inner shells.
7-3
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FIG. 4. Near neighbor distances around the~a! Ni 8d antisite,~b! Ni 4c antisite, and~c! Ni interstitial defect before vs after relaxation
Atoms below~above! the diagonal indicate movement toward~away! from the defect. The Ni 8d antisite, Ni 4c antisite, and Ni interstitial
have 9~3!, 10~3!, and 9~4! Al ~Ni! neighbors, respectively. Unlike~a! and~b!, the Ni interstitial shows a great deal of movement in the ou
atomic shells, indicating significant interactions with the defect.
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radial distribution shows the neighborhood of the Al antis
before relaxation in theoP16 structure and the bottom plo
shows the neighborhood after relaxation. It is clear that th
is significant outward relaxation of the inner Al shells
neighbors closer than 5a0, while the Ni and Al atoms farthe
away show little movement. The outward relaxation still h
not brought the Al-Al bond lengths close to those in Al me
and this size effect contributes to the preference of the
vacancy over the Al antisite. The lack of movement in t
second shell of neighbors in Fig. 3 indicates that the pri
tive cell is providing enough of an isolated environment
prove adequate for this defect calculation.~For this case,
larger cells were calculated with similar results.!

E. Dominant effects in Ni-rich defects

From Fig. 2 it is seen that Al vacancies are not comp
tive in the Ni-rich regime. As for the Ni antisite and inters
tial defects, the question of relaxation effects arise and th
are plotted in Fig. 4. The 8d and 4c Ni antisite have 9~3! and
10~3! Al ~Ni! neighbors, respectively, while the Ni interstiti
has 9~4! Al ~Ni! neighbors. The nearest-neighbor distances
the Ni interstitial are around 3.6a0, which is too small to
accommodate an Al interstitial defect. In the figure, poi
falling on the diagonal line indicate no atomic moveme
associated with relaxation, while points falling above or b
low the line indicate movement away or towards the
atom, respectively. Both the 8d and 4c sites have an equa
number of Ni neighbors, and although not obvious, thec
site has six Al atoms at a distance of less than 5.5a0, while
for the Ni interstitial defect, there are seven Al atoms. Th
things are worth noting about these graphs.

First, the presence of the Ni atom at the 8d and 4c defect
sites forms energetically favorable Ni-Al bonds, as indica
by the inward motion of the Al atoms surrounding the
defect. This effect is more pronounced for the 8d Ni antisite
where the coordination is also increased by one because
relatively large (0.70a0) contraction of a Ni-Al bond. The
0.56 and 0.41 eV relaxation energies are a reflection of
wide range of motion observed in the 8d and 4c Ni antisites,
respectively. Without these relaxations, the 4c, rather than
14410
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the 8d, would be the stabler of the two antisites. In the ca
of the Ni interstitial, the presence of the Ni atom forms ve
short and, therefore, highly unfavorable Ni-Al bonds th
result in an outward relaxation of the Al atoms surroundi
the interstitial.

Second, a Ni atom at an antisite is, as is to be expec
actively involved ind bonding with its Ni neighbors. Evi-
dence for this can be seen in the densities of states show
Fig. 1. Compared to the pure system, the narrow doubld
peak becomes wider with the antisite present. Inspection
local, site-specific DOS~not shown here! indicates antisite
wave function character mixed in throughout the doub
peak structures. The 4d site shows the greater splitting of th
higher-lying shoulder; although this may indicate grea
mixing, it does not guarantee larger energy stabilization.

Third, there is evidence of strong screening of the pr
ence of the 8d Ni antisite in Fig. 4~a!: there is a large relax-
ation of the closer Al shells and almost no effect on t
farther out shells. The effect is similar to what was observ
earlier for the Al antisite defect, and it is unlikely that
significant further energy improvement will be obtaine
upon going to a larger~e.g., 32- or 64-atom! cell. The screen-
ing effects are not as strong for the 4c Ni antisite in Fig. 4~b!
since there is still some relaxation to be seen in the oute
shells. Such motion is also seen to a greater degree in
outer shells of the Ni interstitial defect in Fig. 4~c!. A com-
parison with the other figures quickly reveals a failure
achieve the optimal Ni-Al bond lengths in the Ni interstitia
A supercell calculation for this defect may allow this defe
system to better approach the optimal Ni-Al bond lengths
it is still not expected to compete energetically with the a
tisites since an additional relaxation energy of;0.38 eV
would be required; based on our calculations, such a la
energy gain is unlikely.

III. THERMODYNAMICS OF NiAl 3

The first-principles calculations presented above prov
details on the electronic structure and energetics of defec
NiAl 3 at T50. We are now in a position to use this info
mation to describe a homogeneous thermodynamically st
7-4
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ELECTRONIC STRUCTURE AND THERMODYNAMICS OF . . . PHYSICAL REVIEW B 64 144107
system. Such studies have been successfully carried ou
NiAl and other B2 compounds.12,13 Unlike those systems
the equations describing the thermodynamics of NiAl3 are
more complicated and must be extended.

In a homogeneous thermodynamically stable system, v
ous defects must coexist in order to maintain concentrat
If we assume that the system under consideration contai
low concentration of defects, then a noninteracting statist
mechanical model can be developed, as explained in App
dix B, that describes a system in thermodynamic equilibri
with its defects. By minimizing an ansatz for the Gibbs fr
energy with respect to the number of defects, we obtain
pressions for the defect concentration, Eqs.~B3!–~B6!.
These expressions contain parameters« i

n and v i
n that repre-

sent the difference in energy and volume, respectively,
tween a cell containing a defect and an ideal cell. Since
volumes have been relaxed (P50) in the first-principles cal-
culations, all thePv i

n terms in the free energy drop ou
Furthermore, we will use the energetics furnished by
first-principles calculations of the previous section to obt
the « i

n parameters. This is an acceptable approximation
long as the cells used in the first-principles calculation
large enough for defect-defect interactions to be small. O
these parameters have been calculated, the equations fo
defect concentrations along with other constraints impo
on the system are solved for the chemical potentials of
constituent atoms and then the formation energies of the t
mally activated defects can be found.

A. Defect formation energies in NiAl3

Table II gives the defect formation energiesDHi
n at low

temperature. The superscript describes the site or subla
involved in the defect and the defect atom is indicated by
subscript. For example,DHAl

Ni is the defect formation energ
for an Al atom going to the Ni sublattice, i.e., an Al antisit
In order to satisfy a concentration off stoichiometry, certa
defects remain even asT→0. These constitutional—o
structural—defects have by definition defect formation en
gies DHi

n50, as can easily be deduced from Eqs.~B3!–
~B6!. For NiAl3 ~cf. Table II!, the constitutional defects ar
Ni vacancies on the Al-rich side (x,0.25) and 8d Ni anti-
sites on the Ni-rich side (x.0.25). This same conclusio
may also be deducted from Fig. 2, where the heats of for
tion at T50 favor these two defects.

TABLE II. Low-temperature defect formation energies~in eV!
for various defects for different concentrations around NiAl3 @cf.
Eq. ~B10! in Appendix B#. The constituent defects (DH[0) are the
Ni vacancy for Al-rich systems and the Ni 8d antisite for Ni-rich
systems.

Ni sites Al 8d sites Al 4c sites Inter.
DHv

Ni DHAl
Ni DHv

Al DHNi
Al DHv

Al DHNi
Al DHNi

I

Al-rich 0 0.61 1.90 2.44 1.90 2.90 2.22
NiAl 3 1.05 2.01 1.55 1.05 1.56 1.50 1.18
Ni-rich 1.83 3.06 1.29 0 1.29 0.45 0.39
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For Ni-poor concentrationsx,0.25, Table II puts the Al
antisite at 0.61 eV above the Ni vacancy. As was discus
earlier, this energy difference involves both bonding and s
effects. The rest of the defects are still higher-lying exci
tions, demonstrating the fact that creation of Ni-rich defe
in an Al-rich environment is energetically undesirable.

For Ni-rich concentrationsx.0.25, the Ni interstitial and
4c Ni antisite lie very close to each other~Fig. 2!, both lying
0.4 eV higher in energy than the Ni 8d antisite. No clear
distinction can be made about which defect is energetic
more favorable since their defect formation energies
close enough to lie within the error bars of this calculatio
The Al vacancies, the remaining only two Ni-rich defec
are seen to be highly unstable, as expected from Fig. 2.

At stoichiometry, the defect formation energies for t
constitutional defects must be equal; were this not the c
the system would be unable to maintain its stoichiome
producing more of one defect and promoting instability.
T50, it can be shown analytically that the defect formati
energies for the constitutional defects are given by

DHv
Ni5DHNi

8dAl5
1

28
~E0116«v

Ni112«Ni
8dAl!, ~1!

whereE0 is the energy per unit cell of the pureoP16 struc-
ture. In order to maintain stoichiometry, both Ni vacanc
and 8d Ni antisites must be formed; three 8d Ni antisites
must be formed somewhere in the system whenever fou
vacancies are created.

This ‘‘septuplet’’ Ni-vacancy/8d-Ni-antisite complex is
not the only possible defect complex that can be formed
NiAl 3 stoichiometry. In contrast with the bcc-basedB2 com-
pounds, the defect complexes that can occur in NiAl3 are
more complex and greater in number because of the diffe
stoichiometry. The simplest of these complexes involve pa
of defects: a Ni vacancy and Ni interstitial and an Al antis
combined with either the 4c or the 8d Ni antisite. Table III
shows that these simple defect complexes are not as ene
cally favorable as the septuplet Ni-vacancy/8d-antisite com-
plex. However, the energies are close enough that it is
possible to unambiguously discern whether NiAl3 is a binary
or septuplet defect system.

TABLE III. Defect formation energies for possible stoichio
metric complexes atx50.25 in NiAl3. The numbers in parenthese
indicate the size of the complex.

Defect complexes DHi
n ~eV/defect!

~7! 4 Ni vacancy13 8d Ni antisites 1.05
~2! Ni vacancy1 Ni interstitial 1.11
~7! 4 Ni vacancy13 4c Ni antisites 1.24
~4! Ni vacancy13 8d Al vacancy 1.43
~4! Ni vacancy13 4c Al vacancy 1.43
~7! 3 Al antisite14 Ni interstitial 1.53
~2! Al antisite 18d Ni antisite 1.53
~5! Al antisite 14 8d Al vacancy 1.64
~5! Al antisite 14 4c Al vacancy 1.65
~2! Al antisite 14c Ni antisite 1.76
7-5
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RASAMNY, WEINERT, FERNANDO, AND WATSON PHYSICAL REVIEW B64 144107
The defect formation energies also give insight into
ability of the system to maintain order at high temperature
the defect formation energies are small and the melting t
perature is high enough, disorder is expected to set in as
melting temperature is approached. According to Table
and III, the defect formation energies at stoichiometry are
above 1 eV. Since NiAl3 has a low melting temperature o
854 °C, it is expected to remain a well-ordered system as
melting temperature is approached.

B. Free energy of NiAl3

Although we have shown that the defects required to
commodate off stoichiometry in in NiAl3 are unstable rela
tive to a two-phase mixture atT50, this may change as th
temperature increases and entropy contributes to the free
ergy. Consider the calculated Gibbs free energies show
Fig. 5 for NiAl3 at both T50 and T5875 K. Vibrational
entropies have been omitted from the calculated energ
which is expected to have only a modest effect on the res
The solid lines are theT50 tie lines; note that the tie line
are temperature dependent and represent the competing
phase mixture.

The T50 Gibbs free energy has a break in slope ax
50.25 and there are breaks in defect formation energie
seen in Table II, associated with the discontinuous beha
of the Ni and Al chemical potentials.~Since the chemica
potentials describe the energy required to add or remov
atom, they must take on different values forx,0.25 andx
.0.25 because of the different constituent defects there;
chemical potentials to either side will remain constant a
function of concentration atT50 since only one type o
defect, the constitutional defect, exists.! Note that the Gibbs
free energy can be written asG5(mNi2mAl)x1mAl in
terms of the chemical potentials and the Ni concentrationx.
Although the chemical potentials are temperature and c
centration dependent, at zero temperaturedm i /dx (T50)
50 and the slope of the free energy curve is the differenc
the chemical potentialsmNi2mAl . The existence of a N

FIG. 5. Calculated free energies for NiAl3 at T50 and T
5875 K. TheT50 tie lines~solid lines! are also shown.
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vacancy as the constitutional defect on the Al-rich s
makes this difference larger in magnitude as seen in Fig
compared to the same on the Ni-rich side.

Going to nonzero temperatures, a population of therma
activated defects develops and the Gibbs free energy
comes more negative on either side ofx50.25 due to the
configurational~and other! entropy term. Because at highe
temperatures the chemical potentials are concentration
pendent, the Gibbs free energy~versus concentration! curves
acquire curvature. Hence, the slope of the free energy cu
is continuous atx50.25, unlike atT50. However, such
smooth behavior is not discernible in Fig. 5 forT5875 K
because of the high activation energies; the lowest activa
energy in Table II is 0.39 eV~corresponding to 4500 K!.
~Note that these activation energies are also temperature
pendent, but the scale is still large.! The result is that for all
temperatures up to melting, the tie lines effectively interc
at x50.25, implying that NiAl3 is a line compound through
out.

IV. CONCLUSION

Using first-principles calculations, we have investigat
the electronic structure and properties of lattice defects
NiAl 3. Ni-Al bonds contribute substantially to the binding o
the alloy, and defects that are able to increase the numbe
Ni-Al bonds~at the ‘‘natural’’ bond length! benefit from such
configurations. This increase in binding is quite apparen
some of the Ni-rich defects, especially the 8d and 4c Ni
antisite defects. A Ni interstitial increases the number
Ni-Al pairs but the bond lengths are far from optimal, cau
ing a decrease in bonding. Had the bond lengths been c
to the natural bond lengths~with the same number of Ni-Al
pairs!, then this defect would have expected to be more co
petitive with the Ni antisite.

In terms of relative stability of the various defects, si
effects play a major role in the Al-rich NiAl3 systems. In that
case, size mismatch between the Ni and Al favors Ni vac
cies over Al antisites. In Ni-rich NiAl3, the large relaxation
energy~0.56 eV! associated with the 8d Ni antisite, along
with the loss of bonding associated with the Al vacan
leads to the 8d antisite defect being the most stable. Th
result illustrates that relaxations around the defects are
portant and must be considered in defect calculations.

Using a thermodynamic approach, information about
fect structure of NiAl3 was obtained. By calculating the de
fect formation energies, the defect mechanisms that m
exist both off and on stoichiometry were obtained. The
formation energies are large, about 1 eV, thus yielding l
defect concentrations at normal temperatures. There is
strong preference for any particular defect complex at s
ichiometry and no strong site preference off stoichiome
From the calculated free energy as a function of concen
tion, we find that NiAl3 has a small stoichiometry range a
the way up to its melting temperature.
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APPENDIX A: Ni AND Al PSEUDOPOTENTIAL
CONSTRUCTION

In first-principles pseudopotential methods, one is of
confronted with the issue of transferability and stability
the pseudopotentials, especially in alloys. It has b
demonstrated14 that wrong structures may be predicted usi
many of the common pseudopotential constructions fo
wide range of inputs. The pseudopotential construct
technique14,15 implemented here cuts off the pseudopoten
in reciprocal space and is adjusted to reproduce all-elec
results for a number of different crystal structures. The
sulting pseudopotentials are both stable and transferable

The starting pseudopotentials are generated using
Troullier-Martins scheme16 and put into a separable form u
ing a Kleinman-Bylander procedure.17 The all-electron cal-
culations used to ‘‘tune’’ the pseudopotentials were p
formed using the full-potential linearized augmented Sla
type orbital ~LASTO! method.18 The Al pseudopotential is
the same as used previously.8

Ni, being near the end of the transition metal row, ha
localized 3d orbital, resulting in a very deep pseudopotenti
Using various pseudopotential cutoffs ranging fromEps
555 Ry to Eps572 Ry and plane-wave cutoffs rangin
from Ecut5Eps to Ecut575 Ry, we investigated the conve
gence of the total energy in a bulk Ni fcc environment. F
Ecut2Eps'5 Ry the total energy is converged to within
meV. Structural parameters such as lattice constant and
modulus for both fcc and bcc Ni were closest to the a
electron values forEps565 Ry. However, at this cutoff, the
fcc-bcc structural energy difference was not satisfacto
ChoosingEps572 Ry andEcut575 Ry for our Ni pseudo-
potential yielded structural parameters and an fcc-bcc en
difference that were in excellent agreement with the
electron results.

As a check on the transferability of the Ni and Al pseud
potentials generated for the calculations presented in this
per, the structural properties and heats of formation of th
different Ni-Al alloys—fcc-based NiAl3 in theL12 (Cu3Au)
structure, hexagonal Ni2Al3 (D513 structure!, and bcc NiAl
in the B2 structure—were compared to the correspond
all-electron calculations. The structural properties and re
tive heats are in excellent agreement~better than 0.01 eV/
atom!, although the the pseudopotential calculated he
were consistently more bound by about 0.05 eV/atom.

APPENDIX B: FREE ENERGY CALCULATION

The statistical mechanics of an ordered homogene
thermodynamically stable compound is complicated by
fact that various types of atomic defects must coexist in
der to insure that stoichiometry and homogeneity of the m
terial are maintained. To study the defect properties of
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mogeneous NiAl3, a statistical mechanical model similar t
the one developed for NiAl~Ref. 12! is used, but generalized
to consider a binary system with four sublattices and stoic
ometries other than 1:1.

At stoichiometry, theA atoms occupy thea sublattice and
the B atoms occupy theb andg sublattices with thel sub-
lattice vacant. For NiAl3, theA andB atoms will correspond
to the Ni and Al atoms, respectively, so that thea, b, g, and
l sublattices correspond to the Ni, Al 8d, Al 4c, and inter-
stitial sublattices, respectively. The number of defects
given by Ni

n , wherei refers to the type of defect~vacancy,
antisite, or interstitial! andn indicates the sublattice (a, b,
g, or l). The number ofA andB atoms is given byNA and
NB , respectively. In terms of the number of defects,NA and
NB may be expressed as

NA5Ma2NB
a2Nv

a1NA
b1NA

g1NA
l , ~B1!

NB5Msb1Mg2NA
b2NA

g2Nv
b2Nv

g1NB
a1NB

l , ~B2!

whereMa, Mb, andMg represent the number ofa, b, and
g sites available.

With the introduction of a point defect, the energy a
volume change by« i

n andv i
n , respectively. For low concen

trations of defects, which is the case close to stoichiome
and far away for the order-disorder temperature, we ass
that « i

n andv i
n are independent of the concentration; i.e., t

defects are considered to be noninteracting. Such a noni
acting model allows us to write down an expression for
internal energy, volume, and configurational entropy.~The
vibrational entropy is not considered in this model.! By mini-
mizing the Gibbs free energy with respect to the number
point defects,Ni

n , we obtain equations for the concentratio
of defects:

cv
a5

Ma

M

e2b(«v
a

1mA1Pvv
a)

11e2b(«v
a

1mA1Pvv
a)1e2b(«B

a
1mA2mB1PvB

a)
,

~B3!

cB
a5

Ma

M

e2b(«B
a

1mA2mB1PvB
a)

11e2b(«v
a

1mA1Pvv
a)1e2b(«B

a
1mA2mB1PvB

a)
,

~B4!

with similar expressions for theb andg sublattices, and

cA
l5

Ml

M

e2b(«A
l

2mA1PvA
l )

11e2b(«A
l

2mA1PvA
l )1e2b(«B

l
2mB1PvB

l )
, ~B5!

cB
l5

Ml

M

e2b(«B
l

2mB1PvB
l )

11e2b(«A
l

2mA1PvA
l )1e2b(«B

l
2mB1PvB

l )
, ~B6!

for thel sublattice. The chemical potentialsmA(T,P,x) and
mB(T,P,x) are Lagrange multipliers to ensure the conser
tion of A and B atoms. They are related to the Gibbs fr
energy by

G5U2TS1PV5mANA1mBNB . ~B7!
7-7
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From these equations, one obtains

«01Pv05
Ma

M
mA1

Mb1Mg

M
mB2

Ma

M
kBT lnS 12

M

Ma
cv

a

2
M

Ma
cB

aD 2
Mb

M
kBT lnS 12

M

Mb
cv

b2
M

Mb
cA

bD
2

Mg

M
kBT lnS 12

M

Mg
cv

g2
M

Mg
cA

g D
2

Ml

M
kBT lnS 12

M

Ml
cA

l2
M

Ml
cB

l D , ~B8!

where«0 andv0 are the energy and volume, respectively,
the ideal system. The composition of the compound is gi
by

NA

NB
5

Ma2NB
a2Nv

a1NA
b1NA

g1NA
l

Mb1Mg2NA
b2NA

g2Nv
b2Nv

g1NB
a1NB

l
5

x

12x
,

~B9!

which guarantees the correct composition of the system.
The parameters« i

n and v i
n can be obtained from first

principles calculations on supercells containing the defe
n-

, J

o,

.

e

14410
f
n

s.

Once these parameters are available, the chemical poten
may be obtained by solving Eqs.~B9!, ~B8!, and~B3!–~B6!
as complicated functions ofT, P, andx. Analytic expressions
can be obtained at low temperatures and pressures.12,19Once
the chemical potentialsmA andmB are known, then all other
quantities are available, including the free energy and de
formation energies.

Equations~B3!–~B6! for the defect concentration equa
tions are described by energy barriers that must be therm
overcome in order to begin forming defects. These qua
ties, the defect formation energies, are given by

DHi
n5« i

n2d i ,AmA1dn,amA2d i ,BmB1~dn,b1dn,g!mB ,
~B10!

and depend on the chemical potentialsmA and mB . The
chemical potentials serve to describe the system in term
the same number ofA andB atoms. For example, creating
vacancy on thea sublattice requires an energy

DHv
a5«v

a1mA , ~B11!

where«v
a describes the energy cost of creating the defect

mA the energy of adding anA atom to maintain the correc
concentration.
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