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Application of the bond valence method to reverse Monte Carlo produced
structural models of superionic glasses
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The reverse Monte Carlo RMC method has shown to be a useful tool for extracting structural properties
from diffraction data of disordered systems, such as ion-conducting glasses. In this paper we investigate ion
conduction in Ag-based superionic glasses by simple random-walk simulations based on the bond-valence
information present in the RMC-produced structural models. Using this method we are able to explore the
ion-conduction pathways and to calculate the ionic conductivity on a quantitative basis. The migration path-
ways are assumed to be the regions of the structural models where the valence mismatch for the mobile ion
remains below a threshold value. The results for the AgI-doped glasses show that there are no long-range
migration pathways for Ag sites in an entire iodine environment. Rather, the Ag1 ions are generally moving
between sites with a mixed oxygen-iodine coordination. The method is able to predict the ionic conductivity of
highly AgI-doped superionic glasses, but tends to overestimate the conductivity of undoped glasses~with s
,1025 V2 cm21! and underestimate the conductivity of highly conducting crystallinea-AgI. The discrepan-
cies for these materials are discussed, as well as the possibility and limitations of using a similar approach to
study the frequency dependence of the conductivity.

DOI: 10.1103/PhysRevB.64.024204 PACS number~s!: 66.10.Ed, 61.43.Fs
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I. INTRODUCTION

Structural properties of glasses in general, and com
cated multicomponent glasses in particular, are difficult
extract directly from experimental results. This is partly b
cause global structural investigations by diffraction tec
niques are only providing a one-dimensional average re
sentation of the structure, usually without any information
partial pair correlations for a single experiment. For sim
glasses, the nearest-neighbor distances and coordin
numbers have been determined predominantly by neutro
x-ray diffraction. However, even for relatively simpl
glasses, such as B2O3 and SiO2, many controversies hav
continued through the years concerning the structure bey
the nearest neighbors. They concern, for example, the p
ence of few membered rings,1,2 the origin of the first sharp
diffraction peak in network glasses,3–12 the degree of
intermediate-range ordering,6,10,12 and similarities to corre-
sponding crystal structures.3,4

For more complicated multicomponent glasses, such
superionic glasses, the structure is even less known. It is
more difficult to extract structural information directly from
diffraction experiments, especially when the use of isoto
substitution to obtain elemental contrast is not possible.
stead, the knowledge originates often from atom or molec
specific probes such as nuclear magnetic resonance~NMR!,
extended x-ray-absorption fine-structure~EXAFS! and vibra-
tional spectroscopy, which provide local information on
specific part of the structure. However, to get a relevant v
of the total structure it is evident that some kind of structu
modeling is needed for most multicomponent glasses. T
can be done by conventional simulation techniques like m
lecular dynamics and ordinary Monte Carlo. The proble
with these simulation techniques is, however, that they
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li-
o
-
-
e-
f
e
ion
or

nd
s-

as
en

e
-

le

w
l
is
-

-

quire interatomic model potentials between the particl
which are difficult to define for chemically complicate
glasses. This often leads to problems in reproducing exp
mental data quantitatively. To master this problem and m
direct use of the available experimental diffraction data it
appropriate to use the reverse Monte Carlo RMC mode
method.13,14 The RMC method produces three-dimension
structural models in quantitative agreement with the m
sured data, although it should be noted that without us
additional structural information it is unlikely that th
method will produce sensible structural models.15 Additional
information, such as closest atom-atom approaches and
ordination numbers, can be included in the structural mod
as physical constraints. Such constraints are normally ba
on other experimental results~e.g., NMR, Raman, or
infrared-absorption data! or chemical knowledge and are o
ten necessary to reduce the number of possibilities to fit
data with a physically unrealistic structure. For ordinary n
work glasses it is usually easy to build up a realistic netw
structure simply by including constraints on the connectiv
between the network atoms~e.g., in the case of SiO2, all Si
are four coordinated to O and all O are two coordinated
Si!. However, in the case of ionic glasses even the sh
range structural knowledge is usually limited and it is mo
difficult to use precise coordination constraints.

To overcome this difficulty we have in this paper used
constraint based on bond-length distributions in related c
talline compounds.16–18 During the past decades the bon
valence method proved to be a valuable tool in crystallog
phy to check the plausibility of proposed crystal structures
is based on the idea that the total bond-valence sumV of,
e.g., a silver atom in any compound may be expressed a

V~Ag!5(
X

sAg-X , ~1!
©2001 The American Physical Society04-1
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where the individual bond valencessAg-X of bonds to all
adjacent anionsX are calculated from tabulated empiric
bond-length bond-valence parameter sets~see, e.g., Refs. 19
and 20! of the type

sAg-X5expFR02RAg-X

b G . ~2!

Equilibrium sites for a monovalent cation like Ag1 are ex-
pected to exhibit a bond-valence sum close toVideal51. For
the sake of simplicity the established literature bond-vale
parameter tables rely on the approximation that only
nearest-neighboring counterions contribute to the bond
lence and that the parameterb may be treated as a univers
constant. This turned out to be suitable for common appl
tions, such as checking the plausibility of crystal-structu
determinations or locating missing atoms in a structure.

The bond-valence approach can furthermore be use
determine migration pathways of mobile ions in solid ele
trolytes, since it is likely that the ion transport from on
equilibrium site to another follows the energetically mo
favorable pathway with the lowest valence mismatchDV
5uV2Videalu along the way. As exemplified in Refs. 21 an
22, this special application requires the consideration
higher coordination shells as well as differences in the po
izability of the ions~which can be accomplished by the u
of appropriate bond-valence parametersb!.

The ionic transport in a variety of crystalline and a fe
glassy ion-conducting systems has been successfully inv
gated by this technique~see, e.g., Refs. 18 and 21–29!. How-
ever, in order for the bond-valence method to work and g
reasonable results it is important to have realistic struct
models, particularly concerning the local environment of
mobile ions. This is usually not a great problem for cryst
line conductors, where the structure is normally well know
but a major difficulty in the investigation of glassy condu
tors. In this paper we show how the local environment of
mobile Ag1 ions can be improved by the inclusion of a so
bond-valence constraint in the RMC modeling of the A
based superionic glasses (AgI)x-(Ag2O-yB2O3)12x ~x50,
0.6; y51, 2, 4!, (AgI) x-(AgPO3)12x ~x50 – 0.5), and
(AgI) 0.75-(Ag2MO4)0.25 (M5Mo, W). The structural find-
ings are compared with previous RMC results obtained w
out the inclusion of any bond-valence constraint.30–33 We
further show how the structural models and the bond-vale
method can be used to elucidate the conduction pathway
ion-conducting glasses. The simulation of the Ag1 transport
in these glasses as a random walk within the bond-vale
pathways not only permits a prediction of the dc conductiv
from the structural model but also enables us to elucidate
nature of ion transport in glasses. The method provide
simple tool to investigate with a justifiable computation
effort, e.g., the influence of different counterions on the lon
range transport of mobile ions or other details of the traj
tories that are difficult to identify experimentally from bo
structural studies and spectroscopic measurements.
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II. THE BOND-VALENCE SUM PSEUDOPOTENTIAL
METHOD

A. Conduction pathway models from bond-valence maps

For the comparatively clear case of crystallinea-AgI Gar-
rett et al.23 have demonstrated that migration pathways
mobile ions, as determined from crystallographic determi
tions of the anharmonic atomic displacement factors in t
superionic conductor,34 closely resemble the pathways o
lowest bond-valence mismatch between the equilibrium
sites visualized in maps of the bond-valence mismatch.

Our three-dimensional bond-valence sum maps for
RMC-produced structural models@with volumes ranging
from about 50 000–100 000 Å3 for the different glasses#
were generated by calculating the bond-valence sum fo
hypothetical Ag1 at all 1613 grid points of a three-
dimensional cubic primitive grid. At each position contrib
tions from all anions up to a cutoff distance of 8 Å were
considered. Grid points in the vicinity of other types of ca
ionsM 1 ~i.e., at distances below the radii sum of Ag andM!
are marked as inaccessible for the hypothetical Ag1.
Thereby we arbitrarily subdivide each structural model int
primitive array of about 4 000 000 cubic volume elemen
with edge lengths of 0.2–0.3 Å. The volume elements
classified as ‘‘accessible’’ for an Ag1 if the Ag valence sum
V at its center lies in the interval 1.0060.05 or if the valence
mismatchDV5uV2Videalu changes its sign across the vo
ume element. The second criterion is needed to cushion
influence of our limited grid resolution. The choice of th
fixed valence mismatch thresholdDV50.05 valence units
for all the systems was inspired by the observation that
equals the minimum valence mismatch for which bon
valence pathways in the crystal-structure model ofa-AgI
become infinite. Nevertheless this choice remains to so
extent arbitrary.

Pathways for ion transport then correspond to clusters
adjacent ‘‘accessible’’ sites and the infinite cluster~which
exists in all the investigated glasses for the chosen vale
mismatch threshold! represents the continuous conducti
pathway for the long-range ion transport giving rise to
ionic conductivity. In previous papers22 we have shown for a
few glasses that the volume fractionF of the respective in-
finite pathway clusters is related to the experimental dc c
ductivity s of the system at the temperatureT of the experi-
mental diffraction data used to build the RMC structu
model. We found that

log~sT!}A3 F ~3a!

and that the experimentally determined activation energyEs

for ion migration is given by

S Es

kbTD}A3 F. ~3b!

Both relations also hold for the more comprehensive rang
systems considered in this paper.
4-2
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B. Random-walk simulations

In this work the bond-valence isosurfaces from RM
models are further examined by a simulation of Ag1 motion
through the systems as random hops from one of the ab
mentioned volume elements to the next one. In each ste
the simulation the direction of the attempted motion for ea
Ag1 is chosen randomly among the 26 adjacent face, e
or vertex sharing cubes. This ensures that a mobile ion m
in principle pass any complex-shaped bottle neck of
bond-valence pathways. Successful hops require that the
get cube in the randomly chosen direction is ‘‘accessib
according to the criteria defined in the previous section. T
approach is slightly more sophisticated than a similar me
odology that was previously used by Wickset al.31 for in-
vestigation of the conduction process in AgI-doped silv
phosphate glasses. They used a hard-sphere Monte C
simulation method to move the mobile Ag1 ions within the
accessible free volume of the frozen glass network. Ho
ever, using their approach the mobile Ag1 ions are moving
within all the accessible free volume, whereas in our mo
the Ag1 ions are assumed to preferably move along the w
of the free volume.

Due to the small hop distance of about 0.2–0.3 Å
individual hop in the simulation rather represents therm
motion than actual jump processes by which the mobile
would reach a different equilibrium site. For the room
temperature models the time a mobile Ag1 would need to
cross one of these elementary cubes with thermal velo
corresponds to roughly 10213s, i.e., the time steps of th
model are of the order of magnitude of thermal vibrati
periods. In order to account for the difference in the h
length, a hop to one of the six face sharing cubes as we
any unsuccessful attempt is counted as one time step, w
hops to one of the 12 edge sharing cubes are counted a&
time steps and hops to one of the eight vertex sharing cu
as) time steps. It should be noted however that the pr
ability that both the actual and the target site belong to
pathway decreases with the distance of the target site. T
the success probability for hops to face sharing cube
higher than for hops to the more distant vertex sharing si
This will be addressed further below.

Such random walks were simulated using all the positi
of ‘‘mobile Ag1’’ as starting points, meaning all those Ag1

positions of the underlying RMC structure model that a
either located in ‘‘accessible’’ sites or can reach an ‘‘acc
sible’’ site within a single hop. As expected the fraction
these ‘‘mobile’’ Ag1 ions increases with an increasing vo
ume fractionF of the pathway from about 5% of all Ag1 in
Ag2O-4B2O3 to approximately 20% for the glassy syste
(AgI) 0.75-(Ag2MO4)0.25 (M5W, Mo) and to about 37% for
the RMC models of crystallinea-AgI ~see Fig. 1!. All the
remaining Ag1 are strictly ‘‘immobile’’ in the frame of this
approach.

It is quite clear from the beginning that such a simplifi
approach cannot reproduce the behavior of the mobile ion
the real system in every detail~e.g., interactions between th
mobile ions as well as all motions of other types of ions
completely neglected!. Therefore it has to be checked again
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experimentally known features of the ion transport
glasses, and under which circumstances and to which ex
such simulations can yield physically sensible results. Qu
tions that may be addressed by this approach include
prediction of diffusion constants from structural models
well as the contribution of differently coordinated ions of th
mobile species to the long-range diffusion constant and
tails of the particle trajectories such as the occurrence o
correlated forward/backward hopping.

III. THE RMC METHOD WITH A NEW BOND-VALENCE
CONSTRAINT

The RMC modeling was based on both neutron- a
x-ray-diffraction data, previously published in Refs. 30–3
The RMC method has been extensively describ
elsewhere,13,14,35,36so here we will only give a brief sum
mary and some details of the particular constraints we h
used in the simulations. The crucial difference between RM
and ordinary Monte Carlo simulations is that RMC emplo
experimental data instead of interatomic potentials in
minimizing procedure. RMC uses a standard Metropo
Monte Carlo algorithm37 ~Markov chain, periodic boundary
conditions, etc.! but with the ‘‘sum of squares’’ difference
between the measured structure factors and those calcu
from the RMC configuration as the ‘‘driving parameter’’ i
place of the energy. Data from different sources~neutron, x
rays, and EXAFS! may be combined. In this way, the RMC
method produces three-dimensional models of the struc
of disordered materials that agree quantitatively with
available diffraction data and the measured density, prov

FIG. 1. Correlation between the fraction of all Ag that are ‘‘m
bile,’’ i.e., located within any bond-valence pathway and the v
ume fractionF of the infinite pathways in RMC structure mode
of crystalline a-AgI at 740 K ~a! and at 525 K~b! as well as
glassy ~AgI!0.75-~Ag2WO4!0.25 ~c!, ~AgI!0.75-~Ag2MoO4!0.25 ~d!,
~AgI!0.6-~AgO-B2O3!0.4 ~e!, ~AgI!0.6-~Ag2O-2B2O3!0.4 ~two indepen-
dent structure modelsf, g!, Ag2O-2B2O3 ~h!, Ag2O-4B2O3 ~i!,
(AgI) x(AgPO3) with x50.5 ~k!, 0.3 ~l!, 0.1 ~m!, and AgPO3~n!.
All the glass structure models are based on room-temperature
4-3
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ing that the data do not contain significant systematic err
The fact that the method does not require any interato
potential gives a great advantage compared to conventi
simulation techniques for structural modeling of materia
where the existing interatomic model potentials cannot qu
titatively reproduce the experimental facts.

Before one begins the actual RMC simulation it is conv
nient to run a hard-sphere Monte Carlo simulation to crea
computer configuration that is consistent with the appl
constraints. These constraints can be closest approach
tance of two particles, maximum bond length, bond ang
and number of nearest neighbors. The constraints are us
determined from the experimental diffraction data or oth
experimental evidence such as NMR and Raman spec
scopic data. Thus, for the present glasses the constr
serve to produce initial configurations that are consist
with previous knowledge of the glasses, i.e., a thr
dimensional network with three- and four-coordinated B
the case of the (AgI)x-(Ag2O-2B2O3)12x glasses,38 chains of
interconnected PO4 units for the (AgI)x-(AgPO3)12x

glasses,39 and the presence of molecular MO4
22 ions for the

(AgI!0.75-~Ag2MO4!0.25 glasses (M5Mo, W). More details
about the RMC simulations and the applied bonding c
straints have previously been published in Refs. 30–
However, it should be mentioned here that all glasses c
tained about 4000 atoms and periodic boundary conditi
were used in cubic boxes. We also produced smaller confi
rations~containing approximately 600 atoms! to test the size
dependence of the results. This showed that such a redu
of the box size did not have any significant effect on t
results more than that the statistical errors increased du
the reduced number of mobile Ag1 ions. Thus, the presen
structural models should be of sufficient size.

In addition to these previously used constraints, we a
included a recently introduced22 soft bond-valence sum con
straint that minimized the valence differenceDV5uV21u of
each Ag1 ion during the fitting procedure to the diffractio
data. For the calculation of the total bond-valence sumV we
used Eqs.~1! and~2! where the parameter set in Eq.~2! was
given by40

sAg-O5expF1.89 Å2RAg-O

0.33 Å G , ~4a!

sAg-I5expF2.08 Å2RAg-I

0.53 Å G . ~4b!

The parameter set by Radaev, Fink, and Tro¨mel40 was cho-
sen because it includes the influence of higher coordina
shells, i.e., intermediate-range order in the glass, in cont
to other parameter sets that are generally influenced onl
the short-range order, i.e., the bonds to the first coordina
shell.

The valence differenceDV was minimized in the RMC
modeling in the same way as the deviations between
calculated and experimentally measured structure fac
were minimized, i.e., by calculating
02420
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2~valence!5DV2/s2~valence!, ~5!

wheres~valence! is an input parameter that depends on t
assumedDV. The value ofxn

2(valence) was thereafter adde
to the contributions arising from deviations between the c
culated and experimentally measured structure factors
deviations from the target coordination constraints~more de-
tails about these contributions are given in Refs. 35 and!.
A random atomic move is always accepted ifxn11

2 (total)
,xn

2(total) and if xn11
2 (total).xn

2(total), the move is ac-
cepted with the probability exp@2(xn11

2 2xn
2)/2#.

The effect of the additional bond-valence constraint
the structure will be shown in Sec. IV, however, it is wor
noting here that it was not possible to fit the diffraction da
with a strict constraint on the valence sum, i.e., a very l
value ofs~valence!, indicating that the individual Ag1 ions
in real glasses show some deviations from the empirical id
valence sum of 1. This can be mostly traced back to
instantaneous nature of RMC structure models, as the R
technique yields models for snapshots of the vibrat
atomic ensemble rather than for the energy-minimized id
structure.

IV. THE EFFECT OF THE BOND-VALENCE CONSTRAINT
ON THE RMC RESULTS

The neutron and x-ray weighted structure facto
S(Q) of AgPO3, AgI-AgPO3, Ag2O-2B2O3,
(AgI!0.6-~Ag2O-2B2O3!0.4, and (AgI!0.75-~Ag2MoO4!0.25
glasses obtained by RMC modeling are compared with th
obtained experimentally in Figs. 2~a! and ~b!. The overall
structure factors are well reproduced and, in particular,
computed x-ray data~which is most sensitive to the coord
nations of the Ag1 ions! are in excellent agreement with th
experimental results. Thus, the good fits to the experime
S(Q), in combination with the applied bond-valence co
straint, should ensure that the RMC configurations cont
realistic Ag1 coordinations and the essential overall stru
tural features of the investigated glasses.

Figure 3 shows how the bond-valence sum distribution
the Ag1 ions is altered when the soft bond-valence constra
@given by Eq.~1!# is included in the RMC modeling. For al
the three glasses shown in Fig. 3 the average value incre
and the distribution gets narrower. The reason for the
creased average value is mainly that the total average c
dination number (Ag-O1Ag-I) increases slightly, and the
reason for the reduced width is mostly due to the sign
cantly reduced number of Ag1 ions with exceptionally low
bond-valence sums~see Fig. 3!, i.e., low total coordination
numbers~,2!. Thus, the number of structural ‘‘defects’’ o
unrealistic Ag coordinations have been reduced by the in
sion of the bond-valence constraint. The ratio of the Ag
~or Ag-I! contribution to the total bond-valence sum is, ho
ever, not substantially changed by the constraint.

Although all the investigated glasses show broad distri
tions of total coordination numbers, their total average co
dination numbers are remarkably similar and close to 3
For all the AgI-doped glasses most of the Ag1 ions are co-
4-4
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APPLICATION OF THE BOND VALENCE METHOD TO . . . PHYSICAL REVIEW B64 024204
ordinated to both O and I2, but the ratio between the averag
Ag-I and Ag-O coordination numbers (NAg-I /NAg-O) in-
creases with increasing AgI content in the glass. This me
that the (AgI!0.6-~Ag2O-2B2O3!0.4 glass has the highes
NAg-O51.8 and lowest NAg-I51.7, whereas the
(AgI!0.75-~Ag2MoO4!0.25 glass has the highestNAg-I52.5 and
lowestNAg-O51.0. These findings are in agreement with E
AFS results, which have shown that the I2 ions of AgI-
doped glasses tend to be coordinated to four Ag1, on
average.41 In order to fulfill this criterionNAg-I must increase
with increasing AgI content. One should also note that A1

ions in glasses of similar AgI content have similar distrib
tions of coordination numbers.33 Furthermore, it was

FIG. 2. Experimental neutron~a! and x-ray~b! structure factors
~solid lines! and computed neutron weighted~a! and x-ray weighted
~b! structure factors~dashed lines! for the RMC configurations of
AgPO3, AgI-AgPO3, Ag2O-2B2O3, ~AgI!0.6-~Ag2O-2B2O3!0.4, and
~AgI!0.75-~Ag2MoO4!0.25. Consecutive curves are shifted by 0.5 f
clarity.
02420
ns

-

found that differences in local average Ag1 environments
between glasses of different AgI contents seem to be clo
related to their different ionic conductivities.33

V. RESULTS FROM THE RANDOM-WALK SIMULATION

The applicability of the chosen random-walk approa
can be judged by comparing the resulting Ag1 displacements
and simulated ionic conductivities to experimental data
the literature. For the conversion from the displacement
the ‘‘mobile’’ ions ~i.e., those within the bond-valence pat
ways! into the displacement for all Ag1 of the structure
model it was assumed that the displacement of the Ag1 out-
side the path remains zero all the time. The resulting log-
plot of the root-mean-square~rms! displacement vs
pseudotime steps averaged over all Ag1 ions is shown in
Fig. 4. A more realistic treatment including contributions
the thermal vibrations also for the Ag1 outside the conduc-
tion pathways would alter the shape of the plots in Fig
only for the first few time steps and cause a minor shift of
curves towards higher displacements. Our findings ag
qualitatively with the results reported in Ref. 31.

For some of the systems Fig. 5 displays the variation
the slope of the displacement vs the time curve with
displacement~in this case averaged over the mobile io
only! as determined from higher-order polynomial fits to t
respective curves of Fig. 4. The initial steep rise in all s
tems for low values of the rms displacement may be ide
fied with unrestricted local vibrations of the mobile ion
within the same local energy minimum. For crystalline A
at 525 K@curve~b!# the slope distinctly decreases as the r
displacement approaches the distance between equilib
sites ~ca. 2 Å in a-AgI!, since only a small fraction of the
local jumps leads to a neighboring equilibrium site. On
larger length scales the crystalline system behaves hom
neously, so that the rms displacement increase becomes
portional tot1/2 in accordance to the diffusion law. The ex
ponent 1

2 suggests that the connectivity of the conducti
pathway network is considerably above the percolat
threshold. For the amorphous systems (d) – (i ) the slope re-
mains depressed below12 over an extended region. Althoug
the detailed shape of the curves in Fig. 5 is biased by
chosen order of the polynomial fit, it may be concluded th
the depression is more pronounced for glasses with low c
ductivities demonstrating the reduced connectivity of t
pathway network in these systems. For the systems with
lowest conductivities the simulation period had to be e
tended to nearly 107 time steps in order to reach the long
time limit 1

2 of the slope. For these systems the spatial ext
sion of the region where the displacement increases slo
thant1/2 approaches the size of the simulated box, so tha
influence of the periodic boundary conditions of the simu
tions cannot be ruled out.

A. Absolute conductivity

The simulated displacement versus pseudotime curve
not only appear plausible with respect to their shape. Fig
6 displays that atomic self-diffusion coefficientD
4-5



JAN SWENSON AND STEFAN ADAMS PHYSICAL REVIEW B64 024204
FIG. 3. Bond-valence sum distributions of the Ag1 ions in AgI-AgPO3, ~AgI!0.6-~Ag2O-2B2O3!0.4, and~AgI!0.75-~Ag2MoO4!0.25 before
~open symbols! and after~filled symbols! the soft bond-valence constraint was included in the RMC modeling.
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5^R2&/6t, as determined from the increase of the me
square displacement^R2& with time t in the linear long-time
regime~which corresponds to the region with a slope of1

2 in
Fig. 4!, are closely correlated to the experimental conduc
ity sexp at the temperatureT of the diffraction experiments
on which the RMC structure models are based. T
pseudotime scale of the simulations has been converted
real time by assuming that the Ag1 hop around with a fixed
velocity n5A3RT/MAg, which leads to time steps o
0.7– 1.131023 s depending on the temperature and the e
length of the volume elements in the respective model.

Thereby these simulations@like the correlation given in
Eq. ~3a!# can be used to predict the conductivity of a syst
from its structural model. It should however be noted th
this correlation is nonlinear~as seen from the slope, which
.1 for the log-log plot in Fig. 6!, due to the simplifications
of our approach. In Fig. 7 the simulated diffusion consta
are converted into calculated conductivitiesscalc by means of
the Nernst-Einstein equation

FIG. 4. Variation of the Ag displacement vs simulation tim
steps for all Ag1 in the system. The nomenclature of the system
identical to that in Fig. 1.
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Despite the crude simplifications of the approach the sim
lations reproduce the correct order of magnitude for cond
tivities of the fast ion-conducting glasses@systems (c) – (e)
and (k) – (l )# but systematically overestimate the conducti
ties for glasses with low conductivities and underestimate
conductivities in the crystalline superionica-AgI.

Thus the basic assumption of a free motion within bon
valence pathways may be an admissible simplification in
most interesting cases of glasses with high ionic conduct
ties. For glasses with conductivities below approximat
1025 V cm21 it might be more appropriate to describe th
motion even within the pathways as impeded by~bond-
valence mismatch! barriers. The transport mechanism f
these systems with low conductivities thus would bear so
similarity to the weak electrolyte theory42 that had been pro-
posed earlier to apply to all ion-conducting glasses. Th

s
FIG. 5. Variation of the slope of the rms displacement vs nu

ber of time steps as a function of displacement for the ‘‘mob
Ag1. ’’
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migration barriers could be incorporated in a more refin
Monte-Carlo-like version of our simulations, where the pro
ability of hops is related to some~steep! function of the
valence mismatches at both the starting position and at
target site instead of the simplistic step function we used
this work. Furthermore, the underestimation of the cond
tivity for the case of superionica-AgI might indicate that the
treatment of the transport process as a motion of a sin
particle in an otherwise frozen environment is no longer
propriate. Most likely, one has to account for the unusua
large anion displacements ina-AgI and for the possibility of
correlated cation jumps.

The value of the bond-valence mismatch thresholdDV
may be thought of as representing a migration barrier th
mobile Ag1 with an average kinetic energy is able to cro
with a certain probability. However, although the choice
the bond-valence mismatch thresholdDV50.05 in this study

FIG. 6. Correlation between the atomic self-diffusion const
^R2&/6t for all Ag1 in the random-walk simulations and the expe
mental conductivitiessexp.

FIG. 7. Correlation between the conductivitiesscalc from the
random-walk simulations and the experimental conductivitiessexp.
The dotted line indicates the ideal casescalc5sexp.
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is to some extent arbitrary, a slight variation of the thresh
value would affect the simulated conductivities only marg
ally. Increasing the valence mismatch threshold toDV50.1
raises the simulated conductivity of AgI at 525 K by a fact
of ;2 only. For the glass systems the relative change ofF as
a function of the choice ofDV is even smaller and therefor
the simulated diffusion coefficient should be even less
pendent on the choice ofDV.

B. Role of Ag¿ coordination

For silver iodide silver oxyacid glasses the relative co
tribution of silver ions with different types of coordination
to the ionic conductivity has been a matter of intense disc
sion. It has, for instance, been proposed that the mobile si
ions are almost entirely located in small clusters of AgI a
that the remaining silver ions are immobilized by the ox
gens of the host glass.43 A different model for ion conduction
had earlier been proposed by Greaves,44 who suggested from
EXAFS experiments that the mobile cations are not hom
geneously distributed in the glass but rather confined
channellike regions, which then should also form pathwa
for ion transport. A corresponding model can be construc
in the case of AgI-doped glasses assuming that the salt
are preferably located in similar pathways running throu
the glassy matrix. In contrast to the model proposed
Rousselotet al.,43 Ag1 ions with a mixed oxygen/iodine co
ordination are typically the dominant Ag1 species according
to RMC structure models.30,31,33Thus it may be assumed tha
these Ag1 should significantly contribute to the ioni
conductivity.22 Our random-walk simulations provide
simple tool to test the supposition that oxygen coordina
Ag1 are immobile in the glassy ionic conductors and in pr
ciple even to quantify the effect of different types of coord
nations.

Therefore we performed simulations of the Ag1 transport
within the bond-valence pathways of RMC models of seve
glasses under various limiting conditions with regard to
type of coordinating anions. This was achieved by defin
that only sites for which the Ag-O contribution to the tot
bond-valence sum remains below a given threshold va
can be ‘‘accessible’’ for the mobile Ag1. Figure 8 displays
the variation of the simulated displacement vers
pseudotime for three of the glass systems under various
sumptions on the involvement of differently coordinat
sites in the ion transport process. While the fundamental
fect is the same in all the investigated glasses the reduc
of the ion mobility by the exclusion of predominantly oxid
coordinated sites is naturally most pronounced in glas
with a high contribution from Ag-O coordinations, such as
the (AgI!0.6-~Ag2O-2B2O3!0.4 glass~see Sec. IV!. Within the
modeled time scale an increase in the displacement pro
tional to tg, with g5 1

2 ~as expected for a network with
connectivity considerably above the percolation threshold! is
observed only if the maximum contribution from Ag-O
bonds to the Ag valence sum in the pathway is unrestric
More and more rigorous restrictions of the maximum
lowed relative contribution of Ag-O bonds to the valen
sum result in a reduced slopeg in the log-log plot. Under the

t
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FIG. 8. Simulated rms displacements vs pseudo time steps for mobile Ag1 in the bond-valence pathway models of the glas
~AgI!0.5~AgPO3!0.5, ~AgI!0.6~Ag2O-2B2O3!0.4 and~AgI!0.75-~Ag2MoO4!0.25. Five different limiting conditions for sites within the conductio
pathway were used regarding the maximum allowed contribution of Ag-O bonds to the total Ag valence sum~expressed as percentages!.
Broken lines indicate the slope12 to be expected as the long-time limit for networks significantly above the percolation threshold.
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extreme condition that only purely iodine-coordinated si
may contribute to the ion conduction, Ag1 motion would
remain restricted to local hops in all three glasses since
long-range conduction pathway exist.

C. Correlated forward-backward hopping

The interpretation of conductivity spectra of ion
conducting glasses generally shows that the hopping con
tivity shop ~after eliminating vibrational contributions! de-
pends on the frequencyv according to a power law of the
type

shop~v!2s~0!5AS 11
1

vt1
D 2PA

1BS 11
1

vt1
D 2PB

.

~7!

The first right-hand-side term with an exponentpA,1 ~typi-
cally ca. 0.7! is mostly explained in terms of the jump rela
ation model45,46 as a consequence of the interplay betwe
backward hops and relaxations of the environment forced
the mismatch at the target site. The second often domina
term with an exponentpB.1 would then correspond to
backward hopping that is faster than the site relaxation
the ‘‘unified site relaxation model’’47 this is taken as an
indication for the existence of a second type of ‘‘bad’’ targ
sites~from which the moving ion necessarily hops back to
previous position after some time!.

In our simple approach all the ions of the model, exc
for the moving Ag1 ion, remain fixed. Thus there is no re
laxation of the environment and any preference of correla
forward-backward hops can only be due to the second ty
However, also these fast forward-backward hops are diffi
to simulate using our method. This is partly because
ionic hops are only accepted if the target sites fulfill t
bond-valence criterion and furthermore the hops are m
too short for the Ag1 ions to be able to reach new possib
equilibrium sites. Thus, to really elucidate the hig
frequency conduction mechanism a much more sophistic
02420
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method has to be used. However, since the direction of
tion during our simulation is chosen randomly among the
adjacent for every individual hop, the requirement that o
sites that fulfill the bond-valence criterion are accessible
get sites drastically reduces the number of potential ta
sites. This by itself gives rise to a statistical preference
correlated forward-backward hops, which are clearly see
Fig. 9 for the motion of an Ag1 ion through the bond-
valence pathways in the RMC model of glassy AgPO3. The
figure illustrates the oscillatory nature of the simulated m
tion also on relatively long-time scales. Although the starti
point of the random walk for the arbitrarily selected Ag1 is
located within the continuous pathway, the trajectory
cludes a huge number of forward-backward hops betw
pairs of neighboring sites~jump distance,2 Å! as well as
numerous forward-backward motions between the star
position and another position at a distance of about 10 Å
this example it takes about 250 000 trials~'22 ns! until the
Ag1 ion finds its way through a bottle neck out of this regio
of the pathway and—after crossing several other local lo
of the pathway—the trajectory again leads back to the sa
region about 80 000 time steps later. Thus, although this
proach is very crude it shows the potential of the method
gain some insight into also the frequency-dependent cond
tivity. Similar statistical arguments can be given to par
explain the high-frequency conductivity in real system
since with a large number of energetically unfavorable s
around each Ag1 ion one would expect, from a pure stati
tical consideration, a high probability of forward-backwa
hops. Thus, although the present results are not able to q
titatively reproduce the frequency behavior of the conduc
ity, one can gain some qualitative understanding of why
ionic mobility is larger on a local length scale than on a mo
macroscopic length scale and why the ionic conductivity
creases with increasing applied frequency.

VI. CONCLUDING REMARKS

As demonstrated in this work the reverse Monte Ca
modeling method and the bond-valence approach
4-8
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FIG. 9. Trajectory for the motion of an Ag1 ion in glassy AgPO3 @system~n!# over 330 000 simulation time steps582 282 actual hops
projected on thexzandyzplanes~top row!. Starting position at~0, 0, 0! and the final position are marked byjj Bottom: Variation of the
displacement from the starting point versus the number of time steps for the same Ag1 ion.
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complementary tools for investigating the relation betwe
microscopic structure and macroscopic properties. The c
bination of the two methods gives a unique possibility
elucidating the ion-conduction mechanism and for find
the most important structural properties for high conduc
ity. In this approach we are using bond-valence constra
that are incorporated in the RMC-produced structural mod
in order to obtain physically more sensible local enviro
ments of the mobile ions. Thereafter, the bond-valence
proach is again applied on these refined structural mode
investigate the ion transport in fast ion-conducting glass
The combination of these two tools appears quite nat
because both the RMC configurations and the determina
of bond-valence parameters are directly based on experim
tal diffraction data.

Despite its simplicity, the description of Ag1 motion as a
random walk within bond-valence pathways can be eff
tively used to predict the ionic conductivity from a structur
model. Moreover, the difference between the close reprod
02420
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tion of experimental conductivity data in the case of supe
onic glasses and systematic deviations both for crystal
superionic conductors and glasses with low conductivit
may help to understand the peculiarities of the respec
transport mechanisms.

The static nature of RMC-produced structural models a
thus also of the pathway models might lead to the misc
ception that temperature has no effect on the simulated
fusion. However, this is not the case since different tempe
tures means different densities and different diffraction da
which in turn lead to different RMC structure models. Th
was clearly observed for crystallinea-AgI, where the struc-
tural model based on diffraction data taken at 740 K show
higher volume fraction of bond-valence pathways than
corresponding model based on diffraction data taken at
K. A higher volume fraction of bond-valence pathways ge
erally promotes the conductivity by a higher cross section
pathways, a higher connectivity of the pathway network, a
by a higher fraction of ‘‘mobile’’ ions. All these factors con
4-9
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tribute to the differences in conductivity between the io
conducting solids studied here.
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