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The formation energies of point defects and the interaction energies of various defect pairs in NiAl are
calculated from first principles within an ordli locally self-consistent Green’s-function method in conjunc-
tion with multipole electrostatic corrections to the atomic sphere approximation. The theory correctly repro-
duces the ground state for the off-stoichiometric NiAl alloys. The constitutional defettisite Ni atoms and
Ni vacancies in Ni-rich and Al-rich NiAl, respectivelyare shown to form ordered structures in the ground
state, in which they tend to avoid each other at the shortest distance on their sublattice. The dominant thermal
defects in Ni-rich and stoichiometric NiAl are calculated to be triple defects. In Al-rich alloys another type of
thermal defect dominates, where two Ni vacancies are replaced by one antisite Al atom. As a result, the
vacancy concentration decreases with temperature in this region. The effective defect formation enthalpies for
different concentration regions of NiAl are also obtained.

[. INTRODUCTION vorable electronic states in the next Brillouin zone. This kind
of explanation is applicable to some alloys and compounds
The outstanding physical, chemical, and mechanical propwith predominantly metallic chemical bondify:3? Since
erties of the intermetallic compound NiARefs. 1,2 have the covalent and ionic components of the interatomic bond-
given rise to a variety of commercial applications in the air-ing are rather strong in NiAl,the explanation in terms of
craft industry, electronics, and catalysis industry. During theslectron concentration does not seem to be entirely convinc-
last decade, a number ab initio studies of NiAl have been ing. Moreover, the electron concentration has been found to
performed in order to describe the nature of the inter-exceed the limit of %/cell in ternary Ni-Al-Cu B2-based
atomic bonding™® electronic structuré;'?> cohesive alloys>® where it may reach a value as high as 38&ll.
properties;’*~" defect energetic®?> and optical Recent studies performed by Smirfid¥ and by Cottreff®
propertie$®>~27 of this Hume-Rothery electronic compound show that the stability and even the ordering of constitutional
leading to a scientific basis for the understanding of the comvacancies may be satisfactorily explained in terms of local
plicated phenomena which take place during manufacturingpond strengths, which is consistent with the local nature of
and application of NiAl-containing alloys. the chemical bonding in NiAl. Within the local bond picture,
The structure of point defects in NiAl has been the subjecthe tendency of NiAl to form constitutional vacancies on the
of experimental and theoretical studies since the pioneeringl-rich side may be attributed to the fact that the Al-Al bond
work of Bradley and Tayldf (see also Ref. 29who have is much weaker than the Ni-Ni or Al-Ni bonds.
shown that the variation of the lattice parameter and weight However, Fermi-surface effects may still play a signifi-
density of NiAl with alloy composition can be successfully cant role in the off-stoichiometric Ni-rich NiAl. It has been
explained only if one assumes that antisite Ni atoms on thdirst shown by Egorushkiret al*® and later by Zhao and
Al sublattice exist in the Ni-rich off-stoichiometric NiAl- Harmori® and Stockset al,*° that a distinct nesting feature
based alloys, while the deviation from the exact stoichiom-of the Fermi surface of Nig,dAlg 375 may be related to the
etry in the Al-rich alloys is formed due to vacancies on the7R fcc-based structure of NiAl Martensite. The competition
Ni sublattice. in energy between the bcc- and fcc-based structures of Ni-Al
The existence of constitutional vacancies in NiAl was ini- alloys which takes place in the interval 50—75 at. %{Reéfs.
tially understood as a tendency of the alloy to keep the numi3,15 explains why the system is so sensitive to the details
ber of valence electrons per unit cell below a certain limitof the Fermi surface in this compositional region.
(3e/cell) in order to prevent filling the energetically unfa-  Crystal structures suggested for the NiAl MarterfSité®
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may require a certain type of ordering of antisite defects irtreatment of thermal defects is proposed for the nearly
the Ni-rich NiAl. Short-range ordering of the constitutional stoichiometric as well as for the concentrated off-
vacancies in the Al-rich NiAl is also expected from stoichiometric NiAl alloys. The obtained analytical expres-
experiment*~*®The crystal structures of the phases adjacensgions allow for a physically transparent interpretation of the
to NiAl: Ni»Al;,282°NizAl,, %" and NEAI; (Ref. 48 may be  effective defect formation energies and volumes as well as
considered as ordered structures of constitutional defects dReir concentration dependencies.
theB2 underlying lattice. Thus, the defect ordering is impor-
tant for understanding the structural transformations in NiAl. Il. GENERAL FORMALISM
The thermal disorder in NiAl is also unusual. Thermal
defects in an ordered binary alloy of a fixed composition ) ] ) ) )
must appear in a balanced manner in order to preserve the We Will consider a single-phasg2 NiAl alloy having a
alloy stoichiometry. For example, an elementary thermal defixed atomic composition, Ni_sAly5. 5, Where § is the
fect in NisAl may be described as an exchange of pairs ofdéviation from stoichiometry. The alloy componet#s and
antisite(Al and Ni) atoms? Thermal disorder in thg2-type ~ Ni atoms and vacanciesj={Al,Ni, V}, occupy N lattice
intermetallics is often of a triple defect tyjleand the triple ~ Sites on the two sublattices & {Al,Ni}) of theB2 structure.
defect formed by two Ni vacancies and one antisite Ni atorFach sublattice hail, = >N sites occupied by atoms or
is considered to be the dominant thermal excitation invacancies.
NiAl. 12 In the canonical ensemble the number of Al atoms
The equilibr?um cqncentrations of thermal defect_s in l\_li_AI =Na, TN, and the number of Ni atomsy; =Ny,
have been investigated by means of semiempirical Nyi,, are fixed. At the same time, the number of vacancies

model§'3*3552 35 well as on the basis of first-principles .
. . ; . Ea in the alloyny=ny +ny as well as the total number of
calculation&®*®?? and atomic-scale simulation$:>®> The Yv=hv, Ty,

considerations are commonly based on the model of a gas #tttice sitesN may vary. The distribution of alloy compo-
noninteracting point defects as proposed by Wagner anaents betweeq the sublattices may be des;nbed in terms of
Schottky®® This model has been used to study defects irSit€ concentrationsc; =n; /N, . However, since the num-
intermetallics using either a canoni¥al® or grand ber of lattice sites is not conserved in the presence of vacan-
canonical®?257-%9 formalism. The two formalisms are cies, it is more convenient to usgomic concentrations de-
equivalent’in the sense that they must yield the same result§ined with respect to the total number of atomg,=npy

for the equilibrium defect concentrations. However, the ca-+ny;:

nonical formalism is more conveniently applied to the case

of a single-phase alloy at a fixed atomic composition, where ni,

it allows for a simple theoretical description of thermal de- X, = N_at )
fects, as will be shown in Secs. Il and V.

First-principles calculations by Fet al® have confirmed If necessary, one can easily transform between the atomic
that in stoichiometric as well as in Ni-rich NiAl the dominant and site concentrations using the following relationsajp:
thermal excitations are indeed of the triple defect type. How—= 2xia/(1+xv), wherexy=ny /N, is the net concentration
ever, for the A[—rlch compositions, a 'relatlvely hlgh concen- ot yacancies.
tration of antisite Al atoms on the Ni sublattice is obtained  \yjith these definitions, one has six atomic concentrations
nume_rlcall)}L and also expected_ _fr(_)m X-ray dn‘frgctlon and three constraints
experiment$? The calculated equilibrium concentration of
the antisite Ni atoms in the Al-rich NiAl is unexpectedly
low.'® Furthermore, using a semiempirical mean-field ap- Z XiA|:2 Xiir
proach, Smirmno¥® has shown that one can expect an ' '
anomalous thermal behavior of the equilibrium vacancy con- 1
centration for the Al-rich compositions where the tempera- Xa= 2 Xa ==+,
ture dependence of the vacancy concentration may have a a « 2
minimum. All this clearly shows that the actual statistics of
thermal defects in Al-rich NiAl is inconsistent with the triple 1
defect model. XNi= Ea: XN, =5 0 2

In this work we performab initio calculations of the elec-
tronic structure and total energy of NiAl intermetallic com- Which reflects the fact that the numbers of lattice sites on the
pounds containing four types of point defeiso vacancies two sublattices are equal and that the numbers of Al and Ni
and two antisite defectsn different combinations and spa- atoms are conserved.
tial configurations in order to find the defect formation en- The problem is to find four concentrations;, of point
thalpies and pair defect interaction energies. Based on théefects: two antisite atoms,={Ni,,Aly;}, and two vacan-
obtained values, we study the type of constitutional defectsies,d={V,Vyi}, as a function of temperatuig pressure
as well as the statistics of thermal defects. We show that thp, and deviation from stoichiometr§. According to Eq(2),
statistics of thermal defects can be interpreted in terms ofnly three of the four defect concentrations are independent:
composition-conserving defects and that in the Al-rich re-
gion at low temperatures the dominant thermal defect is of a
different, so-called interbranch type. A simplified analytical

A. Alloy configurations

1
Xaly ™ XNig T (Xv =Xy, ) = 6. 3
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' ' ' ' ' ' formation of an Al antisite defect on the Ni sublattic&A(.
12 | T These processes can be expressed in the form of defect re-
V (0.9,1.1) actions:
1.0 .
0—>VNi+VA| y
A (0.9,0.9)
0.8 T VA|*>VNi+ NIA| y
€ 06 : Vni—VatAlyi, (6)
8=0.05 respectively. Hereafter we follow the quasichemical conven-
0.4 — 0 tion and omit the Al, and Nj; in the equations of defect
Vo reactions.
—— x,=8
0.2 --- x,=20 |
— %,=38 B. Wagner-Schottky model
. . The equilibrium state of the alloy at temperatureand

1.0 1.2 pressure is determined by the minimum of the Gibbs free
energyG or, equivalently, of its excess valukG defined
relative to some standard states and normalgedatom

FIG. 1. Three-dimensional domain of possible configurations
for the bin_ar)_/ off-stoichiometric I\gillf\lolss_alloy. The boundary of AG=AE+pAQ—TAS. 7)
the domain is shown by contour lines in thg;— 7, plane for
different vacancy concentratiorg . Point O corresponds to a com- HereAE, AQ, andAS are the alloy formation energy, vol-
pletely disordered state of the alloy with no vacancies. Pdits ~ ume and entropy, respectively. As the standard states we
V correspond to maximally ordered states of the alloy having antichoose here pure fcc Ni and Al and, therefore, the energy of
site atoms or vacancies, respectively, as constitutional defects. alloy formation is defined as

Alternatively, the atomic order can be specified by three AE=Epi, Al1z+ s~ XNiEni—XaEnr, )

other independent variables: the net concentration of vacan- . ) i , )
cies and two long-range ordérRO) parametef@ which, combined with the second term in Ed), gives the
enthalpy(or heaj of alloy formationAH:

Xy =Xy, FXv, AH=AE+pAQ. ©

= 2N — Xni ) It is well known that the enthalpy of alloy formatitand
Ni Al . 29 . : .
the lattice paramet&?° of NiAl are essentially linear func-
_ tions of the alloy composition. In such a case the Wagner-
M= 2(Xa1, = Xaly) - 4 Schottky modéf exploiting the picture of a gas of non-

. . interacting point defects on well-defined sublattices may be
The atomic concentrations of the alloy components can b‘épplied. The model rests on two basic assumptions.

uniquely expressed through these three variables as follows: (i) The enthalpy of alloy formation depends linearly on

the defect concentrations,
AXp1 = 2Xat A, AXa = 2Xa AL

AH=AHpa+ 2 HgXq, 10
AXNip = 2XNi~ NIy Ay = 2XNit N M Ed: o 1
where AHy;a is the enthalpy of formation of the stoichio-
Axy, =2Xy= gat N WXy =2Xyt A~ 7ni- (5) metric NiAl andHy is the defect formation enthalpy.
(i) Only the mean-field configurational entropy is taken
In Fig. 1 we show the domain of possible configurationsinto account,
for the alloy Np45Alp 55 @s a contour plot in thexy , 7ni)
plane for different vacancy concentrations. At zero vacancy s=(1 +xv)ln(
concentration, the configurational space of the LRO param-
eters is restricted to the segmeé@A|. For a nonzero va-
cancy concentration, the configurational space expands to
band of finite width which is restricted by the natural bounds
of the LRO parameteriyy|<1+26 and| ny|<1-26. IAH
Infinitesimal changes of the variables, 7y, and 7, Hy=——. (12
correspond to the following three processes, respectively: a IXq
divacancy formatioriD), a jump of a vacancy from the Alto |n practice, it is common to linearize the pressure depen-
the Ni sublattice with a simultaneous formation of a Ni an-dence of the defect formation entha|pyFB:t:0, i_e_,
tisite defect on the Al sublatticeJ(N), and a jump of a va-
cancy from the Ni to the Al sublattice with the simultaneous Hqy=E4+pQy, (13

1+xy

5 -> E Xj Inx; , (11

herei ={Al,Ni, V} ande={Al Ni}. The parameters of the
agner-Schottky model are the defect formation enthalpies
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whereE, is the defect formation energy awl; is the defect at 0 K, which is also the case of NiAl. This is also consistent
formation volume which may be obtained from the results ofwith the Wagner-Schottky model in which the enthalpy of
ab initio calculations performed & =0 andp=0: alloy formation is a linear function of defect concentrations
and thus the presence of two kinds of defects in the maxi-
mally ordered state is an exception.

In the configurational space of the LRO parameters
(ma,7ni), the maximally ordered state corresponds to one

The minimization of the Gibbs excess free energy in conof the vertexes of the domain of possible alloy configura-
figurational space Xy ,7ni,7a) In the Wagner-Schottky tions. For instance, the maximally ordered state of the
model leads to the following set of Bragg-Williams-type Nig 4Aloss Off-stoichiometric alloy presented in Fig. 1

OAE 0AQ

h Xy - IXy ’

Eq (14

equations for equilibrium defect concentrations: should be either at verteX if the constitutional defects are
antisite Al atoms or at verte¥ if the constitutional defects
AXy, Xy, are Ni vacancies.
m:exﬂ—HD/T], (153 The stability of antisite defects relative to vacancies is
v determined by their enthalpies of formation, E#j2), or, in
o x other words, by the slopes of the tviwanchesof the en-
NiaVni _ thalpy of alloy formatiorAH () considered as a function of
——=exd —H\/T], (15b . ) X L
XNig XV concentration of either vacancies or antisite defects. From

Eq. (3) one finds that the concentration of constitutional de-

fects isxi =[] in the case of antisites o, =2[d| in the
=exd —Hja/T]. (150  case of vacancieghe superscript stands for the constitu-

tional defects Therefore, a necessary condition for vacan-
Here Hp, H;s, andH;y are the enthalpies of the defect cies to become the constitutional defects in off-
reactions(6) which are connected with the formation enthal- stoichiometric alloys is Bly <Hg, for the Al-rich region
pies of the four point defects by the following equations: and Hy, <Hni, for the Ni-rich region.

XAl XV g

XAl Xvy

Hp= HVAI T HVNi’
D. Thermal defects

Han=Hni, +Hv,—Hv,: The thermal defectaippear at a finite temperature in ad-
dition to the constitutional defects. Since the alloy composi-
Hja= HAINi+ HVAI_ HVNi' (16 tion is fixed they can appear only in the composition-

conserving combination of single point defects obeying the
Expressed in terms of the site concentrations, the set afondition
equationg15) take the usual form of mass action law for the
guasichemical reaction®). The equilibrium defect concen- 1
trations can be found either numerically by solving ELp) x;,Ni—xL,iAl+§(bei—x§Al) =0 a7
together with Eq(3), as is done in the present work, or even

analytically by a reduction to fourth-order polynomial equa- that the total defect trati C . ¢
tions for the site concentrations as shown by Hagen ang? that the total detect concentrations=xq+ Xy, again sat-

Finnis®® isfy Eq. (3).

It follows from Eg.(17) that none of the point defects can
be a thermal defect alone. Point defects may be thermally
generated at least in pairs or in some other possible combi-

The ground statestructure of an alloy is that which mini- nation, i.e., as @aomposition-conserving defe@D). In gen-
mizes its free energy or, equivalently, the formation enthalpyeral, a thermal defect may consist of several point defects
atT=0. According to the Nernst theorem the ground state ofvith a specific spatial arrangement due to the interactions of
a binary off-stoichiometric alloy must be either a fully or- the point defects with each other and also with the constitu-
dered phase or a mixture of two ordered phases. However, ffonal defects. It is obvious, however, that if the point defect
one deals with an alloy such as NiAl, which is stable in ainteractions are relatively weak, the thermal defects will ap-
wide single-phase region, it is convenient to consider itgpear as the simplest composition-conserving combinations of
maximally ordered stafé which is the ground state of the points defects, provided that, in the most common situation,
alloy under the restriction that the alloy does not undergo ®ne thermal defect is dominant over the ottférs.
phase separation. It is obvious from E8) that in the maxi- Which thermal defect is the dominant one, can be deter-
mally ordered state of an off-stoichiometric alloyp#£0) mined from the equilibrium concentrations of individual
there should be a finite concentration of either antisite atompoint defectsuﬁj by comparing their relative ratio to that of
or vacancies on the sublattice of the deficient alloy compothe  composition-conserving defects. The simplest
nent. The defects which are actually present in the maxieomposition-conserving defects are listed below for a gen-
mally ordered state are call@dnstitutional defects eral case of an arbitrary alloy composition and then, sepa-

Although in general both antisite defects and vacanciesately, for the off-stoichiometric alloys in which there is an
may be present in the maximally ordered state, the defect addditional degree of freedom due to the presence of the con-
only one type is usually stable in the off-stoichiometric alloy stitutional defects.

C. Constitutional defects in off-stoichiometric alloys
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Exchange Interbranch Ni
(COK ) .00 @ Ni (Ni-rich NiAl)
oo . o Ox oxoxoiioroxsxex
oo oot | Jive Ce¥ee  TeCe-e
P 000 000
Divacancy o.@',c'o' @® Ni Interbranch Al
. Al-rich NiAl
oxexsiersxexeptersxe sl cooe e ee
oo, — 00 OO e__, Cati-e
OO °°°\ Triple Al 0 00,— 000
000 OO0 Mg o0 e O AL o e-e O
00O Ni OXOX®) 000
=5 S
900 FIG. 3. Interbranch defects in Ni-rich and Al-rich NiAl. Note
000 that interbranch defects are composition conserving.
FIG. 2. Two-dimensional scheme illustrating some typical 2. Off-stoichiometric alloys

composition-conserving defects B2 NiAl.
As mentioned above, the presence of the constitutional

1. General case defects in the maximally ordered state of an off-
toichiometric alloy gives an additional possibility to satisfy
g.(17) by replacing the constitutional antisites by vacancies

and vice versa. In this case the concentration of the thermal

point defects of the same type as the constitutional defects

There are four simplest composition-conserving defect
consisting of two types of point defeétavhich can be ther-
mally activated in the maximally ordered alloy of any com-
position including the defect-free stoichiometric all@he .
defects are schematically shown in Fig. Zhe defect reac- may take on a negative value.

tions and the relations between the concentrations of therm%%efv'ggeatshz Ft)rrgr?seifiinOfoIOtrrrlzagﬁg Offrgrl:]c?hge;?acéfer?gﬁhbee
point defects are as follows. y

L unstable branch, we will call it amterbranchdefect. The
Exchange antisite defecky, formation of an interbranch defect is accompanied by the
(18 annihilation of the constitutional defects. Interbranch defects
in NiAl are shown schematically in Fig. 3 for the Ni-rich
region where the constitutional defects are Ni antisites and
for the Al-rich region where the constitutional defects are Ni
0—Va+Vyii Xp=Xy =X, . (199  vacancies. The defect reactions and the concentrations of
Al Ni thermal point defects are as follows.
Interbranch Ni defectIN):

H . .yt _ oyt
00— Niy+Aly: Xx = Xni, = Xal,, -

Divacancy or Schottky defecD)():

Triple Ni or simply triple defec{TN):

1 ; . IV
0—2Vyi+ Nig : xTszx{,Nizx}\,iAl. (20 Nig—2Vait  Xin==Xniy = 5Xv, - (23
Triple Al defect(TA): Interbranch Al defectlA):
1 2V i— Al — o, =1y 24
O*)ZVA|+AI Ni . XTA:EXbAIZX}MNi . (21) Ni— Ni - X|A_ XVNi_ EXAlNi . ( )

The formation enthalpy of a composition-conserving de- The formation enthalpies of the interbranch defects are

fect Hep may be defined as the enthalpy of the correspond- Ho=2H. —He =He—H
ing quasichemical reaction. Thus, for the exchange, triple Ni, IN Va DNy D TN
and triple Al defects one has
Hia=Ha,—2Hy, =H;a—Hp. (25)
Hx=Hniy #Hag =Hont Haa, They characterize the relative stability of the antisite and
vacancy branches in the Ni-rich and Al-rich NiAl, respec-
tively. Since the antisite and vacancy branches in Al-Béh
transition metal aluminides are competitive in energy, the
Hra= HAINi+ 2HVAI =H;jat+Hp, (22 interbranch Al defect may become the lowest-energy thermal

. . . defect in this compositional region.
respectively, where we have also established the connection P 9

to the enthalpie$16) of defect reactiong6).

The pressure dependence of the formation enthalpy of a
composition-conserving defect may also be represented in In this section, simple analytical expressions for the con-
the form (13). The formation energy(volume of the centrations of the main thermal defects in NiAl will be de-
composition-conserving defect is then the sum of the formarived using the mass action law equatidt$) and relations
tion energiegvolumes of its constituents. (22) and(25). Let us for now assume that a triple defect is

Hn=Hnpi, +2Hy =Hn+tHp,

E. Thermal defect concentrations: analytical consideration
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the dominant thermal defect in the stoichiometric NiAl, andThe atomic concentrations of point defects AQ, ~XTN
that the defect concentrations in the maximally ordered statgpq Xy, <28+ 2Xqy.

are On the other hand, if we assume that interbranch Al de-
—5 8<0 0 &<0 fects dominate, we arrive at
c _ b _ 1
NiaT| 0, 60 VN |25, >0 (26) , &
Xpa~2°———exd —Ha/T], 31
The validity of these assumptions is confirmed by the experi- A 1+26 H=Hi/T] (31)

mental data and by the first-principles calculations, as will be

discussed in Secs. IV and V A. Since our analysis is perl'e" the concentration of defects grows almost quadratically

formed in the framework of the Wagner-Schottky model theWith 6. The total atomic concentrations of point defects are

results are valid only for noninteracting point defects. Xy~ 20~ 2Xia andxy =X . If the formation enthalpy of
an interbranch Al defect is sufficiently small, one can expect

1. Nearly stoichiometric NiAl a competition between triple and interbranch Al defects in

Nearly stoichiometric alloy is defined as an alloy in which the Al-rich NiAl.

the concentration of thermal defects is large compared to the
concentration of constitutional defect$d|<xi<1. The
equilibrium concentration of triple defects in the stoichio- A subject that still remains confusing despite the fact that

F. Effective formation enthalpies

metric NiAl (6=0) can be found using Eq$15a, (15b), it has been addressed and clarified several times in the
and (20): literature®>°%2?%is the interpretation of the experimental data
53 for so-calledeffectivedefect formation enthalpies in partially
Xtn~27 7P exd —Hp/3T]. 27 ordered alloys. The problem here originates from the unwar-

The atomic concentrations of antisite Ni atoms and Ni va-anted transfer of a simple formalism which is used to obtain
the vacancy formation enthalpy in a monoatomic solid from
the measured vacancy concentration, to the case of defects in
partially ordered alloys.

The formalism is based on the Arrhenius formula con-
necting the equilibrium defect concentration with the effec-
{ 13, 8<0, tive defect formation enthalpyi§'=ES"+ pQ3§™ as follows:

cancies arey;, ~xmy andxy, ~2xmy.

The following expressions for the left-hand-side and
right-hand-side first derivatives oy with respect tos can
readily be obtained for nearly-stoichiometric NiAl:

dxry
ds

6=0

28
—2/3, 6>0. 28) cq=exd — (HS"—T™M)/T], (32

It is noteworthy, that the first derivatives of the thermal (je'wheres(ejff is the effective defect formation entropy, associ-
fect concentrations are discontinuous at the stoichiometrigteq withnonconfigurationakffects during defect formation
composition, and independent of temperature. This discontiyyocess. Except for its nonconfigurational part, this formula
nuity exactly compensates for the discontinuities in the firsig 5 direct analog of Eq153 in the case of a monoatomic
derivatives of the atomic concentrations of constitutional dexg|id. In a binary equiatomic compound, the equilibrium de-
fects, Eq.(26). As a result, the totalconstitutional plus ther-  fact concentrations are solutions to the complete set of equa-
mal) defect concentrations, as well as the Gibbs free energyjons (3) and (15) and, therefore, the temperature dependen-
are smooth functions of alloy composition in the vicinity of cjes of the defect concentrations are not expected to follow
6=0 at finite temperatures. the Arrhenius form in general.
o , Let us first address the question of whether EB) is
2. Concentrated Ni-rich NiAl fulfilled by composition-conserving defec&he answer is as

Concentrated off-stoichiometritNi-rich or Al-rich) al-  follows: the concentration of composition-conserving defects
loys are defined as alloys in which the concentration of condoes exhibit a pseudo-Arrhenius temperature dependence as
stitutional defects is large compared to the concentration oih Egs.(27)—(31), provided that the formation enthalpies of
thermal defectsx;<|5|<1. The estimate of the concentra- composition-conserving defects are well separated on the en-

tion of thermal triple defects in Ni-rich alloyd<0) is ergy scale. However, there are two principal differences be-
tween the pseudo-Arrhenius temperature dependence of the
X2 (= 8) " YV2exd —Hn/2T], (290 equilibrium defect concentrations in binary compounds and

. . . the Arrhenius form(32).
and the total atomic concentrations of point defects are (i) The effective formation enthalpy of a composition-

Xniy ~ ~ O+ Xy andxy, =2Xy. conserving defecHS" which can be derived from Egs.
3. Concentrated Al-rich NiAl (27)—~(31) as
Considering triple defects as the dominant thermal defects . din XtCD
in Al-rich NiAl ( 6>0), we find that their concentration de- HEp=— e : (33
creases rapidly with increasing p=const

turns out to be different from the actual defect formation
exd —Hmy/T]. (30) enthalpyH ¢p by a factor for which the following rule can be
established: The effective formation enthalpy of a

1+26
52

XrN=27°
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composition-conserving defeblléf,g is equal to the actual for- TABLE I Eﬁectivg fgrmatiqn enthalpies of s?ngle point d.efects
mation enthalpy of this defeét -, divided by the number of " Ni-rich (§<0), stoichiometric §=0), and Al-rich (5>0) NiAl -
point defects of mewtype (with respect to the defect struc- express_ed through the formation enthalpies of composition-
ture at zero temperaturecreated in the crystal by one S°nServing defects.

composition-conserving defect.

. Def < = >
Indeed, from the examples worked out in Sec. Il E we efect 0<0 0=0 =0
find that the effective formation enthalpy of a triple defect is Niy 0 Hn/3 Hry
HEM =H/2 in the Ni-rich NiAl where only two Ni vacan- Vay Hn/2 Hp—Hm/3 Hp
cies are the new point defects. Stoichiometric NiAl is defect- Al Hy Hy—H/3 Hia
free in the ground state, and all three constituents of a triple v, Hon/2 Hon/3 0

defect will be the new point defects in that case, so one has
eff =H\/3 at the stoichiometric composition. Only one
new point defect will be generated in Al-rich NiAl by a triple antisite Ni atom are equal to each other and to the effective
or interbranch Al defect: an antisite Ni or Al atom, respec-formation enthalpy of a triple Ni defect in this region, i.e.,
tively. As a result, one hal$f =Hpy andH'=H, . Hf,f;i= ﬁ,‘}fN:HTN/S as has been obtained in Sec. Il F. The

(i) In contrast to the case of monoatomic solids, the efeffective formation enthalpies of the two remaining point

fective defect formation entropy in binary compounds mustgefects, antisite Al atom and Al vacancy, can now be found

contain a certairconfigurationalpart which can be derived ysing Egs. (16) and (22): H&T =HET—HET and HET

from the concentration-dependent pre-exponential factors in Heff_ e N Al Al
—''D Vni*

Eqgs.(27)—(31).

In the case of concentrated off-stoichiometric alloy§ (
<xg) the only way to satisfy Eq(32) is to assign a zero
value to the effective formation enthalpy of the constitutional

The analysis based on the Arrhenius formula E2R)  defects, thereby neglecting any temperature variation of their
may become quite misleading if applied to single point de-concentration. The other effective formation enthalpies can
fects in partially ordered alloy®:?> The reason is that single then be found from Eqg16). The final results are summa-
point defects, including vacancies, are not composition conrized in Table I.
serving. Under the experimental conditions, where the alloy In fact, each of the obtained relationships explicitly speci-
composition is fixed, single point defects can appear or anfies the quasichemical reaction which creates the given kind
nihilate only in combinations with other point defects, i.e., asof single point defect in the given compositional region of
composition-conserving defects. Therefore, the formatiorNiAl, except for the constitutional defects for whidH®
enthalpies of composition-conserving defects are the only=0. It is also worth mentioning that the obtained effective
well-defined quantities within the canonical ensemble. Theformation enthalpies are equivalent to “true” defect forma-
effective formation enthalpy of a single point defect is just ation enthalpies introduced by Mishin and Farkas.
formal parameter satisfying E32), but it should not be
interp_reted as th_e enthalpy required_to create this defect. The IIl. METHOD OF CALCULATIONS
effective formation enthalpy of a single point defect must
contain contributions from all the other point defects in- We use 54-site (3x3) cubic supercells to simulate
volved in the corresponding defect reaction. isolated defects, and 108-site X3 X 6) supercells to evalu-

Nevertheless, since in many cases the concentrations ate the defect interactions. To perform large supercell calcu-
single point defects have a pseudo-Arrhenius temperature déations we take advantage of the ordér-locally self-
pendence, the corresponding analysis remains a useful egensistent Green’s functiofLSGF) method introduced by
perimental tool of extracting information regarding point de- Abrikosov et al®® The method has been successfully applied
fect energetics in NiAl and other compourfi$’ We to study ordered, disordered, and partially ordered metallic
therefore now outline the connection between the effectivalloys®
formation enthalpies of single point defects and the enthalp- The original implementation of the LSGF met/Bds
ies of formation of the composition-conserving defects. based on the atomic sphere approximatié®A). The cal-

Using EQ.(33) as a definition and applying it to the set of culations performed within the ASA usually overestimate the
equations(15) one obtains a relationship equivalent to Egs.vacancy formation energy by as much as a factor 6t 22
(16) but now for the effective formation enthalpies of single This large error arises as a result of an inadequate treatment
point defects. This relationship may be expressed as followsf the electron charge depletion around the vacancy caused
The actual formation enthalpy of a composition-conserving by the spherical averaging of the electron density over each
defect is equal to the sum of tleffectiveformation enthal- atomic sphere, and would clearly invalidate the calculations.
pies of its constituents. To establish the inverse relationship#) possible solution is to go beyond the ASA for the charge
one can consider Egél6) as a set of equations in which the density but keep the ASA for the potential. This so-called
effective formation energies of single point defects are unASA+M approach, which is the first step towards the full
knowns. charge density techniqu@turns out to have sufficient accu-

For instance, the dominant thermal defect in the stoichioracy for surface energ$, and vacancy formation energy
metric composition is the triple Ni defect which involves two calculations.

Ni vacancies and one antisite Ni atom\{;¢+ Niy). Thus The details of our total energy calculations are as follows.
the effective formation enthalpies of a Ni vacancy and anEach atom of the supercell together with its three coordina-

G. Single point defects
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tion shells of atoms was considered self-consistently as @he defect interaction energies were determined at a fixed
local interaction zon¢L1Z) embedded in the multisublattice volume corresponding to the calculated equilibrium lattice
effective medium of the LSGF method, having the symmetryparameter of the stoichiometric NiAl.

of the B2 crystal structure. The central on-site bIdéE_R, of

the Korringa-Kohn-RostockelKKR) Green’s function ma-

trix calculated in the atomic sphere approximatigkSA) IV. DEFECTS AT ZERO TEMPERATURE

was used to construct the charge density in the atomic sphere ] .

at a siteR of the supercell. The spherical components of the Before we discuss the results of our calculations for de-
charge density were used to calculate the standard ASA tot#cts in NiAl it is useful to analyze how well the thermody-
energy®® whereas the non-spherical components of the elecbamic properties of the defect-free, stoichiometric NiAl are
tron density integrated over the atomic spheres formed thelescribed within the LSGF ASAM method. In Table Il we
multipole momentR . The latter were used to calculate the COmpare our results for the equilibrium lattice parameter,

multipole contributions to the Madelung potential and en-heat of formation, bulk modulus, and its pressure derivative
ergy: for B2 NiAl obtained using three sets of parameters with

experimental data as well as with the results of previalos
initio calculations.

VR:E 2 M R,R,’QR,’ (34) Because of the cubic symmetry of all the atomic positions
0 s, oL in perfect B2 NiAl, the effect of the multipole corrections to
the ASA is practically negligible in the absence of lattice
and defects. Therefore, our results obtained using three different

sets of parameters show only the effect of the basis set and of

1 the exchange-correlation potential. The results of our LDA

R,R’ AR’ I I =
EMZZ_S RZL QR > MEE QL (35)  calculations with the angular momentum cuthff,,=2 are

, R L’ very close to experiment. When the basis set is increased to

I max=3, the agreement with experiment becomes worse, but

respectively. Herd is a short-hand notation for thé,(n) = we observe the well-known tendency of the LDA to under-
quantum numbergyl RR" is the multipole Madelung matrix estimate the lattice constant and overestimate the bulk modu-

L’L/ . . . . . .
which is equivalent to the convention@inscreenedLMTO lus and heat O.f formatlon._ This LDA over_bmdmg Is lifted

structure constants for the entire supercell, &hds the when the gradient corrections are taken into account. The

Wigner-Seitz radius. We used equal Wigner-Seitz radii foroverall agreement of our GGA results with experiment is

the atomic and empty spheres. Our calculations were peﬁxce'.'e”t even though_ the' former are obtained Wit.hin the
formed using two basis sets: with the angular momentu tomic sphere approximation. Ther_efore, we consplgr the
cutoff, I,,o=2 and 3. Correspondingly, the nonzero multi- GA I max=3 results as th? most reliable and containing a
pole charges up tb=4 and 6 were taken into account. The m|n|.rn.al numb.e.r of approximations. In the foIIc')W'lng, unless
total energy was calculated in the framework of the IOCaIepr|C|tIy specm.ed, only the results obtained within the GGA
density approximatiofLDA) as well as within the general- I max=3 setup will be reported.
ized gradient approximatiofGGA), exploiting the Perdew,
Burke, and Ernzerhéf form of the exchange and correlation
potential. The core states of Al and Ni were recalculated at
each self-consistency loop using the soft-core approximation. In Fig. 4a) we show the formation energies of the perfect,
In order to obtain the equation of state, the total energystoichiometricB2 NiAl alloy and of four off-stoichiometric
calculations for the 54-site supercells as well as for pure Alalloys simulated by 54-site supercells, each containing one of
Ni, and NiAl were performed at six different volumes to the four point defects per supercell. For a comparison, in Fig.
cover the pressure range from50 to 250 Kbar. The total 4(a) we also show the experimental data on the heat of for-
energies were fitted by fourth-order polynomials. The enermation of NiAl alloys at 1100 K obtained by Henig and
gies and volumes corresponding to zero external pressuteikas® (HL) corrected for the standard state of Al as sug-
were used to calculate the defect formation energies and vogested in Ref. 17. The linegas within the Wagner-Schottky
umes according to Eq14). Therefore, the effect of global mode) dependencies of the alloy formation energy for the
relaxation of the crystal volume was taken into account incases when the deviation from stoichiometry is formed by
our calculations whereas the effect of local relaxation aroungach of the four point defects in NiAl, are shown in Figa)}4
the defects was not considered. On either side away from the exact stoichiometric composi-
The pair interaction energ&i?‘_s,n between two defects  tion, one can see two branches of alloys: one corresponding
and B separated by a distance corresponding torttreco-  t0 alloys having constitutional antisite defectantisite
ordination shell radius was calculated using 108-site supemranch, and the other corresponding to alloys containing
cells as a difference in total energy of the supercell containconstitutional vacancie&/acancy branch
ing this defect pailEY" ; , and of the supercell where these ~ Figure 4a shows that the lower branch of the alloy for-

defects were separated by the largest possible distanéBation energy for Ni-rich NiAl corresponds to constitutional
gtot antisite Ni atoms, but for Al-rich NiAl, the alloys containing

A~ B,max: constitutional Ni vacancies have lower energy of formation.
_ The calculated alloy formation energy for the stable branches
Elnt — EtOt _ EtOt (36) . . . .
A-Bn~ EA-Bn~ EA-Bmax: (solid lineg and the experimental heat of formation have

A. Defect formation energies and volumes
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TABLE Il. Ground-state properties of stoichiometric NiAl: equilibrium lattice parametgrheat of
formation AH, bulk modulusB, and the pressure derivative of the bulk modulis

Method Details ag (A) AH (eV/atom B (Mbar) B’
Experiment 2.88% —-0.75° —0.68 1669156  4.0:0.5
ASW LDA 2.86 —-0.75 2.0
FLAPW LDA 2.849 —-0.82" —0.681 1.86:0.07"  4.2+0.5
PP LDA 2.83% 1.8%

LMTO LDA 2.85M2.86™ -0.83" —0.79™

LSGF LDA, =2 2.87 -0.81 1.8 4.0
LDA, =3 2.81 -0.84 2.0 45
GGA, | 10=3 2.87 -0.76 1.7 3.8

aX-ray diffraction, Ref. 29. 'Reference 10.
bCalorimetry, Ref. 63, standard states are fcc Ni and liquid AFLASTO LDA, Ref. 17.
‘Calorimetry, Ref. 17, standard states are fcc Ni and fcc Al. kReference 22.

dFrom single crystal elastic constants, Ref. 77. 'Reference 13.

®From equation of state of polycrystalline NiAl, Ref. 78. "Reference 15.
fReference 7. "This work.

9Reference 16.

PReference 14, standard states are bcc Ni and bee Al

similar slopes for the Ni-rich and Al-rich sides, whereas theresults of our calculations for the stable branches and experi-
slopes of the unstable branchéashed linesdiffer substan- mental data.

tially from experiment.

The defect formation energies and volumes calculated us-

In Fig. 4b) we compare our results for the lattice param-ing the three different sets of parameters are listed in Table
eter of NiAl alloys with the results of x-ray diffraction ex- ||| together with the estimates which are made from experi-
periments of Bradley and Tayfér (BT) and Taylor and mental concentration dependencies of the heat of formfition
Doyle® (TD). A similarity in slopes of the concentration ang |attice parametéf:? The best overall agreement of the
dependencies of the lattice parameter is seen between thgqretical results and experimental estimates is obtained us-

ing the GGAI ,,,=3 setup which yields the lowest values of

050 | © Experiment, H&L the defect formation energies. _On.the other han_d, all the three
£ —— Stable branches sets of theoretical results qualitatively agree with each other
s 0551 ---~- Unstable branches and there is only a numerical difference in defect formation
3 060 | O Vacancies energies obtained using different sets of parameters.
s %o ® Antisite defects Due to the fact that the formation energies of single point
§ 065 | %s ° o defects depend on the choice of the reference states, a direct
8 ?o ° <>? comparison of our results given in Table Il with the results
5 070 ¢ ¢ of previous calculations, in which different reference states
g 075 | have been used, is not meaningful. On the other hand, the
T ' (a) formation energies of composition-conserving defects, which
000 . . . do not depend on a particular choice of the reference states,
' can be compared directly. Thus we have used the data of
. gﬁ/ﬁfmo . Table Il as well as the data reported in Refs. 18,22,53 to
°§ 4:/‘7“”/ ,ﬂmq obtain the formation energies and volumes of typical
2 3 5 Bfg composition-conserving defects defined in Sec. Il D. These
E o851 s results are presented in Table IV. One can see that all the
g ¢ Experiment, B&T four sets of results qualitatively agree with each other and
g o Experiment, T&D predict the same ascending order of the formation energies
= Stable branches and very similar formation volumes of the composition-
- '"5325;"2; :ra”Ches conserving defects.
280 | (b @ Antisite defects The agreement is very encouraging due to the reIatlyer
- small values of the defect energies, on one hand, and differ-
0.40 0.45 0.50 0.55

Atomic fraction of Al

FIG. 4. Formation energya) and lattice parametdb) of NiAl

ences in computational procedures and approaches on the
other. This is so, firstly, because of the difference between
all-electron and pseudopotential techniques, and, moreover,

alloys as a function of alloy composition. Experimental data byb€tweenab initio and empirical approaches. Secondly, the

Henig and LukagHL) (Ref. 63, Bradley and Taylo(BT) (Ref.

effects of the local relaxation around defects are neglected in

28), and Taylor and DoyléTD) (Ref. 29 are shown for compari- this study, Fuet al!® neglected the globalivolume relax-

son.

ation, whereas the atomic positions were fully relaxed in the
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TABLE lll. Formation energiesE, (eV) and the relative formation volume3,/Q, of single point
defects in NiAl calculated by the LSGF method with multipole corrections with three different sets of
parameters as well as estimated from experimental data, Refs. 28,29,63. Standard states are fcc Ni and fcc Al

Method Eqy 04/Q
NiAI VAI Al Ni VNi NiAI VAI Al Ni VNi
LDA, | ha—2 1.30 2.69 2.64 0.70 0.21 0.89 0.16 0.64
LDA, | na=3 1.25 2.20 2.72 0.66 0.21 0.86 0.10 0.62
GGA, | ha=3 1.13 1.91 251 0.62 0.20 0.84 0.13 0.61
Experiment 1.14 0.38 0.20 0.55

first-principles calculations by Meyer andlide and atom- mation enthalpies, i.e., without linearization of E@.3),
istic simulations by Mishin and Farka3Note also that our yield a similar result for the crossover pressune,
calculations as well as the calculations by Meyer and=175 Kbar. However, since the formation enthaltsl)(,Ni

- 2 . .
Fahnle”” have been performed for larger supercells thangrows very rapidly with pressure, at pressures above 41 Kbar
those by Fuet al.” . _ it becomes larger than the formation enthalpy of the stoichio-
All the theoretical calculations seem to give a somewhatnetric NiAl, so the vacancy branch becomes absolutely un-

higher formation energy of a triple defect than expected fromstaple against a decomposition into pure fcc Al and stoichio-
experimental estimaté€$.”°0On the other hand, the agreement metric NiAl at T=0.

between theoretical and experimental formation volumes of a These results have been basically confirmed by indepen-

triple defect is excellent. . dent pseudopotential calculatioffsin which both local and
The formation energies and volumes of the interbranchyiopal relaxation have been taken into account. In addition, it

defects are also listed in Table IV. The formation energies ofs found that substitutional solid solution in Al-rich NiAl

the interbranch defects are found to be positive and, thereanoyS can be stabilized by further increasing of pressure

fore, the results of the four theoretical calculations are conzpgye 250 Kbar at least with respect to the decomposition
sistent with each other and predict the same defect structuigig Nijal+fcc Al or NiAl +Ni,Al; two-phase mixtures.

compositions and Ni vacancies for Al-rich compositions.  type in Al-rich NiAl with pressure is predicted to give rise to
the first-order phase transition terminated with a critical
B. The effect of pressure point®! Experimentally, the effect of partial filling of Ni va-
cancies by Al atoms has been observed in Al-rich alloys at

A knowledge of the defect formation volumes allows for&igh temperatures under pressures up to 70 Ebar.

an analysis of the possible effect of pressure on the defe
structure. Since a Ni vacancy has a relatively large formation
volume, it is expected that at sufficiently high pressures all
constitutional vacancies will be “pressed out” and Al-rich  The results of our calculations of the defect interaction

NiAl will become a substitutional alloy with only antisite Al energies are summarized in Table V. The accuracy of the
atoms present in the ground state. Indeed, since the formaalculated defect interaction energies is determined by the
tion volume of the interbranch Al defect is negative, theresidual interactions of the two defects at the maximal sepa-
enthalpy of this defect must change sign at a pressure ohtion distance within a 108-atom supercell, as well as by the
aboutp.~160 Kbar. Direct calculations of the defect for- neglect of local relaxation. As follows from our convergence

C. Defect interactions

TABLE V. Calculated and experimental formation energiggy, (eV), and relative formation volumes
Qcp/Qq of typical composition-conserving defects in NiAl.

Name Ecp Qep/Qg
PP  EAM? PP  LSGH EXp. PP LSGF  Exp.
Triple (TN) 283 205 222 2.36 1.90 1.19 141 131
1.64-1.83

Divacancy(D) 3.07 2.46 2.71 2.53 1.26 1.45
Exchange(X) 3.15 2.54 3.10 3.63 0.29 0.33
Triple Al (TA) 6.46 5.41 6.30 6.32 1.61 1.82
Interbranch Ni(IN) 3.31 2.87 3.20 2.69 1.32 1.49
Interbranch Al(IA) 0.32 0.49 0.88 1.28 —-0.90 -—1.08
3pseudopotential, Ref. 18. ®From the enthalpy of alloy formation, Ref. 63.
bEmbedded atom method, Ref. 53. From the lattice parameter data, Refs. 28,29.
°Pseudopotential, Ref. 22. 9Perturbed angular correlation of gamma rays, Ref. 79.

This work.
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TABLE V. Interaction energie€x" g , (€V), of various defect mechanisms discussed above can work in NiAl, and the con-

pairs in NiAl obtained by the EAM metho(Ref. 53 and by the  stitution of the ground state obtained for non-interacting de-

LSGF method(this work) at the calculated equilibrium lattice pa- fects, Eq.(26), holds.

rametersa, of the perfect stoichiometric NiAl. However, the repulsive character of the interaction be-

tween constitutional defects at the shortest possible distance

means that in the ground state these defects must form an

Defect pair Coord. shelh Distance EAM LSGF

Nipy— Al 1 3an(111) —0.487 —0.557 ordered structure in which they are separated by a distance
Va— Al —0.655 —0.540 larger than the lattice parametap. This conclusion is in
Nia— Vi —0.013 0.009 agreement with the experimentally observed strong tendency
Va— Vi 0.060 -0.067  of constitutional defects in NiAl to avoid the same kind of

- - defect at the first neighbor distance of their sublattide.
Nia = Nig 2 2,(100 0185 0.117  rjer to determine what kind of ordered structure the consti-
Nig=Va 0.105 0126, tional defects form in NiAl, additional information regard-
Va=Va —0.081 0.044 ing the defects interactions at longer distances is necessary.
Alyi=Aly —0.692 0103 As Table V shows, Nij— Nin andVy;— Vi interactions be-
Alni=Vni 0.255 0.063 yond the second coordination shell are already very weak.
Vi~ Vi —0.104 0.126 Accordingly, since constitutional defects in NiAl do not have
Niny — Nig, 3 ap(110 —0.001 a strong negative interaction energy at any distance, the ten-
Vii— Vi 0.004 dency towards long-range ordering is also weak. This is

- : probably the main reason why mostly short-range order of
Nia—Nig > ao(111 0.012 constitutional defects in NiAl is seen in experimefits.
Vi~ Vi 0.010 It is noteworthy that the interaction energy of two Ni va-
Ni — Niy 6 ay(200) ~0.003 car)cies has a local minimum at thg thirq coordination shell,
Vii— Vi 0.016  Which corresponds to the separation distaagél10) be-

tween the vacancies. This minimum accounts for the struc-
ture of the low-temperature hAl; phase, which may be

tests, the former contribution is less than 0.01 eV. The conviewed as a continuation of the B2 NiAl phase in which all
tribution due to local relaxations is difficult to estimate with- Ni vacancies are separated by the distaage 10)g, in the

out performing the corresponding calculations which are{111}g, plane so that each thifd 11}, plane of Ni atoms is
problematic within the ASA. Typical values of the local re- missing®®?° As the separation between vacancies in the
laxation energy for isolated point defects in NiAl are of the (111) direction is ag(111)g,, the resulting rhombohedral
order of 0.05-0.5 eVRefs. 21,88 which are comparable structure is additionally stabilized by the relaxation of the
with the calculated values of the interaction energy at thg/4 ratio. The recently observed Mil, (Ni;Ga, prototype

first and second coordination shell. However, it is natural tophase contains constitutional vacancies separated by the
expect that the energy of local relaxation around a defect pa50<110>82 and ay(210 g, distanced’ An intermediate(be-

and the energy of local relaxation around isolated defects ar een short-range and long-rapgerder of vacancies was

of the same order and, therefore, must cancel each other Ofbserved in Al-richB2 NiAl by electron diffractionf® Ni
large extent when one calculates the defect-defect mteractlo\paCanCieS were found to form characteristic clusters in the
energy. Thus, one can expect the residual contribution to b

only a fraction of the local relaxation energies for isolatedfll]} plane, in which they were separated at a distance of

defects. Certainly, a direct investigation of this problema0<110>'
would be of great interest. On the other hand, the structure of the low-temperature

Let us now analyze what influence the calculated defectVi-fich phase NiAl; (structure type G#t) can be viewed
interactions might have on the ground-state structure oftS @ result of ordering of antisite Ni atoms into collinear
NiAl. There may be at least two mechanisms by which de-chains along th€110)g, direction. The chains are separated
fect interactions can change the ground state. by distancesag(111)g, andag(200g,, So that two antisite

(i) Because of the interaction between defects of the samdi atoms never occur a(100, distance from one an-
kind, the concentration dependence of the alloy formatiorpther. This kind of ordering is consistent with the calculated
energy may become non-linear, so the two branches of alloyaximum of the interaction energy within a ANt Niy de-
(see Fig. 4 may interchange or cross each other at somdect pair at aag(100)g, distance, as well as with a very
point, shallow pair interaction potential between antisite Ni atoms

(i) Antisite defects and vacancies, all situated on theat longer distances. In the crystal structure proposed for a
same sublattice, form bound complexes because of an attrapre-Martensitic partially ordered Ni-rich NiAt each anti-
tive interaction between them. In this case the two branchesite Ni atom may have at maximum tway(100), four
of alloys will be “glued” together. ap(110), four ap(200), and eightap(111) other antisite Ni

We find that the interaction energy of any two defectsneighbors. Our results for the interaction energies strongly
situated on the same sublattice and separated by a distancesofggest that at leaag(100) neighboring should not occur in
one lattice parametex, is always repulsive and an order of the structure, which reduces the maximal possible number of
magnitude smaller than the energies of interbranch defeci&,(111) neighbors to four and makes the structure equivalent
(see Table 1V. This means that neither of the two possibleto the structure of the NAI; phase.
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In summary, our calculations show that the onset of defect

interactions at low temperatures does not affect the statistics 107"
of the constitutional defects in NiAl but leads to a defect 1072
ordering which is, in general, consistent with experimental
observations. 107
In Table V we also list the defect interaction energies 10™
obtained by Mishin and Farkads.The agreement between .
the values in the first part of the table is surprising in view of 10
the abovementioned difference in methodology, but so is the 107°
disagreement in the second part of the table. The most strik- 167
ing difference exists for an f]—Aly; defect pair: in our -

calculations two neighboring antisite Al defects weakly repel
each other, whereas in the EAM calculations a strong attrac-
tive interaction is obtained the absolute value of which is
even larger than the EAM energy of an interbranch Al de-

b

-
(=4

(b) Thermal

Defect concentration (per atom)

fect. This means that the EAM calculations actually predict 107 F 3
the maximally ordered state of Al-rich alloys to be formed 102 L ]
by clusters of antisite Al atoms, whereas Ni vacancies may R Ni=rich Al-rich

e
(=]

appear only as thermal defects, in contrast to experimental

observations. 107
The reason for this discrepancy might originate from the 107
internal limitations of the EAM model, which reveal them- .
selves for such a delicate characteristic as the energy of 10
defect-defect interaction. The error due to the neglect of the 107
local relaxation in our calculations cannot be completely ex- .
cluded either. However, due to the abovementioned effect of 10
cancellation of the local relaxation contributions, the latter 107°

error should be too small to cover the whole difference be-

tween the calculated §l— Aly; interaction energies. -0.10 -0.05 0.00 0.05
Deviation from stoichiometry, &

V. DEFECTS AT FINITE TEMPERATURES FIG. 5. Equilibrium concentrations of single point defects in
Niyp sAlypr s at 1300 K as a function of the deviation from

In this section we present the results of our calculations otoichiometrys: (a) Total defect concentrationé) concentrations
the equilibrium defect concentrations in NiAl alloys at 1300 of thermal defectgdefined in the tejt The legend in the figure
K obtained by numerical solution of E¢L5). We show that applies to both panels. The thin long-dashed line in pénethows
the thermal defect statistics may be interpreted in terms othe negative concentration of thermal vacancies on the Ni sublat-
composition-conserving defects in almost the entire compaotice.
sitional interval. The calculations were performed for nonin-
teracting defects. Possible influence of the defect interactiong, g form a sharp peak in the vicinity of the stoichiometric
is briefly discussed at the end of the section. composition, as expected from Eq87) and (28).
On the Al-rich side, the concentration of thermal antisite
A. Characterization of thermal defects Ni atoms quickly becomes very small with increasing off-
stoichiometry, but antisite Al atoms appear in a relatively

The calculated equilibrium atomic concentrations of de- e i :
large amount. These findings are in good agreement with

fects, x4, in NiAl at 1300 K and zero external pressure are . .
shown in Fig. §a) as a function of deviation from stoichi- formulas (30) and (31), respectively. The concentration of

ometry 5. The main defects in Ni-rich NiAl are antisite Ni vacancies on the Ni sublattice behaves even more interest-
atoms, and in Al-rich NiAl vacancies on the Ni sublattice. ingly. It decreases very rapidly with deviation from stoichi-
Most of these are constitutional defects, the atomic concerRmetry, and when the parametér exceeds the value of
trations of which are given by Eq26). In this respect, it is 0-023, the concentration of thermally formed Ni vacancies
useful to separate thermal defects, which appear at a finittecomesiegative This means that at 1300 K the equilibrium
temperature, from constitutional defects which are present igoncentration of Ni vacancies in Al-rich NiAl alloys with
the ground state & =0. The concentrations of thermal de- more than 52.3 at. % Al decreases with temperature. It has
fectsx}; in NiAl at 1300 K are plotted in Fig. (). been shown in our previous wdfkand independently by

It is commonly believed that triple defect is the main ther-Meyer and Fhnle? that this kind of thermal behavior can be
mal excitation in NiAl. Indeed, for Ni-rich and stoichio- associated only with the interbranch Al defect, in which two
metric NiAl, we find that the dominant thermal defects areconstitutional Ni vacancies are replaced by one antisite Al
vacancies on the Ni sublattice and antisite Ni atoms, whictatom (see Fig. 3.
are the constituents of a triple defect. The concentrations of Let us now demonstrate that the triple defect is the domi-
these defects behave B8 Y in Ni-rich alloys, in accor- nant thermal defect in the Ni-rich and stoichiometric NiAl,
dance with Eq(29), whereas the thermal defect concentra-whereas the interbranch Al defect is the dominant thermal
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' ' relaxation. However, the results of alb initio studies agree
qualitatively on the fact that interbranch Al defects must be
. the dominant thermal defects in Al-rich NiAl.

The formation enthalpy of an interbranch Al defect may
be considerably reduced by applying external pressure as we
have shown in Sec. IV B. Accordingly, one may expect a

Ratio of defect concentrations
o

1
: ETN ! considerable reduction of the vacancy concentration and a
- n ! i corresponding increase of the concentration of antisite Al
! atoms at high temperature and pressure. This is exactly what
. ol was observed in experiméftand called “vacancy filling.”
-0.10 -0.05 0.00 0.05

Note that a similar “negative” behavior of defect concen-
trations has been reported by Mayatral 8 for Al-rich FeAl

FIG. 6. Ratios of the thermal defect concentrations at 1300 k@lloys. In that case the situation is completely reversed: the
(see text Ry is close to one if triple defects dominate in the concentration of antisite Al atoms decreases with increasing
statistics of thermal defect®,, is close to one if the dominant temperature at the expense of the concentration of vacancies
thermal defects are interbranch Al defects. on the Fe sublattice. At high temperatures the latter defects

become dominant, whereas at low temperatures Al antisite

defect in the Al-rich NiAl. In Fig. 6 we show the calculated defects are more stable. This effect can simply be described

Deviation from stoichiometry, &

ratios between the thermal defect concentrations by the defect reaction Al—2Vg, i.e., as an interbranch
defect. Due to the low energy of this defect, the number of
x{,N_ thermal vacancies becomes so high at elevated temperatures
RTN=T', that most of the antisite aluminum atoms on the iron sublat-
2XNiy tice turn out to be used up. Recent neutron diffraction studies
of FeAl performed by Kogachet al®®® seem to confirm
X, this result.
Ria= N (37) Another example is the defect structure in PdAl which has
ZXEMNi been calculated by F.It can be interpreted as interbranch

defects dominating the Al-rich as well as the Pd-rich regions,

The ratio Ry should be close to one if the dominant whereas triple defects dominate only in nearly stoichiometric
thermal excitations are of triple defect type, wHig, should ~ PdAl. Thus, we see that interbranch defects are rather com-
be close to one if the dominant thermal excitations are thenon thermal defects in off-stoichiometriB2 transition-
interbranch Al defects. Thus, we find that thermal excitationgnetal aluminides, and must find their place in the list of
in NiAl at 1300 K are mainly of triple defect type fof =~ composition-conserving defects side by side with triple de-
<0.023 and of interbranch Al type fo6>0.023. At the fects.
boundary between the two composition regions, where the
CI’OSSOVED(}\“N:XEMM occurs, the thermal excitations can be B. Minimum of the vacancy concentration

characterized as exchange defects. _ o At low temperatures, triple defects dominate for the
While a triple defect produces three point defects in NiAl, stoichiometric and Ni-rich compositions, whereas inter-
thereby increasing the vacancy concentration, an interbranqfyanch defects become dominant for the Al-rich composi-
defect is a composition-conserving defect which brings totions. Our calculations show that the region in which triple
tally —1 point defect into the system (4-2Vy;) and de-  defects dominate expands towards Al-rich compositions with
creases the concentration of vacancies. The latter type Qﬁcreasing temperature as shown in Fig. 7.
thermal defect is favored by the entropy term: the removal of ' The boundary between the region in which triple defects
two vacanciegwhich are constitutional, i.e., are present in dominate and the region in which interbranch Al defects
the ground state in relatively large amoudbes not reduce gominate can be defined by the crossover conditigg

the entropy very much, but the creation of a newmith re- =y . The crossover concentratiofiy can be estimated
spect to the ground statentisite Al defect increases entropy. from Egs.(30) and (31):

As a result, the total number of point defet®unted with

respect to the ided32 structuré decreases with temperature, 1

but the entropy increases due to the diversification of the 5B~ZGXH(H|A_HTN)/4T]. (39
defect structure. Thus, while in Al-rich NiAl alloys the de-

viation from stoichiometry is formed only due to constitu-  Thus, for an Al-rich alloy(shown in Fig. 7 by a vertical
tional Ni vacancies at zero temperature, a certain amount afot-dashed linethe equilibrium vacancy concentration de-
antisite Al atoms may appear as thermal excitations. Accordereases only up to a certain temperature, below which the
ing to our calculations, the concentration of antisite Al atomsinterbranch Al defects dominate over the triple defect, while
in Al-rich NiAl at 1300 K does not exceed 16, whereas above that temperature the vacancy concentration starts to
their concentration should be much highliap to 10°) ac-  increase because the triple defects become dominant for this
cording to Fuet al® The concentration of antisite Al atoms alloy composition. As a result, a minimum appears in the
is determined by the formation enthalpy of interbranch Altemperature dependence of the equilibrium vacancy concen-
defect which, as we have shown in Sec. IV B, is sensitive tdration, as predicted by Smirnd#>**The calculated tempera-
pressure and, therefore, to the effects of global and localre of the minimum is shown in Fig. 7 by a dashed line.
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2000 - \ \ \ \ tive formation energy of thermal vacancies in NiAl as a func-
tion of composition and temperature may partly account for
the considerable scatter of the experimental data which can

be found in the literatur&?5266.79.87

1500 [
D. Thermal defect complexes

IA Let us now analyze the possible effects of defect interac-
tions on the structure of thermal defects in NiAl. First of all,
— % the fact that the calculated interactions for thg,—Vy;,

min | Vni— Nip, and Nj, — Niy defect pairs are found to be weak
and mostly repulsivgsee Table V, supports the existing
point of view that all three constituents of a triple defect

, , ‘ ‘ (two vacancies and one antisite dejeexist individually in

-03 -02 -01 00 01 02 NiAl without forming a bound complex.

Deviation from stoichiometry, 3 The interactions of point defects separated by the shortest
interatomic distanceéay(111) are found to be strong and
attractive in two cases. Our calculations give a large negative
interaction energy between the constituents of an exchange

Temperature (K)
,_}
z

1000 [

FIG. 7. Boundary between two regions of NiAl in which triple
defects(TN) or interbranch Al defectélA) dominate, respectively

(solid line). Temperature at which the equilibrium vacancy concen- A .
tration takes apminimun’(dashed ling %haded lines degict the defect, therefore, the_exc_hange paer,N1_AI ni should EXIS.t
phase boundaries of NiAl according to the phase diagiRef. 48. as a bound complex in NIAI.' The Iowerlng of the_ formation
Vertical dot-dashed line corresponds to an alloy with a fixed com_er_lergy of thg exc_:hgnge .pglr due to the interaction *?Etwee”
position (5=0.023). Nin and Al is still insufficient to make exchange pairs the
dominant thermal defects in Al-rich NiAl alloys.
A large attractive interaction is also found between an

can easily be estimated from the conditidr, /dT=0: ever, due to the large formation enthalpy of the triple Al
N defect(Table 1V) it seems unlikely that the influence of the

defect interaction on the equilibrium defect concentrations
Hon| ¥4 would be significant.

5”‘2 H_IA exfl(Hia = Hrn) /4T min] (39 However, the first-neighbor defect pairs discussed above
may be formed in the course of atomic diffusion as a result
of subsequent vacancy jumifs®* Their formation and in-
teraction energies are therefore valuable for understanding

The effective formation energies and volumes of singlethe kinetic processes in NiAl.
point defects can be calculated using Table | and the numeri- The physical reason for the strong attractiveyNiAly;
cal values given in Table IV. Moreover, since the dominantand Ak;— V,, interactions is the reduction of the number of
thermal defects in all compositional regions of NiAl have energetically unfavorable Al-Al bonds, which are replaced
been characterized, it is now possible to assign a certaihy strong Ni- Al bonds upon the formation of the defect
effective formation enthalpy tthermalantisite Ni atoms in  complexes. A very rough estimate of the pair interaction en-
Ni-rich alloys as well as tdghermalNi vacancies in Al-rich  ergies within this simplest nearest-neighbor bond picture
region. EM~1AHy , agrees well with the results of rigorous cal-

Let us concentrate on the effective vacancy formation eneulations. Another contribution is due to a reduction of the
ergy in NiAl, which is mostly determined by thermal Ni elastic energy within the defect complexes.
vacancies. According to our theoretical calculations, it is
equal toES"™=Ery/2 in Ni-rich alloys andES=E\/3 in
stoichiometric NiAl. The corresponding numerical estimates
may be obtained using the theoretical or experimental values The formation enthalpies of point defects in NiAl as well
of Ery given in Table IV. For Ni-rich alloys whose compo- as the interaction energies of various defect pairs have been
sition is close to stoichiometry a crossover behavior for thecalculated by an ordex, locally self-consistent Green’s-
effective vacancy formation energy is expected between gunction method within the ASAM approach. We have
value of Er/2 at low temperatures and a value®fy/3 at  found that the ground state of off-stoichiometric NiAl alloys
high temperatures. is formed by antisite Ni atoms on the Al sublattice in Ni-rich

As follows from our calculations, the total concentration NiAl and by vacancies on the Ni sublattice in Al-rich NiAl.
of Ni vacancies should decrease in Al-rich alloys at temperaAccording to the calculated defect interactions, the constitu-
tures belowT ;. In this domain of compositions and tem- tional defects of the same kind must form ordered structures
peratures, the formation energy of an interbranch Al defectin the ground state, in which they tend to avoid each other at
Eia, may be regarded as an effective energy of vacancyhe shortest possible distance on their sublattice.
annihilation At temperatures above thE,;, new, thermal The equilibrium defect concentrations at finite tempera-
Ni vacancies will be created with the effective formation tures are studied both numerically and analytically within the
energyE$ﬁ= E+y. This complicated behavior of the effec- Wagner-Schottky model using a canonical ensemble. The

C. Effective vacancy formation energy

VI. SUMMARY
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