
PHYSICAL REVIEW B 15 OCTOBER 1999-IVOLUME 60, NUMBER 15
Theory of bonding, strain, and segregation in germanium-carbon alloys
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We investigate the bulk and surface structure of Ge12xCx alloys using Monte Carlo simulations in the
semigrand canonical ensemble, within the empirical potential formalism. We consider free-floating alloys as
well as epitaxial alloys on Si and Ge substrates. The lattice constants as a function of carbon content are
calculated and fitted to quadratic expressions for easy reference. Large deviations~negative bowing! from
Vegard’s law are found. We confirm the presence of Ge–C bonds and thus of substitutional carbon in the bulk
of the material, for both epitaxial conditions. The most probable bulk carbon-carbon configurations are in a
third-nearest-neighbor arrangement. The surface structure of alloys strained on Ge is characterized by strong
segregation of carbon to the top layers. Segregation is less effective in alloys strained on Si. Most probable
dimer configurations are both C–C and Ge–C dimers, for low carbon contents and Ge-substrate conditions,
and Ge–C dimers for higher carbon contents and both epitaxial conditions.@S0163-1829~99!03839-4#
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I. INTRODUCTION

Semiconductor alloys containing carbon have attrac
considerable attention in recent years both because of a p
tical and a fundamental point of view.1 The quest for elec-
tronic devices that are based on new semiconductor c
pounds demands high quality, stability, and flexibility
their design. The anticipated properties of such materials
supplementary to and even beyond those exhibited by
more traditionally used materials such as silicon. Incorpo
tion of carbon into such traditional materials seems to o
some different ways toward this direction, because it off
improved mechanical stability, manipulation of the latti
constant, and the possibility for tailored electronic propert

It is extremely interesting from a fundamental point
view to characterize and investigate the properties of th
carbon containing alloys. The greatest challenge is to d
with their metastablenature. In the past, they were consi
ered as hypothetical materials because of the very small
bon solubility (<231023 at. %) in the silicon, or germa
nium, lattice under equilibrium conditions. This is due to t
large atomic size mismatch and the resulting cost in ela
energy as carbon is incorporated into the lattice. It is n
possible to fabricate alloys with carbon contents well abo
the equilibrium solubility limit using nonequilibrium meth
ods, such as molecular-beam epitaxy or solid phase epit
which exploit the less constrained environment and
higher atomic mobility on surfaces.2 This enhances the solu
bility by several orders of magnitude.3

The most extensively studied cases, both experiment
and theoretically, are the ternary Si12x2yGexCy and binary
Si12xCx alloys, usually grown on Si substrates. The form
have attracted considerable attention as an alternative to
well-established and characterized binary Si12xGex /Si
system,4 because they have certain advantages: incorpora
of carbon into the SiGe lattice can compensate the buil
compressive strain due to the lattice mismatch with the
substrate,5–7 and they could also manipulate the band g
and band offsets.8–10 Research on the Si12xCx alloys is
PRB 600163-1829/99/60~15!/10837~8!/$15.00
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mostly motivated by the desire for band-gap manipulation
both cases, experimental efforts aim at producing pseu
morphic layers on or in Si, which are free from extend
defects and can be used in quantum well structures w
strong photoluminescence signal.11 Theoretical efforts fo-
cused on the accurate description of the lattice response u
carbon incorporation, on the surface structure, and on h
the band gap is varied with carbon content. Large deviati
from Vegard’s law, which demands that the lattice para
eters and the elastic constants adhere to a linear interpola
scheme of the elemental constants, have been predicted.6,12,13

These are verified both experimentally14,15and theoretically.7

A repulsive Ge–C interaction6 and a preferential arrange
ment of C atoms2,6 in the Si lattice are found. Surface com
position profiles have been calculated and specific carb
induced reconstructions of the~100! surface are
proposed.16–18The band gap of the alloys seems to decre
with carbon content.9,10 The extent of this reduction and it
origins have been recently investigated.19

Another metastable alloy that can operate as an alterna
pathway for Si-based band-gap engineering, especially a
1.3-mm wavelength region suitable for fiber-optic system
is the Ge12xCx compound. The solid mixture of Ge and C
very interesting. It is well known from theoretica
calculations20,6 that the zinc-blende~ZB! structure of the
GeC compound is unstable toward phase separation int
segregated components at zero pressure, contrary to the
stable ZB-SiC alloy. In a sense, this fundamental differen
gives an appealing advantage to nonstoichiometric Ge12xCx
alloys compared to the Si12x2yGexCy and Si12xCx com-
pounds: in the latter case, both the chemical energy and
size mismatch contributions to the enthalpy of formati
lead at high post-growth annealing temperatu
(>1100 K) to the formation of ZB-SiC precipitates.21,22

This lowers the energy and relieves the strain. In the form
case, no similar formation of bulk ZB-GeC is expected b
cause the large chemical-energy cost overwhelms the s
relief. On the other hand, the inherent driving force for d
composition might lead to strong segregation effects, es
10 837 ©1999 The American Physical Society
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10 838 PRB 60P. C. KELIRES
cially at the surface of the material. This issue must be
vestigated.

Ge12xCx alloys have recently been studied experimenta
with respect to growth23–25 and microstructural
development,26,27 bonding characterization,27–29 and
photoresponsivity.30 The material is usually grown on Si o
Ge substrates. Some marked differences, especially with
spect to the bonding characteristics, exist between the
cases.28,29 A theoretical investigation of the bulk and surfa
structure, and of the electronic structure, is lacking.

In this paper, as a first step toward the understanding
these interesting alloys, we study their fundamental bulk
surface structural properties. We apply the same theore
methodology, utilizing atomistic Monte Carlo~MC! simula-
tions within the empirical potential approach, used succe
fully before for the study of Si12x2yGexCy and Si12xCx
alloys.6,12,13,16,17We address various issues such as bond
characteristics~possible types of bonds for different substra
conditions!, lattice constants and deviations from Vegard
law, carbon profiles, and possible dimer structures on
reconstructed~100! surface. The paper is organized as fo
lows. In Sec. II we outline the methodology on which t
MC simulations are based. The last section gives the res
and the accompanying discussion, starting with the b
properties and continuing with the surface properties.

II. METHODOLOGY

The key point in discussing the bulk and surface prop
ties of such alloys lies in the proper incorporation of sub
tutional carbon atoms in the lattice. This requires the ide
fication of the most favorable configurations involvin
carbon that minimize the strain. In the bulk case, these
ometries are metastable, but segregation of species is r
inhibited at typical growth temperatures because diffusion
very slow. We thus describe them as being in ‘‘quasiequi
rium.’’ In the surface problem this difficulty does not aris
because the enhanced atomic mobility on and near the
face establishes instant local equilibrium in the top layers2,3

So, at a first level of accuracy, one considers the bulk ge
etries performing statistical ensemble averages over t
and calculating the desired properties. At a higher leve
accuracy, one identifies the most probable surface config
tions, which are then assumed to be frozen in as furt
material is deposited on top and made inaccessible to d
sion. This process determines the final bulk structure of
epitaxial alloy film.

In both approaches, the identification of the most fav
able configurations must be done in the statistically pro
way. Static calculations on a limited number of configu
tions, generated by randomly inserting carbon atoms in
lattice, cannot arrive even at a minimum level of equilibr
tion, because they are done at zero temperature, include
positional contributions to the free energy, and cannot c
ture the important aspects of the problem at growth or
nealing temperatures. What we need are calculations at fi
temperatures that minimize Gibb’s free energy and simu
atomic diffusion so that statistical ensemble averages
taken.

One way to achieve this goal is to simulateactual diffu-
sion of atoms in the network. This requires the use
-
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molecular-dynamics~MD! simulations. The problem with
this approach is that MD techniques fail to reach equilibriu
in practical times because of the extremely slow diffusion
the bulk. The surface environment, which in semiconduc
compounds is inhomogeneous and reconstructed, is
problematic. Here, instead of simulating actual diffusion
atoms, we make use of Ising-type flips~atom identity
switches!, avoiding the dynamical aspects of the proble
For alloys with relatively small atomic size mismatch, su
as SiGe, this procedure is straightforward. For systems w
large size mismatch, as in the present case, the flips are
ergetically very costly. We overcome this difficulty by usin
a recently introduced state-of-the-art MC algorithm6 that en-
hances significantly the phase-space sampling over the m
stable configurations of the alloy.

We describe for clarity the central ideas embodied in t
algorithm. The underlying statistical ensemble is thesemi-
grand canonical~SGC! ensemble, denoted as (Dm,N,P,T),
which was used successfully before in simulations of me
alloys31 and semiconductor alloys32–34 with small size mis-
match. This ensemble allows fluctuations in the number
atoms of each species~but keeping the total number of atom
N fixed! as a result of exchanges of particles within the s
tem, driven by the appropriate chemical potential differen
(Dm5mGe2mC, in the present case!. The new element in
our approach is that the identity flips are coupled with a
propriate relaxations of nearest-neighbor (nn) atoms, so as
to lower the high barriers for diffusion in systems charact
ized by large atomic size mismatch and make the flips l
costly. The SGC ensemble can be viewed as a special ca
the grand canonical ensemble (m,V,T) obtained by imposing
the constraint thatN5( iNi is fixed and changing to constan
pressure.35 The resulting partition function~only configura-
tional part! for an n-component mixture, which couples vo
ume changes, atom identity flips, and displacements, is g
by

Qsemi5bPE dVe2bPV
VN

N!

3 (
identities

)
i 51

n S l i

l1
D NiE dsNe2bU(sN), ~1!

wherel i5em i /kBT are the fugacities in the system,U(sN) is
the potential energy associated with both atom identities
displacements and is a function of the 3N scaled atomic
coordinatess, and i 51 is the arbitrarily fixed identity to
which all chemical potential differences~there aren21 in-
dependent fugacities in the system! are referred.

The implementation of this ensemble for MC simulation
modified to includenn relaxations, is done through the Me
tropolis algorithm in the following way. The change in th
potential energy of the alloy at a given MC step is a sum
three terms:

DU~sN!5DUdispl~sN→s8N!1DUflip~sN!

1DU relax~sN→s8N!, ~2!

wheresN is symbolic for the 3N scaled atomic coordinates i
the cell. The first term is the change due to random displa
ments, the second is due to identity flips, and the third is
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PRB 60 10 839THEORY OF BONDING, STRAIN, AND SEGREGATION . . .
to the accompanying relaxations. The traditional rand
atomic moves (sN→s8N) and the volume changesV→V8
are accepted with a probability

Pacc5min@1,exp~2bDW!#;e2DW/kBT, ~3!

where

DW5DUdispl~sN→s8N!1P~V82V!2NkBT ln~V8/V!,
~4!

as in the more familiar isobaric-isothermal (N,P,T) en-
semble. For the trial moves that select one of theN particles
at random, and with equal probability change its identity in
one of the other possible identities of the system, the acc
tance probability is given by

Pacc
iden~ i→ i 8!5minF1,

l i 8
l i

exp@2bDU~sN!#G
;ebDme2bDU(sN). ~5!

DU(sN) denotes the change in potential energy due to
identity (i→ i 8) flip and the accompanying relaxations, so
is the combined effect of the last two terms in Eq.~2!. This
can be expressed more rigorously as

DU~sN!5EclusterS i→ i 8,(
k51

nn

(
j 51

3

Dsk
j ~r 0k

j !D 2Ecluster
0 .

~6!

The energy is estimated over the cluster of atoms affecte
the move and the relaxations before and after the move. E
nearest neighbor is relaxed away or toward the central a
~which changes identity fromi to i 8 and is labeled 0! in the
bond directionrW0k . In this way every scaled coordinatesj is
altered according to the scheme

Dsk
j ~r 0k

j !5Abondr 0k
j , ~7!

Abond5$b0k@ i 8~0!,i ~k!#2urW0ku%x rel /urW0ku, ~8!

whereb0k is the bulk equilibrium bond length among atom
0 ~after the flip! andk. In principle, one could chooseb0k to
be the bond length associated with the specific environm
at hand. For example, the value ofb0k could differ for bulk
and surface bonds. Provided that flips are followed by a la
number of random moves and volume changes, to c
pletely relax the structures, the initial choice has no effect
the acceptance rate. The relaxation parameterx rel , ranging
from 0.0 to 1.0, decides the extent of the relaxation~ex-
pressed byAbond!. There is a drastic increase of switch su
cess rate, relative to null relaxation, with increasingx rel . We
demonstrate this effect in Fig. 1~a! for Ge↔C flips at T
5900 K, appropriate for typical growth conditions. The su
cess rate peaks atx rel;0.7 and eventually drops when th
bond relaxes towards its ideal bulk value, due to straining
the backbonds in the neighboring atoms. Figure. 1~b! shows
the energy gain contributed by the cluster of atoms that
affected by the flip relaxation move as a function ofx rel . A
significant gain of;0.4 eV/atom takes place atx rel;0.7,
the value that maximizes the switch success rate, comp
with the case when a flip is attempted but no relaxation
p-
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nearest neighbors is performed. We follow this initial proc
dure at every desired temperature in order to get the o
mum x rel for the simulations.

For the investigation of certain properties, it is preferab
to work with a fixed alloy composition. In this case we sta
with the SGC ensemble in order to achieve the desired c
positions. We then switch to the (N,P,T) ensemble, which,
however, still includes identity flips but in the form ofmu-
tual particle interchanges~from Ge to C at a randomly cho
sen site and vice versa at another site!, so that the composi-
tion is kept constant. This is equivalent to removing t
chemical potential terms in Eqs.~1!,~5!, since there is no
dependence onDm any more but keeping everything els
intact including thenn relaxations.

The rather complicated MC algorithm described abo
with many interdependent kinds of moves, makes it proh
tively difficult at present to use energies@entering Eq.~2!#
derived fromab initio or even tight-binding calculations. So
the interatomic interactions in the alloy in the present wo
are modeled within the empirical potential approach, wh
lacks quantum-mechanical information but allows for mu
greater statistical precision and the use of large cells, c
pensating in part the sacrifice in accuracy. We use the po
tials of Tersoff for multicomponent systems,36 which have
been extensively tested and applied with success in sim
contexts (Si12x2yGexCy and Si12xCx alloys!.6,12,13,16,17Vari-
ous predictions made in these works are verifi
experimentally.14,15,37 The potentials have been shown, b
comparison to accurateab initio calculations,16 to describe
strained configurations very well. The scheme starts with
tentials for the elemental systems Ge and C. The cross in
action is derived from the elemental parameters by inter
lation, using a single extra parameter. We have previou

FIG. 1. Testing the effect ofnn relaxations in atom identity flips
at 900 K. ~a! Variation of switch success rate with the relaxatio
parameterx rel ~see text!. ~b! The energy of cluster of atoms affecte
by a flip move as a function ofx rel . The zero of the energy scal
corresponds to the cluster energy with null relaxation.
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10 840 PRB 60P. C. KELIRES
determined this parameter6 by fitting to the enthalpy of for-
mation DH of the hypothetical ZB-GeC alloy, which wa
calculated to be 0.2 eV/atom and shows a strong tende
for phase separation at zero pressure.6,20 The prediction for a
repulsive Ge–C interaction in the Si lattice6 is verified
experimentally.37

To perform the simulations, we use supercells of vario
sizes and types with periodic boundary conditions. We
512-atom cells to study the bulk properties. The cells
either cubic when simulating the ‘‘free-floating’’ alloys~the
material is allowed to take its natural lattice constant! or
tetragonal when simulating the epitaxial alloys, which a
constrained to match the lattice constant of the substrate.
the surface studies we use (12312)-slab supercells consis
ing of 16 ~100! layers~in total 2304 atoms! with dimerized
reconstructed surfaces. The boundary conditions are app
in either all three directions, for the bulk problem, or in t
two lateral directions when treating the surface problem.

III. RESULTS AND DISCUSSION

A. Bulk properties

Lattice parameters. We first discuss the fundamental iss
of how the lattice constants of the alloy vary with carb
content. It is very important to have reliable estimates of
lattice constants. Experimental work uses these values
general, to extract the carbon contents from indirect m
surements~like Rutherford backscattering, x-ray diffraction
or Raman spectroscopy!. In the absence of theoretical value
it was common to utilize Vegard’s law, which demands th
the lattice parameters adhere to a linear interpolation sch
of the elemental constants. As mentioned in the Introduct
however, we have found in the past strong deviations fr
this linear rule in other carbon containing alloys,6,12,13 lead-
ing to overestimation of the carbon content by as much
30%. This in its turn has significant consequences on
correct description of the band-gap variation with carb
content.19

There are two cases to address: free-floating alloys w
relaxed lattice constanta0 and epitaxially strained alloys
with the lateral lattice constantai matching that of the sub
strate, while the perpendicular lattice constanta' is free to
vary. In the first case we have cubic cells, in the second c
tetragonal cells. To generate the alloys, we start with pure
cells. The goal is to have a controlled incorporation of su
stitutional carbon atoms in the lattice. We choose for this
temperature of 900 K, appropriate for typical growth con
tions. We then vary the chemical potential differen
DmGe-C, or equivalently the carbon chemical potentialmC,
to increasing values to obtain the desired carbon cont
‘‘Guess’’ values of the chemical potentials to start with a
the cohesive energies per atom of the respective bulk cry
mC527.37 eV,mGe523.85 eV.

Most of the properties described in the present work
taken at 900 K. For the lattice constants, it is customary
present the values at 300 K. Since atom identity flips for
generation of cells are rare at such low temperatures, we
the following procedure. Five different configurations f
eachx at 900 K are generated using the SGC ensemble. T
we switch to theN,P,T ensemble and average over the c
dimensions for thousands of MC steps at 300 K to obtaina0,
cy
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or a' , for each configuration. Averaging over the three co
figurations givesa0, or a' , for eachx.

The results of our calculations for the lattice constants
a function of carbon contentx are given in Fig. 2. The tech
nologically interesting cases refer to carbon contents that
limited to few percent. Here for clarity and improved stat
tics, and for anticipated experimental applications that mi
arise when epitaxial techniques progress, we extend
range ofx to 0.3. Panel~a! gives the variation for the relaxe
lattice constanta0. We observe a negative deviation fro
Vegard’s linear rule,a0(x)5(12x)aGe1xaC, an effect ob-
served before in Si12x2yGexCy and Si12xCx alloys as
well.6,7,12,13This effect is well known for ZB-SiC, where a
negative bowing of20.14 Å occurs, and is attributed t
charge transfer from Si to C.38 The hypothetical ZB-GeC
alloy shows a similar deviation,20.11 Å.1 The variation of
the lattice constant withx is very well fitted with the second
order polynomial

a0~x!55.6722.55x10.45x2 ~9!

that reproduces the behavior at lowx quite accurately. We
have included in the fit the lattice constant of diamo
(3.57 Å, not shown in the figure!. The deviation from linear
behavior is usually quantified in terms of the bowing para
eteru: a parabolic dependence of the lattice constant on c
centration is incorporated by adding the termux(12x) to
Vegard’s law,

a0~x!5~12x!aGe1xaC1ux~12x!

5aGe1~aC2aGe1u!x2ux2. ~10!

FIG. 2. Lattice constants as a function of carbon contentx at 300
K. Solid lines are fits to the points.~a! Free-floating lattice constan
a0. Dashed line follows variation according to Vegard’s rule.~b!
Perpendicular lattice constantsa' for alloys strained on Ge~stars!
and alloys strained on Si~diamonds!.
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PRB 60 10 841THEORY OF BONDING, STRAIN, AND SEGREGATION . . .
Comparison with Eq.~9! yields a bowing parameteru
520.45 Å. We have found a similar large bowing ofu
520.57 Å in the case of Si12xCx alloys.13

More relevant to experimental work are the perpendicu
lattice constantsa' of alloys grown pseudomorphically on
given substrate. Ge12xCx alloys are usually grown on
Si~100! or Ge~100! substrates. The results of our calculatio
for a' for the two cases are given in panel~b! of Fig. 2.
Quadratic fits to these points give the following variations
a' with x. For as5aGe, we have

a'~x!55.6825.14x13.04x2. ~11!

For as5aSi , the variation is given by

a'~x!55.8524.67x10.95x2. ~12!

Not included in these fits is the point forx51.0, which cor-
responds to diamond pseudomorphically strained on S
Ge. This is not possible to achieve due to the large s
mismatch. Equation~11! and ~12! might be useful to re-
searchers wishing to have a direct comparison with th
measurements or to derive lattice data from simple formu
that can be used to extract the concentration of the alloy

To quantify even further the nonlinear behavior of latti
parameters, we have calculated the deviations from Vega
law and elasticity theory at the growth temperature of 900
For free-floating bulk alloys, we calculate the differen
Da05a0

Veg2a0
MC , wherea0

Veg is the equilibrium lattice con-
stant predicted by Vegard’s rule, anda0

MC is our direct MC
result. For epitaxially strained alloys, we compute the diff
enceDa'5a'

MTE2a'
MC . In this case the direct MC value

for a' are compared to linearly interpolated values given
the macroscopic theory of elasticity~MTE!,

a'~x!5a0~x!F12
2c12~x!

c11~x!
3

asubstr2a0~x!

a0~x! G , ~13!

with the assumption thatc11(x) and c12(x), the two of the
three elastic constants of the alloy, as well asa0(x), are
linearly interpolated from the elemental values. The res
of the calculations are given in Fig. 3. Significant deviatio
are found, even for such low carbon contents and at
relatively high temperature, both for the bulk alloys but mo
noticeably for the epitaxially strained alloys. As show
previously,12 one can still utilize Eq.~13! and get very good
agreement with the calculateda'

MC values, by using the di-
rect values fora0 that are easily derived from Eq.~9!, instead
of interpolated ones. Also, from our results it comes out t
for a fully strained compensated alloy on a Si substrate
needs to incorporate;9% of carbon, as can be easi
checked using Eq.~12!.

Microscopic bonding configurations. One of the issues o
practical importance is the confirmation of the presence
substitutional carbon and its relative ratio to interstitial c
bon in the Ge lattice. Related to this is the issue of the
croscopic distribution of carbon atoms. A commonly us
experimental probe of such properties is Raman spectroc
It was observed in recent studies that Raman spectra t
from Ge12xCx alloys grown on Si substrates do not revea
Ge–C local mode,28 which signifies the presence of subs
tutional C, due probably to the much stronger Si line ori
r
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nating from thec-Si substrate. Consequent work, instea
found that spectra from alloys grown on Ge substrates re
the Ge–C mode.29 We checked these issues by examini
the pair distribution functionsg(r ) in the alloy for both ep-
itaxial conditions at 900 K. We concentrate at a low carb
content of 2%, appropriate for good quality thin films and
which the fraction of interstitial carbon is believed to be lo
~At the moment our MC algorithm can treat only the subs
tutional case.! The results of this analysis are given in Fig.
We see from panels~a! and ~b! that the C–Ge correlation
are almost the same in both cases, and that the first p
representing the Ge–C bonding in the lattice is as str
when the alloy is strained on Si as when it is strained on
So, we conclude that Ge–C bonds are present also in the

FIG. 3. Deviations of direct MC results for the lattice constan
from linearly interpolated values at 900 K, as a function of carb
content. Triangles show the free-floating case~deviation from Ve-
gard’s rule!. The epitaxial cases~deviations from MTE with linear
a0 andci j ’ s) are depicted by circles~Ge substrate! and squares~Si
substrate!. Solid lines are fits to the points.

FIG. 4. Bulk partial pair distribution functions of a Ge0.98C0.02

alloy at 900 K. In panels~a! and~c! the alloy is strained on Ge. In
panels~b! and ~d! the alloy is strained on Si.
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case, but they are not observed in the Raman spectra d
the obstruction from the Si substrate. The average b
length at 900 K is 2.05 Å. The situation is drastically d
ferent in Si12x2yGexCy alloys where Ge–C bonds in the S
lattice are energetically unfavorable compared to Si
bonds.6

Panels~c! and ~d! of Fig. 4 display the C–C correlation
in the Ge lattice. Again, we see a similarity in the corre
tions for both epitaxial conditions, with the peaks a litt
stronger when the alloy is strained on Ge. Most importan
we observe the same trends as in Si12x2yGexCy ~Refs. 6 and
12! and Si12xCx alloys,2 namely, an oscillatory C–C corre
lation with a very repulsive interaction at short distanc
This is marked by the absence of the first- and secondnn
peaks~as well as of the fifth and eighth peak! and a strong
enhancement of the third-nn peak. Thus, there is a prefere
tial arrangement of C atoms as thirdnn8s, a configuration
that minimizes the elastic~strain! energy in the lattice.

B. Surface properties

We now proceed to investigate the surface structure
properties of Ge12xCx alloys. There are some marked diffe
ences with the bulk case.

Surface composition profile. As we discussed in the Intro
duction, formation of the bulk ZB-GeC phase in Ge12xCx
alloys is not possible, because the large chemical-energy
to form this structure overwhelms the resulting strain reli
The surface factor with the much less constrained envir
ment and the lower diffusion barriers offers another possi
ity. The lattice elastic energy due to the atomic size m
match, which is appreciable even in the more frequen
occurring third-nn configurations, could be relieved throug
segregation of carbon atoms at the surface region. L
energy surface structures might as well contribute to
mechanism. We investigated the segregation problem
minimizing the Gibb’s free energy at a growth temperatu
of 900 K, using the SGC ensemble, and identifying the m
probable geometries. For this study we use the 2304-a
slab supercells with dimerized reconstructed surfaces.

Let us first examine the probability distributionsP(z) for
finding the C atoms at a certain distancez from the surface.
These are shown in Fig. 5 for two low-carbon-content allo
and for both epitaxial conditions. The zero of the depth sc
is at the middle of the slab, and the distance is measu
from this origin as we move toward the two surfaces of
slab. There are eight layers in each direction. The peaks
tered at each layer are broadened due to thermal vibrati
There are some prominent characteristics in these two
files. In both cases there is a strong enhancement of the
face layers with carbon and a depletion of inner bulkli
layers. The extent of this enhancement and the distributio
carbon, however, differ from case to case.

In panel~a!, where the average alloy is Ge0.974C0.026and is
strained on Ge, we observe a strong enhancement of the
surface layer, indicating a low surface energy for C, a n
depletion of the second layer~it appears only as a shoulder
the tail of the first peak!, again enhancement of the thir
layer ~but not as much as in the top layer!, and a reduction in
layer four. Thus we have an oscillatory behavior similar
what has been observed in Si12x2yGexCy ~Ref. 17! and
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Si12xCx alloys~Ref. 16! that can be explained on the basis
the repulsive interaction betweennn C atoms, which pre-
vents them from equally populating adjacent layers. The l
ers close to the center of the slab are almost depleted f
carbon.

In panel~b! the average alloy is Ge0.97C0.03 and is strained
on Si. In this case, as a general argument, we could say
segregation to the surface layers is not so effective as in
above case. The inner layers still possess an apprec
amount of carbon atoms. This behavior can be underst
considering that the Ge layers on a Si substrate are u
compressive stress and carbon serves to compensate
stress. The degree of segregation is therefore determine
the competition between the need of Ge–C geometries in
bulk to compensate the epitaxial strain and the attraction
carbon to certain energetically favorable sites in the sub
face layers. The top layer is much less favored, while car
occupancy is rising in the second layer. Also, significan
enhanced are the occupancies in the third and fourth lay

The work of Kelires and Tersoff can explain the
findings.32 The surface reconstruction induces large stres
in the subsurface layers. The second layer is under a la
compression (.0.4 eV/atom) and tends to be occupied
the smaller atom, carbon. This effect is stronger here tha
the case of a Ge substrate, because the C geometries o
top layer are less numerous and the repulsion with sec
layer C atoms is diminished. The overall reduction of t
layer occupancy also works for the enhancement in lay
three and four. The energetically favorable sites in these
layers are determined by the surface reconstruction as w
There are sites located below the surface dimers that
under compressive stress, and so favorable for carbon,
sites located between the surface dimers that are under
sile stress, and so unfavorable for carbon. Indeed, an ana

FIG. 5. Carbon probability distributions as a function of depth
slab cells~a! strained on Ge and~b! strained on Si. The zero of the
depth scale is at the middle of the slabs.
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of the average site occupancies reveals that this effect is
strong at layer three, and somewhat weaker at layer four.
alloys with a higher carbon content and thus with richer s
face layers, this picture is altered, because the repulsivenn
C–C interaction forces the occupancy of the unfavora
sites to rise.16,17

These conclusions are further substantiated and elabo
by examining the surface pair distribution functions of tw
alloys with the same composition (Ge0.977C0.023) at 900 K,
shown in Fig. 6. The correlations for the alloy strained on
are plotted in panels~a! and ~c!, and those for the alloy
strained on Si are plotted in panels~b! and ~d!. Comparing
the C–Ge correlations first, we observe a weakening of
peaks when the alloy is strained on Ge. Integration of
first peak gives an average number of neighbors equa
only 2.7, compared to 3.7 for a Si substrate. This confir
that segregation has left little carbon in the inner layers,
also suggests that in the surface layers there is a sm
tendency for C to bond with Ge and an increased tendenc
bond with other carbon atoms. We shall discuss this bel
The average Ge–C bond length is 1.98 Å, shorter than
bulk bond length (2.05 Å), reflecting the contribution fro
the Ge–C dimers on the top layer. Note also that in pane~a!
there is an extra peak at;3.1 Å, between the first and sec
ond peak at;3.7 Å, which is absent from panel~b!. This
C–Ge peak arises from geometries of the typeC–C–Ge,
where a Ge is attached to a C–C bond, most likely a C
dimer on the top layer. The genuine second bulklike pea
;3.7 Å arises from geometries of the type C–Ge–Ge.

Looking at the C–C correlations, we see further diffe
ences between the two substrate conditions but also betw
surface and bulk behavior. The most prominent character
is evident in panel~c!, with the alloy strained on Ge. Th
third peak, the main bulk-type C–C interaction, is drastica
weakened in favor of the second and, especially, the
peak, which are completely absent in the bulk. The first p
at 1.5 Å, indicates significant C–C bonding, which we a
ticipate to be C–C dimers on the top layer~explaining the
extra C–Ge peak at;3.1 Å). The second peak at;3.0 Å,
arises from geometries of the type C–Ge–C, involving a

FIG. 6. Surface partial pair distribution functions of
Ge0.977C0.023 alloy at 900 K. In panels~a! and ~c! the alloy is
strained on Ge. In panels~b! and ~d! the alloy is strained on Si.
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atom on the top layer, a Ge atom below in the second, an
C atom in the third layer. On the other hand, the C–C c
relations in panel~d!, the alloy is strained on Si, show muc
less C–C dimer bonding~very weak first peak! and more
bulklike third-nn arrangements~enhanced third peak!. Inter-
estingly, we see a split second peak at;3.0 Å, and
;3.5 Å. The first of these features arises from configu
tions of the type C–Ge–C as above, and the second f
configurations involving a C–Ge dimer (;1.95 Å) on the
first layer and a C atom below in the second~this layer is rich
in carbon in the Si-substrate case!.

Dimer configurations. Finally, we investigate in more de
tail the surface structure by examining the distribution
species on the top layer and identifying the types and
proportions of the formed dimers. This analysis is quantifi
by calculating the average site occupancies at the rec
structed surfaces that determine whether a specific site w
be Ge or C. The equilibration of the composition is do
with the SGC ensemble. The instantaneous identity of e
site changes many times during equilibration. At the end
the run the average identity is determined. Figure 7 sho
the resulting most probable dimer configurations at 900
on one of the two surface layers, of a slab cell represen
an average alloy Ge0.977C0.023strained on Ge. This is the cas
with carbon-enriched top layers~the average layer content i
;20% compared to the average slab content of 2.3%!. Be-
sides the Ge–Ge dimers, the majority-type dimers, we fi
that carbon forms both Ge–C and C–C dimers. Interestin
the relative ratio of C–C dimers to Ge–C dimers is ve
high. On this surface there are nine C–C dimers and
Ge–C dimers. On the average, taking statistics on the sec
surface layer of the slab as well, the ratio is7

10 . Note that
when Ge–C dimers approach each other they form confi
rations with (232) periodicity, which aligns the dimers in
opposite directions reducing the surface stress.

The surface layers of the alloys strained on Si show
different picture. Besides the overall reduction of carb
content@see Fig. 5~b!#, there is a reduction in the relativ
ratio of C–C dimers to Ge–C dimers. The alloy Ge0.97C0.03
has an average top layer carbon content of;11%, compared

FIG. 7. Schematic of the average distribution of dimers on
reconstructed surface of a Ge0.977C0.023 alloy strained on Ge at 900
K ~ideal positions!. Large empty circles denote Ge atoms. Sm
filled circles are C atoms. A configuration with (232) periodicity
is enclosed in a frame.
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to the average slab content of 3%, and a ratio of4
10 . The ratio

is even more reduced with increasing average carbon con
in the slab. So forx larger than;0.05, the ratio falls to2

10 ,
no matter what the substrate condition is. The explana
for the overall ratio variations lies in strain energyversus
chemical-energy considerations. We have found previous17

that C–C dimers on the surface of Si12x2yGexCy alloys
strained on Si are nearly absent, despite being the stron
chemical bonds, because their formation requires la
atomic relaxations in the neighborhood and induces con
erable strain. Instead, Si–C dimers are favored because
induce less strain. In general, we can say that C–C dim
are acceptable only under conditions that provide a sign
cant relief of surface stress, and when the gain in chem
ev

es
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energy overwhelms the strain-energy cost. In our case,
low carbon contents, this mechanism works for Ge-subst
conditions since the surface region is nearly strain free,
the C–C dimer bond is much stronger than the Ge–C dim
bond. It does not work so effectively for Si-substrate con
tions because the surface region is already under cons
able epitaxial strain~the Ge layers are tetragonally de
formed!, and formation of structures inducing further stra
is not likely. Note that the necessary relaxations to acco
modate a dimer involve not only atoms on the top layer
also atoms in the subsurface layers. When the carbon con
on the surface layer rises, the formation of an excessive n
ber of C–C dimers costs more in strain energy than gain
chemical energy, and the Ge–C dimers are then favored
th
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