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We investigate several consequences of the atomic size effect in crystalline ITI-V alloys by performing
numerical calculations in the framework of the extended valence-force-field model and we compare our
results with available experimental data. First, we demonstrate the existence in these alloys, even if they
are fully disordered, of large anisotropic spatial correlations between the static atomic displacements
from the sites of the average sublattices, and we calculate the corresponding correlation functions.
Second, we show that these very correlations induce a previously unrecognized characteristic contrast in
the conventional transmission-electron-microscopy images of such alloys. We explore the behavior of
this atomic-size-effect contrast upon changing the diffraction conditions. These results are obtained by
simulating large alloy supercells and by subsequently performing dynamical image calculations. Finally
we compare qualitatively and quantitatively our calculated contrast with the fine-scale contrasts ob-
served in the experimental micrographs of these alloys.

I. INTRODUCTION

A. The atomic size effect in fully disordered alloys

When atoms having different covalent or ionic radii are
present in a totally or partially disordered crystalline al-
loy, static atomic displacements (SD’s) from the sites of
the average lattice or sublattice shared by these atoms
usually exist. The various consequences of these SD’s are
termed atomic size effects (ASE’s). We define as composi-
tionally homogeneous or fully disordered an alloy where
there is no correlation at all between the occupations by
the various atomic species of the sites of the shared lat-
tice or sublattice(s). In such an alloy, deviations from
spatial chemical uniformity still inevitably exist, but only
at the atomic level; they result solely from the uncorrelat-
ed statistical fluctuations in the distribution of these
species. If the alloy is not fully disordered (whether this
is due to ordering or clustering), the SD’s are, of course,
also spatially correlated, although the correlation func-
tions of the compositional and displacement disorders
need not be related in any simple way (unless ordering is
perfect). It has, however, been recognized long ago that,
even in the case of total substitutional disorder, the SD’s
may be correlated, at least over short distances; this gives
rise to the well-known size-effect modulation of the
diffuse background observed in the x-ray-diffraction pat-
terns of such alloys.! Nevertheless, most studies so far
have dealt with alloys where spatial correlations of the
site occupations and of the SD’s are both present. In par-
ticular, the interpretation of the diffraction data has been
mainly concerned with separating the diffuse contribu-
tion of the SD’s from that of the correlations of occupa-
tions, in order to evaluate the latter accurately.!?

However, a renewed interest in the ASE’s in fully
disordered alloys recently arose. We recognized the pres-
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ence of strikingly anisotropic features in the electron and
x-ray diffuse scattering patterns of some III-V ternary
and quaternary alloys.> Most of these alloys display
ASE’s, which will be described in more detail in Sec. II.
The peculiar diffuse features consist of pairs of satellite
planes passing away from the main diffraction spots and
separated by a gap of intensity. Since electron-beam x-
ray microanalysis had failed to prove the presence of
proper small-scale composition inhomogeneities in the
samples studied* and since no model of local order or
composition variation compatible with the experiments
could be found, we tried to interpret these features by
simulating the diffuse scattering patterns expected from
totally disordered homogeneous III-V alloys.” Our simu-
lations reproduced the diffuse planes very well. We con-
cluded that the latter could be due to the anisotropic spa-
tial correlations of SD’s in a fully disordered alloy.> We
obtained the SD’s in our simulated random alloys by us-
ing the valence-force-field (VFF) model of Keating® and
Martin’ extended to the III-V alloys by Podgérny et al.?
This model, which takes fully into account the
tetrahedral coordination characteristic of the sphalerite
structure of the III-V alloys and considers both bond-
stretching forces between nearest-neighbor (NN) atoms
and bending forces between bonds sharing a common
atom, had previously given other results in excellent
agreement with the experiments (see Sec. II). Indepen-
dently, Butler, Withers, and Welberry noticed the same
kind of diffuse features in the x-ray-diffraction patterns of
some oxide alloys and also interpreted them in terms of
correlated SD’s in a fully disordered alloy.’ Indeed, these
authors clearly identified the contributions to the
diffraction patterns of the SD correlations along various
directions and at several distances. On the other hand, in
their numerical simulations they only considered a
simplified two-dimensional square lattice with only
bond-stretching forces between NN’s.
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B. Transmission-electron-microscopy contrast and
specimen compositional homogeneity

The existence of such anisotropic spatial correlations
of SD’s in fully disordered alloys raises the question of
their effect in transmission electron microscopy (TEM).
It is generally admitted that any contrast which may be
observed in the conventional TEM (CTEM, as opposed to
high-resolution TEM) micrographs of uniformly thin and
unbent crystalline specimens results from some spatial
nonuniformity of these specimens. One usually distin-
guishes broadly between structure-factor contrast and
strain contrast.!® The former is due to the direct effect of
the chemical or structural inhomogeneities on the struc-
ture factors of the transmitted and diffracted beams con-
tributing to the electron wave function, whereas the latter
results from the change of diffraction conditions caused
by the strain fields induced in their vicinity by such inho-
mogeneities or by lattice defects. Conversely, it is be-
lieved that a defect-free homogeneous specimen (uniform-
ly thick and uniformly oriented with respect to the in-
cident beam) should display no contrast. However, SD’s
constitute a microscopic strain, and, provided they are
large enough and spatially correlated, they should also in-
duce some TEM contrast. Indeed, we will show in this
paper that, contrary to the above-mentioned assumption,
because of the correlated SD’s, alloys with ASE’s may
display considerable TEM contrast, even if they are ideal-
ly homogeneous in composition.

In the particular case of the III-V alloys with ASE’s, a
characteristic fine granular contrast is observed in the
CTEM micrographs of all epitaxial layers.>*!'~1® Most
authors assume that this contrast proves that these layers
are always inhomogeneous in composition. This is par-
tially based on analogies, which do not resist a detailed
examination of the behavior of the contrast upon chang-
ing diffraction conditions,*!¢ with the contrasts observed
in some metallic alloys which do undergo spinodal
decomposition or phase separation.!” On the contrary,
we suggested earlier that, because of the SD’s, the fine
contrast might well be compatible with compositional
homogeneity.* This question can now be reexamined in
the light of the image calculations here reported.

C. Contents

Our aim is twofold. First, we give quantitative values
of the correlation functions of the SD’s in compositional-
ly homogeneous III-V alloys with ASE’s. These results
are obtained, for correlations along the major crystalline
axes and for both longitudinal and transverse com-
ponents of the SD’s of the group-III and group-V atoms,
by using the extended VFF model. Second, we demon-
strate a previously unrecognized effect. Namely, we show
that, somewhat surprisingly, compositionally homogene-
ous alloys may display considerable TEM contrast. We
prove unambiguously that this contrast is caused by the
SD’s, and more precisely by the spatial correlations of the
SD’s. This effect, which is probably very general, is
demonstrated here by performing dynamical image calcu-
lations for the same simulated specimens of III-V alloys
with ASE’s which provide the values of SD correlations.

This demonstration has two major implications: (1) the
almost universal belief that, in the absence of crystalline
defects, CTEM contrast indicates compositional inhomo-
geneity is wrong (unless the meaning of “inhomogeneity”
is extended to encompass the purely uncorrelated fluctua-
tions in site occupations); (2) the interpretation of the ob-
servation of the fine-scale TEM contrast as a proof that
all the epitaxial layers of III-V alloys with ASE’s are
compositionally inhomogeneous has to be reexamined
critically.

In Sec. II, we describe the VFF calculations whose re-
sults are later used to determine both the spatial correla-
tions of SD’s and the induced TEM contrast. In Sec. III,
we give and discuss the values of the major SD correla-
tion functions for a III-V alloy with ASE’s. Section IV
describes the calculation of the TEM contrast in an alloy
with SD’s; although the details refer specifically to the
ITI-V alloys, the method and the discussion are general.
In Sec. V, we present the results of such TEM simula-
tions performed for compositionally homogeneous III-V
alloys, namely, images and an analysis of their statistics.
In Sec. VI, we analyze the various possible sources of the
large contrast that these simulated micrographs display
and demonstrate that it is indeed induced by the spatial
correlations of SD’s investigated in Sec. III. Finally, we
discuss in Sec. VII the implications of these simulations
for the interpretation of the experimental TEM micro-
graphs of these alloys.

II. THE STATIC ATOMIC DISPLACEMENTS
IN SIMULATED DISORDERED
CRYSTALS OF III-V ALLOYS

To investigate both the SD correlations and the in-
duced TEM contrast, we simulate very large crystals of
fully disordered ternary 4, B, _,C III-V alloys. In these
alloys, either the group-III or the group-V sublattice
(termed “mixed”) of the sphalerite structure hosts two
types of atoms.?’ In all cases, except when Ga and Al
share the group-III sublattice, the atoms of the mixed
sublattice have covalent radii differing by several per-
cent?® and ASE’s occur. ASE’s are also present in the
quaternary A4,B,_,C,D;_, alloys, which possess two
mixed sublattices, and we expect our results to apply to
these alloys as well.

A convenient starting point to describe the III-V alloys
is the virtual crystal approximation (VCA),?° which con-
sists in three assumptions: the crystal has a perfect cubic
sphalerite lattice (A1) whose parameter follows Vegard’s
law (A2) and whose sites are occupied by “average”
atoms (A3). There is one type of average atom per sub-
lattice. According to (A2), its covalent radius varies
linearly with the atomic concentration on this sublattice:
in 4,B,_,C, the (A4,B)-sublattice average covalent ra-
dius varies with x between those of 4 and B, the C-
sublattice “average” remaining, of course, equal to the
covalent radius of C.

The occurrence of ASE’s in these alloys has been prov-
en by several experiments. Extended x-ray-absorption
fine structure (EXAFS) has shown, first for
In,Ga,_,As,?"?? and subsequently for many other III-V
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alloys,?® that the distance between two nearest-neighbor
atoms (belonging to the two different sublattices) tends to
remain equal, for any composition, to the sum of their ac-
tual covalent radii; thus, it differs from the VCA value,
which is the composition-dependent sum of the group-III
and group-V average covalent radii. Since, however,
diffraction proves the existence of an average lattice
whose parameter follows Vegard’s law, and which can
thus be considered as the VCA lattice, considerable SD’s
from the sites of this lattice must exist. Our previous
study of the characteristic distribution of diffusely scat-
tered intensity found in the electron- and x-ray-
diffraction patterns of these alloys confirmed the ex-
istence of the SD’s.” Indeed, the agreement was very
good between the experimental patterns and those calcu-
lated by applying the kinematical diffraction theory to
large simulated crystals for which the SD field had been
found by using the extended VFF model (see Sec. I A and
details below). This model also provides distributions of
NN distances in good agreement with EXAFS,%3 and
values of the alloy mixing enthalpy corresponding to the
measured ones.® In conclusion, two of the VCA' assump-
tions are invalid: (A1) because of the SD’s from the sites
of the average lattice and (A3) because average atoms ob-
viously do not exist.

We now indicate briefly how the extended VFF model

yields the SD fields used in the rest of this paper. In what
follows, reference is to the perfect simple cubic virtual
crystal (VC), with four group-III and four group-V sites
(index n, position r,) per unit cell of side a. The simulat-
ed crystals are Ing;GagsAs supercells containing
6.48X10° atoms distributed in Ny =Ny =60 unit cells
along X=[001] and Y=[010] and N,=225 unit cells
along Z=[001]; since @ ~0.586 nm, their dimensions are
thus 35X35X 132 nm®. This large number of cells along
Z will be needed in Sec. IV in order to simulate typical
thicknesses of CTEM specimens. The SD’s were calcu-
lated as described previously for rhombohedric super-
cells.’ In order to simulate compositionally homogene-
ous crystals, the nature (In or Ga) of the atom present at
each site of the mixed group-III sublattice was first
drawn without any correlation between the occupation of
the sites (no ordering or clustering), the group-V sublat-
tice being entirely populated by As. All atoms were then
displaced in the vicinity of their sites without being al-
lowed to exchange sites. The process was iterated until
less than 0.1% of the atoms had moved by more than 0.5
pm with respect to their previous positions.

The equilibrium SD’s R(r, ) were obtained by minimiz-
ing the strain energy given, in the extended VFF model,
as a function of all the actual atomic positions r, +R(r,)
by

U=%2 z%anm(dr%m _d(z),nm )z/d(z),nm +%2 2 %Bnmm'(dnm 'dnm'—dO,nme,nm’coseo,nmm’)2/d0,nm dO,nm’ . (1)
n m

n mm'
m#*m'

In (1), n describes all the atomic sites, m and m' the four
NN sites of n,

dnm =[rm +R(1‘m )]"[l‘n +R(l‘n )]

is the vector of length d,,, joining in the actual alloy the
atoms belonging to (but displaced from) sites n and m,
do .m is the corresponding length in the binary com-
pound constituted of those atoms occupying sites n and
m, and 6 ,,,,,  is the equilibrium bond angle which, as
shown by previous simulations,® must be chosen as the
perfect tetrahedron angle; «,,, and f3,,,,  are the bond-
stretching and bond-bending constants,®® depending on
the atomic species present at sites n,m, and m’. The
equilibrium SD field is obtained by minimizing U.
Periodic boundary conditions (PBC’s) were applied along
X and Y, but not always along Z. In the case of the im-
age calculations, where Z is taken as the direction along
which the TEM specimen is thin and the fast electrons
travel (see Sec. IV), elastic relaxation at the free surfaces
could thus be taken into account simply but rather crude-
ly by omitting in (1) the terms involving the cut bonds,
which connect the top and bottom of the specimen in the
full PBC scheme.

Three compositionally homogeneous fully disordered
crystals were simulated in order to eliminate possible ar-
tifacts associated with any particular random distribution
of the atomic species on the mixed sublattice. Only
features observed for all specimens will be discussed.
Many smaller specimens were also simulated.

III. CORRELATION FUNCTIONS
OF THE STATIC ATOMIC DISPLACEMENTS
IN COMPOSTIONALLY HOMOGENEOUS
DISORDERED III-V ALLOYS

In these disordered alloys, the spatial correlations be-
tween the SD’s are best described in terms of the sublat-
tice displacement pair correlation functions (DPCF’s)
along direction a of the components of the SD’s along
direction B, which we define as

FLp(r)=(Rg(r,)Rp(r,+ra’)) , )

where the VC sites at r, and I, +ra’ belong, respectively,
to sublattices I and J, @ and B are two crystal axes, a’ is a
unit vector along a, and Rg(r,) is the component along B
of the SD at VC site r,; the angular brackets denote the
average, for r fixed, over all sites p of sublattice I. Such
functions are of course defined only if  is a VC intersite
distance along a.

Figure 1 gives the correlation functions of the longitu-
dinal and transverse SD’s for three dense correlation
directions a: (110), (100), and (111). Starting from a
given central atom p, one may find along a either only
atoms belonging to the same sublattice (I =J; case of
(110) and {100)) or atoms belonging alternatively to
both sublattices (I7=J is allowed; case of {111)). Note
that, in order to show with enough detail in a single dia-
gram the variations at low and high r of the DPCF’s, we
display the square roots of their moduli, multiplied by the
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FIG. 1. Calculated displacement pair correlation functions
FLL for correlation directions a@=(110) (a), {100) (b), and
(111) (c), and for longitudinal [first two curves in (a) and (b),
first three curves in (c)] and transverse (the other curves) com-
ponents of the SD’s. The curves are fits to the averages over the
three simulated specimens, and the thick vertical segments give
the spread of the data. The thin vertical segments in the keys
give the largest values of the square roots of the moduli of the
DPCEF’s (over the spatial range studied) for the same specimens
with randomized displacements (see text). For a={100), the
DPCEF’s for B=(010) are very close to those for 8=1{(011).

sign (£1) of the DPCF (to preserve the difference be-
tween correlations and anticorrelations).

The main conclusions are the following.

(i) There exist strong correlations between the SD’s,
extending over a range long with respect to the intera-
tomic distances. As expected in our large but finite simu-
lated crystals, the DPCF’s never exactly vanish. To
determine the range below which our calculation of
nonzero DPCF’s is surely relevant, we compare them
(Fig. 1) with the DPCF’s calculated for randomized
specimens, where the same atoms, each with its own SD,
have been randomly permuted between the VC sites; any
spatial correlation between the SD’s is then destroyed
(except of course for » =0). This comparison proves that
the correlations extend at least over 6, 5, and 4 nm along
(110), (100), and {111), respectively. To discover if
even longer-range weak correlations exist, larger speci-
mens should be considered. We check that the PBC’s do
not induce any artifact since the size of the present speci-
mens is well above the ranges here determined. Finding
the same value for the autocorrelation F1'5(0) of any SD
component for a given sublattice is a consequence of the
cubic symmetry of the VC.

(i) The DPCF’s display two types of anisotropy. First,
correlations between the transverse SD’s are always posi-
tive, whereas correlations between longitudinal SD’s are
positive over a short range and then negative. The latter
fact (already noticed by Butler, Withers, and Welberry’
with their two-dimensional model) reflects the necessity
to compensate any local translation of part of the crystal
by a neighboring translation in the opposite sense.
Secondly, correlations are more marked along (110)
than along {100) or {111); namely, they are larger for a
given r and they extend further. This is because the
(110) directions are those of the chains of second nearest
neighbors, joined by two {111 )-oriented bonds; no such
chains exist in the other directions. We demonstrate here
our previous suggestion’ that the observation in
diffraction experiments of {110}-oriented diffuse recipro-
cal planes®’ is also a consequence of such a correlation
anisotropy.

(iili) When 7 increases, well before the DPCF’s vanish,
FY%M(r) and F5(r) becomes nearly equal for given a
and B, although the moduli of the SD’s of the atoms of
the pure V sublattice are on average larger than those of
the mixed III sublattice.¥?* This strongly suggests the
existence of a medium-range strain field in these alloys
fully homogeneous in composition. Indeed, that is what
would be observed if each SD were the sum of a local
average displacement R, independent of the sublattice,
and of a complementary displacement, locally averaging
to zero and depending on the nature of the atom and on
the details of its close neighborhood only. Then, for dis-
tances larger than the size of the local averaging volume,
the DPCF would reduce to the correlation function of
the field R, independently of the sublattice. This can be
checked, and an evaluation of what “local” means here
can be obtained, by calculating the correlation functions
of the SD’s averaged over small volumes of increasing
sizes, namely:
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FIG. 2. Comparison of the displacement pair correlation
functions with the correlation functions of the static displace-
ments averaged over cubes containing 8, 27, 64, and 512 atoms,
respectively. The correlation direction is @=(110) and the
components of the displacements considered are along
B=(110) (a), {T10) (b), and (001) (o).

Fop(n=(Ry(r,) Ry (x,+ra")) , (3)

where R ;,")(rp) is the component along B of the average
displacement of all the atoms (group III and group V)
contained in a cube of n*® unit cells whose lower left
corner (for instance) is at VC site r,. In Fig. 2, we com-
pare these functions with the DPCF’s, for a=[110] and
for one simulated specimen (similar conclusions were
drawn for other directions and other specimens). We
indeed observe that for large r, F L’f},(r), FI"(r), and
FZ;g(r) take the same values. For n =1 (average over
eight atoms), this convergence is even obtained below 2
nm. Figure 2 also shows that F 5;3}3(0);&0 even for n as
large as 4 (average over 512 atoms), which indicates that
the average SD in such large volumes still differs
significantly from zero. This is yet another proof of the
existence in these fully disordered specimens of a
medium-range strain field.

IV. TEM IMAGE CALCULATION FOR A DISORDERED
ALLOY WITH STATIC ATOMIC DISPLACEMENTS
FROM AN AVERAGE LATTICE

Surprisingly, although only assumption (A2) of the
VCA is valid (and indeed only for the average lattice),
nearly all the TEM studies of the III-V alloys with ASE’s
have relied, if only implicitly, on the VCA, and, to our
knowledge, none has taken the SD’s into account. More
generally, several reasons might explain why the contrast
induced by the SD’s in the TEM micrographs of concen-
trated alloys with ASE’s has not yet been investigated.
First, since its characteristic size may be of several
nanometers (see Sec. V A), very large crystals have to be
simulated, especially to reproduce the relatively high
thicknesses pertaining to CTEM. Secondly, since in
disordered crystals the SD’s may vary rapidly from site to
site, the usual CTEM “column approximation”'® cannot
be used a priori. Finally, most experimental work has
been devoted to metallic alloys, where ordering or clus-
tering often accompanies the SD’s; the effect of the latter
could thus not be isolated. The fundamental differences
between the present work and the investigation of the
effect on TEM micrographs of the SD’s induced by dilute
impurities will be discussed in Sec. VI C.

Although the details refer here to the III-V alloys with
ASE’s, the method described in this section is a general
one to calculate the contrast induced by the SD’s in simu-
lated crystals. The specific features of the images of the
ITI-V alloys will be discussed in the next section.

A. Computation of the elastic scattering potential
of the disordered crystal

Calculating the images first requires calculating the po-
tential responsible for the elastic scattering of the fast in-
cident electrons in our simulated crystal. Once the strain
energy U is minimized, we have all the necessary data,
namely, the nature and exact position (average VC posi-
tion plus SD) of all the atoms. Since the SD’s are large
and since the displacement field obtained from the VFF
computation is not a continuous function of position but
is defined only at the discrete lattice sites, we use the
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rigid-ion approximation of the crystal potential, 252

Vir)=Xv,[r—r,—R(r,)], 4)

n
where v, is the potential of the atom attached to site n
when placed at the origin. If e and m are the charge and

relativistic mass of the electrons and A Planck’s constant,
we develop V as usual:

V(r)=(h?/2me)3u,(r)exp(2mig-1) . (5)
g
From (4) and (5), we have
ug(r)szzdeﬁn(g-i-k)

Xexp{2mik-[r—r,—R(r,)]}
Xexp{—2wig-[r, +R(r,)]} , (6)
J

where the Fourier transform 9, of v,, is defined by

9,(k)=(2me /h?) [ drv,(r)exp(—2mik-T) . M
RS

The integrals in (6) and (7) extend respectively over the
VC first Brillouin zone (BZ) and full reciprocal space
(RS). We index the atomic species Ga, In, and As by
g=1, 2, and 3, respectively, and denote by 77 the three
possible Fourier transforms defined by (7). We note that
?Uk)=f%k)/m, where f9k) is the scattering factor of
atom g for electrons, which we take from Doyle and
Turner.?’” We set 09 =1 if site n is occupied by atom g,
0% =0 if not. The components k; of |k| in (6) are less
than 1/(2a) and we find from our simulations that only
about one SD component out of a thousand is larger than
0.022 nm; so |27k, [R(r,)];/ <0.12 and we can develop
exp[ —2mik-R(r,)] to the second order in k-R(r, ). Thus

3
Uy (r)= fBde exp(2mik-r) ¥ 0Ug+k) | Sexp(—2wik-r,)olexp{ —2wig-[r, +R(r,)]}
qg=1 n

3
—2mi Y, k; Y exp(—2wik-r,)o?[R(r,)];exp{ —2mig-[r, +R(r,)]}

i=1 n

3 3
—2m3 S kik

i=1j=1

Now, the sums over the sites n in (8) are simply Fourier
sums which are easily computed, by using standard fast
Fourier transform algorithms, for the set of k in the first
BZ of components k;=n;/N,a (i=X,Y,Z;—N,;/2
=<n; <N, /2 for N; even); because of the PBC’s, the sums
vanish at any point not belonging to this fine reciprocal
grid. It is then straightforward to calculate u,(r) and
thus V(r) from (5) and (6) at any required point in the su-
percell.

B. Computation of the TEM images

In the crystal, the TEM wave function ¥ correspond-
ing to an incident plane wave exp(27iK-r) of kinetic en-
ergy E, is projected on a set of plane waves, indexed by
the VC reciprocal vectors g (the transmitted beam g=0
is always included). The current diffraction conditions
are defined as usual!® by the vectorial deviation parame-
ters s, measuring the deviation form the Bragg condition
for g:

W(r)= 3 dy(r)exp[27i(K+g+s,)r] . 9)
g

We suppose that Z=[001] is the normal to the TEM thin
foil and we consider only incident primary beams of
directions close to Z. Then, only waves corresponding to
vectors g in the (001) reciprocal plane are appreciably ex-

;> exp(—2mik-r, )of[R(r,)];[R(r,)];

Xexp{—2mig-[r, +R(r,)]} | - (8)

[
cited, the 8g are parallel to Z, and we can use the dimen-
sionless parameters wg=sg§8, where, as indicated, refer-
ence is to the VC and £, is the average extinction dis-
tance.'® Moreover, we limit ourselves to conditions usual-
ly chosen for CTEM imaging near the Bragg condition
for a given reflection G, the so-called ‘“‘systematic row”
geometry:'© K lies in the plane (G,Z) and any g to be in-
cluded in (9) is collinear to G. The diffraction conditions
are then fully defined by wg. We include N beams (typi-
cally between two and eight) in the calculation.

Since the SD’s are large and, despite their correlations,
may vary rapidly between sites, we cannot a priori use the
column approximation, which relies on a slow variation
of the strain field in the directions normal to the beam.
Instead, we follow the more rigorous treatment of Howie
and Basinski®® and Anstis and Cockayne.?® We thus
solve the following system of N equations:

a¢g__ . 1 T
Bz T gl n(DHiugy (014D
. (K+g)y ¢
Xexp[Zwl(sh—Sg)'r]_—Ef'a_;
_(Kte)y 3y i [0, ¥,
K, oY ' 4rK, |ox®>  av? |’

(10)
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where all derivatives are taken at r and (K+g); is the
component of (K+g) along axis i (X or Y). u,(r) is the
imaginary part of the potential, which usually describes,
for a perfect crystal, all the scattering out of the Bragg
beams, the so-called absorption.!° However, in the
present case two kinds of absorption exist, which we treat
differently. The first kind groups all the causes which ex-
ist even in a perfect crystal, the most important of which
(and often the only one considered) being thermal diffuse
scattering. Only this type of absorption is described by
u4(r), which was taken as proportional to u,(r), the ratio
u,';(r)/ u4(r) depending on g. The second type of absorp-
tion, due to scattering out of the VC Bragg beams by the
SD’s, is obviously taken into account by our full calcula-
tion of the diffuse intensity over the considered portion of
reciprocal space.

Because in (6) the integral extends over the VC first
Brillouin zone, the diffuse intensity determining the con-
trast of our images is contained in reciprocal space cubes
with {100 )-oriented sides of length @ ~! and centered on
the N systematic row reflections considered. This is a
direct consequence of the rigid-ion approximation.?
Moreover, when the diffuse distributions associated with
the various reflections g do not overlap, which is the case
here, |¢g(r)\2 can rightly be considered?® as the intensity,
at point r of the exit face of the crystal, in the dark-field
image formed by placing an aperture around the g
diffracted beam. Amongst all the possible Ak 0 reflections
of the systematic row, we include strong (h +k =4gq, g in-
teger) and sometimes weak (h +k =4qg+2) sphalerite
reflections. Including reflections with 4 +k=2g+1,
which are forbidden in the VC but whose associated cube
contains some faint diffuse scattering, produced only very
slight differences in the images.

Two methods were used to solve system (10). First, the
crystal was divided in columns parallel to Z, and (10)
solved in all columns simultaneously by using the matrix
method'® supplemented by Newton’s method for terms
involving the partial derivatives in X and Y, which consti-
tute the departure from the column approximation.?> In
each column and at each step along Z, these derivatives
were approximated by differences involving the values of
¢, in the adjacent columns. The sampling intervals were
typically a along X and Y and the computation steps a /2
along Z. Finer grids did not produce substantial
differences in the images.

A second method was used as a check for the images
corresponding to G=p00. All (K+g)y are then zero
and we neglected the terms in 82¢g/8Y2. Thanks to the
PBC’s, the X dependence of ¢, was expressed as a Fourier
series:

Ny—1
$(X,Y,Z2)= 3 % ,(Y,Z)exp(—2mimX /Nya) . (11)

m=0
(10) could then be transformed into a system of N XNy
differential equations in Z governing the Ny Fourier
components [ﬁ\g = (Y,Z), which was solved for fixed Y by
using the standard one-dimensional Runge-Kutta routine

D02BBF of the NAG library. The differences in the images
were again slight.

The images were calculated up to the total thickness of
the simulated specimens (132 nm), the intermediate re-
sults providing images for smaller thicknesses. Allowing
for elastic relaxation at the free surfaces (see the end of
Sec. II) altered the images very slightly only.

V. CALCULATED TEM IMAGES
OF IDEALLY DISORDERED III-V
CRYSTALLINE ALLOYS WITH ATOMIC SIZE EFFECT

The fundamental result of our simulations is that, be-
cause of the spatial correlations between the SD’s, thin
ideally disordered compositionally homogeneous crystals
of III-V alloys with ASE’s should display a strong CTEM
contrast. We propose that this contrast be called
atomic-size-effect contrast (ASEC). In this section, we
describe this calculated contrast before discussing its ori-
gin in more detail in Sec. VI and comparing it with the
experimental contrast in Sec. VII.

A. The calculated fine-scale contrast and its behavior
upon changing diffraction conditions

The images of different ideally disordered specimens
are, of course, different, but their statistical properties are
similar. To illustrate this point, the figures which are not
simulated images give the data corresponding to our full
set of three large specimens. However, for the sake of
clarity, all images, except in Fig. 3, are those of one par-
ticular simulated specimen under various diffraction con-
ditions. Only in Fig. 3 do we compare the images of the
three specimens in a given set of diffraction conditions.
The particular specimen arbitrarily chosen for the rest of
the images corresponds to Fig. 3(a). Several choices
which had to be made as regards the calculation and
display of the images will be justified at the end of Sec.
VB in light of the results obtained. The contrast varies
widely between the images discussed below. For clarity,
we display all of them with an intensity scale running ful-
ly between black (low intensity) and white (high intensi-
ty), and we give in the caption or in the text their abso-
lute contrast, defined as (I, —1,,)/(I,,+1,,), where I,
and I,, are the maximum and minimum image intensities.

As usual in CTEM, we discuss mainly images formed
close to the Bragg condition for a given VC reflection G.

(a) Bright-field and dark-field (DF) images both display
a large contrast (Figs. 3-6).

(b) If G=400, the contrast elements are elongated in
the direction normal to G (Figs. 3 and 4). Consequently,
the power spectra J(ky,ky) of the images (where ky and
ky are along reciprocal directions {100) and {(010)) are
markedly anisotropic and their most intense parts are
characteristically streaked along G (insets of Figs. 3 and
4).

(c) If G=220, the contrast is more isotropic; some con-
trast elements are again elongated normally to G, but
many of its features are parallel to {100) or (010) (Fig.
5). Correlatively, the power spectra are now streaked
along the [100] directions.

(d) More generally, there is no correlation between im-
ages of the same area corresponding to differently orient-
ed G vectors. This applies for nonequivalent vectors
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(e.g., 400 and 220), but also for equivalent ones [e.g., 400
and 040, which, according to result (b), produce two pat-
terns elongated in perpendicular directions].

(e) The image is inverted when G is changed into —G,
for wg =0.

(f) There is no correlation between images correspond-
ing to substantially different primary beam kinetic ener-
gies E, [Fig. 6, to be compared with Fig. 3(a)].

(g) The contrast pattern of any area changes rapidly
with wg [Figs. 3(a) and 4]. Its scale diminishes when
|lwg| increases.

(h) More precisely, for G=400, the power spectra of
the images show that the contrast possesses a large range
of wavelengths along G (insets in Figs. 3 and 4). For
wg =0, the traces across these spectra at ky =0 (Fig. 7)
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display a first peak for wavelengths around 10-15 nm.
‘When |wG| increases, this peak remains, but the higher
spatial frequencies are reinforced (Fig. 7).

(i) Weak-beam images (formed with |wG| large) show a
strong contrast which is much finer and still definitely
elongated normally to G [Fig. 8, to be compared with
Figs. 3(a) and 4].

(§) The contrast amplitude (Iy,—1,,)/(Iy+1,,) oscil-
lates with the specimen thickness ¢ (Fig. 9). As expected,
it is maximum when the average image intensity is least,
namely, for DF images, when t=n§"éf, n integer, where
Ef=¢£,(1+w%) 712 is the effective average extinction
distance.!

(k) The characteristic contrast pattern only develops
after the electron beam has traversed a certain thickness
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FIG. 3. Computed G =400 dark-field TEM images of three compositionally homogeneous random In, sGa, sAs specimens 132 nm
thick, for E; =100 keV, w00 =0, and |10y /1400| =0.2. The arrow gives the direction of G. Image contrast is 0.43 (a), 0.40 (b), and
0.45 (c). In the power spectra J(ky,ky) of the images, given as insets, the bar corresponds to 1 nm~!. All subsequent images, except
Figs. 10 and 12, are from the specimen giving image (a) here (same area, same thickness).
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FIG. 4. Same as Fig. 3(a) for w, =1 (image contrast =
0.74).

(about 35 nm for G =400 at w,y, =0). At lower specimen
thicknesses, the contrast is not only very weak, but ap-
pears much finer and does not show any strong anisotro-
py (Fig. 10).

B. The effects of absorption and limited microscope
resolution

Most parameters used in the simulations are known ac-
curately. This is, however, not the case for the phenome-
nological absorption potential u(r). Its effect was thus
investigated. The contrast pattern is remarkably insensi-
tive to changes in the absorption parameters. Two quan-
tities were varied independently: the ratios ug/u, and
u,/u, for g70, taken as independent of r and g, which
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FIG. 5. Same as Fig. 3(a) for G=220 and w,,,=0 (image
contrast = 0.32).
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FIG. 6. Same as Fig. 3(a) for E, =200 keV (image contrast =
0.19).

describe, respectively, average and anomalous absorp-
tions.! These parameters are often both taken equal to
0.1 in TEM simulations. Recent calculations suggest that
uo/uy might be much lower and u, /u, of this order for
the materials and reflections considered here: according
to Bird and King,?® at 300 K and for E,=100 keV, for
GaAs and InAs, respectively, u /u is 0.03 and 0.05 and
U400 /Uano 18 0.1 and 0.12. However, the contrast pattern
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FIG. 7. Profiles along reciprocal direction {100) at ky =0 of
the power spectra J(ky,ky) of the 400 dark-field images com-
puted for w,u =0 and w4y =1 for the three simulated speci-
mens (curves: averages; segments: data spread; see Fig. 3) and
for a specimen with randomized SD’s (see Fig. 12 below). Nor-
malizing by J(0,0) amounts to equaling the average image in-
tensities. The ky=0 values were obtained by averaging the
spectra, for each ky, in a narrow band of width Aky=0.14
nm~ L.



834 FRANK GLAS 51

E
£
(=)
2,
>
0} 10 20 30
X [100] (nm) >

FIG. 8. Weak-beam image: same as Fig. 3(a) for w4y =3 (im-
age contrast = 1).

and the contrast amplitude (but of course not the abso-
lute image intensities) are totally insensitive to changes in
uo/uy. On the other hand, changes in anomalous ab-
sorption have two effects. First, if u, /u, is very small
(less than about 0.025), the contrast is much finer and iso-
tropic, and thereby reminiscent of the contrast obtained
at low thicknesses, but 0.025 is much less than the calcu-
lated values quoted above. Secondly, for higher values,
the contrast amplitude decreases when u, /u, increases
but the contrast pattern remains very stable. A value of
U 400 /U400 around 0.2 would seem to fit the experimental
contrast best. This is shown in Fig. 9, whose experimen-
tal data are taken from Ref. 3, where the specimens stud-
ied were free from quasiperiodic composition modula-
tions (for the relation between experimental and calculat-
ed fine contrast, see Sec. VII). In conclusion, including
absorption is essential for obtaining the characteristic
contrast, but, if not unrealistically low, the precise value
of the absorption potential is irrelevant.

We also studied the effect on the images of the objec-
tive lens spherical aberration, of the size of the objective
aperture, and of the energy spread of the primary beam.
The previous results were not substantially altered. The
contrast was slightly reduced, but the broad characteris-
tic pattern of any given area remained unchanged, which
is not surprising since all but the finest features of the
contrast are coarser than the spatial resolution of a stan-
dard microscope operated in CTEM mode.

Finally, the images are only slightly modified if use is
made of the column approximation instead of the
Howie-Basinski equations.

The previous results justify the choices made for calcu-
lating and displaying the images.

(i) The images were calculated with the absorption pa-
rameters giving the best fit to the variation of the experi-
mental fine contrast with thickness.>

(ii) Since the limitation in resolution of the microscope
influences only slightly the images, all the results present-
ed here were calculated without taking it into account.
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FIG. 9. Variation with specimen thickness of the fine 400
dark-field-image TEM contrasts calculated for compositionally
homogeneous In,sGajsAs specimens (vertical segments and
curve) and measured in Ing 53Ga, 47As specimens without coarse
contrast (Ref. 3) (full circles), for (a) w4 =0 and (b) w4, =0.75.
The segments give the spread of the data for the three simulated
specimens, and the curves their averages. The contrast was
computed for E =100 keV with |u{/ug/=0.1 and
2400 /4 4001 =0.2.

VI. THE ORIGIN OF THE CHARACTERISTIC
CONTRAST

A. The contrast is caused by the static atomic displacements

Both the behavior of the calculated contrast upon
changing diffraction conditions, which strongly recalls
that of the usual strain contrasts, and its scale, compara-
ble with the ranges of the correlation functions calculated
in Sec. III, suggest that it is indeed caused by the SD’s.
However, two related but distinct sources of contrast ex-
ist in such specimens: the presence of unlike atoms on the
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FIG. 10. Same as Fig. 3(a) for a specimen thickness of 18 nm
(obtained by retaining only the corresponding upper part of the
specimen) (image contrast = 0.05).

mixed sublattice(s) and the SD’s. Both these sources are
taken into account in our calculations, which make use of
the rigid-ion approximation of the potential: Eq. (4) obvi-
ously accounts for both the different atomic potentials
and the SD’s. Nevertheless, the respective contributions
to the total contrast of these two sources can be assessed.
To this end, we used two methods. First, image simula-
tions were performed on our specimens before VFF relax-
ation: the nature of the atom associated with any site of
the mixed sublattice was kept the same, but all atoms
were exactly at their VC sites. Only a faint contrast (0.08
for G=400 and ¢ =132 nm) remained, very different from
the previous one [Fig. 11(a), to be compared with Fig.
3(a)]: it shows only a weak anisotropy (which does not ap-
pear in the equivalent images calculated within the
column approximation, and is thus due to the breakdown
of the latter) and its scale is much smaller (less than 2
nm). This is the residual purely ‘“‘chemical” contrast
caused by the fluctuations in the random distribution of
scattering factors resulting from the random distribution
of atoms on the mixed sublattice. Second, image simula-
tions were performed again on the same specimens, re-
taining the calculated SD’s, but the scattering factor f?
of any atom of the mixed sublattice was taken as the
average, weighted according to the global composition
(x=0.5 here) of those of Ga and In. The amplitude of
the contrast was slightly reduced with respect to the full
calculation (with both chemical and position disorders)
but, except for the finest details, the contrast pattern was
remarkably similar [Fig. 11(b), to be compared with Fig.
3(a)]. These two calculations prove unambiguously that
the characteristic contrast is due to the SD’s, not to the
local fluctuations in the occupations of the sites of the
mixed sublattice.

B. The contrast is caused by the spatial correlations
between the static atomic displacements

A further calculation proves that the contrast results
not merely from the SD’s but from the spatial correlations
between them. We simulated the images of the “random-
ized specimens” described in Sec. III, where the SD’s are
retained but permuted so that all their spatial correla-
tions are destroyed. Once again, only a very fine non-
directional faint contrast (0.14 for G=400 and ¢t=132
nm) remained [Fig. 12, to be compared with Fig. 3(a)].
The power spectra of the images are flat and their intensi-
ty is low (Fig. 7).

In order to understand the calculated contrast, two
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FIG. 11. 400 dark-field images of the specimen of Fig. 3(a)
calculated (a) with zero static atomic displacements (image con-
trast = 0.08), and (b) with the same atomic scattering factors
for Ga and In (image contrast = 0.35). The other parameters
are the same as in Fig. 3(a).
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FIG. 12. 400 dark-field image of the specimen of Fig. 3(a)
after randomization (i.e., with uncorrelated static atomic dis-
placements). Each atom kept its own SD. The other parame-
ters are the same as in Fig. 3(a) (image contrast = 0.14).

facts must thus be considered. First, as already noticed
in the case of III-V alloys truly inhomogeneous in compo-
sition,'®* in the presence of both spatial variations of the
scattering factors and strain, the CTEM contrast is usual-
ly dominated by the latter. This still holds in the present
study, whose originality is of course that it proves that
strain and the contrast induced are inevitable even in
compositionally homogeneous alloys. Second, the fairly
large characteristic scale of the contrast results from a
difference between the correlation lengths of (i) the fluc-
tuations of the occupations of the mixed sites by the two
types of atoms (Ga and In) and (ii) the associated SD’s.
In our ideally disordered simulated crystals, the correla-
tion length of the composition fluctuations is by
definition zero. In contrast, and although they result
from these totally uncorrelated composition fluctuations,
the SD’s are correlated over large distances, as shown in
Sec. III. Moreover, the portion of the strain field associ-
ated with the locally averaged SD R investigated at the
end of Sec. III is very likely responsible for most of the
contrast at scales of more than about 1 nm.

C. Discussion

Any strain can ultimately be described in terms of
SD’s. In that sense, the contrast studied here is a type of
strain contrast, and indeed its behavior upon changing
diffraction conditions (Sec. V A) is reminiscent in many
ways of the usual strain contrast.!® However, it differs
not only from the latter, which is an image of the strain
field induced by some kind of compositional or structural
inhomogeneity (see Sec. I B), but also from the more sub-
tle contrast arising from the SD’s induced in a matrix by

a low concentration of misfitting atomic impurities (or
more generally point defects).”’ 3! In the latter case, the
TEM image is a map not of the strain field induced by the
impurities, but of the changes in extinction and absorp-
tion distances caused by changes in the concentration of
impurities. Consequently, no such contrast exists in a
compositionally homogeneous area, at variance with the
contrast studied here. In addition, if the impurity-
induced SD’s are isotropic, the images corresponding to
equivalent G reflections are identical, which is not the
case here [results (b)—(e) of Sec. VA]. All these
differences result from the fact that the contrast investi-
gated in Refs. 29-31 is in essence a structure-factor con-
trast (even if the changes in structure factor are caused by
SD’s), whilst our ASEC is a strain contrast. Ultimately,
it results from the fact, demonstrated in Sec. III, that
specimens homogeneous in composition nevertheless
display a spatially varying strain field.

Since diffraction contrast is sensitive to weak strain
fields, the CTEM images of isolated strain centers, such
as inclusions or dislocations, which induce a long-range
strain field, have a characteristic size usually much larger
than these centers.!® The same difference of scale is ob-
served here, but no intuitive picture can be obtained un-
less correlation functions are used, since the long-range
strain field is the complex result of the effect of all the
atoms, each of which acts as a strain center by displacing
all atoms in its vicinity, and is itself displaced by its
neighbors. As usual, changing the diffraction conditions,
either with [results (b)—(e)] or without [results (f)—(@)
compared with result (b)] changing the diffraction vector,
amounts to probing various wavelengths of this strain
field.*

We of course expect such a contrast to exist, not only
in all ITI-V alloys with ASE’s (see Sec. II), but also in any
alloy where the SD’s are sufficiently large and correlated.
We leave open the question of deciding if such spatial
correlations of the SD’s are a general feature of alloys
with ASE’s or if they produce here particularly notice-
able effects because of the covalent nature of the material.
The results of Butler, Withers, and Welberry’ showing
that the diffraction counterpart of these correlations (the
diffuse planes in reciprocal space) exist for some oxide al-
loys, similarly to what we had previously demonstrated
for the III-V alloys with ASE’s,>’ suggest that the con-
trast induced by the SD’s should exist for a much wider
class of materials than the latter.

If the alloy is not ideally homogeneous in composition
(and not perfectly ordered either), SD’s with some degree
of disorder will still exist, and the present contrast will be
superimposed on the contrast induced by the proper com-
position inhomogeneities. In other words, the SD corre-
lations will be partly intrinsic and partly due to the lack
of compositional homogeneity. An important achieve-
ment would be to extract the contrast due to the genuine
composition inhomogeneities from the total contrast in
the TEM images of such specimens. Only in fully or-
dered alloys, where both the occupations and the SD’s
have perfectly periodic correlation functions, will the
ASEC vanish.
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VII. COMPARISON BETWEEN THE CALCULATED
AND EXPERIMENTAL TEM
FINE CONTRASTS IN III-V ALLOYS

All the experimental CTEM plan-view images of as-
grown lattice-matched epitaxial layers of III-V alloys
with ASE’s display a characteristic contrast, usually
called “fine contrast” (FC) to differentiate it from the
“coarse contrast” (size ~ 150 nm) which arises undoubt-
edly from genuine quasiperiodic composition modula-
tions.'> 1643233 [ attice-mismatched layers are known to
be prone to composition variations developing during
growth, which produce standard TEM contrasts; we do
not consider them here. To our knowledge, there is no
TEM study of bulk III-V alloys. The FC was reported by
Roberts, Scott, and Gowers!' and subsequently studied
by many authors.>*!2718 It clearly behaves as a strain
contrast.>* In line with the assumption discussed in Sec.
1 B, most authors have concluded from the observation of
the FC that all such layers are compositionally inhomo-
geneous. However, we suggested early on* that the FC
might be caused not by proper composition inhomo-
geneities, i.e., statistically significant deviations from the
mere fluctuations of composition expected in any alloy
(unless it is perfectly ordered), but simply by the SD’s
present even in the ideally homogeneous alloys.

Indeed, doubts arise for several reasons.

(i) There is no other proof that composition inhomo-
geneities of a scale less than or equal to that of the FC
systematically exist in these lattice-matched layers.
Electron-beam microanalysis never detected such small-
scale composition variations.* The anisotropic diffuse
features observed in the diffraction patterns® have been
shown to be compatible with a compositional homogenei-
ty of the alloy.> The pulse laser atom probe experiments
of Mackenzie, Liddle, and Grovenor detected statistically
significant clustering in some specimens, none in others,
although the FC was present in all.** EXAFS detects no
clustering.’® Finally, a recent scanning tunneling micros-
copy study concludes that the group-V atoms are ran-
domly distributed in Ing,sGag 75Asy 5Py s layers lattice
matched to InP.3¢

(ii) The FC changes with diffraction conditions,>* so
that it is impossible to associate its features with spatially
well-defined composition inhomogeneities.

(iii) The FC exists in any layer, irrespective of its tech-
nique and conditions of fabrication. It seems to have al-
ways the same aspect and to behave in the same way
upon changing diffraction conditions.

On the other hand, if the FC was intrinsic to the III-V
alloys with ASE’s, it should also appear in the CTEM
cross-sectional images of these epitaxial layers. However,
these images usually display features elongated along the
[001] growth direction and whose contrast disappears in
the G=004 images,”” which might be indicative of
genuine composition modulations in directions parallel to
the substrate surface. Although it is often assumed that
this contrast and the FC share the same origin, no
definite relation has yet been established between them.
Moreover, the published data®”!%38 seem to display this
cross-sectional contrast only in layers grown under condi-

tions where the quasiperiodic composition modulations
appear.* Cross sections of specimens devoid of such
modulations'® show a contrast more reminiscent of the
FC observed in plan-view images. The columnar contrast
might thus be associated with the coarse quasiperiodic
contrast and not with the FC.

Thanks to the present calculations, these controversial
questions may now be discussed more soundly. All but
maybe one of the characteristic features of the computed
contrast listed in Sec. V A have unambiguously been re-
ported as experimental observations upon the FC by ei-
ther all or most authors [features (a)-(d) (Refs.
3,4,12—18)] or at least in some detailed studies [features
(e),3,16,18 (f),32 (g)’3,4 (i),16’4'39 G),3,32 and (k)3’16’18’32].

The only feature which might differentiate the experi-
mental and calculated contrasts is their apparent sizes.
Up until recently, the characteristic size of the FC,
defined as its average repeat distance along [400] in the
G =400 images taken with wsy =0 (recall that the FC
size changes rapidly with the deviation parameter),
seemed to lie always between 10 and 15 nm (with possibly
small differences between alloys'®) and not to depend on
the method and conditions of growth. Our calculated im-
ages seem to indicate a prominent size of the order of 5
nm. However, the experimental and calculated contrasts
both display a considerable range of spatial wavelengths.
Gowers!? reports a lowest spatial frequency of 6 nm in
Ing 5,Gag 46As, and McDevitt et al.,”® who have pub-
lished power spectra (optical diffractograms) of their ex-
perimental images, report the presence of diffuse intensity
along the direction of G. The mere examination of the
experimental micrographs shows that no well-defined
wavelength can be attributed to the FC. On the other
hand, the power spectra of our calculated images (Figs. 3
and 7) display some long wavelengths, around 10 nm [re-
sult (h)]. Since these are of the order of a third of the size
of our supercells, and since any area examined in a typi-
cal experimental micrograph is much larger than our cal-
culated images, these long wavelengths are likely to be
more visible in the experiments than in our simulations.

However, the similarity of behaviors of the experimen-
tal and calculated contrasts is not in itself a proof that
they are one and the same thing. The question is further
complicated by recent observations. McDevitt et al.3®
reported a contrast finer (~5-6 nm) than the usual FC
in some layers as well as an increase of its size with the
growth temperature, and Seong, Booker, and Norman*
have observed the coexistence of the FC and of a finer
contrast (size ~5 nm). In addition, annealing experi-
ments demonstrated an evolution of the size of the FC
which had not been observed in the early experiments of
Launois et al.:** McDevitt et al.*! and Seong, Booker,
and Norman®® reported that only the new contrast,
which could be called ‘“very fine” (VFC), remains after
sufficient annealing. Its behavior upon changing
diffraction conditions is again identical to that of the usu-
al FC and of our calculated contrast. Indeed, the identity
between the VFC and our calculated contrast extends to
their prominent sizes (as long as we content ourselves
with the present size of our simulated specimens; see
above). To reach a final decision as regards the composi-



838 FRANK GLAS 51

tional homogeneity of the as-grown layers, one should
probably simulate the TEM images of even larger speci-
mens and compare the power spectra of the experimental
and calculated images. TEM images of cross-sectional
specimens without coarse contrast in plan view and of
bulk ITI-V alloys would also be welcomed.

In conclusion, the origin of the FC remains unclear,
since some experiments tend to associate it with genuine
composition variations, whilst others do not. One possi-
bility is that there could exist two kinds of fine contrasts,
the usual FC possibly due to proper composition varia-
tions (albeit on a scale and with an amplitude which
remains to be determined) and the recently reported
VFC, intrinsic because it would exist even in alloys per-
fectly homogeneous in composition. This justifies our
previous suggestion* and might reconcile the two op-
posed views held up to now upon the sources of fine con-
trast in these alloys. Nevertheless, a conclusion emerges
from both experiment and calculations: a considerable
fine-scale contrast exists in the TEM images of all the lay-
ers of any III-V alloy with ASE’s, even when they are
ideally homogeneous in composition, unless the alloy is
perfectly ordered. Even if the absence of the usual FC in
some as-grown and annealed layers was confirmed, the
necessity to disentangle the contrast here calculated,
caused by the SD’s, from the contrast due to proper com-
position inhomogeneities, and the question of the rela-
tionship between the spectral characteristics of these in-
homogeneities and of the contrast, would remain. Only

image calculations such as the present ones, taking fully
into account the inevitable correlated SD’s, will qualify to
answer these questions.

VIII. CONCLUSIONS

We demonstrated by performing dynamical image cal-
culations that considerable contrast may exist in the
TEM micrographs of crystalline alloys displaying an
atomic size effect. This contrast is due to the spatial
correlations of the static atomic displacements from the
sites of the average lattice of the alloy. These correla-
tions and the contrast exist even if the alloy is fully disor-
dered. Consequently, and contrary to what is often as-
sumed, the observation of some contrast in TEM does not
imply that the specimen examined is truly inhomogene-
ous in composition. In the particular case of III-V alloys,
we gave the values of the main correlation functions of
the static atomic displacements and we computed micro-
graphs of ideally homogeneous alloys under a wide range
of diffraction conditions. The calculations reproduce well
the behavior of the fine-scale contrast observed in the ex-
perimental TEM images of these alloys.
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FIG. 10. Same as Fig. 3(a) for a specimen thickness of 18 nm
(obtained by retaining only the corresponding upper part of the
specimen) (image contrast = 0.05).
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FIG. 11. 400 dark-field images of the specimen of Fig. 3(a)
calculated (a) with zero static atomic displacements (image con-
trast = 0.08), and (b) with the same atomic scattering factors
for Ga and In (image contrast = 0.35). The other parameters
are the same as in Fig. 3(a).
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FIG. 12. 400 dark-field image of the specimen of Fig. 3(a)
after randomization (i.e., with uncorrelated static atomic dis-
placements). Each atom kept its own SD. The other parame-
ters are the same as in Fig. 3(a) (image contrast = 0.14).
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FIG. 3. Computed G =400 dark-field TEM images of three compositionally homogeneous random In,, sGa, sAs specimens 132 nm
thick, for E;=100 keV, w4 =0, and |u 45 /11409| =0.2. The arrow gives the direction of G. Image contrast is 0.43 (a), 0.40 (b), and
0.45 (c). In the power spectra J(ky,ky) of the images, given as insets, the bar corresponds to 1 nm™'. All subsequent images, except
Figs. 10 and 12, are from the specimen giving image (a) here (same area, same thickness).
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FIG. 4. Same as Fig. 3(a) for wy=1 (image contrast =
0.74).
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FIG. 5. Same as Fig. 3(a) for G=220 and w,,, =0 (image
contrast = 0.32).
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FIG. 6. Same as Fig. 3(a) for E, =200 keV (image contrast =
0.19).
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FIG. 8. Weak-beam image: same as Fig. 3(a) for w,, =3 (im-
age contrast = 1).



