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Cu-Co has been chosen as a model system to study phase formation during mechanical alloying in sys-
tems with components exhibiting a positive heat of mixing. Phase formation is monitored by scanning
electron microscopy, x-ray diffraction, and calorimetric measurements. Although the occurrence of a
single fcc Bragg pattern cannot definitely prove the alloy formation on an atomic scale, the quantitative
agreement of the heat release upon decomposition of the alloy with the heat of mixing, calculated from
the available thermodynamic data of the system, is regarded as clear evidence for the formation of an fcc
solid solution. As a mechanism of alloy formation the dissolution of Cu and Co particles during milling
is discussed. It is proposed that the formation of a homogeneous solid solution is energetically favored if
the particle size is reduced below a critical value, which amounts to about 1-2 nm, depending on the
composition of the alloy and the temperature. The driving force is provided by the chemical contribu-
tion of the Cu/Co interface enthalpy and by the high configurational entropy of the randomly distribut-

ed atoms in the solid solution.

I. INTRODUCTION

The formation of metastable and stable phases by
mechanical alloying of elemental powder blends has been
investigated in a variety of alloy systems during recent
years.! For alloys with a negative heat of mixing, phase
formation has been explained by an interdiffusion reac-
tion of the components occurring during the milling pro-
cess.? Metastable phase formation is only observed if the
formation of stable phases is suppressed under the
specific milling conditions. In particular, intermetallic
compounds can be energetically destabilized due to
chemical disorder introduced by the deformation during
milling.> This often results in the formation of extended
solid solutions or amorphous phases.

On the other hand, phase formation in alloy systems
with positive heats of mixing is far from understood, as in
these systems a diffusional reaction generally results in
decomposition of the alloy. Nevertheless, the formation
of solid solutions and amorphous phases upon ball mil-
ling of the elemental components has been observed in
several systems with positive heats of mixing, such as
Cu-Ag,* Cu-Cr,’ Cu-V,%7 Cu-Ta,} !° Cu-W,!! and Cu-
Fe 12— 14

One of the major drawbacks to understanding the
mechanism of alloying in these systems originates from
the lack of a quantitative description of the kinetics and
the thermodynamic functions of these systems. The Cu-
Co system however, which also exhibits a positive heat of
mixing, has been studied extensively with respect to its
decomposition behavior, from which kinetic data such as
diffusion constants, interfacial free energies, and thermo-
dynamic driving forces can be derived.”>!8 In addition,
the thermodynamic functions can be determined with
high accuracy by the calculation-of-phase-diagram
(CALPHAD) method,'®? since a variety of thermo-
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dynamic measurements have been performed on the Cu-
Co system. Therefore, Cu-Co has been selected as a mod-
el system to study phase formation during mechanical al-
loying of elemental powder blends with a positive heat of
mixing.

II. THERMODYNAMIC FUNCTIONS
OF THE Cu-Co SYSTEM

The thermodynamic functions of the Cu-Co system
were calculated from the available thermodynamic data
by utilizing the CALPHAD method.?""?? The calculation
considers the magnetic contributions as well as deviations
from the regular solution model in case of the liquid and
the fcc phase. However, these deviations are small so far
as one can judge from the limited phase stability ranges
under thermodynamic equilibrium conditions. The free
energy of each phase is expressed by

AG=x,G%, +xc, G2, —TS™*+AG* , (1)

where G2, and G2, are the phase stability values derived
from the recent assessment by Dinsdale,”® x, and x¢,
are the atomic concentrations of Cu and Co, respectively,
S™i* is the ideal entropy of mixing, and AG®* is the excess
free energy, given by

TABLE 1. Coefficients of the thermodynamic functions for
the Cu-Co system (Ref. 22).

4, 4, A, B,
Liquid 39188 2103 3754 —6.081
fec 37100 2895 3251 —5.194
hep 38 141 —5.0
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FIG. 1. Cu-Co phase diagram calculated by the CALPHAD
method (Ref. 22).

AG*= 4 1XcuXco + AZXCuxCo(xCu _xCo)
+ 43X cuXcoXcy —Xco )+ TBixcyxc, - (2)

The coefficients A; and B; are calculated using the ther-
modynamic data of the Cu-Co system and are summa-
rized in Table I. Due to the lack of reliable solubility
data for the hcp phase, the concentration dependence of
its free energy can only be roughly estimated. In Fig. 1
the calculated phase diagram and in Fig. 2 the free ener-
gies of the hcp, fcc, and liquid phases are given for
T=400°C. For the Cu-Co composite during ball milling
this temperature is considered as a typical interface tem-
perature, which can, however, amount to 600 °C depend-
ing on the mechanical properties of the composite."?*
Figure 2 shows that the fcc phase exhibits a free energy
of mixing of about 6.3 kJ/gatom for a CusyCosq alloy at
T=400°C. As the enthalpy of mixing for the liquid
phase is comparable to that of the solid solution phases,
one can conclude that the positive pair exchange enthal-
py originates mainly from the electronic structure of the
components.
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FIG. 2. Free energy AG of the hcp, fcc, and liquid phases at
T=400°C. The free energy of the fcc Cu and the hcp Co are
taken as reference points (Ref. 22).
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III. EXPERIMENTAL METHODS

As interstitial impurities might substantially influence
the thermodynamics of the systems, special care has to be
taken with respect to the selection of powders and the
milling procedure. Therefore, all handling including the
milling was carried out in glove boxes supplied with Ar
via a gas purification system which maintains the oxygen
and water content of the atmosphere below 1 ppm. For
the alloy preparation high-purity (<0.1 wt. % total me-
tallic impurities) elemental Cu (0.6 wt. % 0) and Co (0.2
wt. % 0) powders with particle sizes between 50 and 150
um were blended in the desired ratio to prepare alloys
with Co contents between 20 and 90 at. %. The milling
was performed in a planetary ball mill of type Fritsch
pulverisette 5 using Cr steel vials and balls with a ball-to-
powder weight ratio of 10:1. The milling was interrupted
each 15 min for 15 min to cool the vials which heated up
typically to about 50°C. The milling intensity (an arbi-
trary rotation speed scale) was adjusted to 5 or 7 corre-
sponding to measured rotation speeds of 153 and 228
min !, respectively. After selected milling times, small
amounts of the material were taken for analysis. By
energy-dispersive x-ray analysis in a scanning electron
microscope the contamination with Fe due to abrasion of
the milling tools was determined. For the milling intensi-
ty 5 a relatively low Fe content of 1.4 at. % was detected
after 100 h of milling, whereas 43.4 at. % Fe and 6.1
at. % Cr were found after 80 h of milling with intensity 7.
Therefore, only results are considered which were ob-
tained from powders milled with intensity 5. After long
mechanical alloying (100 h) an oxygen content of 0.3-0.4
wt. % was found by chemical analysis, which is compara-
ble to the oxygen level of the initial powder blend.

As oxygen impurities have been suggested as an origin
for alloy formation in systems with positive heats of mix-
ing,?® additional milling experiments have been per-
formed with Cu powder, supplied by the Norddeutsche
Affinerie (Germany), whose nominal oxygen content
amounts to less than 0.1 wt. %.

Microstructural development during milling was ob-
served by scanning electron microscopy on embedded,
ground, and polished powders which were etched in an
aqueous Cu-ammonium chloride solution. For structural
characterization a Siemens D5000 ©-O diffractometer
equipped with a graphite secondary monochromator and
a Co tube was employed. Differential scanning
calorimetry (DSC) was carried out using a Perkin Elmer
DSC 2 with heating rates between 2.5 and 20 K/min.
Prior to the DSC experiments the system was flushed
several times with 99.99999% Ar, which also was used
during the experiments. As a baseline, a second run for
each specimen was directly taken after the first run
without changing the conditions of the measurement.

IV. RESULTS

Upon mechanical alloying an increasing particle size of
the powder is observed as well as a sticking of the materi-
al to the vials and balls. This behavior is more pro-
nounced for higher Cu concentrations and for the Cu
powder with a low oxygen content. Scanning electron
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micrographs taken from cross sections of the powder
show the typical lamellar microstructure which is often
found in mechanically alloyed powders consisting of duc-
tile components.! After 20 h of milling the lamella thick-
ness of a Cus,Cos, specimen is already considerably
smaller than 100 nm in some regions (Fig. 3). The mi-
crostructure is further refined with increasing milling
time, and after 100 h of milling the material appears
homogeneous on a submicron scale.

X-ray-diffraction (XRD) patterns from mechanically
alloyed Cus,Cos, are shown in Fig. 4. After 2 h of mil-
ling only the lines of hcp Co and fcc Cu are detected.
Upon further milling the peaks broaden and after 20 h of
milling the integral intensities of peaks of the hcp phase
decrease relative to those of the fcc phase, while the latter
are shifted to higher diffraction angles, suggesting an al-
loying of the components. After 100 h of milling the Co
peaks have fully disappeared, and the lattice parameter of
the fcc phase is reduced to 0.3593 nm.

Similar results were obtained for other compositions of
the powder blend and the lattice parameters of the finally
formed fcc solid solutions are plotted as a function of the
Co concentration in Fig. 5. The measured values are in
good agreement with the data compiled by King,?® sug-
gesting that homogeneous fcc solid solutions are formed
over the whole concentration range.

With respect to the mechanisms involved in the phase
formation during mechanical alloying (see Sec. V) it is
important to determine the crystallite size and the rms
strain {e?)!/2. These can be derived from the width of
the diffraction peaks by utilizing the method of William-
son and Hall.?” However, this procedure could only be
applied to diffractograms taken from the early and the
final stages of mechanically alloyed specimens due to
overlapping of peaks for intermediate stages. The analy-
ses show that the crystallite sizes of the solid solutions
are typically in the range 30-40 nm. They are about a
factor of 2 larger than those of the pure elemental com-
ponents in the early stage of milling, which amount to
about 15-20 nm for a powder blend of CusqCosy. The
rms strains reach values of 0.3-0.8 % for the solid solu-

FIG. 3. Cross section of an etched CusyCos, powder blend
mechanically alloyed for 20 h.
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FIG. 4. XRD patterns from mechanically alloyed Cus,Cos,
after selected times of milling. The characteristic diffraction
peaks of the fcc Cu and the hcp Co structures are indicated.

tion and about 0.3% for the elemental components.
These values are comparable to those observed for
mechanical alloying of Cu-Fe (Ref. 14) whereas our crys-
tallite sizes are slightly larger.

Mechanically alloyed Cu-Co specimens with Co con-
centrations of 30, 50, and 70 at. % were investigated by
DSC. For milling times greater than 20 h the samples ex-
hibit a broad exothermic double peak upon heating
whose intensity increases with increasing milling time
(Fig. 6). This corresponds to the development of a
diffraction pattern characteristic of a solid solution which
has been observed for milling times longer than 20 h. For
long milling times all samples exhibit a broad exothermic
double peak which mainly originates from the decompo-
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FIG. 5. Lattice parameter of the Cu-Co fcc solid solutions
obtained by 100 h of mechanical alloying. For comparison the
data from King (Ref. 26) are given measured for small supersa-
turations (solid lines) as well as the Vegard line (dashed).
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FIG. 6. DSC traces of mechanically alloyed Cus,Cos, speci-
men after selected times of milling taken with a heating rate of
20 K/min (10, 20, 50, and 100 h) and 10 K/min (100 h).

sition of the supersaturated fcc solid solution. Recovery
may partly contribute to the heat release as observed,
e.g., for mechanically alloyed Zr-Al solid solutions.?®
The DSC results indicate that for the final milling stages
a heating rate of 20 K/min is too high to complete the
decomposition of the Cu-Co alloys at T=727°C (the
maximum temperature of our DSC). Therefore a lower
heating rate was applied in these cases. Integrations of
the double peak from 130 to 727 °C then yield exothermic
heat releases of 8.7 12.0, and 9.8 kJ/g atom for Cu;,Co4,
Cu;yCosg, and Cu;3Coy, respectively, milled for 100 h.

In order to determine the phase reactions related to the
heat release, mechanically alloyed Cus,Cos, specimens
were heated up to 277, 477, and 727°C, subsequently
quenched to room temperature and analyzed by XRD
(Fig. 7). Although a substantial amount of enthalpy has
already been released, the specimens heated to 277 and
477°C reveal no significant difference in the XRD pat-
terns with respect to the as-milled solid solution.

This surprising result can be explained by the course of
the decomposition reaction and the diffraction behavior
of coherent phase regions. Due to the thermodynamical-
ly unstable state of the Cu-Co solid solution, it probably
decomposes spinodally, whereby short-range composi-
tional fluctuations are built up, whose concentration am-
plitudes are increased upon further annealing. This re-
sults in a microstructure which consists of structurally
coherent areas of almost pure Cu and pure fcc Co on a
very fine scale. Structural investigations on fcc Cu/Co
multilayers with coherent interfaces demonstrate in
agreement with the diffraction theory?®® how the x-ray
patterns evolve from the bulk case if the layer thickness is
decreased: Whereas the bulk pattern is observed for layer
thicknesses larger than about 20 nm, one central (super-
lattice) reflection midway between the fcc Cu and fcc Co
peaks becomes dominant with decreasing layer thickness.
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FIG. 7. XRD patterns from mechanically alloyed Cus,Cosg
heated up to selected temperatures of 277, 477, and 727 °C with
a rate of 10 K/min.

For layer thicknesses smaller than about 5—-8 nm, a com-
mon fcc diffraction pattern is observed with an average
lattice parameter.”’ Although the patterns become very
similar with decreasing layer thickness to that of a homo-
geneous solid solution, small-angle reflections as well as
satellites around the Bragg peaks prove that there is still
a compositional modulation.

Considering these results, we conclude that the
mechanically alloyed solid solutions decompose upon
heating up to 477 °C on a scale smaller than 8 nm into al-
most pure Cu and Co areas. Due to the coherency of the
fcc lattices the diffraction pattern appears as being from
an fcc lattice with a concentration equal to the overall
composition of the decomposed alloy. With respect to
the initial solid solution the stored enthalpy is already
substantially decreased as a result of the decomposition.
Upon further heating, the Cu and Co areas coarsen and
the individual bulk patterns can be observed in XRD.
However, even after heating to 727 °C, some material can
still be detected in the x-ray pattern which exhibits an
averaged lattice constant. This indicates that the heat
release determined by the DSC measurements is slightly
smaller than the total enthalpy stored in the milled alloy.

It is noteworthy that the fcc Co does not transform
into the hcp structure during cooling. Therefore the
measured heat release should be related only to the heat
of mixing of the fcc phase and not to its heat of forma-
tion. Considering the slight underestimation of the
stored enthalpy by the DSC measurement, the heat
releases of the mechanically alloyed phases with different
Co concentrations agree reasonably well with the heat of
mixing calculated by the CALPHAD method (Fig. 8).
This strongly supports the assumption that homogeneous
Cu-Co solid solutions are formed by mechanical alloying
of elemental powder blends, despite the fact that the heat
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FIG. 8. Comparison of the measured heat release on decom-
position of mechanically alloyed Cu-Co powder blends with the
heat of mixing calculated by the CALPHAD method.

of mixing is positive. An inhomogeneous alloy, e.g., with
small regions of Cu and Co, would exhibit a substantially
lower heat release upon heating as the enthalpy contribu-
tion of the interfacial boundaries is much smaller than
the enthalpy of mixing (see also below).

V. DISCUSSION OF THE ALLOYING MECHANISM

The mechanism by which a solid solution with a posi-
tive heat of mixing is formed upon milling is still a sub-
ject of controversy. Basically four approaches have been
published to our knowledge so far. First, Veltl, Scholz
and Kunze'® suggested that the energy stored in the grain
boundaries serves as a driving force for the formation of a
solid solution. Their assumption was based on the obser-
vation that alloying occurs when the crystallite sizes of
the elemental components decrease down to the nanome-
ter range and that a substantial amount of enthalpy can
be stored in nanocrystalline metals due to the large
grain-boundary area.’® Secondly, Yavari and Desré?
suspected that alloying of immiscible elements originates
from a high oxygen content thus resulting in a negative
heat of mixing of the multicomponent mixture. Later,
Yavari, Desré, and Benameur!® proposed an alternative
alloying mechanism, based on the assumption that upon
deformation of the composite, fragments with small tip
radii are formed such that the capillary pressure forces
the atoms at the tips of the fragments to dissolve. Very
recently, Eckert et al.'* suggested a fourth mechanism,
which explains alloy formation by an enhanced solubility
due to the high dislocation density during the initial
stages of milling of nanocrystalline powders.

We will show that none of these mechanisms can satis-
factorily explain alloy formation in the Cu-Co system.
Instead, we will emphasize the importance of the Cu/Co
interfaces formed upon deformation and will show that
the energetic contribution of the Cu/Co interfaces can
enhance the free energy of the composite above that of
the solid solution thus providing a driving force for alloy-
ing.
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A. The influence of the crystallite size

Nanocrystalline metals and alloys prepared by ball mil-
ling or by inert gas condensation contain large excess
enthalpies.’®3! In particular, for high-melting metals and
alloys, calorimetric measurements show that enthalpies
up to 7.4 kJ/g atom are released upon recovery and recry-
stallization.!%3® As the enthalpy related to internal strain
is usually less than 0.1 kJ/g atom (see also below), the ex-
cess enthalpies mainly originate from the large grain-
boundary area due to the small crystallite size. Therefore
(averaged) grain-boundary enthalpies can be determined
from the released enthalpies and the related change in
crystallite size upon annealing.""3? During milling of ele-
mental powder blends, the high excess enthalpies of the
pure components can result in alloy formation, if the al-
loy has a lower free energy than the mixture of the ele-
mental components. Indeed, alloy formation during ball
milling of elemental powder blends with positive heats of
mixing is, in most systems, only observed when the crys-
tallite size of the elemental components is reduced to
about 10 nm. If an amorphous phase is formed, then the
grain-boundary enthalpy can provide a significant driving
force for alloy formation, as observed in the Cu-Ta sys-
tem by Veltl, Scholz, and Kunze.! However, in cases
where a crystalline phase is formed, the alloy often exhib-
its a grain size similar to that of the elemental com-
ponents. Thus no substantial gain in free energy can be
expected if the grain-boundary enthalpy of the alloy is
comparable to the one of the components.!>1*

This also holds for the Cu-Co system, as the minimum
crystallite size of the elemental components is relatively
large, ranging from 10 to 30 nm, and the crystallite size
of the solid solution is typically 30-40 nm. In order to
estimate the difference in the grain-boundary free energy
before and after alloying, only enthalpy contributions will
be considered. An increase of the crystallite size from
d;=10 nm to d,=40 nm corresponds to a decrease in
the enthalpy of the alloy by

AH =304V, (1/d,—1/d,)=0.8 kJ/gatom , (3)

where ¥,, is the average molar volume and 0»=0.5
J/m? is the grain-boundary enthalpy of Cu as measured
on nanocrystalline samples.’?> The estimated change in
enthalpy of 0.8 kJ/gatom is about eight times too small
to overcome the positive free energy of mixing at a
T=400°C in agreement with similar contemplations car-
ried out for the Cu-Fe system.!>'* Even if a large error
in oy is taken into account, this calculation demon-
strates that the excess enthalpy of the nanocrystalline Cu
and Co does not supply a sufficient driving force for the
formation of an fcc solid solution in the Cu-Co system.
Contributions from the grain-boundary energy will only
become important when the grain size of the components
is decreased well below 10 nm.

B. The influence of the oxygen content

Some of the alloy systems with positive heats of mixing
investigated contain transition elements which exhibit a
high affinity to oxygen and nitrogen. In particular for
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systems, e.g., Cu-Ta, Cu-V, and Cu-W, which form amor-
phous phases upon milling, the elemental powder com-
ponents can absorb larger quantities of oxygen and nitro-
gen if they are not handled properly. Yavari and Desré 2
therefore assume that typically 5 at. % oxygen is dis-
solved in these alloys, thus decreasing their enthalpies of
mixing substantially. Indeed, the reported heats of trans-
formation from the amorphous phase to the elemental
components amount to only 3—-11 kJ/gatom in the case
of a CuyyTayq alloy,”'® for example, which is at least a
factor of 2 smaller than that expected from the thermo-
dynamics of the Cu-Ta system.>> The small heat of crys-
tallization indicates the influence of impurities in these
systems, which, in addition, might also determine the ob-
served formation of the amorphous phase in favor to a
solid solution. As in the Cu-Co system, the solid solution
in the Cu-Ta, Cu-V, and Cu-W system has a lower free
energy than the amorphous phase,®> and should there-
fore be formed if impurities are avoided. Recent experi-
ments in the Cu-V system’ seem to support this con-
clusion.

In the case of the Cu-Co system, the formation of a
solid solution in favor of an amorphous phase is in agree-
ment with the thermodynamics of the system described in
Sec. II. The experiments on powder blends with different
amounts of oxygen show that the formation of a solid
solution is also observed in alloys containing an extreme-
ly low oxygen content. Even for relatively high amounts
of oxygen impurities (0.6 wt. %), DSC measurements
confirm the positive heat of mixing, and no influence on
its value could be determined for different oxygen con-
centrations, within the accuracy of the measurements.
We therefore conclude that in the Cu-Co system
moderate levels of oxygen impurities do not influence the
phase formation and that the positive heat of mixing is
not significantly decreased by impurities.

C. The influence of small tip radii

More recently, Yavari, Desré, and Benameur!® pro-
posed an alternative alloying mechanism for composites
of Cu with Fe or other high-melting bcc metals exhibiting
a positive heat of mixing with respect to Cu. The mecha-
nism is based on the assumption that upon deformation,
necking of the composite occurs and fragments with
small tip radii are formed such that the capillary pressure
forces the atoms of the fragments to dissolve. By assum-
ing an enthalpy for the (incoherent) Cu/Fe interface of
about 1.4 J/m? the model predicts a dissolution of Fe
atoms in a Cu matrix for a tip diameter less than about
2—-6 nm.

A similar mechanism has also been considered in fila-
mentary microcomposites consisting of discontinuous
filaments with diameters in the submicron range. How-
ever, in these composites the filaments spheroidize as
soon as atomic mobility is possible.**35 This behavior is
in good agreement with theoretical predictions*®3” which
consider the interaction of the solute atom with regions
of the filament exhibiting a larger curvature than the tip
radius. One would therefore expect that also during
mechanical alloying the elongated particles do not dis-
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solve but rather spheroidize, if small tip radii and necking
of the filaments occur.

D. The influence of the enhanced dislocation density

A high dislocation density may contribute significantly
to the atomic level strain as observed in nanocrystalline
metals and alloys prepared by ball milling.*® As men-
tioned above, the energetic contribution is however small,
and therefore, cannot serve as a driving force for alloy
formation. Nevertheless, a high dislocation density
might cause a substantial increase in the mutual solubility
due to the change in the chemical potential of the solute
atom in the strain field of the dislocation which has been
suggested as an alloying mechanism in the Cu-Fe sys-
tem.!* The enhanced solubility can originate from the
parelastic interaction between the strain field of an edge
dislocation and a solute atom, if the atomic size difference
of the alloy components determines the positive heat of
mixing. For example, such a behavior is expected in the
Cu-Ag system where the atomic size difference of the
components determines mainly the terminal solubilities.
However, this enhanced solubility is metastable as the
driving force for the decomposition is also increased in
the strain field of the dislocation.® Within the linear
elasticity theory this results in the same solubilities as ob-
served under equilibrium conditions, e.g., the equilibrium
phase diagram is still valid in the vicinity of the disloca-
tion. It is therefore questionable, whether the metastable
enhancement of the solubility in the strain field of a dislo-
cation can yield a dissolution of Cu and Co regions.

In addition, it should be noted that the positive heats
of mixing in systems such as Cu-Co and Cu-Fe do not
originate from the atomic size mismatch of the atoms (see
also Sec. II). Instead, the positive pair exchange enthalpy
is mainly caused by the electronic structure of the com-
ponents which does not allow for a decrease of the total
electronic enthalpy upon alloying. In order to explain
the formation of a solid solution during ball milling the
mechanism proposed by Eckert et al.,' je., changes of
the electronic structure in the strain field and in the core
of the dislocation, have to be considered.

On the other hand, transmission electron microscope
investigations on supersaturated Cu(Co) alloys do not in-
dicate any preferred precipitation of Co particles in the
strain field of the dislocation or in the vicinity of a grain
boundary.18 This, however, would be expected if the
solubility is enhanced in these regions.’® Therefore, the
assumption of an enhanced solubility due to the high
dislocation density as a mechanism of phase formation
during mechanical alloying seems unlikely in the Cu-Co
system.

E. The influence of coherent Cu/Co interfaces

In addition to the decrease of the crystallite size in the
elemental components upon milling, which gives rise to
an excess enthalpy as described in Sec. V A, Cu/Co inter-
faces are formed. Besides the structural excess enthalpy,
these interfaces also exhibit an excess chemical enthalpy
originating from the unlike neighbors across the inter-
face. This chemical contribution o 4., can be calculated
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from the thermodynamics of the system by applying
Becker’s model® if the alloy behaves like a regular solu-
tion. As shown by the CALPHAD calculations (Sec. II),
this is reasonably fulfilled in the case of the fcc Cu-Co al-
loy. The pair exchange enthalpy required in Becker’s
model can most favorably be derived from the
CALPHAD calculation.** With the coefficients in Table
I, the chemical contribution to the interface enthalpy
amounts to about 0.2—0.3 J/m?, depending on the crys-
tallographic orientation of the crystallites. This value has
been recently confirmed by investigations on the precipi-
tation kinetics of supersaturated Cu-Co alloys. '8

The difference in the excess chemical enthalpy between
the composite and the alloy formed depends only on the
size of the elemental regions of the composite, since the
interface enthalpy in the (homogeneous) alloy contains no
chemical contribution. The sizes of the elemental com-
ponents have been estimated by their crystallite sizes as
derived from the analysis of the x-ray-diffraction pat-
tern.!>!* By using Eq. (3) this results in a chemical con-
tribution of the interface enthalpy which amounts to less
than 1 kJ/g atom for Cu-Co and Cu-Fe composites with a
crystallite size of 10 nm. Yavari, Desré, and Benameur,?
and Eckert et al.'* therefore rule out that the chemical
contribution of the interface enthalpy can serve as a driv-
ing force for alloy formation.

However, the crystallite size as determined by analysis
of the XRD pattern may not be a good approximation for
the size of the elemental components during milling, as
the formation of coherent interfaces between Cu and Co
regions does not change the crystallite size. This is, in
particular, demonstrated by investigations on Cu/Co
multilayers which exhibit coherent interfaces and crystal-
lite sizes much larger than their layer thicknesses.?’
Therefore, the thickness of the elemental components in
the final state may be much smaller than their crystallite
sizes thus enhancing the chemical enthalpy contribution
of the interface.

This conclusion is also supported by the x-ray investi-
gations. The disappearance of the two distinct diffraction
patterns from Cu and Co upon milling and the simultane-
ous development of a pattern from a superlattice is only
possible if the Cu and Co regions become coherent and
their sizes are reduced below 5—-8 nm. In the case of the
Cu-Fe system, only for Cu and Fe particles smaller than
about 5 nm (Ref. 41) do the distinct fcc and bcee
diffraction patterns disappear. This, however, has been
observed on mechanical alloying of CusyFes, powder
blends.!?”!* We therefore conclude that the Cu and Co
regions develop a deformation texture and become
coherent, while they are reduced upon milling well below
10 nm. This requires a transformation of the hcp Co into
the fcc structure which, however, is reasonable in view of
the small difference in free energy between the hcp and
the fcc structure and the lower interface enthalpy of a
coherent interface. The mechanism of further refinement
of the microstructure is possibly determined by disloca-
tion motion leading to a shearing and cutting of particles.

The refinement of the microstructure enhances the
chemical contribution of the interface enthalpy as shown
in Fig. 9 for different sizes of the Cu and Co regions.
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FIG. 9. The chemical contribution AH ., of the Cu/Co in-
terfaces to the enthalpy of a CusoCoso composite as a function of
the size d of the Cu and Co regions, calculated for an interface
enthalpy of 0.3 J/m?. In addition, critical sizes d. are indicated
for different temperatures following Eq. (4).

Taking into account an enthalpy of 0.3 J/m? for a
coherent Cu/Co interface, a reduction of the Cu and Co
particle sizes down to about 1 nm raises the enthalpy of a
CusCosy composite above 6 kJ/gatom, which is
sufficient to allow for a phase transformation of the com-
posite into a solid solution, in particular for temperatures
T >400°C. In this case the solid solution is of lower free
energy than the elemental components. The critical sizes
d, below which the chemical contribution of the Cu/Co
interface enthalpy exceeds the free energy of the solid
solution can be calculated from a simple energy balance.
Again, the (small) entropy contribution to the free energy
of the interface is neglected. Thus

30 h mI_/
= Huix ™ TSuix
c
and (4)
d = 3o-chf:mI_/m
¢ H i — TS ix

In these equations H;, and S, are the heat of mixing
and the entropy of mixing, respectively.

The formation of the solid solution can be viewed as an
order-disorder transition, whereby the enthalpy is in-
creased. The driving force originates mainly from the en-
tropy of mixing of the disordered alloy which is much
larger than the entropy of the phase-separated composite.
Thus the local temperature at the interface during milling
is important for the formation of a solid solution. This
can be seen from Fig. 9 where the critical sizes d,. of the
Cu and Co regions are indicated for different tempera-
tures. Accordingly, the Cu and Co particles have to be
reduced to 1-2 nm in order to allow a phase transforma-
tion for temperatures ranging from 400 to 700 °C.

The critical particle sizes calculated above are only
lower limits as a decrease of the (structural) enthalpy due
to recrystallization during alloy formation (see Sec. V A),
and the reduction of the atomic strain results in an in-
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FIG. 10. The critical size d, of elemental regions in a com-
posite as a function of the enthalpy of mixing H, of the alloy
formed.

crease of d,. The enthalpy related to the strain can be es-
timated by

AH =1Ee*V ., , (5

where E is the Young’s modulus of elasticity and € is the
strain. Using E =130 GPa for copper, AH, amounts to
only 46 J/gatom for e=1%. Therefore, the influence of
the elastic strain on d, can be neglected in the Cu-Co sys-
tem but might be important in systems exhibiting large
size differences in atomic radii.

As Eqgs. (4) show, the critical particle size also depends
on the heat of mixing. By assuming that the molar
volume, the magnetic contribution to the free energy of
mixing and the entropy of mixing are independent of the
enthalpy of mixing, an increase of H_;, up to 20
kJ/gatom decreases d, down to 0.78 nm at T'=400°C
(Fig. 10), whereas H ; =7 kJ/gatom results in d.=2.8
nm (for H_; =6 kJ/gatom, d. diverges because
G.ix=0). This indicates that the formation of a solid
solution upon ball milling is more difficult in systems
with large positive heats of mixing, despite the fact that
the interface enthalpies also increase with H ;..

Finally, it is interesting to note that for magnetic sys-
tems the magnetic ordering is usually decreased when the
composite transforms into the solid solution. This is en-
ergetically unfavorable and results in a smaller d, in the
case of magnetic systems, for a given (chemical) heat of
mixing. Therefore, magnetic systems with a large posi-
tive heat of mixing most likely do not form solid solu-
tions, in particular, if the crystal structure of the com-
ponents exhibits a high thermodynamic stability with
respect to a common structure for both components
which impedes the formation of coherent interfaces. This
result is supported by recent investigations on the Ag-Fe
system, where even after extended milling of Ags,Fes,
only small mutual solid solutions in Fe and Ag are ob-
served.*?

VI. SUMMARY AND CONCLUSIONS

Phase formation during mechanical alloying of Cu-Co
elemental powder blends has been characterized by x-ray
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investigations and DSC analyses. The occurrence of a
single fcc Bragg pattern cannot be taken as definite evi-
dence for a solid solution on an atomic scale. This has
been demonstrated by x-ray investigations on Cu/Co
multilayers® and on decomposed Cu-Co solid solutions.
Although these materials consist of separate fcc Cu and
fcc Co regions they exhibit a diffraction pattern which
can hardly be distinguished from the XRD pattern of a
solid solution having the same overall composition, if the
Cu and Co regions are coherent and their size is smaller
than about 5-8 nm. Therefore Bragg peaks of an fcc
phase cannot be used as proof for the formation of a
homogeneous solid solution during ball milling.

On the other hand, DSC measurements are extremely
sensitive to alloy formation, as the thermodynamics of a
system are mainly determined by -the nearest-neighbor en-
vironment of the atoms. Thus the agreement of the heat
release upon decomposition of mechanically alloyed Cu-
Co elemental powder blends with the heat of mixing cal-
culated by the CALPHAD method is clear evidence for
the formation of a solid solution.

This can also be elucidated by the following considera-
tion: If the mechanically alloyed specimen still consisted
of separate fcc Cu and fcc Co regions, they would have to
have a size smaller than 0.5 nm in order to release an
enthalpy of 12 kJ/gatom upon coarsening [see Eq. (3)
with 0 4 =0.3 J/m?]. This, however, is unreasonable
from a structural point of view as the lattice constants
amount to >0.35 nm (Fig. 5). In addition, a composite
with Cu and Co regions of 0.5-nm size would have a
higher free energy than the solid solution, as for example
shown in Fig. 9, and would therefore also be thermo-
dynamically unstable. Therefore, we can definitely con-
clude from our DSC measurements that in the Cu-Co sys-
tem an fcc solid solution is formed upon mechanical al-
loying of elemental powder blends despite their positive
heat of mixing.

The formation of the solid solution in the Cu-Co sys-
tem cannot be explained by the mechanisms proposed in
the literature. Instead the chemical contribution of the
(coherent) interface enthalpy is believed to serve as the
main driving force for alloy formation. As the free ener-
gy of mixing amounts to about 6.3 kJ/gatom for a
Cus,Cos, solid solution at =400 °C, the Cu and the Co
regions of the composite have to be reduced down to 1-2
nm during ball milling in order that the interface enthal-
py exceeds the free energy of mixing.

In the final state the refinement of the microstructure is
believed to occur by dislocation movement leading to a
shearing of coherent Cu/Co regions. The mechanism of
alloy formation may therefore be comparable to the dis-
solution of precipitates in the persistent slip bands during
cyclic deformation as observed in aged Cu-2 at. % Co al-
loys.*** An enhanced solubility in the strain field of the
dislocation can favor this process,*’ but the main driving
force for alloy formation remains the interface free ener-
gy. The critical size below which the heterogeneous com-
posite becomes unstable is therefore comparable to the
critical size of nucleation in supersaturated alloys or, for
spinodally decomposing alloys, to the critical wavelength
below which concentration fluctuations decay during an-
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nealing. Consequently, the critical size of the microstruc-
ture depends on the temperature, the overall composition
and the thermodynamics of the system.
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FIG. 3. Cross section of an etched Cus,Cos, powder blend
mechanically alloyed for 20 h.



