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Soft-x-ray photoemission studies of Al and Au on molecular-beam epitaxially grown GaAs(100) vici-
nal surfaces at low temperature demonstrate orientation-dependent interface electronic properties and
chemistry. Misorientation of the substrate introduces both electrically and chemically active sites. With
increasing misorientation-induced step-site density, the Fermi level at the Al/GaAs(100) interface moves
toward the midgap. For the Au/GaAs(100) interface, substrate misorientation has only a minor effect
on the electronic barrier height. The chemically active sites modify the extent of interface chemistry. A
self-consistent electrostatic calculation of the misorientation-dependent barrier height for Al interfaces
indicates a nearly one-to-one correlation between interface states and step-induced bonding sites. These
results emphasize the importance of an atomic-scale interface bonding structure in the Schottky-barrier

formation.

I. INTRODUCTION

The formation of an electrostatic potential barrier due
to charge transfer at a metal-semiconductor contact
remains controversial despite more than 50 years of ex-
tensive study.!”* In Schottky’s early phenomenological
description, the barrier height should equal the difference
between the work function of the metal and the electron
affinity of the semiconductor.” However, experimental
results for many metal-semiconductor interfaces have re-
vealed the barrier height to be insensitive to this
difference.! * This insensitivity has hampered research-
ers’ ability to tailor contact electronic barrier properties
and consequently has limited semiconductor device appli-
cations. For example, barrier measurements have re-
vealed that the Fermi level (Ey) at metal-GaAs contacts
stabilizes near midgap in a narrow range of ~0.2-0.3
eV.!™* This “pinning” makes both Ohmic and rectifying
contacts difficult to obtain for this otherwise high-
performance device material.

Numerous physical models have been proposed to ex-
plain Ep “pinning” at metal-semiconductor interfaces.
Leading interpretations include the following. (1) The
overlayer metal wave function tunnels into the semicon-
ductor gap, which creates a continuum distribution of lo-
calized gap states. A calculated charge-neutrality level
determines the position of E;.>7 (2) Native defects or de-

45

fects caused by adatom condensation produce discrete
electronic states and stabilize the Ep.*° (3) Interface
chemical and structural modifications, such as atomic
interdiffusion, formation of new compounds, and the
metal-semiconductor bonding produce discrete gap states
which stabilize the Ep."'!° These states are interface
specific. (4) The effective work function of interface
phases resulting from a reaction determines the E.'° Ad-
ditional models involve variations or combinations of the
above.

Recently, it has been demonstrated that near-ideal
Schottky contacts can be grown under specific condi-
tions: metalization of molecular-beam epitaxy (MBE)
GaAs(100) surfaces at low temperature (90 K).!"!? Stud-
ies of electronic gap states with cathodoluminescence and
photoluminescence spectroscopies indicate significantly
less bulk defect states in MBE- than in melt-grown semi-
conductors [e.g., GaAs (Refs. 11 and 13) and CdTe (Ref.
14)]. In addition, luminescence measurements show that
the metalization of semiconductor surfaces induces a
significantly higher density of gap states on melt-grown
semiconductors than on MBE-grown semiconduc-
tors.>” !> These developments are direct results of the
increasing sophistication of semiconductor and surface
processing. The attainment of nearly ‘“unpinned”
Schottky barriers suggests a need for reevaluation of
models which contain pinning as an intrinsic feature of

13 438 ©1992 The American Physical Society



45 CHEMICAL AND ELECTRONIC PROPERTIES OF . . .

the metal-semiconductor interface.

Because of the wide range of Ep movement now possi-
ble at these interfaces, one can study the influence of sur-
face structural modifications on the interface states and
barrier heights. In this work, we examine the dependence
of Schottky-barrier heights and interface chemistry on
the misorientation of GaAs(100) vicinal surfaces. Here
we provide a full description of experiments to investigate
(1) the chemical activity associated with the nature and
the density of misorientation-induced structural sites, (2)
the formation of electronic states associated with these
nucleation sites, and (3) the role of these sites in
Schottky-barrier formation. Finally, we discuss the im-
plications of these results from the models of Schottky-
barrier formation already mentioned.

II. EXPERIMENTAL PROCEDURES

We carried out soft-x-ray photoemission measurements
(SXPS) at the University of Wisconsin—Madison using
the Aladdin electron storage ring. The monochromatized
synchrotron radiation from the Mark II and Mark V
grasshopper monochromators photoexcite electrons,
which were energy resolved through a double-pass cylin-
drical mirror analyzer. We collected energy distribution
curves (EDC’s) at incident photon energies of 80 and 40
eV for the Ga 3d core level and at incident photon ener-
gies of 100 and 60 eV for the As 3d core level to probe
the interface at two different depths. Typical electron es-
cape depths are ~4—-6 and ~8-10 A for the higher and
lower photon energies selected.!® We also examined the
Al 2p core level at 120 eV and the valence band (VB) at
47-eV photon energies. The overlapping of the reacted
and substrate core-level emissions can be deconvolved
with a nonlinear least-squares curve fit. The band bend-
ing is equal to the rigid shift of the substrate components
of the 3d core levels. The Ga 3d and As 3d components
associated with the interface disruption as well as core-
level attenuation profiles were used to examine the inter-
face chemistry and morphology. The linear extrapolation
of the VB edge to an onset of photoemission determines
the initial value of E referenced to the VB maximum
(Ey). The evolution of the VB edge into a metallic densi-
ty of states and the appearance of an asymmetric line
shape in the Al 2p core emission due to plasmon losses
show the surface metallization. The VB shape was also
used to monitor adatom-substrate interaction and
surface contamination. The overall monochromator-
spectrometer resolution of 0.25-0.3 eV was determined
from the width of the Fermi edge of a 200-A Au film de-
posited onto a thermally cleaned GaAs(100) surface. All
EDC’s collected were normalized to the throughput of
the monochromator, measured by a nickel mesh located
at the exit of the monochromator.

We also performed cathodoluminescence spectroscopy
(CLS) in conjunction with SXPS for Al and Au on
GaAs(100) and GaAs(100)2°—[110]. A grazing incident
electron beam with 1.5-kV electron energy and 6-uA
beam current (measured at the substrate) generated
electron-hole pairs. A CaF, lens positioned in situ
focuses the luminescence light through a sapphire win-
dow onto the entrance slit of a Leiss single-pass mono-
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chromator with flint-glass prisms. The light was detected
with a liquid-nitrogen-cooled Ge detector with a cutoff
energy at 0.7 eV. The full width at half maximum of the
band-to-band transition was =50 meV, decreasing at
lower photon energies. The measured optical system
response provided a normalization of the spectrally
resolved luminescence from the specimen.

GaAs  specimens were  7500-A-thick, n-type
(5X10'%/cm?, Si) MBE grown on 2-in. melt-grown GaAs
wafers. We used the following vicinal substrates: 2° and
4°—[110], 2° and 4°—[111] with Ga dangling bonds per-
pendicular to steps (A4 type), and 1°, 2° and 4°—[111]
with As dangling bonds perpendicular to steps (B type),
with angular precision of +0.1°. The vicinal surface
2°—[111] 4 and [111]g, 4°—[110], [111],, and [111]4
were grown on both semi-insulating substrates and de-
generately doped substrates. All wafers were coated with
a 1-2000-A As layer before removal from the MBE sys-
tem to prevent atmospheric contamination. They were
then stored in N, or vacuum for several days until the
time of the experiments. Tantalum (Ta) foils mounted
onto oxygen-free Cu specimen holders provided heating
for the specimen. For specimens grown on highly doped
substrates, an indium back contact was used to improve
electrical and thermal conduction. For specimens grown
on semi-insulating substrates, Au was evaporated onto
the sides of the specimen’s front surface. In this case, the
Ta clips used for mounting and heating also provided the
grounding for the specimen.

The As cap layer was removed by thermal desorption
in the analysis chamber.!* An infrared pyrometer (Op-
titherm) measured the specimen temperature through a
sapphire window. During the desorption of bulk As
(400°C), the pressure in our chamber remained steady at
~1X107!° Torr (base pressure ~8X107!! Torr) until
~340°C where it rose to a pressure between 5X 10”3 and
2X07 7 Torr. The pressure recovered to <5X10° Torr
when substrate temperature reached ~380°C. The speci-
men surface displayed a “defogging” phenomenon visual-
ly observable during this period: changing from a cloudy
gray to a mirrorlike finish. The desorption of more
“tightly bound” As (Ref. 13) was proceeded by consecu-
tive ramped heatings starting at 550°C with 5°C-10°C
increment for each additional ramp. Here, the pressure
rose gradually to between 8X 107! and 2X107° Torr.
Any drastic increase in pressure was observed in conjunc-
tion with GaAs decomposition. During the desorption of
surface As, the surface was checked spectroscopically be-
fore each additional heating. We terminated this process
when the surface met the desired As/Ga ratio, VB shape,
and Ep position. All thermal desorption were followed
by a fast recovery of specimen temperature, typically
~250°C in <1 min. A Cryogenics-CTI closed cycle re-
frigerator cooled the specimen and remained on at all
stages of the experiment. The temperature of the speci-
men holder varied <20 K during each heating cycle,
measured by a (7% Fe-Au)/Chromel thermocouple. The
specimen temperature was monitored by the thermocou-
ple and compared with the CLS temperature determina-
tion. We measured a 0.07-eV shift in the band-to-band
transition during the cooling of the specimen. Such a
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shift indicates a temperature of ~90 K, consistent with
the thermocouple reading, and indicates a GaAs band
gap of ~1.5eV. We refer to ~90 K as LT (low tempera-
ture) in the text. Resistively heated tungsten coils eva-
porated Al and Au at background pressures less than
8X 10719 Torr. A quartz crystal microbalance monitored
the rate of the deposition.

III. GaAs(100) VICINAL SURFACES

The oriented (100) surface is known to exhibit a rich
variety of reconstructions depending on the surface com-
position.!” "1 A recent scanning-tunneling-microscopy
(STM) study reveals the following surface structures in
the order of increasing surface Ga concentration:
c(4X4),2X4,c(2X8),2X6,4X2 [which is usually seen
as 4X6 in low-energy electron diffraction (LEED)],
c(8X?2), and evidence of 4 X6 LEED order.?® A calcula-
tion of the Ga-stabilized (100)-2X 1 surface indicates Ga
vacancies and surface nonmetallicity.?! Calculations of
the As-stabilized (100)-2 X4 surface have predicted miss-
ing As dimers which promote the coexistence of many
possible alignments of 2X4 cells.”” SXPS investigations
have demonstrated the existence of multiple surface-
shifted components related to the As-rich surface recon-
structions.?»?* A phase diagram of surface structures
versus As coverage as well as the ratio of Ga 3d to As 3d
measured in SXPS has also been established.!” Past
SXPS studies reveal that small variations in surface
stoichiometry, core-level line shape, [Ga)/[As] ratio, and
valence-band shape actually correspond to different sur-
face reconstruction phases.!”2%2*

The vicinal GaAs(100) surfaces consist of domains of
reconstructed (100) surfaces separated by steps.?> The
direction of the surface misorientation determines the na-
ture of the bonding and consequently influences the to-
pography of the step edge. A reflection-high-energy-
electron-diffraction (RHEED) study indicates that the
average terrace width is equivalent to single stepped stair-
cases.”® For instance, an 80-A average separation is ob-
served for 2° off GaAs(100) in the [111] direction.?®
Another RHEED study shows larger terrace width varia-
tion for misorientation toward [111], than toward
[111]; but smaller step-edge disorder for misorientation
toward [111], than toward [111]5.*” For an As-rich
GaAs(100) surface with 2X4 reconstruction, a recent
STM investigation reveals that the step edges are straight
for dimers parallel to the step edge and jagged for dimers
perpendicular to the step edge.”> For vicinal GaAs(100)
surfaces, configurations for the [110] step and for [111]
steps with other than the 2X4 terrace reconstruction are
not yet known.

Vicinal GaAs(100) surfaces are known to promote epi-
taxial growth and the direction of misorientation
influences the film properties. For instance, surfaces
misoriented in [111] , yield smoother morphology than
[111]; for GaAs grown on vicinal Si (100) surfaces.?’
Al Ga,_,As grown on GaAs(100) surfaces misoriented
toward [111], has not only improved morphology but
also improved optical and electrical properties.?®

We have constructed a ball-and-stick model for the un-
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reconstructed, staircaselike GaAs(100) surface to show
the vicinal steps. Displayed in Figs. 1(a), 1(b), and 1(c),
respectively, are Ga-terminated GaAs(100) surfaces
misoriented in the directions of [110], [111],, and
[111]5. The step height shown in Fig. 1 is ay/2, where
a, is the lattice constant of GaAs (5.656 A). For 1°, 2°,
and 4° angles of tilting from the (100) surface normal, ter-

GaAs(100) 20 —[110]

GaAs(100) 20 —[111]

GaAs(100) 20 —[111]g

FIG. 1. Ball-and-stick model for unreconstructed, Ga-
terminated, staircaselike vicinal GaAs(100) surfaces misoriented
in the [110] (a), [111] 4 (b), and [111]; (c) directions. 4 or B here
represent Ga or As atoms on the vicinal steps, respectively.
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race separations are 162.0, 81.0, and 40.5 ;\, respectively.
The step densities are 6.17X10°, 1.23X10% and
2.47X10% steps/cm, respectively. The steps on the
(100)2°—[110] surface are parallel to the [100] direction
with a separation of a, between dangling bonds along the
step. Steps on the (100)2°—[111] surfaces are parallel
to the [110] direction with dangling bonds at a separation
of a/V'2. As illustrated in Fig. 1, for the same angle of
tilting, misorientation in the [111] direction produces a
higher number of bonding sites per step than the [110]
direction. Also illustrated by the model is the difference
in the bonding nature between the step edges due to
different misorientation. The [110] misorientation has As
atoms in the plane of the step edge (shaded region) with
dangling bonds at a 45° angle with respect to the step
edge. The [111], has As atoms below the plane of the
step edge with Ga dangling bonds perpendicular to the
step edge while the [111]; has As atoms above the plane
of the step edge with As dangling bonds perpendicular to
the edge.

We monitored the desorption of the As cap by examin-
ing the As/Ga ratio, Ep, and the VB spectrum. The
desorption is judged complete when the As/Ga ratio
reaches 0.9 in SXPS and when further desorption pro-

T T T T T

A/MBE - GaAs(100)
Ga3d hv=80eV 90K

curve c 15A (100)4°—[111]g

curve b 1.5A (100)2°—(111]g

PHOTOELECTRON INTENSITY (ARB. UNITS)

2 1 0 -1 -2
RELATIVE BINDING ENERGY (eV) (a)
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duces little or no changes in CLS spectra. The corre-
sponding VB features were sharp and comparable to that
obtained for the GaAs(110) cleaved surface.”’ The start-
ing Ep were 0.2-0.3 eV from the conduction-band
minimum and were obtained only after the full desorp-
tion procedure. The SXPS-determined and CLS-
determined surfaces were consistent.

In comparison with the phase diagram of surface struc-
ture versus As/Ga ratios proposed by Bachrach,!? the
As/Ga ratio measured here indicates Ga-rich surfaces
with reconstructions of ¢(8X2) and/or 4X6. The STM
study shows that the c(8X2) reconstructed surface ex-
hibits almost no surface As and the 4X 6 reconstructed
surface is obtained after further annealing at higher tem-
perature.!® Our recent LEED studies of decapped sur-
faces clearly show c (8 X2) and/or diffuse 4 X 6 structures
after final desorption.’® SXPS line-shape analysis of clean
surfaces indicates a single surface-shifted As component.
For Ga, line-shape analysis suggests also a single
surface-shifted feature. Since the configuration of step
edges for ¢ (8 X2) and 4 X 6 terrace reconstruction are not
yet known, in the following discussion we refer to the
ball-and-stick diagram shown in Fig. 1 for densities of
step-related bonding sites.

T T T T T

Al/MBE-GaAs(100)
Ga3d hv=80eV 90K

curve b 1A (100)4°—[110]

PHOTOELECTRON INTENSITY (ARB. UNITS)

curvea 1A (100)2°—[110]

2 1 0 -1 -2
RELATIVE BINDING ENERGY (eV) (b)

FIG. 2. Ga 3d core-level-spectra for (a) 1.5-A Al on the GaAs( 100)—[111]; surface and (b) 1-A Al on the GaAs( 100)—[110]
surface. Dissociated Ga 3d peaks reveal an increasing extent of interface chemistry with increasing angle of misorientation.
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IV. RESULTS
A. Orientation-dependent interface chemistry

1. The Al/GaAs(100) vicinal interface

For misoriented surfaces with a given misorientation
direction, we observe an increase in the relative intensity
of the dissociated Ga 3d component to the substrate Ga
3d component with increasing angle. In Fig. 2, the
surface-sensitive (80-eV) Ga 3d core emissions are plotted
at increasing degree of misorientation and normalized to
the same peak height to emphasize the difference in line
shapes. The zeros on the binding-energy axis indicate the
position of the substrate Ga 3d component after sub-
tracting band bending. For 1.5 A of Al on
GaAs(100)—[111], [Fig. 2(a)], the ratio of the dissociat-
ed Ga to the substrate Ga increases from 0.34 to 0.45
to 0.66 with increasing tilting angle from 1° to 2° to 4°.
Figure 2(b) indicates similar tilting angle-dependent
interface chemistry for 1-A Al deposited on the
GaAs(100)—[110] surface. The ratio of dissociated Ga

T T T T

AI/MBE-GaAs(100)
Ga3d hv=80eV 90K

curve ¢ 1.5A (100)4°—[111]

curve b 15A (100)4°—[111] o

PHOTOELECTRON INTENSITY (ARB. UNITS)

curvea 15A (100) 4°—[110]

1 1 1 1
1 0 -1 -2
RELATIVE BINDING ENERGY (eV) (c)

FIG. 3. Ga 3d core-level spectra for 1.5-A Al deposited on
the 4° misoriented GaAs(100) surfaces. Dissociated Ga 3d
peaks reveal a variation of the extent of interface chemistry in
accordance with the direction of misorientation, reflecting the
role of the atomic bonding on the steps in the interface chemis-
try.
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to substrate Ga increases from below our detection limit
at 2° to 0.19 at 4°.

The Al/[vicinal GaAs(100)] interface chemistry also
depends on the direction of misorientation. Figure 3
shows EDC’s of the Ga 3d core spectra for 1.5-A Al de-
posited on GaAs(100) surfaces 4° off axis toward [110],
[111],, and [111]g, respectively. The Ga 3d core spectra
are again plotted with similar peak heights to show
changes in line shape and have been compensated for
band bending. Figure 3 reflects a changing ratio for the
dissociated Ga to the substrate Ga upon varying sub-
strate misorientation direction; values of 0.40, 0.55, and

T T T T

1

Al/GaAs(100) —[111]g
Total Intensity: Ga3d
hv=380eV 4

1 |
5 10 15
Al COVERAGE (A) (a)

o

T T T T
0r Al/GaAs (100) —~[111]g -
Ga3d (Dissociated)
Ga3d (Clean Surf)
hv=80eV

Partial Intensity:

® 1°
m2°
A 4°

1 1 1 1
0 5 10 15
Al COVERAGE (A) (b)

FIG. 4. Attenuation profiles of total Ga 3d emission intensi-
ties (a) and dissociated Ga 3d emission intensity (b) for
Al/GaAs(100)-——[111]; interfaces. Differences in the total Ga
3d emission decay rate (drawn for 10- and 6.5-A attenuation
lengths) among these vicinal interfaces reflect increasing Ga
segregation. The distribution of the dissociated Ga atoms in the
probing depth reveals the localized nature of the interface reac-
tion.
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0.66 are observed for [110], [111] 4, and [111]p direc-
tions of misorientation. Previously, we have reported
similar orientation-dependent interface chemistry for 5-A
Al on various 2° misoriented GaAs(100) surfaces.?!32

Attenuation profiles for the Ga 3d core emission also
exhibit an orientation dependence. Figure 4(a) displays
profiles for total Ga 3d emissions (hv=80 eV) from
Al/GaAs(100)—[111]; interfaces misaligned 1°, 2°, and
4°. The straight lines are provided as a guide
to the weye to reflect attenuations for the
Al/GaAs(100)—[111]p interfaces misoriented at a
different degree. These Ga 3d emission intensities exhibit
exponential decays. The decay rate, however, appears to
decrease slightly upon increasing the misorientation an-
gle. We obtained 10- and 6.5-A attenuation length for
the two lines shown. The spatial distributions of the dis-
sociated Ga atoms are illustrated in Fig. 4(b). A compar-
ison of the three A1/(100)—[111], vicinal interfaces re-
veals a similar dependence of intensity versus Al cover-
age. The dissociated Ga increases and reaches a max-
imum concentration around 3-6-A Al coverage. Above
such a coverage, the exponential decay continues. The
concentration of the dissociated Ga in the probing depth
exhibits an overall increase with increasing misorienta-
tion.

The corresponding As 3d emissions exhibit little varia-
tion among vicinal surfaces. The As 3d line shape shows
minimal changes upon Al deposition for all vicinal inter-
faces. The attenuation profiles, shown in Fig. 5, are indis-
tinguishable within experimental uncertainty. These at-
tenuation profiles appear to be best described by an ex-
ponential relationship. Such a relationship gives an at-
tenuation length of 5 A.

T T T —
0l Al/GaAs(100)—~[111]g
\ ° Total Intensity: As3d
- hv=100eV i
A
\ ° 1
—_— —1 ~ L] ] (] 20 _‘
) \ A 4°
= °
e [ A .
E 2 \. ] |
A
-3 | |
[
1 | | |

o
[6)]

10 15
Al COVERAGE (A)

FIG. 5. Attenutation profiles of total As 3d emission intensi-
ties. The attenutation length (5 A) indicates As trapping at the
interface. The indistinguishable decay rates eliminates
significant differences in morphology among Al/GaAs(100) vici-
nal interfaces.
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TABLE 1. Percentage of Ga and As atoms with respect to
the initial surface remaining in the sampling depth after 12-A
Au deposition. Comparison among these interfaces indicates
that the extent of interdiffusion increases with increasing densi-
ty of step-related structural sites.

1/1, 1/1,
Misorientation (Ga 3d, 80 eV) (As 3d, 100 eV)
(100)2°—[110] 0.19 0.13
(100)2°—[111],, 0.29 0.25
(100)2°—[111], 0.26 0.22

2. The Au/GaAs(100) vicinal interface

Figure 6 shows nonexponential attenuations of Ga 3d
and As 3d emissions for the Au/GaAs(100)2°—[111],
interface. The less surface-sensitive As 3d emission de-
cays noticeably faster than the corresponding one for Ga,
dropping to less than 6% of its initial value at 12 A (ot
shown). Slightly higher Ga than As concentration in the
sampling depth is observed for all Au interfaces. The at-
tenuations of surface- and bulk-sensitive Ga 3d emissions
are relatively comparable.

The misalignment of GaAs(100) surfaces can change
the reduction rate of Ga 3d and As 3d core emissions for
different vicinal interfaces. Table I shows, with respect to
the clean surface, the percentage of the Ga and As atoms
remaining in the sampling depth after 12- A Au deposi-
tion on GaAs(100)2°—[110], 2°—[111],, and
2°—[111]p surfaces. Comparison indicates a higher ex-
tent of As and Ga concentrations in the probing depth

org Au/GaAs (100) 2° — [110], LT
B v O As 3d 100eV
L v Ga3d 80eV
5 ® As3d 60eV
= v Ga3d 40eV
's
s
= -1r
e |
g v
¥
_2 - o
1 1 1
0 5 10
COVERAGE (A)

FIG. 6. Attenuation profiles of total Ga 3d and As 3d emis-
sion intensities for Au on the GaAs(100)2°— [ 110] surface. The
nonexponential decay of the profiles shown here reflects the
interdiffusive nature of the interface.
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for Au/GaAS(100)—[111] interfaces relative to the
Au/GaAs(100)—[110] interface. Between [111], and
[111], interfaces, however, no significant difference is ob-
served. The Ga and As emission reduction for the A-
type interface might be slightly slower than for the B-
type interface.

B. Orientation-dependent interface electronic properties

1. Metallization of GaAs(100) vicinal surfaces

Figure 7 shows the development of the VB and the VB
edge as a function of Al coverage for the
Al/GaAs(100)4°— [ 111] interface to illustrate the estab-
lishment of an equilibrium Ep. The left EDC’s illustrate
the gradual evolution of a highly structured GaAs VB
into a nearly featureless free-electron-like band upon in-
creasing Al deposition. The right EDC’s of VB edges
show an initial near “flat-band” condition, which is com-
mon for all surfaces reported here. The topmost VB edge
marks the Ep cgf the spectrometer. These VB edges indi-
cate that by 9-A coverage, E has reached its equilibrium
value.

We have observed the above evolution for all Al and
Au/GaAs(100) vicinal interfaces. For Al contacts, we
have also observed the development of an asymmetric
line shape in the Al 2p core-level emission accompanying
the establishment of Er. For Au/GaAs(100) vicinal in-
terfaces, E converges to its equilibrium value by ~5 A.

2. Orientation-dependent Schottky-barrier height

For given misorientation direction, the Schottky-
barrier height at Al/[vicinal GaAs(100)] junctions ap-
pears to depend on the angle of misorientation. Figure 8
shows the position of E with respect to E as a function

of Al coverages for GaAs(100)—[111]; surfaces
T T T TS T T
. Al/GaAs(100)4° —[111]g SYSTEM Er l
= hv=47eV (200A Au)
7))
E VALENCE BAND EDGE
Zp 'o(A) ‘
zZ o(A)
£-
58 15 15
§ <
o 90 90
5 35 35
z 05 05
CLEAN CLEAN
1 L I 1 ! L 1

30 35 40 50 40 4 42
KINETIC ENERGY (eV)

FIG. 7. Evolution of a highly structured GaAs VB into a
nearly featureless free-electron band (left EDC’s) and establish-
ment of an equilibrium E (right EDC’s). The VB evolution in-
dicates complete surface metallization at the highest coverages.
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5% T T T
15 | o LN -
*\4———.
\ __A
< A
310k -
L|J> .—.—. -—1°
L L —m <20 _]
- A—A <« 4°
05 _
_ LT MBE-GaAs(100)—[111]g -
00 L1 I — 1 |
0.0 0.1 10 10

Al COVERAGE (A)

FIG. 8. Er movement in the GaAs band gap as a function of
Al deposition on GaAs(100)—[111]p surfaces. The final Ef
reflects an increasing Schottky-barrier height with increasing
angle of misorientation.

misoriented 1° (circles), 2° (squares), and 4° (triangles).
The Ej for clean surfaces are all located at 0.2-0.3 eV
below the conduction-band minimum. For Al coverages
<5 A, Er—Ej increases with decreasing misorientation
angle, approaching 0.92, 0.78, and 0.65 eV for metallic
(210 A) coverage.

The E.—E, at Al/GaAs interfaces also depends on
the misorientation direction. We have demonstrated pre-

T T T T T T T
15 LT A//MBE-GaAs (100)
[ ]
— \ —
AN
AN
—10 | \\ -1
3 N
Lu> \\\‘
g T,
05 - ® (100) m
® [110]
B m [111]a i
A [111]g
0.0 1 1 1 1 1 | 1

0 1.0 20 3.0 40 5.0 6.0
DENSITY OF ACTIVE SITES (108 cm—2)

FIG. 9. Position of Ey with respect to the VB maximum vs
density of step-related sites estimated by using the ball-and-stick
model shown in Fig. 1. Inclusive of misorientation angles and
directions, the barrier height at the Al/GaAs(100) vicinal inter-
face increases with increasing density of active sites.
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viously that as the misorientation direction for the 2° off-
axis GaAs(100) surface changes from [110] to [111], or
[111]g, the barrier height at the Al/GaAs vicinal inter-
face varies from 0.55 to 0.76 eV.3"32 For the aligned
(100) surface, previous studies reported the barrier height
could be as low as 0.2-0.3 eV for Al contacts.!!1?

In Fig. 9 we show the correspondence between the
measured Al/GaAs barrier height and the density of
step-related bonding sites, inclusive of misorientation
directions and angles. The defect densities are estimated
from the ball-and-stick model shown in Fig. 1. Figure 9
shows that the barrier height increases monotonically as
a function of active site density. A energy range of 0.65
eV is obtained between the aligned surface and the most
“degraded” surface studied here (4°—[111]5 (100) sur-
face).

For Au/GaAs interfaces, our previous report has
shown that the barrier height appears much less sensitive
to the substrate misorientation.*!"%?

3. Interface-specific electronic states

The formation of electronic states in the band gap ap-
pears to be specific to the interface. We demonstrate this
specificity by comparing the observed interface state for-
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mation at the misoriented Al and Au/GaAs interfaces to
that at the corresponding aligned interfaces. In Figs. 10
and 11, respectively, we show CLS spectra for the Al
aligned (a) versus misaligned (b) interfaces and the Au
aligned (a) versus misaligned (b) interfaces. In each
figure, spectra a, b, and ¢ are for the clean surface, the
metallized surface, and the difference curve between
metallized and clean surfaces, respectively.

CLS spectra in Figs. 10(a), curve a, and 10(b), curve a
exhibit intense band-to-band luminescence and weak
deep-level emission within the band-gap characteristic for
the clean MBE-grown GaAs.!* Magnification of the
below-band-gap region indicates spectral shape variations
among surfaces. These variations appear to be minor
when comparison is made between the aligned surfaces or
between the misoriented surfaces, but more significant
when comparing between the aligned and misoriented
surfaces. Structureless and continuous emissions are typ-
ical for the clean (100) surface. For the 2°—[110]
misaligned surface, the emission is weighted toward
0.9-0.95 eV.

Metal deposition introduces additional emissions in the
below-band-gap region [Figs. 10(a), curve b, and 10(b),
curve b]. Difference spectra—Figs. 10(a), curve ¢, and
10(b), curve ¢ —between the metallized and the clean sur-
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FIG. 10. CLS spectra from well-aligned (a) and misaligned (b) A1/GaAs(100) interfaces. Comparison indicates that Al deposition
induces different electronic states: preferential emission at ~0.9-0.95 eV is observed for the misaligned interface.
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faces emphasize the metal-induced emissions. The verti-
cal bars here mark the uncertainty for these difference
curves. Au induces relatively narrow optical emissions
peaked around 1.2-1.25 eV for both aligned and
2°—[110] misaligned surfaces while Al introduces an
overall emission enhancement over the entire below-
band-gap energy range detectable for both surfaces.

The metal-induced states appear to be orientation
dependent for the Al/GaAs(100) interface. For the
oriented interface, the Al-induced emissions are weighted
toward the 1.15-eV optical transition while for the
misoriented interface, additional emission at 0.9-0.95 eV
is observed.

V. DISCUSSION

A. Orientation-dependent interface chemistry

1. The Al/GaAs(100) vicinal interfaces

The dependence of the Al/GaAs interface chemistry
on the misorientation angle indicates that the structural
defects induced by the misorientation are chemically ac-
tive. In fact, reactivity increases with the misorientation
angle. Normalized to the initial clean surface, increasing
the misorientation angle from 1° to 2° results in an ~5%
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increase of dissociated Ga in the probing depth. Upon
further increasing the angle from 2° to 4°, one observes
9% more dissociated Ga in the sampling depth. This in-
crease of the interface reaction versus the active site den-
sity demonstrates the effectiveness of these structural de-
fects as nucleation sites for Al/GaAs interface reaction.
The dependence of the Al/GaAs interface reaction on
the direction of misorientation reveals how interface
chemical reactivity depends on the bonding sites avail-
able. We observe that Al is more reactive with B-type
steps than A-type steps (Fig. 3).2® Crystallographic
orientation-dependent preferential chemical etching and
oxidation indicates that As-terminated surfaces are more
reactive than Ga-terminated surfaces.’>3* The higher
reactivity of B-type steps compared to A-type steps is
likely to be due to As atoms being more available to bond
Al in the former. We also observe that steps with Ga
atoms in the [111] , direction are more reactive com-
pared to steps in the [110] direction, although the ball-
and-stick model (Fig. 1) shows that the [110] steps consist
of As atoms. Three factors may contribute to this
difference: (1) for the same degree of misorientation, the
[111], misoriented surface has more nucleation sites
than the [110] misoriented surface, (2) for [111],, As
atoms are still exposed although in the second layer and
without a dangling bond, which may also have an effect
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FIG. 11. CLS spectra from well-aligned (a) and misaligned (b) Au/GaAs(100) interfaces. Au deposition induces similar electronic

states in the band gap for the two interfaces.
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on the interface chemistry, and (3) the configuration of
the [111], step edge can be significantly different from
that of the [110] step edge, resulting in variation of active
site densities as well as the atomic structure of the edge
(the relative position of the As atoms to the Ga atoms on
the edges). STM results have recently shown that the
step-edge configurations are indeed quite different for 4
and B steps on GaAs(100)-2 X 4 surfaces.?’

With attenuation profiles, one can probe interface mor-
phology and the overlayer growth. Epitaxial growth
would give rise to an exponential attenuation as a func-
tion of layer thickness while clustering or interdiffusion
would give a nonexponential dependence. The exponen-
tial attenuation of Ga and As 3d core emissions (Figs. 4
and 5) indicates that the Al growth is nearly layer by lay-
er for different vicinal surfaces. A slight dependence of
the attenuation profile on the misorientation is observed
for the Ga 3d core emission [Fig. 4(a)] but not for the As
(Fig. 5). Assuming similar uncertainty in the estimated
Ga and As 3d emission intensity, the observed difference
in the Ga 3d core emission attenuation length due to
changing misorientation angle (Fig. 4) implies Ga segre-
gation. The extent of this segregation depends on the
misorientation angle. Epitaxial growth of an Al over-
layer on GaAs(100) has been observed before. For in-
stance, Al grows more homogeneously on GaAs(110) at
60 K due to the reduction in the mobility of Al atoms.*
Growth of Al on GaAs(100) surfaces results in Al epitaxy
with crystallinity dependent on the GaAs(100) surface
reconstruction, the stoichiometry, the disorder, the
growth temperature, and the growth rate.3¢ ™4

The spatial variation in the number of dissociated Ga
atoms with depth [Fig. 4(b)] indicates a localized inter-
face reaction, mostly within a 3-6- A range of the mter-
face. The relatively small electron escape length (5 A) de-
rived from the As 3d attenuation (which is less than the
Ga 3d attenuation length) also reflects a localized inter-
face region and As trapping at the interface. The 3-6-A
interface width implies that only a few layers of the inter-
face are disrupted.

The Al/GaAs interface reaction has been character-
ized in the past as a replacement of Ga with Al to form
AlAs and solid solution of Ga in the overlayer.*! Forma-
tion of Al ,Ga,_,As has been observed more recently
after annealing at elevated temperatures.*!™* For
MBE-GaAs(100) surfaces, previous studies’®*° have re-
ported a partial replacement reaction for the Ga-
terminated 4 X 6 surface at room temperature. Here, the
absence of line-shape changes in the As 3d core rules out
the formation of multiple cation-As compounds. The dis-
solution of Ga atoms from GaAs is mostly due to the for-
mation of AlAs at the interface.

By comparison, Al on melt-grown GaAs(110) cleaved
surfaces and on As capped/decapped MBE (100) surfaces
differ in the following ways: (1) The Al/GaAs(110) inter-
face reaction appears to be temperature independent,’
while the Al/GaAs(100) interface reaction is reduced at
lower growth temperature.!’!? (2) At room temperature,
Al clusters on the GaAs(110) surface, but can grow epi-
taxially on the (100) surface.** Perhaps the epitaxial
Al/GaAs(100) relation inhibits chemical reaction to the
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same extent as observed for Al/GaAs(110), where no
such epitaxial relation exists.

2. The Au/GaAs vicinal interfaces

Au deposition on GaAs(100) vicinal surfaces induces
significant interdiffusion. The attenuation of both Ga 3d
and As 3d core emissions shows nonexponential growth.
The comparable decay rates between surface- and bulk-
sensitive Ga 3d emissions underline the diffusive rather
than island-formation nature of the interface. Clustered
growth would have resulted in a nonexponential attenua-
tion for which surface-sensitive emission decays faster
than that of the bulk-sensitive emission.

For Au/GaAs(100) vicinal contacts, the step-
related structural sites also play an important role in
observed misorientation-dependent interdiffusion. The
GaAs(100)—[111] surface has a higher density of step-
related defect sites than the GaAs(100)—[110] surface,
consequently the interdiffusion appears more extensive
for the former than the latter (Table I).

However, the atomic bonding on the steps does not
significantly affect the interface diffusion process between
the A- and B-stepped surfaces. This apparent insensitivi-
ty may be attributed to the diffusive rather than the reac-
tive nature of the interface. Bauer has reported that Au
tends to agglomerate at pitted areas on etched GaAs(100)
surfaces.*” The A4 and B steps are equivalent in terms of
sites for agglomeration and, consequently, showed here
comparable diffusion processes. The overall reactivity of
a Au/GaAs(100) vicinal interface thus depends on the
number of defect sites available.

Past studies have shown Au/GaAs interface intermix-
ing. The extent of the interdiffusion and the interface
morphology, however, varies from surface to surface ac-
cording to the growth condition. For instance, Au grown
on a MBE-GaAs(100) surface at temperatures higher
than 300°C shows both interdiffusion and clustering.*®
Annealing of a room-temperature-grown Au/(MBE-
GaAs) interface at 300 °C increases the surface content of
Ga.*® Subsurface As layer formation at Au/[MBE-
GaAs(100)] interfaces has been observed.*’ Vermaak,
Snyman, and Auret reported epitaxially grown Au on
melt-grown, etched GaAs(100) surfaces and found that
the epitaxial growth could be destroyed by carbon con-
tamination.* These results reflect an interface-specific
chemical activity. The orientation-dependent interface
interdiffusion presented here is another demonstration for
the importance of local atomic interface structure upon
interface chemistry.

B. Orientation-dependent electronic properties

1. Surface photovoltage (SPV)

Recent studies have demonstrated that the magnitude
of SPV during synchrotron radiation photoemission ex-
periments can influence the determination of Schottky-
barrier heights at metal-semiconductor interfaces, espe-
cnally for low doped semiconductors at low tempera-
ture.* The SPV, however, can be eliminated by using
highly doped semiconductors, semiconductors at elevated
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temperatures, or semiconductors with conducting (metal-
lized) surfaces.*” The elimination of SPV through surface
metallization depends sensitively on the conducting path-
way. The conductance of the specimen surface, its sides,
and the position of contacts to the surface are relevant.
For instance, isolated metallic islands, preferentially
grown at room temperature, have little effect on dimin-
ishing the photovoltaic charging.**® More efficient elec-
tron conduction in homogeneous metallic films grown at
low temperature compensates the reduced thermionic
carrier recombination at these low temperatures.’! Thus,
metallic interfaces formed at low temperature appear to
be more efficient in the elimination of SPV."!

Several methods have been proposed®' ~>° to measure
the magnitude of SPV: determining the dependence of
Ep on the substrate temperature,’>>*%° determining the
difference between the E of the interface and that of the
system,” and surface photovoltage spectroscopy.** The
measured SPV can be used to correct the band bending
and thus to obtain the actual Schottky-barrier height at
metal-semiconductor interfaces.’!"%*

We observe no measurable SPV within our experimen-
tal uncertainty ( <0.1 eV) at the thickest metal coverage.
We have established that the interface E. [for all
metal/GaAs(100) interface systems] matches that of the
spectrometer. Following the work of Alonso, Cimino,
and Horn,”! alignment of the Fermi cutoff for the metal-
lized surface with the E of the system is indicative of
negligible SPV.

2. Orientation-dependent Schottky-barrier height
and interface states

The dependence of the Al/GaAs(100) barrier height on
the misorientation angle implies that the misorientation-

induced step sites are electrically active. We can
also associate the larger barrier height at the
Al/GaAs (100)—[111] interface over that at the

Al/GaAs(100)—[110] interface with the higher active
site density at the [111] misoriented surface.*""*? Our ob-
servation that the E; moves from E,+1.3 eV (near the
Schottky limit) to E, +0.65 eV (Fig. 9) as a function of
step-related active-site density indicates stabilization of
the Ep at interface states located at <E,+0.65 eV.
Such a convergence implies a creation of electronic gap
states due to substrate misorientation and reflects a corre-
lation between the Al/GaAs interface electronic states
and the surface structural sites.

CLS results show that misorientation introduces elec-
tronic states associated with an ~0.9-eV optical transi-
tion at the Al/GaAs(100) interface (Fig. 10). Evidence of
the misorientation-induced states also appears in clean
surface CLS spectra [Figs. 10(a), curve a, and 11(a), curve
a]; however, their effect on band bending cannot be as-
sessed by SXPS experiments due to the presence of the
SPV on unmetallized surfaces.’> At the Al/GaAs inter-
face, the formation of these electronic gap states may be
the cause for the E to move from the ideal Schottky po-
sition. The 0.9-eV optical transition corresponds to a gap
state at E,,+0.6 eV, consistent with the convergence in-
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dicated by the Ep—E versus the density of active-site
relationship (Fig. 9).

The Au/GaAs vicinal interfaces exhibit little variation
(<0.15 eV) with respect to the surface misorientation, in
contrast to the Al case (0.65-eV variation). Our results
suggest that misorientation dependence of the barrier
height is specific to the interface. Indeed, the gap states
which affect the Schottky-barrier heights are different be-
tween the Al and Au/GaAs interfaces. CLS [Figs. 10(a),
curve ¢, and 11(a), curve ¢] demonstrates that in contrast
to Al deposition, Au deposition on misoriented surfaces
apparently does not introduce additional states in the
band gap.

Compared to MBE-GaAs(100) aligned surfaces, the
MBE-grown vicinal surfaces differ in surface perfection.
A review of past measurements in the literature further
emphasizes the role of the local interface structure in the
Schottky-barrier formation. Both Al/GaAs and
Au/GaAs barrier heights vary according to physical pa-
rameters involved in forming the interface. This varia-
tion is particularly evident for the (100) interfaces where
the initial surface possesses a variety of reconstruction.
For Al interfaces, Al barrier heights between 0.62 and
0.83 eV have been reported for various GaAs(100) surface
reconstructions.’”>¢7  In fact, different Al barrier
heights have been reported by different research groups
for the same surface reconstruction. For an n type
GaAs(100)-c (2 X 8) surface, Zhang et al.** measured a
barrier height of 0.62 eV and Al/GaAs interfaces, while
Svensson, Landgren, and Andersson,”” Cho and Der-
nier,’® and Wang® reported 0.76 eV, both using the
current-voltage technique. Other than the unprecedent-
edly low Al barrier height observed in SXPS for Al on
the low-temperature, MBE-grown, Ga-rich GaAs(100)
prepared by the As-capping/decapping procedure de-
scribed here, Barret and Missous® measured an Al bar-
rier height as low as 0.55 eV using the current-voltage
technique, however with a poor ideality factor. Sun
et al.®! showed that the Al barrier height depends sys-
tematically on the sample history. Okamoto®? also re-
ported a barrier height dependence on the Al deposition
condition. Recently, Costa et al.3 have shown that by
varying the deposition condition of a Si interlayer, the Al
barrier height changes significantly between 0.3 and 1.04
eV. For Au/GaAs interfaces, similarly, barrier heights
between 0.9 eV (Refs. 64 and 65) and 1.1-1.2 eV (Ref. 66)
have been reported. Examples of band bending accord-
ing to the interface-preparation-surface morphology can
be extended to many other systems. For instance, bar-
rier heights of 0.83 and 0.97 eV are observed for Ag on
GaAs(100)c(2X8) and (100)4 X6, respectively;(’7 NiSi,
on Si results in different barrier heights depending on the
epitaxial relationship;%® and the Ey pins at energies asso-
ciated with dislocations on the surface.”” Recently,
Palmstrédm et al. have demonstrated a large variation in
barrier height for epitaxy ErAs on GaAs depending on
the GaAs surface orientation.”® Thus, Ep apparently
does not “pin” at a fixed energy position in the gap and
the differences in barrier heights among various measure-
ments can be attributed to the interface-specific electron-
ic properties.”! ™73
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3. Correlation of interface states
versus step-induced active sites

The aforementioned relationship between barrier
heights, interface states, and active site densities can be
established by using a self-consistent electrostatic analysis
proposed by Mailhiot and Duke.”* The barrier height is
calculated versus metal work function for a given semi-
conductor. The calculation includes shifts in barrier
height due to the formation of an interface dipole. The
shift in the interface dipole caused by subsurface traps
can be matched to experimental measurements, and in
this way one can extract the density and energy of the
charged interface states. Specifically, by fixing the ener-
gies and the nature (acceptor or donor) of the charge
states, we can calculate the deviation in barrier heights
from the ideal Schottky limit in terms of the density of
these charge states at the metal-semiconductor interface.

We have selected the energy of the charge states based
on our CLS results. CLS measures a transition associated
with steps at 0.9 eV, and a transition intrinsic to the sur-
face at ~1.25 eV. We have chosen an acceptor state at
E,+0.6 eV, corresponding to the 0.9-eV transition ob-
served. For a large enough acceptor state density, Ej is
expected to pin at the acceptor level. In our previous
analysis of misoriented interfaces, we used a 0.8-eV ac-
ceptor state, consistent with several metals on oriented
GaAs(100).'? However, for the misoriented surfaces, a
variable density of the 0.6-eV acceptor state appears
more appropriate. The ~1.25 eV transition corresponds
to an acceptor state intrinsic to the semiconductor at
~E,+0.2 eV. A fixed density of 5X10'2/cm? best fits
the obtained Au barrier heights for both oriented and
misoriented surfaces. Aside from the assumption that
these charge states lie 10 A below the semiconductor sur-
face away from the interface, no other adjustable parame-
ters are involved in the analysis. (Numerical results
would be somewhat different if the position of defect
would change. 10 A here is a representative number.)

We display in Fig. 12 a family of curves presenting the
results of the analysis for the Al/GaAs(100) vicinal inter-
faces for various interface state densities. Figure 12
shows that the Al/GaAs barrier height increases with the
density of 0.6-eV acceptor states, while the Au barrier
heights are insensitive to the 0.6-eV acceptor state densi-
ty. This overlayer dependence occurs because the 0.2-eV
acceptor states mostly affect the barrier properties for the
the high work-function metals while the midgap acceptor
influences the behavior of Schottky barrier for lower
work-function metals.'?

From this family of plots, we can determine the density
of the 0.6-eV acceptor state that gives rise to the mea-
sured barrier height at Al/GaAs(100) vicinal interfaces.
Figure 13 plots the density of the 0.6-eV acceptor state
determined from experiments versus the density of step-
related active sites determined by the geometry of the un-
reconstructed steps. The straight line drawn is deter-
mined by linear regression. The slope of this straight line
is 0.61. The error bars follow from a rigorous convolu-
tion of the uncertainty in density due to the 0.05-eV CLS
resolution in measurement of the acceptor-state energy
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and a 0.05-eV precision in the core-level shift measure-
ment. The large upper error bar at the highest active site
density is due to the asymptotic behavior near the E sta-
bilization energy, where small deviations in the E posi-
tion causes large variations in the density of interface
states.

The slope of 0.61 in Fig. 13 suggests that Al metalliza-
tion of each chemically active site at a step produces the
equivalent of ~2 acceptor charges. A proportionality
greater than unity would imply that the misorientation-
induced charge site at the interface alone could not pro-
duce the measure barrier height or that the charge site re-
sides farther than 10 A below the surface. Extrapolation
of the linear dependence gives a density of 1.1Xx10"
cm ™2 for the 0.6-V state at the oriented GaAs(100) sur-
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FIG. 12. Self-consistent electrostatic analysis of barrier
heights at Al and Au/GaAs(100) vicinal interfaces. The family
of plots represents a fixed acceptor state density of 5X 102 cm ™2
at E},+0.2 eV and varied acceptor state densities at E;, +0.6 eV
(see inset). Increasing Al barrier heights correspond to increas-
ing midgap state densities, underlining a correlation between
the density of midgap states vs the density of step-related active
sites.
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FIG. 13. Relationship between the density of the 0.6-eV ac-
ceptor state (extracted from Fig. 12) and the density of step-
related sites (extracted from Fig. 1). The linear correspondence
emphasizes the role of misorientation-induced active sites in the
formation of interface states. The slope suggests that each ac-
tive site creates ~% acceptor charge and the extrapolation indi-
cates a low density (1.1X10'* cm™2) of the 0.6-eV state for the
aligned Al/GaAs(100) interface.

face, confirming previous CLS results showing a low in-
terface state density for metals on the well aligned sur-
faces.!>!>7% Although this correlation fixes the depth of
the interface states and estimates the active site densities

from unreconstructed, staircaselike steps, the nearly one-
to-one correspondence demonstrates the role of
misorientation-induced bonding sites in the formation of
interface states. Such a relationship may be useful in es-
tablishing a tradeoff between epitaxial growth efficiency
and electronic perturbation.

Finally, in comparison to the various models for
Schottky-barrier formation, our results do not support
models that predict the E pinning and its insensitivity to
the interface conditions.®”® Our observations indicate in-
stead that the details of chemical activity at the intimate
interface influence the contact electronic properties and
their relation to the ideal Schottky behavior.

VI. CONCLUSION

We have demonstrated an orientation-dependent inter-
face chemistry and electronic barrier formation for Al on
GaAs(100) misoriented surfaces. We have provided evi-
dence for the importance of local interface structure on
the macroscopic contact electronic properties. By ex-
tracting deep-level densities from the E stabilization en-
ergies measured by SXPS and the deep-level energies
measured by CLS, we have established a relationship be-
tween the interface states near midgap and the chemical-
ly active sites believed due to misorientation. Overall
these results show that intentionally misoriented GaAs
substrates commonly used to facilitate epitaxial growth
can have major effects on the interface electronic proper-
ties.
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