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Microstructure and strain relief of Ge films grown layer by layer on Si(001)
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We have studied the microstructure of Ge films grown layer by layer on Si(001) surfaces. The
growth mode was changed from a Stranski-Krastanov mode (layer by layer for 3 monolayers, fol-

lowed by islanding) to a layer-by-layer growth mode by passivation of the surface with 1 monolayer

of arsenic. This change in growth morphology results in drastic changes in the mechanism of strain

relief. Unlike films grown on bare Si, these films remain pseudomorphically strained up to a thick-

ness of about 10 monolayers. At a film thickness of 12 monolayers, we observe the catastrophic for-

mation of strain-induced defects. These consist of several I111I planes tilted perpendicular to the

substrate. The defects are V-shaped and, consequently, relieve the misfit progressively as the film

grows. At a film thickness of 50 monolayers, we observe that the V-shaped defects serve as nu-

cleation sites for dislocations that climb down into the Si substrate. These dislocations then glide

through the film to relieve the misfit in previously undefected areas. Thus, the misfit is relieved

partly by V-shaped defects located in the Ge layer and partly by edge dislocations located in the Si
substrate. For thick films, we observe that most of the V-shaped defects have been covered by Ge
oriented epitaxially with the substrate, but they have also generated twins and stacking faults that

extend throughout the whole film. This work has fundamental implications for the understanding

of strain relief during "normal" growth. Indeed, it demonstrates that the so-called critical thickness

has to take into account the formation energy of the strain-relieving defects (in general, disloca-

tions), and not only the energy to move the defects, as has generally been done up to now.

I. INTRODUCTION

Strain and strain-relief mechanisms play a considerable
role in determining the microstructure and electronic
properties of thin films. For example, strain can change
the band gap in thin Si/Si-Ge (or Si/Ge) multilayers. To
obtain technologically useful materials, it is important in
this case to completely inhibit the formation of defects.
This can be accomplished by working well below the
'critical thickness" at which it becomes energetically

more favorable to generate strain-relief defects (generally
dislocations) rather than strain the film as a whole. This
limits the range of thickness and composition, and thus
the electronic properties, that can be achieved. On the
other hand, relaxed films are also important, providing
new substrates for complicated structures. For example,
a completely relieved Ge layer on Si could be used to
grow undefected GaAs layers on Si, since Ge and GaAs
are lattice-parameter-matched. The problem here is to
obtain a relaxed layer where the strain-relief defects do
not extend through the film, but are buried, so that the
top surface remains perfect. In general, this is very hard
to control as both pure edge dislocations and threading
dislocations are formed during growth. Thus, under-
standing and controlling strain-induced defects and their
mechanism of formation are critical to further use and
development of thin epitaxial films for technology.

Ge normally grows in the Stranski-Krastanov mode on
Si(001), i.e., it grows layer by layer for 3 monolayers, and
forms islands thereafter. This is explained by the fact
that, even though Ge has a lower surface free energy than
Si (thus the initial layer-by-layer growth), the strain be-

comes too high very fast, rendering island growth more
favorable. When islands are formed, it is easy to visualize
how dislocations are introduced at the interface: disloca-
tions can nucleate at the edge of islands and then glide
underneath the island. When a complete layer is finally
achieved, the network of dislocations is already estab-
lished. The problem in this case is that, when the islands
meet, they tend to generate threading dislocations, and
sometimes other defects such as twins.

Recently, Copel et al. ' and LeGoues et al. have
shown that Ge growth on Si(001) can be drastically al-
tered by using a monolayer of arsenic as a growth con-
trolling "surfactant. " The growth mode changes from
Stranski-Krastanov to layer by layer, which has a consid-
erable e8'ect on the film morphology and microstructure.
Indeed, it was shown that, in this case, misfit dislocation
formation is completely inhibited. Instead, a strain-
induced defect was observed. These findings demonstrate
the importance of growth mode on final microstructure.

In this paper we investigate the morphology, micros-
tructure, and strain-relief mechanisms for thin Ge films
grown with an As surfactant, in a range of thicknesses
froin 8 to 65 monolayers. The thinnest films (8 mono-
layers) are completely strained and pseudomorphic, i.e.,
no defects and/or islands are formed. At a thickness of
12 monolayers, previously described strain-induced de-
fects have formed throughout the film. These consist of
several I 111] planes tilted perpendicular to the direction
of maximum strain, and forming a V-shaped defect.
These defects have the remarkable characteristic of re-
lieving the misfit progressively, so that, in principle, they
could relieve the film as it grows, without having to intro-
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duce any other defect. At film thicknesses of about 50
monolayers, we nonetheless observe that, instead of
growing, the defects act as "injection" sites for edge
dislocations that climb down into the Si substrate and
then glide through the rest of the sample. Thus, the
strain relief is now shared by the original defects in the
Ge layer, and dislocations located in the silicon substrate.
Finally, at the highest thickness investigated, we find that
some of the defects are overgrown by undefected Ge,
leaving a perfect Ge layer on top. However, the majority
of the defects generate extended defects growing all the
way through the Ge films. These are mainly stacking
faults which probably play the dual role of minimizing in-

terfacial energy between the defects and the rest of the
film and of relieving any remaining strain.

We discuss the mechanisms of formation of the ob-
served defects, the strain-relief mechanisms operating in
this system, and the implications on formation of disloca-
tions during "normal" growth. Possible uses of this
growth technique for growing perfect, relaxed Ge films
are considered.

II. EXPERIMENTAL TECHNIQUE

by 1 monolayer of As prior to Ge growth, and an over-
pressure of As was supplied during growth. For the
thinner samples, a Si cap was deposited on the Ge film in
order to avoid oxidation and loss of Ge. Samples were
prepared for both planar view and cross-sectional
transmission electron microscopy observation by
mechanical thinning to about 50 pm, and then ion milling
to electron transparency. Samples were observed on a
Philips 430 microscope operating at 300 kV and on a
JEOL 4000 microscope operating at 400 kV.

III. RESULTS

A. Growth without arsenic

Figure 1(a) shows a cross-sectional micrograph of 8
monolayers of Ge [1 monolayer (ML) =6.78 X 10'
atoms/cm ] deposited on a clean Si(001) substrate. The
Ge film has agglomerated in epitaxial, pseudomorphic is-
lands. After further growth [Fig. 1(b)], the islands have
grown in size, and are no longer pseudomorphic, as the
appearance of misfit dislocations at the Si/Ge interface
(see arrows) clearly indicates.

The growth technique used in this study was described
in detail in Refs. 1 and 2. Briefly, Si samples were
cleaned by mild sputtering followed by a short flash at
1050 C. Ge was deposited in UHV at 500'C at rates of
about 0.3 monolayer/min. The Si surface was passivated

B. Growth with arsenic

In contrast, Fig. 2(a) shows a Si/8 ML Ge/Si(001) sam-
ple grown with a monolayer of As present on the surface.

S:» h. .i»,

(b)
FIG. 1. Cross-sectional views of samples grown without surfactant. {a) 8 monolayers. Note that the islands are still pseudomorph-

ic. {b) 15 monolayers. Arrows indicate the presence of dislocations at the interface between the island and the substrate.



11 692 F. K. LeGOUES, M. COPEL, AND R. M. TROMP

Although growth rate and temperature were the same as
in Fig. 1(a), islands are now conspicuously absent. The
Ge film is epitaxial, pseudomorphic, and uniform in

thickness.

1. V-shaped defects

Figure 2(b) shows the microstructure of a 12 mono-
layer film of Ge. First, it is clear that the Ge layer is still
continuous, and that layer-by-layer growth has been
maintained. Secondly, we now observe the appearance of
strain-induced defects [indicated by an arrow in Fig.

2(b)]. Figure 3 shows a planar view of this sample and,
for comparison, of a similar sample grown without sur-
factant. When no surfactant is used, small islands of Ge
are observed, which have the lattice parameter of bulk
Ge. This can be concluded both from the observation of
Moire fringes on the image and from the splitting of the
diffraction spots [see also Fig. 1(b)]. The sample grown
with As shows a uniform background (no islanding), and
numerous linear defects aligned along the (110) direc-
tions. These defects give rise to extra diffraction spots
corresponding to a lattice spacing of 0.31 nm, which is
the I 1 1 1 ( spacing for Si or Ge [see the diffraction pattern

(aj

'Ple J

(c)

FIG. 2. Cross-sectional views of the samples gro~n v.ith an arsenic surfactant. (a) 8 monolayers; (b) 12 monolayers; (c) 50 mono-
layers; (d) 65 monolayers.
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FIG. 3. Planar view of 12 monolayers grown on (a) bare Si and (b) arsenic passivated Si. The arrow on the diffraction pattern on

(a) indicates the splitting of the spots showing that Ge has the lattice parameter of bulk Ge. The arrows on (b) show the extra spots
associated with the V-shaped defects.

in Fig. 3(b)]. This indicates that the thin defects corre-
spond to platelets in which the [111] lattice planes are
oriented perpendicular to the substrate. Another impor-
tant observation is the lack of Moire fringes. Figure 4
shows a high-resolution cross-sectional view of the defect
as well as an atomic model. The corresponding simulat-
ed image shows good agreement with the experimental
image. The defect can be described as several (three to
five} I111I planes tilted perpendicular to the substrate.
The defect forms a V, where each branch of the V lies
along a (112) direction. Thus the boundary between the
defect and the rest of the Ge film can be described as a X9
boundary, ' i.e., a symmetric tilt boundary with a tilt an-

gle of 38.94' and a I110I tilt plane. We note that, since
each X9 boundary defines a microcrystal related to the
other by a twin (located at the center of the defect), and
the twin is by definition symmetric, the actual tilt angle
of the boundaries has to be 35.26' (the angle between the
[001]and the ( 112) directions in a cubic crystal}. Thus a
disclination of 3.68' exists at each boundary which has to
be accommodated by strain.

2. Misfit dislocations

The second stage of strain relaxation is defined by the
appearance of edge dislocations in the Si substrate, and is

[112) twin

G' -'-

FIG. 4. Cross-sectional view of one defect in the 12-ML Alm, atomic model, and corresponding image simulation (the parameters
for the simulations are described in Ref. 11).
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FIG. 5. Cross-sectional view&, atomic model, and simulation of one defect in the 50-ML 61m.

exemplified in Figs. 2(c), 5, and 6. Figure 2(c) shows a 50
monolayer Ge film. Defects are very similar to that de-
scribed in Fig. 4, i.e., they correspond to several I111)
planes tilted perpendicular to the substrate. A twin is
present at the center of the defect forming two microcrys-
tals. Close inspection of this defect indicates several
differences with the ones observed in thinner films. One
example is shown at high magnification in Fig. 5. First,
the defect is now no longer Y shaped: instead, its boun-
daries now lie along the [001] direction, perpendicular to
the substrate (although, for the sake of simplicity, we will
keep referring to these as V-shaped defects). Secondly, a
pure edge dislocation has now appeared inside the Si sub-
strate itself. This can be made more obvious by drawing
a Burger circuit, confined in the Si, at the tip of the de-
fect Several .examples are shown in Fig. 6, and Fig. 5
shows an atomic model of one of the defects, where the
location of the dislocation has been indicated. In Fig.
6(b) we show one defect that has been overgrown by un-
defected Ge, so that a Burgers circuit can be drawn
around the V-shaped defect itself, showing a Burgers vec-
tor equal to a/&2, equivalent to a pure edge disloca-
tion in Si. The total Burgers vector for the V-shaped de-
fect and its associated dislocation is a&2, or two pure
edge dislocations. All of the V-shaped defects observed
at this thickness were associated with an edge dislocation
located at some depth in the Si substrate. Figure 7 shows
a planar view of the sample. %hen viewed exactly per-
pendicular to the substrate, along the [001] direction, the
sample only shows a well-defined set of Moire fringes, in-
dicating a difference in lattice parameter between some
part of the film and the substrate (this can also be seen
from the splitting of the diff'raction spots). By tilting the
sample off the exact [001] zone axis by a few degrees, we
can greatly reduce the contrast of the Moire fringes, so
that the square, if somewhat irregular and wavy, network
of dislocations is now easily observed [Fig. 7(b)]. Dark
field micrographs obtained from the reflections due to the

V-shaped defects are shown in Fig. 7(c) and 7(d). Each
defect is associated with a dis1ocation that then extends
to other parts of the samples. Most dislocations meander
from one defect to another, thus accounting for the wavi-
ness of the network.

3. Other defects

Figure 2(d) shows a thick Ge film (65 monolayers). At
this relatively low magni6cation, several defects are visi-
ble Some seem similar to the ones described above, while
some seem to be only microtwins or stacking faults. All
of the defects are again accompanied by edge dislocations
located at some depth in the Si substrate. Thick layers
were grown in the hope that the V-shaped defects would
eventually be overgrown by an undefected and relaxed
top Ge layer. Figure 8 shows that, in a few instances,
this indeed happens: here we have a V-shaped defect,
similar to the ones described earlier, which has been over-
grown by perfect Ge. The Burgers circuit shows that the
defect, with its associated dislocation, is equivalent to two
pure edge dislocations, so that the strain between the Ge
layer and the Si substrate could indeed be relieved by a
network of V-shaped defect —associated dislocation with

0
an average distance of about 190 A. Unfortunately, this
type of overgrowth does not seem to be the norm, as seen
in Fig. 9, which shows several typical defects observed in
the thick film. Figure 9(a) shows an example where, in
order to achieve a low-energy boundary between the V-

shaped defect and the overlaying Ge films, a secondary
twin has appeared on top of the defect. In this case, the
boundary between the Y-shaped defect and the overlayer
is a simple twin, which should add very little energy to
the Qm. On the other side of the defect a stacking fault
also helps to rnatch the defect with the overlayer. Figure
9(b) shows an instance where the V-shaped defect has
kept growing, forming nonsymmetric grain boundaries
along the [001] direction between the defect and the rest



42 MICROSTRUCTURE AND STRAIN RELIEF OF Ge FILMS. . . 11 695

of the film. Again, toward the top of the film, where un-
defected Ge may be trying to overgrow the defect, a
stacking fault has appeared. Figure 9(c) shows an exam-
ple where the V-shaped defect has been completely over-
grown by Ge with the same orientation as the substrate,
but several stacking faults have also been generated at the
top of the defect. Finally, Fig. 9(d) shows two stacking
faults forming a V, which were probably generated by a
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FIG. 6. Other defects found in the 50-ML film. Burgers cir-
cuit have been drawn, entirely contained in the Si substrate, that
locate the edge dislocations. In (b), a Burgers circuit has also
been drawn around the defect to demonstrate that it is

equivalent to a dislocation.

defect, but have extended further in the undefected film.
Note that they are also associated with a dislocation in
the Si substrate.

IV. DISCUSSION

In most theoretical predictions of critical thickness, it
is implied that the formation energy of dislocations is
negligible. Indeed, in the generally used theory ' govern-
ing strain relaxation by dislocations, the so-called "criti-
cal thickness, " as defined by Matthews and Blakeslee, '

is a simple balance between the energy necessary to strain
the layer and the energy expended by moving existing
dislocations. In this definition (also discussed by Van der
Merwe ), no discussion is made of the need to nucleate
dislocations. It is assumed that the dislocations will be
provided by the substrate. While this assumption was
valid when Matthews and Blakeslee ~rote their original
paper (and may still be for GaAs substrates), today's Si
substrates have negligible numbers of dislocations to pro-
vide to the interface, so that all the dislocations have to
be nucleated somewhere else. Consequently, Matthews
and Blakeslee's theory consistently gives significantly
lower critical thicknesses than experimentally observed in
the SiGe case. This demonstrates that the nucleation en-

ergy plays an important role in determining critical
thickness. It is indeed somewhat remarkable that none of
the theoretical treatments take the morphology of the
film into account. Clearly, if islands are formed, the nu-
cleation energy of a dislocation at the edge of an island is
nearly negligible. Indeed, it is generally assumed that
this is the driving force for island formation in the Ge/Si
system. This somehow assumes that the Ge films "know"
that, once islands have formed, it will be easier to intro-
duce dislocations, which is unlikely. It also would re-
quire that, as soon as islands are observed, so are disloca-
tions. Recently Eaglesham and Cerullo' shows that very
large islands can form without introducing dislocations.
Also, in the present work, Fig. 1(a) shows completely
pseudomorphic islands. Thus, the driving force to island
formation cannot be the introduction of dislocations.
Kirchner and Chilshom" demonstrated that, past a cer-
tain thickness determined by the misfit, strain would
render a thin film unstable to small thickness fluctua-
tions, thus the eventual formation of islands. Once is-
lands have formed though, it is easy to introduce disloca-
tions that can then glide underneath the island [see Fig.
1(b)]. Thus, once a continuous layer is eventually formed,
the network of dislocation is already present.

When arsenic is used as a surfactant, the morphology
of the film is drastically altered. Indeed at a thickness of
8 monolayer, we observe uniform, undefected Ge films.
This is already significantly over the thickness at which
dislocations were previously observed in the same
growth conditions, but without a surfactant. In other
words, two microstructural changes have occurred.
First, no islands have formed. Secondly, no dislocations
have formed, showing the correlation between island for-
mation (or ease of dislocation nucleation) and critical
thickness. Matthews and Blakeslee suggested that, when
not enough substrate dislocations are available, new
dislocations can form by "looping*' from the surface. In
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FlG. 7. planar view of the 50-ML sample. (a) The zone axis is exactly [001], or perpendicular to the substrate. Arrows in the
diffraction pattern indicate the extra reflections due to the defects. (b) Same area. The sample has been tilted off the exact zone axis
by a few degrees in order to lower the contrast of the Moire fringes and image the dislocation network. (c) and (d) Dark field micro
graphs obtained using the reflections marked by arrows in (a).

their calculations of the critical thickness, they did not
take into account any nucleation energy for dislocation
loops, thus assuming in effect that this energy is negligi-
ble. In our case looping is not observed and dislocation
formation is inhibited.

Let us reexamine the notion of critical thickness. By
definition, the critical thickness is the thickness at which
some strain-induced defect will start relieving the misfit.
In some instances, this may correspond to the thickness
at which dislocations can move, provided that dislocation
nucleation is easy. In the present case, the critical thick-
ness is limited by the nucleation of the V-shaped defects.
This indicates that the formation energy of a V-shaped
defect is lower than the formation energy for dislocation
loops.

In the absence of dislocations, a very effective way to
relieve strain is to position I 111I planes perpendicular to
the substrate, i.e., to position the close-packed planes per-
pendicularly to the direction of maximum strain. This

occurs between 8 and 12 monolayers. From the observa-
tion that the defects are small, randomly distributed, and
disconnected from each other, we infer that the defect
formation occurs catastrophically. At this stage of
growth, the defect boundaries are completely coherent
with the rest of the film, and its energy cost should be
similar to that of an equivalent dislocation.

Since the defect is V-shaped, it grows ader as the Ge
films grows thicker, thus relieving more and more of the
misfit. This explains the observed lack of Moire fringes
[Fig. 3(b)], since the lattice parameter changes continual-
ly throughout the Ge film. After initial formation of de-
fects [Figs. 2(b), 3(b), and 4], about one-third of the strain
has been relieved. Eventually& with an average distance
between defects of about 200 A, the strain could be com-
pletely relieved, without generating any new defect, at a
film thickness of about 50 A, when the width of the de-
fects have reached an average of 12 [111]planes.

Surprisingly, Figs. 5, 6, and 7 show that there is a dis-
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FIG. 8. One defect in the 65-ML film that has been completely covered by undefected Ge. A Burgers circuit has been drawn

around the defect, and its associated dislocation, which show that, together, they are equivalent to two pure edge dislocations.

tinct change of microstructure before the film is fully re-
laxed. At about half the thickness at which we expect
complete accommodation of the misfit, the boundaries of
the defect become perpendicular to the Si substrate. In
order to keep relieving the misfit progressively, the defect
would have to keep the same configuration, i.e., several

I 1 1 1 } planes bounded to the undefected film by X9 boun-
daries and forming a twin in the center of the defect.
This configuration generates a disclination of 3.68' at
each X9 boundary, or a total disclination of 7.36' at the
center twin (see Ref. 3}. When the defect is small, as is
the case for the thin film shown in Figs. 3 and 4, this dis-
clination can simply be accommodated by a slight
stretching of the atomic bonds in the defect, but eventual-
ly, such a configuration would become unstable. Thus,
the extra strain energy within the defect prevents its
propagation as a widening V before all the misfit has been
accommodated. We have pointed out earlier that the de-
fects form because of the lack of energetically favorable
nucleation sites for dislocations. However, the boun-
daries of the defect is composed of several five-bounded
ring and seven-bounded ring units (see Figs. 4 and 6),
which are identical to the core of a dislocation in Si.
Thus, a dislocation can climb down from the top of the

defect, along the grain boundary. Thus, only diffusion
away from the defect will be necessary to inject a disloca-
tion into the substrate. We note that diffusion to and
from the surface of the film is expected to be easy, since
the walls of the V-shaped defect are in fact grain boun-
daries. We can speculate as to the exact mechanism by
which the dislocations are introduced: the intersection of
the defect with the surface may provide an easy nu-

cleation site for the dislocations so that the dislocations
may climb down from the surface. On the other hand,
the tip of the defect at the substrate-film interface is
clearly under a great amount of strain, so that it is possi-
ble that the dislocation first get injected at the tip, while a
dislocation of inverse Burgers vector climbs up to the sur-
face. Once the dislocations have climbed in the Si sub-
strate over the length of the defect, they can easily glide
to form a complete network of dislocations under the
force exerted on them by the strain. The dislocation will
be driven away from the interface and into the substrate
because of the interaction energy between the newly
formed dislocation and the defect. Indeed, if one assumes
that the defect has a strain field and energy similar to an
edge dislocation of equivalent Burgers vector, it is possi-
ble to estimate the equilibrium distance that the disloca-
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FIG. 9. Other defects in the 65-ML film. Arrows marked 1 show stacking faults. The arrow marked 2 shows a portion of the top
layer that forms a twin with both the defect and the surrounding film. Arrows marked 3 show grain boundaries along the [001]direc-
tion generated by the defect.

tion has to climb into the Si substrate. We postulate that
the Burgers vector of the defect is equivalent to the
Burgers vector of a pure-edge dislocation which would
relieve the same strain, equal to 0.13a per pair of tilted

I 1 1 1 } planes (the value 0.13 is the difference between the
distance between two I 111} planes and its projection
along the [110]direction, or 1/&2 —1/M3). The energy
per unit length ($V~;„/L) saved by moving two edge
dislocations in the same material away from each other
by a distance h is'

b&bzln(h),

where p and v are Young's modulus and Poisson's ratio,

(2)

where D is the average distance between dislocations and
c is the misfit generated by the network. By definition,

b2

D
(3)

b, is the Burgers vector of an edge dislocation equivalent
to the defect, b2 is the Burgers vector of the pure edge
dislocation moving in the Si, and L is the average length
of the defect. The energy expanded to stress Si by insert-
ing a network of dislocation into it is '
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FIG. 10. Measured depth of the dislocation and theoretical
curve obtained from Equation 6.

since bz is the Burgers vector of a pure edge dislocation,
or a/&2, and the average distance between dislocations
is measured to be 200 A, c. is found to be equal to about
2%. Thus half of the 4% misfit between Si and Ge is re-
lieved by dislocations and half by defects. We obtain the
equilibrium depth h by minimizing the total energy of the
system, thus writing

care of half the Inisfit, on the average, each defect must
have the Burgers vector of a full edge dislocation so that
the average depth will be about 13 A. Thus, the disloca-
tion network changes the lattice parameter of (on aver-
age) the top 13 A of Si and establishes a discontinuity in
the lattice parameter, which explains the appearance of
Moire fringes in Fig. 7. We can estimate the average dis-
tance necessary to fully relieve the misfit by considering
that, on average, one defect and one associated disloca-
tion have a Burgers vector of a&2 [see Fig. 6(b)]. This
distance should be 190 A, compared to 200 A measured
experimentally. In other words, at this point of the
growth, the strain is either completely relieved, or only a
small portion of it still needs to be relieved.

It was our hope that this mode of growth could be used
to grow perfect, relaxed Ge layers, by burying the defects
under an undefected, relaxed Ge layer. We have shown
in Figs. 8 and 9 that this does not seem to happen often.
The main reason for this is probably that, in order to cov-
er the defect with Ge having the same orientation as the
Si substrate, an incoherent boundary has to be created at
the top of the defect. This boundary would have a con-
siderably higher energy than a simple twin, which can be
achieved as in the configuration shown in Fig. 9(a}. The
stacking faults observed at the top of most of the defects
probably tend toward the same goal. They may also play
another role: stacking faults in this configuration are also
partial (or threading) dislocations, and are the last mech-
anism to completely relieve the strain in this system.

~disl + ~stress

dh
(4) V. CONCLUSIONS

This results in

h= b, b2 L
4m ( 1+v) E2D

substituting Eq. (3), in Eq. (5), we obtain,

Lh= — bl .
2a &2(1+v)

(5)

(6)

0

L is determined experimentally to be about 200 A. We
see that the depth of the dislocation is directly propor-
tional to the equivalent Burgers vector of the defect. Fig-
ure 10 shows measured values of h (Figs. 5 and 6 show
how these points were obtained) as well as the theoretical
values. The excellent agreement between theory and ex-
periment has to be somewhat fortuitous since several as-
sumptions were made to obtain the theoretical value.
Nonetheless, the observed linear dependence directly re-
sults from the logarithmic dependence of 8'd;„with h.
This logarithmic dependence is general for linear defects,
and thus also applies for the tip of the V-shaped defects.
Thus, although the slope may be different, the general
form of Eq. (6}should be valid.

In order to remain in equilibrium, a dislocation has to
adjust its depth locally as it meanders from one defect to
another. The average depth of the dislocation network
can be estimated by considering that, since defects take

Up to now, it was generally believed that the critical
thickness for establishing a dislocation network is deter-
mined by the energy needed to move a (preexisting) dislo-
cation. This assumes that there must be a low-energy
source of dislocations. Looping from the surface was pro-
posed as a mode of dislocation nucleation for a perfect,
layer-by-layer grown film. We have shown that, at least
for the case of Ge/Si(001), looping does not occur. Dur-
ing normal growth (islanding), dislocations do indeed
form, but they must form at the edges of islands generat-
ed at the early stages of growth, or at other defects at the
interface. On the other hand, when layer-by-layer
growth is achieved, this system goes through three
different mechanisms to relieve the misfit. First, rather
complicated V-shaped defects are formed homogeneously
and catastrophically. These defects have too high an en-

ergy to keep growing and completely relieve the strain
and, more importantly, they can act as injection sites for
dislocations. These dislocations then glide to previously
undefected areas in the Si substrate to form a continuous
network. Further growth generates numerous stacking
faults and t~ins around the previously formed defects.
These likely play a role in minimizing boundary energies
between the defect and its surrounding. They may also
relieve any remaining strain left after the two previous
mechanisms have operated.

The literature abounds with confusing discrepancies



11 700 F. K. LeGOUES, M. COPEL, AND R. M. TROMP 42

between "theoretical" and experimental critical
thicknesses. %e feel that the assumptions of Matthews
and Blakeslee's theory, while justified in some (maybe
many) cases, are not generally fulfilled. Hence, an in-

discriminate comparison of critical thicknesses derived
from this theory with experimental results is bound to re-

suit in apparent disagreement. The central issue,
sidestepped in many studies, is where and how the dislo-
cations (and/or defects) are generated in the first place.
This may be di8'erent from system to system, from
growth condition to growth condition, and even from
sample to sample.
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