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Activation barriers to strain relaxation in lattice-mismatched epitaxy
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We study the activation barriers to strain relaxation in metastable Geo»Sio 75/Si(100) films by
in situ annealing in a transmission electron microscope, observing in real time the dynamic relaxa-
tion events of misfit-dislocation nucleation, propagation, and interaction as a function of the sample
annealing temperature. Activation energies for misfit-dislocation nucleation and propagation are
obtained, and it is firmly established that both these processes and dislocation interactions inhibit
strain relaxation in Ge„Si& /Si epitaxy.

Strained-layer heteroepitaxial growth of semiconductor
materials with different lattice constants has opened a
wide new field of study of the structural and electronic
properties of these materials. ' It has long been recog-
nized that there will exist a characteristic thickness h, at
which it will be energetically favorable for misfit disloca-
tions to relax a tetragonally distorted epilayer. While
early models of this "critical thickness" phenomenon '

predicted h, based upon equilibrium considerations, it
has been found experimentally that in many strained-
lay'er systems growth at moderate substrate temperatures
(e.g., in the GeSi/Si system ) enabled experimental values
of h, to significantly exceed equilibrium predictions. This
was shown experimentally ' to be due to the fact that
Ge Si& /Si films could be grown in a metastable state,
presumably due to the activation barriers associated with
misfit-dislocation formation and/or motion. A recent
model of critical thickness phenomena, ' provided good
agreement with experimental data by associating the
motion of dislocations with the excess stress in the films.
Dislocation formation is assumed to be via a vanishingly
small activation energy multiplication or source process,
and the activation energy for dislocation propagation is
obtained from previous measurements of dislocation
glide in plastically deformed Ge and Si (1.6 and 2.2 eV,
respectively). However, to date, no direct real-time ex-
perimental observations of dislocation motion and in-
teractions in thin strained-layer epitaxial semiconductor
films have been reported. In this paper, we report such
measurements and show that both the activation energies
for dislocation formation and propagation are significant.
In addition we show how dislocation interactions critical-
ly limit the rate at which elastic strain relaxes.

The essential experimental geometry for these experi-
ments has been described previously. ' In brief, thin-foil
Geo 2~SiQ 75/Si(100) samples are prepared via backside
chemical etching in the plan view geometry for imaging
in the transmission electron microscope (TEM). The
Geo 25Sio 75/Si(100) samples are grown by molecular-
beam epitaxy (MBE) at a substrate temperature of 550'C,
with epilayer thicknesses -350 A, which is just below
the experimentally determined critical thickness for this
growth temperature. The average misfit-dislocation sep-

aration in these as-grown samples, as determined from
plan-view TEM, is of the order 5 pm. This corresponds
to relaxation of —1% of the elastic strain in a completely
commensurate Geo 25Si075 epilayer. We then observe
strain relaxation in situ in the electron microscope by
heating the sample to temperatures ~ 550 C in a single-
tilt holder. Sample temperatures are measured with a
Pt/Rh thermocouple. The plan-view geometry of our ex-
periment ensures that the Ge„Si, „/Siinterface is buried
away from any free surfaces (as would not be the case for
the cross-sectional geometry), and we are careful to
record observations in regions of the sample which are
both relatively thick, such that there is a significant
thickness of substrate supporting the epilayer (the
penetration depth of 200-kV electrons in Si is —1 pm,
making this requirement feasible for the samples studied
here), and which are a significant distance (at least several
pm) from the thin-foil edge. The rigid substrate assump-
tion is thus approximately valid for these experiments.
Images are recorded on both photographic negatives (to
record the number of misfit dislocations) and in real time
using video imaging from a television camera located in
the TEM final image plane (to view dynamic events such
as dislocation velocities).

Figure 1 shows images of the misfit-dislocation net-
work in a 350-A Geo 2~Sio 7~/Si(100) sample: (a) as
grown, (b) after a 4-min anneal at 700'C, and (c) after a
4-min anneal at 900 C. An orthogonal mesh of —,'(011)
misfit dislocations is observed, the density increasing
dramatically with annealing temperature. We observe
that significant film relaxation occurs even at an anneal-
ing temperature of 550'C (the original sample growth
temperature) showing that the initial film is grown in a
highly metastable state. It is also found that the mea-
sured strain relaxation rates are highly sensitive to the lo-
cal initial stress (i.e., composition and thickness) of the
as-grown films.

By repeated experiments and analysis of real-time
video imaging, we were also able to measure misfit-
dislocation velocities in the temperature range
550—800'C (velocities at greater temperatures were too
fast to measure within the time resolution afForded by in-
dividual video frames). The measured velocities are plot-

1681 1989 The American Physical Society



1682 HULL, BEAN, WERDER, AND LEIBENGUTH 4Q

ted on an Arrhenius curve in Fig. 2. Note that the excess
stress in the film as defined by Dodson and Tsao ' does
not change by more than —10% in these experiments.
The effects of variation in this parameter on the disloca-
tion velocity are thus not critical here. From Fig. 2, the
measured activation energy for dislocation motion is
1.1+0.2 eV (the line of best fit shown in the figure is

determined via least-squares analysis with sample weight-
ing assigned according to the inverse of the standard er-
ror in each measurement, while errors are conservatively
estimated from the range of possible lines which may be
drawn within the data error bars). This is considerably
lower than the value of -2s0 eV which would be ob-
tained by interpolation of the equivalent activation ener-
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FIG. 2. Arrhenius plot of dislocation velocities in a 350-A

GeQ 25S1Q 75/Si(100) film.

n~L
4

2lT

l
(2)

Substituting for lT/L from Eq. (2) into Eq. (1) gives

32I=
p~n

(3)

gies for bulk Ge and Si. '"
To determine the effects of dislocation interactions on

strain relaxation, we deduce a relationship between dislo-
cation separation, dislocation length, and number of
dislocations. Such a relationship is necessary for accu-
rate determination of average dislocation length because
of the limited field of view in the TEN images which
would necessarily weight direct measurement of disloca-
tion length towards shorter dislocations. Consider a
wafer of diameter L and a measured average dislocation
spacing p. Although the average dislocation length l we
measure is «L, the total length of misfit dislocation I&-

is approximately equivalent to L/p dislocation lines run-
ning across the length of chords of the wafer a distance p
apart (there will be two orthogonal sets of these chords);
IT will then be given by the number of dislocation lines
(2L/p) multiplied by the average chord length (this can
be shown geometrically to be equal to 2L /m. )

4L

POT

For I «L, misfit dislocations must generally terminate
either by deAecting from the interfacial Ge Si& „/Si
plane to the wafer surface (a "threading dislocation" ) or
by termination on another defect. The total number of
dislocation terminations X, may then be related to the to-
tal number of misfit dislocations N& by the relation
X, -2%I. As NI will be given by the total dislocation
length IT divided by the average length l, the areal densi-
ty of misfit-dislocation terminations n will be given by
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FIG. 3. Observed average dislocation separations p ( X ), ob-
served areal dislocation densities, n (~), and calculated average
dislocation lengths I (4). These results are obtained for succes-
sive 4-min anneals at each of the temperatures for which experi-

0
mental data are given. The film was 350-A GeQ»SiQ 75/Si(100).

We can thus determine l in terms of p and n which we
may measure from the electron micrographs. The varia-
tion of p, I, and n with respect to annealing temperature
for consecutive 4-min anneals of a 350-A-thick film is
shown in Fig. 3. It is found that p decreases and n in-
creases significantly with temperature, while I remains
relatively constant over most of the temperature range
studied. This approximately constant value for I does not
imply a characteristic dislocation length of this value,
rather as more and more dislocations are generated (and
thus initially have very short length) as a function of tem-
perature, more and more dislocations have to grow to
lengths significantly greater than I to keep the average
value fixed. The fact that l does not increase with time,
however, is clear evidence that dislocation nucleation
and/or multiplication as well as propagation are impor-
tant in strain relaxation, and that dislocation interactions
limit dislocation growth. Termination of rnisfit-
dislocation lines at nodes with orthogonal dislocations is
frequently observed, and by real-time imaging we observe
that intersection events can either slow propagation or
halt it. Finally, we note that as indeed I «L, we can ac-
curately determine the total number of dislocations from
the measured areal density of dislocation termination n
via Eq. (3).

In Fig. 4, we plot an Arrhenius plot of in%, (propor-
tional to areal dislocation density n) versus inverse ener-
gy. These data, along with data from several equivalent
experiments we have performed, produce an activation
energy in the regime T( -800'C of 0.3+0 f eV. (We
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FIG. 4. Arrhenius plot of number of dislocations for a 350-A
Geo»Sio 75/Si(100) films. The film was annealed for 4 min at
each of the temperatures for which the data are given.

note that for T) -800'C the activation energy appears
to increase as suggested by the sudden increase in n in
this range in Fig. 3.)

In conclusion, these in situ experiments have enabled
us to directly observe dynamic events in strained-layer re-
laxation. The measured activation energy for dislocation
propagation in these structures is significantly less than
expected from measured values for glide in bulk Ge and
Si. This discrepancy could be explained by assuming that
the formation energy for kinks in these thin-film struc-
tures is significantly lowered by the presence of a free sur-
face so close to the relaxing interface. The activation en-
ergy for glide, being the sum of kink formation and mi-
gration energies, is thus reduced. An alternative explana-
tion, which in our opinion is more likely, is that as the
annealing temperature and the dislocation density in-
crease, the propagating dislocations have to cross more
and more orthogonal dislocations in a given propagation

length. These intersection events are observed to impede
propagation, which may be understood either by inter-
dislocation forces or due to the acquisition of jogs (these
are essentially kinks with a motion-retarding climb ele-
ment). The low observed activation energy would then be
a function of dislocation velocity reduction at high tem-
perature rather than enhancement at low temperature.
This model would thus argue that dislocation interac-
tions, particularly in the later stages of strain relief, are of
crucial importance. This concept, analogous to work
hardening in metals, would have to be included in any
predictive model of metastable strain relaxation. We
discount strong effects of electron beam enhanced dislo-
cation motion by noting that areas which are not irradiat-
ed by the electron beam relax at approximately the same
rate as those which are irradiated. We also observe
significant dislocation nucleation activation energies. Al-
though we cannot rule out the presence of dislocation
multiplication sources (we have never observed such
mechanisms in real time, but have occasionally observed
in static negatives configurations suggestive of the
Hagen-Strunk multiplication mechanism' ' ' having
operated), we believe that the primary mechanism for
generating larger numbers of dislocations is by nucleation
of new loops, as observed throughout the temperature
range of our studies.

We believe that these experiments represent the first
direct observations of dynamic relaxation events in meta-
stable strained semiconductor layers. Such real-time ob-
servations enabling separate understanding of nucleation,
propagation, and interaction events are shown to be of
crucial importance in understanding strained-layer relax-
ation.
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