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Phonons and lithium diffusion in LiAlO2
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We report on investigations of phonons and lithium diffusion in LiAlO2 based on inelastic neutron scattering
measurements of the phonon density of states (DOS) in γ -LiAlO2 from 473 to 1073 K, complemented with
ab initio molecular dynamics (AIMD) simulations. We find that phonon modes related to Li vibrations broaden
on warming as reflected in the measured phonon DOS and reproduced in simulations. Further, the AIMD
simulations probe the nature of lithium diffusion in the perfect crystalline phase (γ -LiAlO2), as well as in
a structure with lithium vacancies and a related amorphous phase. In all three structures, almost liquidlike
superionic diffusion is observed in AIMD simulations at high temperatures, with predicted onset temperatures
of 1800, 1200, and 600 K in the perfect structure, vacancy structure, and the amorphous phase, respectively.
In the ideal structure, the Li atoms show correlated jumps, while simple and correlated jumps are both seen in
the vacancy structure, and a mix of jumps and continuous diffusion occurs in the amorphous structure. Further,
we find that Li diffusion is facilitated in all cases by a large librational amplitude of the neighboring AlO4

tetrahedra and that the amorphous structure opens additional diffusion pathways due to a broad distribution of
AlO4 tetrahedra orientations.

DOI: 10.1103/PhysRevB.103.174109

I. INTRODUCTION

Li-ion batteries are the backbone of present energy stor-
age technology, including in countless portable electronic
devices [1,2]. The shift away from organic liquids toward
solid electrolytes represents an important milestone for the
next generation of Li-ion batteries [3,4]. Many compounds
(thiophosphates, sulphates, and oxides) were recently discov-
ered to exhibit very high Li-ion conductivity, making them
of interest as possible solid electrolytes [5–8]. Solid elec-
trolytes could possibly enable the use of Li metal as anode,
as well as high energy density cathodes. However, no solid
electrolytes so far have been found suitable against Li metal
as well as high voltage cathodes [9,10]. The electrode-solid
electrolyte interfaces are observed to be chemically or elec-
trochemically unstable and tend to react to form undesirable
compounds [11–13]. These products may be good electronic
conductors but with poor Li-ion conductivity and promote
detrimental dendrite formation in the cell [14,15]. To avoid
unnecessary chemical reactions at the interfaces, the elec-
trodes can be coated with a suitable material exhibiting high
Li-ion conductivity, high electronic bandgap, and good ther-
mal and mechanical stability [16]. LiAlO2 has been proposed
as a suitable candidate for this application [17,18]. Moreover,
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Al-containing LiCoO2, NCA (LiNi0.8Co0.15Al0.05O2), is pop-
ular as a cathode material for Li-ion batteries. Therefore,
understanding the mechanism of Li diffusion in LiAlO2 is
important to find ways to enhance Li diffusion at lower tem-
peratures to improve the design of future solid-state batteries.

The diffusion of lithium is considered as an important
factor for the design, stability, and performance of LiAlO2-
based devices. In recent years, LiAlO2 has been extensively
studied, using a wide range of experimental and computa-
tional techniques [19–26], for its interesting properties as a
Li-ion battery material. Phase transformations occurring in
LiAlO2 upon H adsorption have been investigated [27] using
combined experimental and first-principles studies. LiAlO2 is
also an important material in the microelectronics industry.
Because it exhibits fine-tunable lattice changes during lithium
diffusion, it is suitable as a substrate material for epitaxial
growth of III−V semiconductors like GaN [28]. Further, in
the nuclear industry, LiAlO2 is also considered a blanket ma-
terial for the tritium breeder in nuclear fusion reactors [29,30].
Classical molecular dynamics (MD) simulations suggest [31]
that tritium migration is promoted and controlled by lithium
diffusion. The radiation damage process in LiAlO2 has also
been studied [32] on an atomic scale using classical MD
simulations.

Six polymorphs of LiAlO2 are reported in the literature
[21,27,33–35]. However, the structures of only four of these
(α, β, γ , and δ) are known [35]. The γ -LiAlO2 is the
only stable phase under ambient conditions. The structure of
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FIG. 1. (Left) The crystal structure of γ -LiAlO2. Red, blue, and
violet spheres represent the oxygen, lithium, and aluminium atoms,
respectively, at their lattice sites. The polyhedral units around Li and
Al are shown in blue and violet, respectively. (Right) Lithium atoms
in a supercell of 2 × 2 × 2. Li0, Li1, Li2, and Li3 correspond to the
four lithium atoms in the unit cell of γ -LiAlO2.

γ -LiAlO2 (Fig. 1, tetragonal space group P41212, Z = 4) has
been investigated using neutron and x-ray diffraction (XRD)
techniques [20,33]. The structure consists of AlO4 and LiO4

polyhedral units sharing an edge. The γ phase is stable [36]
up to 1873 K. The temperature dependence of zone-center
Raman active modes has been reported in γ -LiAlO2 from
78 to 873 K, which showed a considerable broadening of the
phonon modes involving Li vibrations [25]. The dynamics of
Li ions in a LiAlO2 single crystal has been studied by nuclear
magnetic resonance (NMR) spectroscopy and conductivity
measurements, from which a Li activation energy ∼1.14 eV
and a diffusion coefficient ∼10–13 m2/s were estimated at
1000 K [26]. However, the diffusion pathway for Li could
not be determined from these NMR and conductivity mea-
surements [26], but it was speculated that Li jump diffusion
proceeds between tetrahedral sites via an intermediate octa-
hedral site [26]. Another investigation of Li diffusion based
on high-temperature neutron diffraction, tracer diffusion, and
conductivity spectroscopy experiments estimated the Li ac-
tivation energy to be ∼0.72 and ∼1.0–1.2 eV for powder
and single-crystal samples, respectively [20,21]. The authors
explained the difference in barrier energy between these two
forms of the compound with the presence in larger concen-
trations of defects and vacancies in the powder sample than
in the single crystal. A study in amorphous LiAlO2 from
room temperature and 473 K showed [37] that the lithium
diffusivity obeys the Arrhenius law with an activation energy
of 0.94 eV and significantly higher Li diffusion coefficient
3.6 × 10–15 m2/s at 473 K, which is three orders of magnitude
higher than in crystalline phase (∼10–18 m2/s) at the same
temperature [26]. A study on disordered γ -LiAlO2 showed
that the introduction of structural disorder significantly en-
hances the Li ion conductivity in γ -LiAlO2 [24].

Several solid superionic electrolytes have been discovered
in which the diffusion mechanism is found to be strongly
correlated with the rotational dynamics of constituent poly-
hedra [38]. We earlier performed [39] extensive ab initio
calculations of phonons, high-pressure phase stability, and
thermal expansion behavior in different phases of LiAlO2. We
have also investigated the thermodynamic and ionic transport

properties in several Li- and Na-based solid-ionic conductors
using ab initio molecular dynamics (AIMD) simulations and
neutron scattering measurements [40–44]. Here, we focus on
the diffusion mechanism of Li in various phases of LiAlO2

and the structural and dynamical features relevant to Li dif-
fusion. The compound LiAlO2 exhibits a simple framework
structure in its γ phase, where the AlO4 polyhedral units form
a three-dimensional network connected via terminal oxygen,
and the Li atoms occupy the octahedral voids formed between
these tetrahedral units. The ionic conductivity in the perfect
crystalline structure is very limited [20,22]. However, the
amorphous phase exhibits significantly higher ionic conduc-
tivity [37]. Thus, we are asking two main questions: (i) Does
the activation of AlO4 rotation lead to Li diffusion in the
crystalline phase? (ii) How does amorphization promote Li
diffusion? To address these questions, we performed AIMD
simulations for both the crystalline and amorphous struc-
tures. Further, we also investigated the role of Li vacancies
in promoting ionic diffusion. Phonons are important, as they
dynamically modulate the structure and hence may affect
the diffusion jumps. Thus, it is interesting to investigate the
behavior of phonon spectra as a function of temperature and
examine their possible correlation with Li diffusion. We have
measured the temperature dependence of phonon spectra in
γ -LiAlO2 up to 1073 K, and the observed spectral changes
are interpreted based on our AIMD simulations.

II. EXPERIMENTAL

A polycrystalline sample of γ -LiAlO2 was prepared
[33] by solid-state reaction of Li2CO3 and γ -Al2O3. Here,
γ -Al2O3 was heated at 700 °C overnight before use. De-
sired amounts of Li2CO3 and preheated γ -Al2O3 in 1.01:1.00
molar ratio were mixed thoroughly and pressed into pellets
of 20 mm diameter and 10 mm height. A slight excess of
Li2CO3 was employed to compensate for the loss of Li2CO3

at high temperatures. The pellets were heated at 600 °C for
12 h and then crushed to powder and repelletized. These
pellets were again heated at 800 °C for 24 h, and then the
temperature was raised to 950 °C and held for 24 h. The
bright white pellets were crushed to powder and characterized
by powder XRD. The formation of phase pure tetragonal γ -
LiAlO2 was confirmed by comparing the XRD data with that
reported in the literature [20,21].

The inelastic neutron scattering (INS) measurements of the
phonon density of states (DOS) on the γ -phase of LiAlO2

were carried out using the time-of-flight spectrometer IN4C
at the Institut Laue Langevin, France. Thermal neutrons of
wavelength 2.4 Å (14.2 meV) were used for the measure-
ments, which were performed in neutron energy gain mode.
We used 2 cm3 of the polycrystalline sample of γ phase
of LiAlO2 for the measurements. The polycrystalline sam-
ple was loaded inside an 8-mm-diameter cylindrical can of
niobium. The data from the sample and empty niobium can
were collected at several temperatures from 473 to 1073 K.
The detector bank at IN4C covered a wide range scattering
angle from10 ° to 110 °. The data analysis was carried out
in the incoherent one-phonon approximation to extract the
DOS. In this approximation, the measured scattering function
S(Q,E), where E and Q are the energy transfer and momentum
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transfer vector, respectively, is related [45–47] to the neutron-
weighted phonon DOS g(n)(E ) as follows:

g(n)(E ) = A

〈
e2W (Q)

Q2

E

n(E , T ) + 1
2 ± 1

2

S(Q, E )

〉
, (1)

g(n)(E ) = B
∑

k

{
4πb2

k

mk

}
gk (E ), (2)

where the + or – signs correspond to the energy loss or gain
of the neutrons, respectively, n(E , T ) = [exp(E/kBT ) − 1]−1,
T is temperature and kB the Boltzmann’s constant. Here, A
and B are normalization constants and bk , mk , and gk (E ) are,
respectively, the neutron scattering length, mass, and partial
DOS of the kth atom in the unit cell. The quantity between
〈〉 represents a suitable average over all Q values at a given
energy. Here, 2W(Q) is the Debye-Waller factor averaged over

all the atoms. The weighting factors 4πb2
k

mk
for various atoms

in the units of barns/amu are 0.1974, 0.2645, and 0.0557 for
Li, O, and Al, respectively. The values of neutron scattering
lengths for various atoms can be found in Ref. [48].

III. COMPUTATIONAL DETAILS

The AIMD simulations were performed at several temper-
atures (>300–2200 K) using the VASP software [49,50]. The
simulations used a 2 × 2 × 2 supercell (128 atoms) of the
ambient phase structure of γ -LiAlO2 and were performed for
three cases: the ideal crystalline phase, a defect structure with
one Li vacancy out of the 32 Li positions in the 128 atoms
supercell, and in an approximant of the amorphous phase.
Since the AIMD simulations are computationally expensive,
we used a single electronic k-point at � point for the to-
tal energy calculations. The calculations used the projector
augmented wave density functional theory formalism within
the generalized gradient approximation parameterization by
Perdew, Becke, and Ernzerhof [51–53]. A plane-wave kinetic
energy cutoff of 820 eV and an energy convergence criterion
of 10–6 eV were used. The time step was 2 fs in all simulations.
All simulations were performed for ∼90 ps using a moles,
volume, temperature (NVT) ensemble with a Nosé thermostat
[54]. We have shown in Fig. S1 (Supplemental Material [55])
the temperature and total-energy profiles during the NVT sim-
ulations, which indicate a negligible drift in these values. The
first 10 ps simulation data were considered for equilibration,
and next, 80 ps simulation data were used for production. For
the simulations at high temperatures, we have used a larger
volume than that at 0 K to account for the thermal expan-
sion, as estimated from the experimental data [21] as well as
previously reported ab initio calculations [39]. Typically, the
volume expansion is ∼5.7% at 1700 K.

We note that the melting point of LiAlO2 [56] is ∼1873 K,
which is comparable with the highest temperature we have
simulated for a perfect crystal. However, melting being a
first-order transition involves a large energy barrier. As our
simulations are performed for ∼90 ps in an NVT ensemble,
we do not expect to observe melting at the experimental melt-
ing point. Melting would occur in the simulations at somewhat
higher temperature. To create the amorphous phase, we started
with the crystalline structure of γ -LiAlO2 with 128 atoms.

The crystalline phase was melted at 5000 K for 10 ps. Then
the melted structure was quenched to 10 K, which was further
used in the simulations in the amorphous phase at various
temperatures from 300 to 1400 K.

The vibrational DOS from AIMD simulations was ob-
tained [57] via a Fourier transform of the velocity autocor-
relation function (VACF). The simulations performed up to
60 ps give an energy resolution of ∼0.1 meV in the calcula-
tion of the phonon DOS, exceeding the experimental energy
resolution (∼1 to 10 meV with ∼10% of the energy trans-
fer). The time-averaged pair-distribution function (PDF) of
various pairs of atoms in crystalline, vacancy structure, and
amorphous phase of γ -LiAlO2 has been calculated using the
following relation [58]:

gIJ (r) = nIJ (r)

ρJ4πr2dr
, (3)

where nIJ (r) is the average number of atoms of species J in a
shell of width dr at distance r from an atom of species I, and
ρJ is the average number density of the species J. We have also
computed the self [gs(r, t )] and distinct [gd (r, t )] Van Hove
correlation functions [59] to investigate the self and correlated
diffusion in various structures. The diffusion process can be
investigated in AIMD simulations by monitoring the trajec-
tories and the time dependence of the atomic mean-squared
displacement (MSD) of different atom types. The time depen-
dence of MSD is related to the isotropic diffusion coefficient
[60] by the relation

D = 〈u2〉
6τ

, (4)

where 〈u2〉 is the MSD at time τ and is calculated using well-
known numerical methods [57,61]. We have also calculated
the diffusion coefficient using the VACF [62].

IV. RESULTS AND DISCUSSION

A. Temperature dependence of phonon spectra

The temperature-dependent DOS measured with INS from
473 to 1073 K is shown in Fig. 2(a). The peaks at ∼20, 22, 30,
35, 40, 45, 60, and 95 meV are clearly getting broadened on
warming. The broadening is particularly prominent at temper-
atures of 873 K and above, at which point the peak structure
is suppressed. The broadening may be due to the onset of sig-
nificant diffusion of Li atoms. The observed evolution of the
DOS at high temperature was compared with the DOS from
AIMD simulations (Fig. 2), which incorporates anharmonic
effects [63]. The experimental DOS at 473 K is compared with
the AIMD calculations at 300 K [Fig. 2(b)]. The calculated
phonon DOS reproduces [Fig. 2(b)] the overall shape and peak
positions in the experimental DOS. We regard the agreement
between the experimental and calculation as fair, considering
the known inherent approximations both in the experiment
(e.g., incoherent approximation for the intensities and mul-
tiphonon contribution) and theory (e.g., limited wave-vector
mesh due to a small AIMD simulation cell).

Further, we isolate the contribution of different atomic
species to the INS spectra by computing the partial DOS from
AIMD trajectories (Fig. 3). As can be seen in this figure, the
Li contribution to the DOS extends up to 80 meV, while O
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FIG. 2. (a) The experimentally measured phonon density of states (DOS) in γ -LiAlO2 at various temperatures obtained using inelastic
neutron scattering measurements. (b) Experimental (473 K) and ab initio molecular dynamics (AIMD) calculated (300 K) neutron-weighted
phonon DOS. The calculated partial contributions from various atoms are also shown.

and Al contribute to the entire spectral range up to 110 meV.
The sharp peaklike structure in the Li partial DOS at 300 K
broadens significantly on warming and becomes suppressed
at 2200 K. We also observed a significant broadening of the
Al and O partial DOS; however, the peak structure in the DOS

is retained. The large broadening and loss of peak structure in
the Li partial DOS can be described as follows. The Li atoms
are located at equilibrium sites in the crystalline structure and
metastable sites in the amorphous structure. From the fact that
the Li atoms show diffusion, it may be expected that they are

FIG. 3. The ab initio molecular dynamics (AIMD) calculated partial and total phonon density of states in the perfect crystalline phase,
vacancy structure, and amorphous phase of γ -LiAlO2.

174109-4



PHONONS AND LITHIUM DIFFUSION IN LIALO2 PHYSICAL REVIEW B 103, 174109 (2021)

FIG. 4. The calculated pair distribution functions (PDFs) of various pairs of atoms in the crystalline phase, Li-vacancy structure, and
amorphous LiAlO2. The top and bottom panel corresponds to 300 K and high-temperature simulation, respectively.

located in a rather shallow and highly anharmonic potential.
Therefore, with increasing temperature, the vibrational 〈u2〉
would increase significantly, and so would the Debye-Waller
factor [2W (Q) = Q2〈u2〉]. Phonon anharmonicity is expected
to lead to the large broadening and loss of peak structure in
the Li partial DOS upon warming due to reduced phonon
lifetimes. In addition, the increasingly large Debye-Waller
factor suppresses the contribution of the Li DOS to the mea-
sured total DOS. These effects are most pronounced in the
frequency range where Li has a significant contribution to the
DOS. Thus, the observed effects in the measured DOS are at-
tributable to the large anharmonicity and shallow nature of the
Li potential, which reflects Li diffusion at high temperatures.
The MSD as used to extract the diffusion coefficient is not
restricted to the vibrational component but includes the jumps
between equilibrium-metastable sites. The large vibrational
〈u2〉 of the Li atoms is visible in the trajectories shown in
Sec. IV C 1. It is also important to note that the average res-
idence time of Li at their equilibrium sites are much greater
than the jump time (travel time between sites); hence, for a
large extent of time, Li atoms remain at their site and vibrate
with a large amplitude, which leads to the Li vibration spectra
extended up to 80 meV even at elevated temperatures.

Further, the anharmonicity at high temperatures and
lengthening of the Al-O bond results in softening and broad-
ening of the stretching modes ∼95 meV in the INS spectra.
The low-energy Li modes are found to soften upon warming.
Raman measurements [25] showed that the modes at 220 cm–1

(27.3 meV), 366 cm–1 (45.4 meV), and 400 cm–1 (49.6 meV)
broaden on heating, and their intensity weakens dramatically.
The broadening of peaks observed in our phonon spectra
[Fig. 2(a)] is in qualitative agreement with observations from
Raman measurements.

The calculated partial DOS in the vacancy structure shows
similar temperature trends as that in the crystalline phase.
Interestingly, the amorphous phase does not show any peak-
like structure in the partial or total DOS even at 300 K.
However, the spectral weight shifts toward lower energy at
1400 K, especially prominently in the Li partial DOS. The
main observation from the INS spectra in γ -LiAlO2 and
AIMD simulations for all three phases of LiAlO2 is the
significant softening and broadening of Li vibrations, which
mainly occur due to large MSD and Li diffusion at elevated
temperatures.

B. Pair-distribution function

The environment surrounding lithium atoms is important
to understand the pathways of Li diffusion in the material.
The computed PDF for different atom pairs in crystalline
γ -LiAlO2 at 300 K are shown in Figs. 4 and S4 (Supplemental
Material [55]). They show well-defined peaks corresponding
to Li-Li, Li-O, Li-Al, and Al-O bond lengths in the crystalline
phase. The first peak in g(r) for Al-O arises from the bonds
at 1.80 Å, while the peak corresponding to Li-O appears at
2.00 Å. The same behavior is also observed in the vacancy
structure at 300 K with slightly reduced intensity of the
Li-O PDF which is due to a smaller overall number of Li.
The PDF of various atomic pairs in the amorphous phase at
300 K only shows clear peak features for the first and second
neighbors. The first peak in the Al-O PDF is found to be very
sharp, while peaks for longer bonds get significantly broader.
This reflects the limited change in the shape of the AlO4

polyhedron in the amorphization process. However, the orien-
tational and translational ordering between polyhedral units is
lost. Another polyhedral unit LiO4 is relatively soft and more
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FIG. 5. Time-dependent mean-squared displacements (MSDs; 〈u2〉 = 〈u2
x〉 + 〈u2

y〉 + 〈u2
z 〉) of Li in γ -LiAlO2, vacant LiAlO2, and amor-

phous LiAlO2 as obtained from ab initio molecular dynamics (AIMD) simulations at elevated temperatures. The estimated diffusion constant
from linear fit is shown in Table II. The goodness of fit (R2) for linear fit of each MSD plot is also shown. The MSD plots of Al and O are
shown in Fig. S5, Supplemental Material [55]. The goodness of fit parameter (R) of linear fit of each MSD is also given.

strongly distorted during amorphization and therefore reveals
a broad peak in the Li-O PDF. All other pairs of atoms also
have significantly broader PDF features, which characterizes
amorphization in simulation.

C. Lithium diffusion

In the γ -LiAlO2, Li occupies the tetrahedral sites. The
framework structure formed by AlO4 units provides 3-d chan-
nels for Li transportation. However, the channel diameter is
not homogenous and exhibits bottlenecks formed by polyhe-
dral corner oxygen. Our AIMD simulations show that, in the
ideal crystalline structure (γ -LiAlO2) at 1800 K and above,
Li diffusion occurs along these channels, but it is hindered
due to strong repulsive interaction between O and Li at bot-
tleneck points. The Li ions may pass through these strongly
repulsive barriers either with sufficient kinetic energy (high
temperature) or upon expanding the diameter of the bottleneck
(by expanding the lattice or reorienting the polyhedral units).
Interestingly, by amorphization, one can achieve randomly
oriented polyhedral units as well as lower density of the mate-
rial, which may facilitate the diffusion process. We simulated
the amorphous structure through quenched annealing, as de-
scribed above. The AIMD simulations of the crystalline and
amorphous phases bring out the role of phonons and polyhe-
dral reorientation on the diffusion behavior. In the following
section, we will describe the mechanism of Li diffusion in all
three configurations of LiAlO2.

1. Perfect crystalline LiAlO2

The calculated MSD of Li as a function of time in the
perfect crystalline phase of LiAlO2 at elevated temperatures
are plotted in Figs. 5 and S5 (Supplemental Material [55]).
We have also estimated the diffusion coefficient using a linear
fit. Below 1600 K (Fig. S5, Supplemental Material [55]), the
MSDs oscillate about their respective mean values and do not
show any drift in time, corresponding to the regular behavior
of a nondiffusing material. At temperatures above 1800 K, we
observe a linear increase in time of Li MSD, while Al and
O MSDs remain constant around their mean positions. This
indicates the diffusion of Li within a stable host lattice. The
host lattice stability at elevated temperatures is one of the im-
portant and desired properties of solid-state battery materials.

In Fig. 5, we have shown the MSD values averaged over
all Li atoms. However, monitoring of the individual atomic
trajectory and MSD provides insights into the diffusion be-
havior. Hence, in Fig. 6, we have also plotted the MSD of
individual Li atoms. To explain the observed jump in indi-
vidual Li MSD, we provide the Li-Li bond distances up to
fifth neighbor in Table I. The first neighbor distance between
Li-Li is ∼3.18 Å, and a jump along this bond contributes a
step increase in MSD ∼10.1 Å2 (Li has four first neighbors in
LiAlO2). It can be observed from Fig. 6 that most of the MSD

FIG. 6. The ab initio molecular dynamics (AIMD) calculated
squared displacement (u2) of individual Li atoms as a function of
time in the perfect crystalline phase, vacancy structure, and amor-
phous phase of LiAlO2 at different temperatures (indicated in each
panel). The plots of various lithium atoms are shown by different
colors to distinguish the jumps of different atoms.
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TABLE I. Calculated Li-Li distance vectors and the distances in γ -LiAlO2 at 300 K up to fifth nearest neighbors. The unit cell has four
Li atoms at Li0 (0.68613, 0.31387, 0.25), Li1(0.18613, 0.18613, 0.5), Li2 (0.31387, 0.68613, 0.75), and Li3 (0.81387, 0.81387, 0). The unit
cell parameters as used in ab initio calculations are a = b = 5.3302 Å, c = 6.4016 Å; 
X, 
Y, and 
Z are the difference in the X, Y, and Z
coordinates between two lithium atoms; d is the interatomic distance between two lithium atoms.


X fractional 
Y fractional 
Z fractional 
X (Å) 
Y (Å) 
Z (Å) 
X 2 (Å2) 
Y 2 (Å2) 
Z2 (Å2) d (Å) d2 (Å2)

Li1-Li0 −0.5 −0.1277 0.25 −2.67 −0.68 1.60 7.12 0.46 2.56 3.18 10.11
Li2-Li0 −0.3723 0.3723 0.5 −1.98 1.98 3.2 3.92 3.92 10.24 4.26 18.15
Li3-Li1 0.6277 0.3723 −0.5 3.35 1.98 −3.2 11.22 3.92 10.24 5.04 25.40
Li0-Li0 0 1 0 0 5.33 0 0 28.4 0 5.33 28.41
Li0-Li0 0 0 1.0 0 0 6.40 0 0 40.98 6.40 40.96

steps in crystalline and vacancy LiAlO2 at 800 and 2200 K
are dominated by first neighbor jumps. The second neighbor
distance of Li-Li is ∼4.26 Å (MSD ∼18 Å2); it is interesting
to note that we do not observe any direct second neighbor
Li-Li jump. Hence, these observations clearly suggest that the
barrier energy along pathways connecting the first neighbors
is smaller and different from second neighbor pathways. The
absence of a second neighbor jump is due to much closer
distances between Li and O along the pathways. In Fig. 6,
we also observe a higher jump in MSD values ∼25 Å2, which
corresponds to the third neighbor Li-Li pairs. We also notice
from Fig. 6 that, in the crystalline structure at 1800 K, simul-
taneous jumps occur for several atoms, revealing a correlated
jump behavior. Isolated jumps between nearest neighbor sites
in the perfect crystalline structure are not probable since there
are no vacant sites. However, as we will discuss below, such
independent jumps do occur in the vacancy structure and the
amorphous structure. As the temperature is increased to 2200
K, Li atoms show (Fig. 6) large displacements in the AIMD
simulations. These MSDs match very well with the cal-
culated jump displacements of lithium atoms between the
third, fourth, and fifth neighbor sites (Table I) of 25.40,
28.41, and 40.96 Å2, respectively, which confirms that the
diffusion process is governed by the jump diffusion model
[64,65].

The AIMD calculated trajectories of selected Li atoms in
the crystalline phase of γ -LiAlO2 are shown in Fig. 7, which
confirms that, at 1800 K, there are jumps of Li atoms from
one tetrahedral site to another. As the temperature is increased
to 2200 K, the diffusion of Li is also through longer jumps;
however, we also find an increase in the number of Li jumps
from one tetrahedral site to another site. Large amplitude
librations and reorientations of AlO4 polyhedra help the Li
diffusion process, as we will discuss later.

2. Vacancy in crystalline LiAlO2

Vacancies and defects are known to enhance diffusion
[66–68]. Usually, in solid ionic conductors, the diffusing ions
hop from one occupied site to another unoccupied site. The
unoccupied sites could be interstitial or atomic sites. In the
absence of unoccupied sites in crystals, the ions can diffuse
by simultaneous jumps of two or more ions, leading to a
cooperative or correlated diffusion. Also, in the case of the
perfectly crystalline phase, the Li diffusion is limited since
it has to overcome the interaction energy of nearby host el-
ements as well as from Coulomb interaction with the nearby

occupied Li sites. Fully occupied sites along the diffusion path
preclude adjusting or reorganizing the host framework to cre-
ate enough room for Li migration. However, the presence of
vacancies usually enhances the diffusion behavior by relaxing
these constraints. We investigated the effect of Li vacancies
in LiAlO2, with one Li vacancy among 32 Li sites in the
2 × 2 × 2 supercell of crystalline γ -LiAlO2. The calculated
MSD of each species in the vacancy structure from 300 to
1800 K is shown in Figs. 5 and S5 (Supplemental Material
[55]). We did not observe Li diffusion <1200 K within a
simulation time ∼20 ps. At 1200 K, Li ions start diffusing
in the system, while the Al and Si form a stable framework.
By following individual Li trajectories, we found a jump in
MSD values of ∼10.1 Å2, which corresponds to the minimum
Li-Li distance in LiAlO2. At still higher temperatures (1800 K
and above), many such jumps are observed, with jump lengths
like those in the perfect crystalline structure. However, fewer
simultaneous jumps occur than in the crystalline structure.
The MSD slope at 1800 K (Fig. 5) is about four times larger
in the vacant LiAlO2 than in the perfect crystalline structure,
which also reflects in the respective diffusion constant. The
displacements of Li atoms, as shown in Fig. 6, show that
magnitude of displacements is nearly the same as that in the
crystalline phase; however, in the vacancy structure, we find
that more Li atoms are diffusing than the perfect crystalline
structure.

Our AIMD simulations show a significant enhancement
in diffusion from the presence of Li vacancies in crystalline
LiAlO2. We observed similar pathways for jump diffusion in
both cases. It seems that one can achieve the Li diffusion in the
presence of vacancy in systems where the presence of vacant
sites helps to reduce the dependence on the polyhedral dynam-
ics necessary for the Li diffusion process in the stoichiometric
compound. The calculated trajectories of selected Li atoms in
the vacancy structure (Fig. 7) at 1200 and 1800 K confirm
that vacancy leads to enhancement of the Li diffusion process
in comparison with that in the crystalline phase. However,
the diffusion process in both structures occurs only through
discrete Li jumps from one tetrahedral site to another.

Due to the relatively weaker bonding of Li with the host,
the Li vacancies are more likely than that of oxygen. At
high temperatures, the compound could also exhibit oxygen
vacancies. We have performed additional calculations (Fig.
S6, Supplemental Material [55]) with two lithium and one
oxygen vacancy. Even with the oxygen vacancies, we do not
find any oxygen diffusion at temperatures up to 1800 K, while
we observe Li diffusion.
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FIG. 7. Computed trajectories of selected Li atoms in the perfect crystalline phase, vacancy structure, and amorphous phase of LiAlO2.
Red, blue, and violet spheres represent oxygen, lithium, and aluminium atoms, respectively, at their lattice sites. The time-dependent positions
of the selected lithium atoms are shown by green dots. The numbers below each frame indicate the duration of trajectory of Li and temperature
of the simulation. Each figure shows the full simulation cell (2 × 2 × 2 cell of γ -LiAlO2).

3. Amorphous LiAlO2

The introduction of disorder in γ -LiAlO2 is known to
increase [24,37] the Li ion conduction. The polyhedral ori-
entational disorder in the amorphous structure is also known
to enhance [38,69–71] the diffusion behavior in other com-
pounds. Many graphite/carbon-based materials [72–74] are
known to exhibit enhanced diffusion in the amorphous form
compared with their crystalline phases. Our AIMD simula-
tion in the amorphous phase of LiAlO2, strikingly, shows
Li diffusion occurring at 600 K, which is (Figs. 4 and S5,
Supplemental Material [55]) much lower than in crystalline
and vacant phases. The PDF of the amorphous phase at 300 K
(Figs. 4 and S4, Supplemental Material [55]) shows that only
the first neighbor Al-O and O-O peaks are well defined,
with a broad distribution at larger bond lengths suggesting
orientationally disordered polyhedral units. Interestingly, the

Li-Li PDF shows a broad distribution even around the first
neighbor distance at 3.0 Å (Fig. 4). These first neighbor Li-Li
correlations are stabilized due to misoriented AlO4 polyhe-
dral units. Further, the amorphous phase exhibits significantly
smaller first neighbor Li-Li distances, which may enhance
the Li hoping probability. The Al-O PDF does not show the
pronounced temperature change seen in the Li-Li PDF. We
also notice that the peaks in Li-O and O-O do show signifi-
cant changes with temperature, which is due to the fact that,
at high temperatures, the randomly oriented AlO4 polyhedra
are kinetically activated. Unlike in the crystalline phase, the
diffusion in the amorphous phase appears (Fig. 6) to be like
that of a liquid. The calculated trajectories of some of the Li
atoms (Fig. 7) at 600 and 1400 K confirm a broad distribution
of Li displacements in the diffusion process. It appears that
due to the misorientation of AlO4 polyhedra and the more
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FIG. 8. The self [gs(r, t )] and distinct [gd (r, t )] Van Hove corre-
lation functions in LiAlO2, computed based on ab initio molecular
dynamics (AIMD), for the perfect crystalline phase, vacancy struc-
ture, and the amorphous phase.

distributed Li-Li bond distances, new low energy pathways
for Li diffusion are available in the amorphous structure as
compared with those available in the crystalline and vacant
structure.

D. Van Hove pair correlation function

To further investigate the time evolution of the diffusion
process, we have computed the Van Hove self gs(r, t ) and
distinct gd (r, t ) correlation functions [59] between Li atoms.
We show gs and gd in Fig. 8, left and right panels, respec-
tively, at different time intervals. The calculations shown at
elevated temperatures correspond to Li diffusion occurring in
all three phases. At t = 0, gs is a δ function at r = 0; hence,
it is not shown. At later times, the first peak in gs at ∼1 Å
corresponds to Li vibrational amplitude, and the height of this
peak decreases with time, inferring that few of the Li ions
diffuse, thus limiting the magnitude of gs at farther distances.
In the crystalline phase, at 10 ps, a peak develops in gs at
∼3 Å and grows in intensity with time. From 10 ps onward,
we see that another peak appears at ∼5 Å. These peak posi-
tions correspond to the distances between neighboring Li sites
in the crystal structure, thus suggesting that the Li ions diffuse
via discrete jumps. Similarly, in the vacancy configuration,
we also see peaks at the same distances of ∼3 and 5 Å,
but the diffusion process is faster. On the other hand, in the
amorphous phase, gs(r, t ) does not exhibit any sharp peaks
but rather a broad feature, which reflects that the diffusive pro-
cess in this phase is not restricted to jumps between periodic
sites. This indicates a more homogeneous spatial environment

than in the crystalline phases. This homogeneity in space is
attributed to randomly oriented polyhedral units resulting in
local metastable diffusion paths.

In Fig. 8 (right panels), we show the Li-Li distinct Van
Hove correlation function gd , which gives the probability of
finding two distinct Li atoms separated by distance r and time
t . In other words, given a Li atom at r = 0 and t = 0, this
shows how the distance-distribution of other Li atoms evolves
with time t . We observe sharp peaks at t → 0 due to the
crystalline structure, which correspond to various Li-Li bond
distances in the static structure. The diffusion process leads
to a reduced probability of finding two Li at the static bond
distances; however, the lost intensity is observed in between
these distances. When a random diffusion process occurs,
the peak intensity continually decreases. However, when two
Li are diffusing in a correlated manner, the intensity of the
peak corresponding to interatomic distances will slightly re-
duce, but the peak structure will remain over a long period
of time. In the case of crystalline LiAlO2, we observe that
the first neighbor peak intensity does not significant decay
with time, indicating the short-range correlation behavior.
The jump diffusion in the perfect crystalline structure occurs
between lattice sites without any interstitial site. This necessi-
tates correlated diffusion as there are no vacant sites available.
The vacant crystalline phase shows a mix of correlated and
uncorrelated jump diffusion. The amorphous phase exhibits
both jump and continuous diffusion but not correlated jump
behavior.

E. Polyhedral reorientation and lithium diffusion

Interestingly, in the crystalline phase, all the observed
MSD jumps correspond to the Li-Li neighbor distance. Hence,
this infers a negligible probability for the presence of the Li
interstitial site in the crystalline as well as in vacant LiAlO2.
Thus, without vacancy or interstitial sites, another mechanism
must enable Li diffusion. This can be better understood by
monitoring the Al-O bond angle projection to the z and x axes.
In Figs. 9 and S10 (Supplemental Material [55]), we plotted
the bond angle projections of a few selected polyhedra as a
function of time at different temperatures in the crystalline
phase. We find that, at 300 K, the angles are fluctuating within
a few degrees, which is common in stable crystalline materi-
als. However, at 2200 K, the angles show large fluctuation and
even polyhedral reorientation. The large vibrational amplitude
of AlO4 units widens the Li hopping channel and significantly
reduces the barrier energy for Li hopping between two Li
tetrahedral sites. Hence, this shows that the Li diffusion is
correlated with larger vibrational amplitude of these polyhe-
dral units. The correlation factor also depends on the volume
of the material or density. Materials with a high volume per
atom may not show such correlations since the wider diffusion
channels are not affected as much by framework polyhedra
dynamics. To show the correlation between polyhedral re-
orientational dynamics and Li diffusion, we have shown the
time dependence of bond angles of a few selected AlO4 units
and nearest Li MSD in Fig. 9. The nearly simultaneous jump
in bond angle and MSD of nearest Li indicates the strong
correlation between the polyhedral dynamics and Li diffusion.
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FIG. 9. (a) (top) The computed angle between various Al-O bonds and crystallographic z axis (θ ) and x axis (ϕ) for a representative AlO4

polyhedral unit at elevated temperatures in LiAlO2 for the perfect crystalline phase, vacancy structure, and the amorphous phase. (b) (bottom)
The calculated time dependence of bond angles of Al-O in selected polyhedral units and mean-squared displacement (MSD) of nearest Li atom
in the crystalline LiAlO2 at 2200 K.
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TABLE II. The estimated diffusion coefficient from MSD and VACF. The estimated RSD of the diffusion coefficient (D) as described in
Ref. [62]. The analysis was performed on 80 ps (marked with *) and 60 ps (marked with †) trajectory length.

D(10–10 m2/s) estimated Max MSD TMSD (Å2) Neff = TMSD/(djump
2) RSD of D

Phase T (K) from VACF/MSD (Å2) max MSD∗NLi d2
jump ∼ 10 3.43/

√
Neff + 0.04

CRYSTAL* 2200 10.6/12.6 51 1632 163 0.31
CRYSTAL* 2000 9.2/8.1 37 1184 118 0.36
CRYSTAL* 1800 1.6/1.6 7 224 22.0 0.77
AMORPHOUS* 1400 21.7/20.0 90 2880 288 0.24
AMORPHOUS† 1200 19/14.5 61 1952 195 0.29
AMORPHOUS† 1000 9.5/10.7 20 640 64 0.47
AMORPHOUS† 800 4.13/4.4 12 384 38 0.60
AMORPHOUS* 600 1.6/1.7 6 192 19 0.82
VACANCY* 1800 7.0/6.5 34 1054 105 0.37
VACANCY* 1700 4.0/4.3 22 682 68 0.46
VACANCY* 1600 2.6/2.2 16 496 50 0.52
VACANCY* 1400 1.0/1.8 9 279 28 0.69

In the case of LiAlO2 with vacancies, we also observe large
fluctuations in AlO4 bond angles. Thus, vacancies and poly-
hedral dynamics both contribute to enhancing the diffusion of
Li. Interestingly, in the amorphous phase, we do find that bond
angles show a large vibrational amplitude along with a shift of
their mean values. Hence, the metastable frozen AlO4 units in
the amorphous phase start reorienting at elevated temperature,
which also drags or helps Li to migrate from one site to
another and enhances the Li diffusion.

We analyzed the distribution of several bond angles, specif-
ically O-Al-O and Al-O-Al. These angles at 300 K are plotted
in Fig. S9 (Supplemental Material [55]). The O-Al-O bond
angle is related to the geometry and rigidity of the AlO4

polyhedral units. We can see that, in both the perfect crys-
talline structure and the vacancy structure, the geometry of
the AlO4 tetrahedra is very well maintained since the average
bond angle O-Al-O is close to 109◦. In the amorphous phase
also, we see that the bond angle distribution peaks ∼109◦,
but with a significant spread compared with the crystalline
structure, indicating some level of distortion of the tetrahedra.
The Al-O-Al bond angle, corresponding to the angle between
two corner-sharing tetrahedra, shows a broad distribution in
the amorphous phase, which indicates that the tetrahedra are
somewhat randomly oriented.

F. Diffusion coefficient

We have computed the diffusion coefficient in all three
phases at elevated temperatures. At low temperatures, the Li
diffusion is very small and needs a very large trajectory (in
nanoseconds) to observe the significant Li diffusion event,
which is difficult to achieve with AIMD methods. While at
elevated temperatures, the Li diffusive events become more
pronounced, and an ∼80 ps trajectory would be sufficient to
estimate the diffusion coefficient. We determined the Li diffu-
sion constant from the Li MSD slope as well as by integrating
the VACF [75] of Li. The calculated diffusion coefficients
from both methods are listed in Table II. Both methods give
very similar values of the diffusion coefficient, justifying the
sufficient sampling of the diffusive regime. Further, we have

calculated the relative standard deviation (RSD) of the esti-
mated diffusion constant (Table II) using an empirical relation
as described in Ref. [62]. The RSD of the diffusion constant
depends on the number of total jump events during the simu-
lation time (Neff ) as given by

RSD = 3.43/
√

Neff + 0.04, (5)

Neff = TMSD/djump
2, (6)

where TMSD is the total MSD defined as the sum of all Li
MSDs in the simulation cell, and djump is the mean jump
length of the Li atom. In the case of crystalline and vacant
LiAlO2, the mean jump length is ∼3.18 Å. In the case of
amorphous LiAlO2, there is a distribution of jump length, and
it is difficult to define an effective jump length; hence, for
the sake of comparison, we considered the same djump used
in crystalline and Li-vacant LiAlO2.

The linear fit of the slope of the Li MSD with time at dif-
ferent temperatures and estimated diffusion coefficients [60]
are shown in Fig. 10. To estimate the activation energy, the
temperature dependence of the diffusion coefficient is fitted
with an Arrhenius relation (Fig. 10), i.e.,

D(T ) = D0exp(−Ea/kBT ), (7)

or equivalently,

ln[D(T )] = ln(D0) − Ea/kBT, (8)

where D0 is a constant factor representing the diffusion
coefficient at infinite temperature, Ea is the activation en-
ergy, kB is the Boltzmann constant, and T is temperature in
Kelvin. We find that the self-diffusion coefficient of Li ions
exceeds 10–10 m2/s in the crystalline phase, vacancy struc-
ture, and amorphous structure at 1800, 1200, and 600 K,
respectively. One may notice that the plot of ln(D) vs 1000/T
[Figs. 10(a)–10(c)] does not appear to strictly follow the
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FIG. 10. The calculated diffusion coefficients and activation
energy barriers in the (a) perfect crystalline phase, (b) vacancy struc-
ture, and (c) amorphous phase of LiAlO2 using ab initio molecular
dynamics (AIMD) simulations. (d) and (e) The comparsion between
the experimental and calculated diffusion coefficient. The experi-
mental data of diffusion coefficient in crystalline phase are available
only up to 1000 K [21], while in the amorphous phase, Li diffusion
coefficient data [37] are available up to 473 K. We have extrapo-
lated the experimental data (considering the Arrhenius behavior) at
high temperatures and compared with our AIMD estimated diffusion
constants.

Arrhenius behavior, which could be due to the limited length
of AIMD trajectories.

The available experimental data of diffusion coefficients in
crystalline [21] and amorphous phases [37] were measured
up to 1000 and 473 K, respectively, and their values are
<10–12 m2/s. To sense this small value using AIMD requires
a very large trajectory (in nanoseconds), which is not prac-
tical within the AIMD framework. However, in the higher
temperature regime, where the diffusion coefficients approach
∼10–10 m2/s, it can be well captured with AIMD simulation
within a few tens of picoseconds. Therefore, we have ex-
trapolated the experimental data (considering the Arrhenius
behavior) at high temperatures and compared them with our
AIMD estimated diffusion constants [Figs. 10(d) and 10(e)],

which show a fair comparison between the simulations and the
extrapolated experimental values. We may note that, within
the limitations of the AIMD simulations, especially the small
cell and time, we cannot expect to determine precise values
of the diffusion coefficient and the activation energy, but we
can indeed describe the underlying physics governing the
diffusion processes.

Despite the practical limitations of the AIMD simulations,
it may be of interest to compare the values of the activation en-
ergy of Li diffusion with reported experimental values. As the
previous study [21] observed, a significant difference exists
in the activation energy in powder and single-crystal LiAlO2

due to different concentrations of impurities and defects in
these samples. Our simulation was performed in an ideal
crystalline phase without extrinsic or intrinsic defect. The
experimentally reported value is 1.14 eV [26] from single-
crystal experiments, while the values from other powder and
single-crystal experiments are in the range of 0.7–1.5 eV
[21]. The activation energy from simulations in the perfect
crystalline phase is found [Fig. 10(a)] to be 1.8(5) eV. In
the case of the vacancy structure, we find [Fig. 10(b)] the
activation energy of 0.4(2) eV. This small value is perhaps
due to a large vacancy concentration (∼3%) in the simulation.
The range of these simulated values for the perfect crystalline
structure and the large vacancy structure are in good qualita-
tive agreement with the range of experimental values. We note
that there is a perceptible decrease in the simulated value of
the activation energy from the perfect crystal structure to the
vacancy structure, suggesting that the presence of vacancies
could significantly lower the barrier. In the amorphous phase,
we find the activation energy to be 0.26(2) eV [Fig. 10(c)],
which is much lower than the experimentally reported value
of 0.9 eV [37]. The lowering of the activation energy in the
amorphous structure compared with the crystalline structure
agrees with the experimental observations, showing that disor-
der facilitates [24,37] Li diffusion. Further, an important result
is that the diffusion occurs in the amorphous structure at a
much lower temperature than that in the crystalline structure.
The emergence of shorter pathways along with comparatively
lower barrier energies attributed to misorientation and distor-
tion of the polyhedral units in the amorphous phase led to the
Li diffusion at lower temperatures.

V. CONCLUSIONS

Our AIMD simulations, combined with INS measure-
ments, enabled us to rationalize the diffusion mechanism in
LiAlO2. We can understand Li diffusion in γ -LiAlO2 in terms
of well-defined jumps between lattice sites in the crystal,
while a combination of jumplike and continuous diffusion
occurs in the amorphous phase. The activation energy for
the diffusion processes was obtained in various phases. The
presence of Li vacancies and disorder in the amorphous struc-
ture significantly reduces the Li diffusion onset temperature in
comparison with the ideal crystalline phase. The lower onset
temperature in the amorphous phase, along with lower acti-
vation energy and larger diffusion coefficient, occurs due to
the availability of additional diffusion pathways around favor-
ably oriented AlO4 polyhedra as compared with those in the
crystalline structure. We showed that more flexible polyhedral
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units are likely to enhance the Li diffusion in these systems.
By amorphizing the structure, we provide more room for poly-
hedral dynamics/flexibility besides creating more metastable
Li sites, which easily percolates the Li diffusion process. Our
temperature-dependent INS measurements and AIMD sim-
ulations also show that the Li diffusion is reflected in the
significant broadening of the phonon spectrum. This paper
suggests that designing materials with a flexible polyhedral
framework structure will likely give large ionic conductiv-
ity. Further, by amorphization and optimizing the Li-vacancy

concentration, one can tune the operating temperature of Li
diffusion.
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